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PREFACE 


Symposium  L,  "GaN  and  Related  Alloys — 2002,"  was  held  December  2-6  at  the  2002  MRS 
Fall  Meeting  in  Boston,  Massachusetts.  During  nine  half-day  oral  sessions,  nine  invited  talks 
and  85  contributed  talks  were  given.  In  three  poster  sessions,  161  posters  were  presented. 

This  year's  nitride  symposium  again  was  characterized  by  a  wide  scope  of  nitride  related 
advances  spanning  from  basic  materials  physics  over  process  technology  to  high  performance 
devices.  Strong  development  was  reported  in  bulk  growth  of  GaN  and  AIN,  growth  on  various 
substrates  and  substrate  orientations,  optical  properties  of  InN,  defect  and  doping  analysis  of 
p-doped  GaN,  and  full  consideration  of  polarization  properties.  These  led  to  new  performance 
records  in  visible  light  emitter  technology,  i.e.,  higher  efficiency/higher  brightness,  UV 
emitters  with  shorter  wavelength,  and  UV  and  photo  detectors.  A  strong  development  is  also 
seen  in  nitride-based  electronic  devices  with  new  heterostructure  FET  designs  for  RF  power 
applications  including  such  on  Si  substrates  and  wafer  fusion. 

These  symposium  proceedings  capture  a  crosscut  of  the  exciting  developments  in  this 
rapidly  progressing  and  commercializing  field.  This  volume  will  be  useful  for  researchers 
working  in  the  field  of  nitrides,  and  for  students  who  seek  entry  into  the  subject. 

Christian  Wetzel 
Edward  T.  Yu 
James  S.  Speck 
Angela  Rizzi 
Yasuhiko  Arakawa 
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ABSTRACT 

The  emergence  of  M-nitride  technology  and  fabrication  of  high  quality  GaN  based  devices  is 
possible  due  to  the  advances  in  the  heteroepitaxial  growth  of  III-N  thin-films  on  lattice- 
mismatched  substrates.  Typically,  the  substrate  of  choice  is  either  SiC  or  sapphire.  We  have 
adopted  100mm  Si  as  our  substrate  of  choice;  uniform  substrates  of  high  quality  are  inexpensive 
and  plentiful  due  to  decades  of  use  in  the  microelectronics  industry.  Growth  of  device  quality 
GaN  on  Si  is  challenged  by  the  -17%  lattice  mismatch  and  an  additional  thermal  expansion 
coefficient  (TEC)  mismatch  of  -56%.  In  order  to  accommodate  this  strain  and  TEC  mismatch 
between  Si  and  GaN,  a  novel  transition  layer  was  designed,  grown  and  successfully  optimized, 
obviating  the  need  for  either  a  PENDEO®  based  overgrowth  process  or  a  SiC  interlayer-based 
process.  This  growth  technique  (SIGANTIC®)  does  not  require  any  wafer  conditioning  prior  to 
growth  and  thus  reduces  the  process  complexity  and  maintains  the  cost  effectiveness  of  the  GaN 
on  Si  strategy.  We  will  report  on  this  manufacturable  100mm  MOCVD  heteroepitaxial  process 
that  consistently  produces  device  quality  AlGaN/GaN  heterostructures  with  two  dimensional 
electron  gas  (2DEG)  mobilities  typically  around  1400  cm2/Vs  at  room  temperature.  Structural 
and  electrical  properties  as  determined  by  optical  reflectance,  atomic  force  microscopy, 
capacitance-voltage  and  van  der  Pauw  Hall  measurements,  which  are  measured  across  the 
100mm  wafer,  will  be  presented.  Device  results  will  be  mentioned  to  show  continuous  wave 
(CW)  RF  operation  at  2  GHz  with  competitive  power  output,  gain  and  power  added  efficiency 
(PAE). 

INTRODUCTION 

Growth  of  high  quality  GaN  on  Si  (1 1 1)  can  be  achieved  only  by  addressing  the  significant 
levels  of  lattice  misfit  (-17%)  and  TEC  (-  56%)  mismatch.  A  schematic  of  the  lattice  misfit  is 
shown  in  Figure  1  (a).  It  is  clear,  that  the  lattice  misfit  effects  will  dominate  the  Si/III-N 
interface,  where  a  high  density  of  misfit  dislocations  are  expected  to  form  during  growth.  For 
example,  the  choice  of  using  AIN  as  a  nucleation  layer  on  Si  (1 1 1)  results  in  the  formation  of  an 
estimated  maximum  of  -3  x  1012  cm'2  misfit  dislocations  near  the  Si/AIN  interface.  It  will  be 
shown  that  despite  the  high  density  of  defects  that  are  expected  to  be  present  in  the  AIN  layer, 
these  do  not  appear  to  impact  the  2DEG  properties  of  subsequently  deposited  AlGaN/GaN 
device  layers. 

The  TEC  mismatch  between  GaN  and  Si  (0tGaN ||  =  5.59xlO'6/K,  for  T  >=  300K,  aSi  =  3.59  x  10' 
6/K  @  300K1)  poses  a  completely  different  challenge  and  is  shown  in  figure  1  (b).  The  TEC 
mismatch  results  in  stress  (o)  within  the  film,  which  can  be  calculated  from  equation  1  as, 

a  =  AaATEf  (1) 
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Where  Aa  is  the  TEC  mismatch  between  GaN  and  Si,  AT  is  the  difference  between  the  growth 
temperature  of  the  film  and  room  temperature,  and  Ef  is  the  Young’s  modulus  of  the  film.  The 
magnitude  of  this  stress  is  fixed  for  a  given  combination  of  substrate,  film  and  growth 
temperature.  This  stress  manifests  itself  during  cooldown,  and  must  be  adequately 
accommodated  by  the  film-substrate  combination  to  result  in  crack  free  GaN  films. 


Substrates  ->  ->  Growth  Order 


j  _  ~  • 


Substrates  Growth  Order 


(a)  (b) 

Figure  1.  Schematic  of  the  epitaxial  challenges  in  growing  crack  free  GaN  on  Si  (1 1 1)  including 
(a)  the  lattice  misfit  and  (b)  the  TEC  mismatch.  In  both  figures,  the  typical  substrates  are  grouped 
to  the  left,  AIN  in  the  middle  and  GaN  to  the  right  in  order  to  preserve  a  typical  growth  sequence. 


Several  groups  have  made  efforts  to  manage  this  high  level  of  lattice  and  thermal  mismatch  2’ 3’ 4’ 
5- 6-  with  varying  degrees  of  success.  At  Nitronex,  a  novel  growth  process,  SIGANTIC®,  has  been 
developed  that  results  in  the  growth  of  crack-free  GaN,  which  has  been  used  to  fabricate  GaN- 
based  devices  in  both  microelectronic  and  optoelectronic  areas  7’ 8’ 9’ ,0.  Previously  at  Nitronex, 
this  approach  was  successfully  used  to  develop  InGaN/GaN  MQW  LEDs  emitting  at  a  nominal 
wavelength  of  450  nm".  This  paper  will  focus  on  the  growth  and  characterization  of 
AlGaN/GaN  based  high  electron  mobility  transistor  (HEMT)  structures  for  high-power  and  high 
frequency  applications.  Material  and  electron  transport  characteristics  will  be  reported  along 
with  a  brief  mention  of  the  device  characteristics. 


EXPERIMENTAL 

The  AlGaN/GaN  heterostructures  were  grown  on  100  mm  Si  (1 1 1)  wafers  in  a  custom-built,  cold 
wall,  rotating  disc  MOCVD  reactor  at  nominally  1 000  2C.  The  device  layers  consisted  of  -250  A 
of  25%  UID  AlGaN  capped  with  50  A  of  UID  GaN.  The  reactor  design  enables  control  of 
temperature  and  flow  across  multiple  zones  allowing  for  development  of  uniform  processes. 
Trimethylgallium  (TMG)  and  trimethylaluminium  (TMA)  precursors  were  carried  by  Pd- 
diffused  hydrogen  and  ammonia  (NH3)  was  used  as  the  N  precursor.  The  material  and  electron 
transport  characteristics  of  the  wafers  were  characterized  using  white  light  reflectance  thickness 
mapping,  atomic  force  microscopy  (AFM),  scanning  transmission  electron  microscopy  (STEM), 
Hg-probe  capacitance-voltage  (C-V)  profiling,  van  der  Pauw  Hall  measurements  and  four-point 
probe  sheet  resistance  mapping.  The  two  dimensional  electron  gas  (2DEG)  channel 
characterization  by  van  der  Pauw  Hall  effect  measurements  were  made  on  7mm  x  7mm  samples. 
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which  were  diced  from  as  grown  wafers.  Channel  sheet  resistance  was  also  measured  on  100  pm 
x  100  pm  van  der  Pauw  mesa  structures,  which  are  fabricated  adjacent  to  and  concurrently  with 
production  die.  A  Ti/Al/Ni/Au  annealed  ohmic  contact  scheme  was  used  for  both  measurements. 

RESULTS  AND  DISCUSSION 

The  highlights  of  the  HEMT  growth  process  are  as  follows:  (a)  heat  up  the  wafers  in  an 
environment  that  prevents  nitridation  of  the  Si  (1 1 1)  wafers,  (b)  AIN  is  nucleated  on  Si  (1 1 1) 
which  also  acts  as  a  barrier  against  undesirable  Ga-Si  interaction,  (c)  the  (Al,  Ga)  N  transition 
layer  is  deposited  using  optimized  process  conditions  (d)  unintentionally  doped  (UID)  GaN 
buffer  is  deposited  and  (e)  AlxGai-xN  device  layers  are  deposited.  Using  this  single  step 
approach,  crack  free  GaN  with  excellent  material  characteristics  and  uniformity  are  routinely 
deposited  on  100  mm  Si  (1 1 1)  substrates.  Wafers  also  exhibit  negligible  bow  as  is  evidenced  by 
radii  of  curvature  in  excess  of  30  m. 

The  growth  conditions  were  optimized  to  result  in  a  high  level  of  thickness  uniformity,  as 
measured  by  white  light  reflectance  shown  in  Figure  2.  The  total  film  thickness  was  2020  nm 
with  a  total  thickness  variation  of  5.1%  (5  mm  edge  exclusion).  AFM  performed  on  5  pm  x  5 
pm  areas  revealed  a  smooth  surface  with  an  RMS  roughness  in  the  5-10  A  range.  A  similar  scan 
of  a  1  pm  x  1  pm  shows  roughness  in  the  2.5-5  A  range  as  shown  in  Figure  3a.  A  defect  density 
on  the  order  of  ~  2  x  109  cm'^  was  estimated  from  the  AFM  image.  The  sharpness  of  the 
AlGaN/GaN  heterointerface  is  also  confirmed  by  scanning  transmission  electron  microscopy 
(STEM)  as  shown  in  Figure  3b. 


x  (mm) 

Figure  2.  White  light  reflectance  thickness  map  of  an  AlGaN/GaN  HEMT  wafer  grown  on  a  100 
mm  Si  (1 1 1)  substrate.  The  average  epi  thickness  was  2020  nm  with  a  total  thickness  variation  of 
5.1%. 

Transport  characteristics  of  the  channel  have  been  evaluated  by  several  methods.  Room 
temperature  (RT)  van  der  Pauw  Hall  measurements  are  periodically  performed  and  routinely 
result  in  mobilities  in  the  1300-1500  cm2/V-s  range  and  sheet  charge  densities  in  the  7.5-8.5  x 
1012  cm'2  range.  Non-destructive  sheet  resistance  measurements  are  also  performed  on  van  der 
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Pauw  test  mesas  that  are  distributed  across  fully  fabricated  wafers.  Sheet  resistances  in  the  range 
of  450-550  ohms/square  are  typically  observed  and  are  in  good  agreement  with  the  sheet 
resistances  obtained  from  Hall  measurements.  Figure  4a  shows  a  typical  100  mm  wafer  map  of 
sheet  resistance  measured  across  a  fully  fabricated  wafer;  the  range  of  values  is  distributed 
between  450-550  ohms/square,  with  the  majority  of  the  data  in  the  450-470  ohms/square  range. 
Figure  4b  tabulates  RT  mobility,  sheet  charge,  and  sheet  resistance  data  obtained  from 
destructive  Hall  measurement  at  five  points  from  the  center  toward  the  edge  of  the  100  mm 
wafer.  The  high  values  of  mobility  validate  the  quality  of  the  epitaxial  film  and  the  interface 
smoothness,  resulting  in  a  high  quality  channel  obtained  uniformly  across  the  100  mm  wafer. 


UID  AlGaN/GaN  Ea|$ 


0.75 


0.50 


0.25 


300nm 
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(a)  (b) 

Figure  3.  (a)  1  pm  x  1  pm  AFM  image  of  the  AlGaN/GaN  HEMT  wafer  with  an  RMS  roughness 
of  2.5  A  (b)  STEM  image  of  the  AlGaN/GaN  heterostructure. 


Figure  4.  (a)  Sheet  resistance  map  (ohms/square)  taken  from  van  der  Pauw  mesas  over  a  fully 
fabricated  100  mm  wafer,  (b)  Mobility  (cnr/V  s),  sheet  charge  (cm'2),  and  sheet  resistance 
(ohms/square)  derived  from  destructive  Hall  measurement  at  five  points  across  an  as-grown  epi 
wafer. 
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Characteristics  of  the  AlGaN/GaN  HEMT  channel  are  also  routinely  assessed  by  Hg-probe  C-V 
measurements.  Doping  vs.  depth  profiles  were  calculated  from  raw  C-V  data  using  commercial 
software.  The  C-V  data  for  a  typical  AlGaN/GaN  HEMT  is  shown  in  Figure  5,  which  exhibits  a 
pinch  off  voltage  of  ~4.4  V.  The  plot  of  doping  vs.  depth  exhibits  a  maximum  electron 
concentration  of  ~1  x  1020  cm'3  at  a  depth  of  ~200A  from  the  surface.  The  high  concentration  of 
electronic  charge  indicated  by  the  steep  doping  profile  is  another  indication  of  a  high  degree  of 
channel  confinement.  The  absence  of  a  complete  peak  (i.e.,  no  “roll  over”)  in  the  doping  vs. 
depth  profile  is  apparently  a  result  of  zero-volt  surface  depletion  of  the  mercury  contact. 


Depth  (A) 

Figure  5.  Doping  vs.  depth  profile  derived  from  C-V  measurements. 

The  absence  of  cracks  and  excellent  electrical  and  material  characteristics  imply  that  the  lattice 
misfit  and  TEC  mismatch  have  been  adequately  addressed  by  the  transition  layer  scheme 
described  above.  The  transition  layer  addresses  the  two  challenges  necessary  for  the  successful 
growth  of  GaN  on  Si:  It  manages  both  the  lattice  and  thermal  mismatch  between  the  two 
materials.  A  simplified  explanation  would  be  to  speculate  that  the  AIN/Si  interface  absorbs  most 
of  the  lattice  mismatch  while  the  (Al,Ga)N  transition  layer  is  successful  in  absorbing  the  stresses 
that  arise  due  to  the  TEC  mismatch.  Initial  investigations  have  revealed  that  in  order  to  prevent 
cracking  of  the  AlGaN/GaN  HEMT  wafer,  it  is  important  to  optimize  the  thickness  and  the 
nature  of  the  composition  profile  of  the  transition  layer.  The  growth  conditions  of  the  transition 
layer  have  also  been  determined  to  be  significant;  this  suggests  a  role  played  by  the  nature  and 
density  of  defects  and  the  resultant  material  properties  of  the  transition  layer.  Studies  are 
underway  to  gain  further  insight  into  the  effectiveness  of  the  transition  layer;  it  is  hoped  that  this 
will  lead  to  a  physical  model  to  help  explain  the  stress  states  in  GaN  on  Si. 

The  AlGaN/GaN  HEMT  wafers  grown  using  the  SIGANTIC®  process  were  fabricated  into 
power  transistors.  The  transistor  was  fabricated  with  Ti/Al/Ni/Au  source  and  drain  ohmic 
contacts,  a  Ni/Au  Schottky  gate  with  1  pm  gate  length,  and  a  SiNx  passivant  deposited  by  plasma 
enhanced  chemical  vapor  deposition.  The  median  values  for  Iass,  Umax  and  maximum  gm  for  the 
25%  UID  AlGaN/GaN  HEMT  over  a  recent  batch  of  19  wafers  were  576  mA/mm,  862  mA/mm 
and  183  mS/mm  respectively.  (The  term  Umax  refers  to  the  maximum  drain  current  and  is 
measured  at  a  fixed  forward  gate  voltage  of  3.5  V  with  the  drain  biased  at  7  V).  The  continuous 
wave  (CW)  RF  characteristics  of  300  pm  devices  at  2  GHz  were  measured  where  the  test 
conditions  were  Vds  =  30  V  and  the  gate  was  biased  for  optimized  class  A  operation.  Under 
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these  conditions,  a  power  density  of  3.3  W/mm  of  saturated  RF  power  was  achieved.  The  linear 
gain  was  1 6  dBm  with  a  maximum  power  added  efficiency  (PAE)  of  30%.  We  also  measured 
devices  with  18  mm  total  gate  width  at  2.14  GHz,  CW  operation  with  the  device  in  class  AB 
mode  and  the  drain  at  28  V;  the  saturated  power,  linear  gain  and  PAE  were  27  W,  14  dB  and 
45%  respectively  9  for  this  large  device.  These  numbers  are  among  the  highest  reported  for 
AlGaN/GaN  power  devices. 

CONCLUSIONS 

High  quality  AlGaN/GaN  HEMT  structures  grown  on  1 00  mm  Si  (1 1 1 )  substrates  have  been 
uniformly  deposited  using  an  (A!,Ga)N  based  transition  layer  scheme.  The  crack  free  wafers 
exhibit  exceptional  transport  characteristics,  which  imply  the  presence  of  a  high  quality  2DEG 
with  high  channel  mobilities  (1300-1500  cm2/Vs)  and  channel  sheet  charge  densities  (7 .5-8.5  x 
IO12  cm'2).  Fabrication  of  power  transistors  on  these  wafers  produced  excellent  DC  and  RF 
characteristics  (CW)  that  are  among  the  highest  reported  for  AlGaN/GaN  HEMTs. 
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ABSTRACT 

Herein,  we  discuss  the  use  of  a  novel  new  substrate  for  Ill-Nitride  epitaxy,  Lithium 
Niobate.  It  is  shown  that  Lithium  Niobate  (LN)  has  a  smaller  lattice  mismatch  to  Ill-Nitrides 
than  sapphire  and  can  be  used  to  control  the  polarity  of  Ill-Nitride  films  grown  by  plasma 
assisted  molecular  beam  epitaxy.  Results  from  initial  growth  studies  are  reported  including 
using  various  nitridation/buffer  conditions  along  with  structural  and  optical  characterization. 
Comparisons  of  data  obtained  from  GaN  and  AIN  buffer  layers  are  offered  and  details  of  the  film 
adhesion  dependence  on  buffer  layer  conditions  is  presented.  Lateral  polarization 
heterostructures  grown  on  periodically  poled  LN  are  also  demonstrated.  While  work  is  still 
required  to  establish  the  limits  of  the  methods  proposed  herein,  these  initial  studies  offer  the 
promise  for  mixing  m-Nitride  semiconductor  materials  with  lithium  niobate  allowing  wide 
bandgap  semiconductors  to  utilize  the  acoustic,  pyroelectric/ferroelectric,  electro-optic,  and  non¬ 
linear  optical  properties  of  this  new  substrate  material  as  well  as  the  ability  to  engineer  various 
polarization  structures  for  future  devices. 

INTRODUCTION 


Currently,  no  commercially  available  native  substrate  exists  for  DI-Nitrides.  Thus, 
sapphire  and  silicon  carbide  have  become  the  dominant  substrates  for  Ill-Nitride  epitaxy.  Each 
of  these  substrates  has  advantages  for  common  devices  developed  over  the  last  decade,  but 
alternative  substrates  exist  that 

#  Ga 


offer  more  flexibility  for  novel 
device  design.  Lithium  Niobate 
(LN)  is  one  such  alternative 
substrate  offering  unique 
characteristics  not  found  in  other 
substrates.  LN  is  a  CZ  grown  < 
oxide  that  is  cheaper  than 
sapphire,  available  in  6  inch 
diameter  wafers  and  is  produced 
in  quantities  exceeding  60  tons 
per  year  [1]  primarily  for  use  in 
optoelectronic  modulators  and  surface 
acoustic  wave  devices. 

The  most  common  substrate 


Al 


•  0 
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Figure  1 .)  Crystal  structures  of  a)  sapphire  (left)  and  b) 
lithium  niobate  (right)  along  the  c-axis  showing  the  GaN  unit 
cell  alignment  on  the  oxygen  sublattice. 
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material  for  the  growth  of  Ill-Nitride  semiconductors  is  sapphire.  While  the  unit  cell  lattice 
mismatch  of  GaN-Sapphire  is  -33%,  the  commonly  quoted  lattice  mismatch  of  GaN  to  sapphire 
of -16%  occurs  by  alignment  of  the  GaN  hexagonal  base  along  the  oxygen  sub-lattice  of 
sapphire  [2]  as  shown  in  figure  la.  This  requires  a  rotation  of  the  GaN  unit  cell  about  the  c-axis 
by  30  degrees  and  results  in  a  slightly  distorted  GaN  unit  cell.  While  the  bulk  crystal  structure  of 
lithium  niobate  is  more  complex  than  that  of  sapphire  due  to  the  “staircase  spiraling”  nature  of 
the  oxygen  octahedra  resulting  in  a  larger  dispersion  than  in  sapphire  of  the  oxygen  atomic 
positions  around  their  central  locations,  the  surface  structure  of  the  lithium  niobate  on  the  c-plane 
is  similar  to  sapphire.  The  main  difference  between  these  surfaces  is  that  the  LiNb03  surface 
structure  has  a  larger  oxygen  sub-lattice  spacing,  resulting  in  a  better  average  lattice  mismatch  to 
Ill-Nitrides  and  to  SiC.  When  the  average  lattice  match  is  determined  via  computer  modeling  [3], 
one  finds  a  lattice  mismatch  to  GaN  (lattice  constant  of  the  unit  cell  being  3.185  angstroms)  of 
1 5.7%  for  sapphire  and  6.8%  for  lithium  niobate  as  shown  in  figure  lb.  A  similar  analysis  for 
the  lithium  niobate  mismatch  to  AIN  (3.1114  angstroms),  4H  SiC  (a=3.0730)  and  6H  SiC 
(a=3.0806  angstroms)  results  in  lattice  mismatches  of  4.4%,  3.1%  and  3.3%  showing  the 
versatility  of  mixing  epitaxial  wide  bandgap  semiconductors  on  ferroelectrics  and  vice  versa. 
These  lattice  mismatches,  while  better  than  the  sapphire  most  commonly  used  for  wide  bandgap 
epitaxy,  are  not  very  good.  At  best,  only  a  minimal  improvement  in  crystal  structure  can  be 
expected,  possibly  reduced  grain  tilting.  Indeed,  evidence  of  this  will  be  shown  later.  A  more 
important  advantage  of  these  substrates,  the  ability  to  control  polarization  allowing  new 
polarization  engineered  structures. 

EXPERIMENTAL  DETAILS 

Structural  and  Optical  Properties  of  GaN  on  Lithium  Niobate 

As  a  starting  point,  GaN  was  grown  on  LN  using  various  nucleation  conditions  including, 
nitridation  and  GaN  buffer  growth  at  500  °C,  nitridation  and  GaN  buffer  growth  at  -250  °C,  and 
nitridation  and  AIN  buffer  growth  at  -950  °C.  Unless  otherwise  noted,  all  results  presented  here 
are  from  the  500  °C  buffer 
conditions.  All  bulk  GaN  films 
were  grown  at  680  eC,  using  0.32 
seem  nitrogen,  a  0.5  pm/hr 
growth  rate  using  an  Veeco 
Applied  EPI  nitrogen  plasma 
source.  Figure  2  shows  the 
omega-two  theta  X-ray 
diffraction  spectra  of  such  a  GaN 
film  on  Lithium  Niobate.  The 
dominant  reflections  present  are 
the  symmetric  reflections  (c-axis, 

(000n))  of  GaN  and  lithium 
niobate,  indicating  alignment  of 
the  (0001 )  direction  of  GaN 
along  the  (0001 )  direction  of 
lithium  niobate.  The  GaN  (0002) 
omega-2theta  FWHM  is  275  arc-sec 


Figure  2.)  The  x-ray  diffraction  to-20  spectra  of  the  GaN  film  on 
lithium  niobate  substrate. 
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comparable  to  that  of  GaN  on  sapphire.  An 
additional  diffraction  peak  is  found  at  a  two  theta  of 
38.1  degrees.  We  suspect  that  this  peak  is  related  to 
lithium  triniobate,  LiNb30»  [4],  a  stable  monoclinic 
phase  in  the  lithium  oxide/niobium  oxide  system 
resulting  from  preferential  desorption  of  Li20  near 
the  sample  surface  [5].  This  preferential  desorption 
results  in  an  imbalance  in  the  lithium  oxide/niobium 
oxide  ratio  which  becomes  1 :3  Li20:Nb20s  in  the 
near-surface  regions.  Hence,  the  preliminary  work 
to  eliminate  this  phase  has  involved  lower 
temperature  nitridation  procedures  to  minimize  the 
Li20  desorption  and  an  alternative  approach, 
growth  initiation  above  925  °C  where  it  is  reported 
[5]  that  this  lithium  triniobate  phase  cannot  form. 

Figure  3  shows  the  reciprocal  space  map  for 
the  GaN  on  lithium  niobate.  Again,  the  (0002), 
(0006)  and  (60.2)  reflections  of  GaN,  lithium 
niobate  and  LiNbjOg  are  clearly  visible.  The  GaN 
is  aligned  on  the  lithium  niobate.  Additionally, 
the  magnitude  of  the  lithium  triniobate  peak  is 
~100  times  smaller  than  the  lithium  niobate  and 
GaN  peaks,  supporting  our  conclusion  that  this 


2  3101 


Q  x  10000  (Hu) 

Figure  i.)  l  he  reciprocal  space  map  tor  uaN  on  lithium 
niobate.  The  wave  vectors  Qx  and  Qy  are  expressed  in  units 
of  l/2d,  where  1  is  the  x-ray  wavelength  1 .54  angstroms,  d 
is  the  plane  separation  in  angstroms  and  rlu  stands  for 
reciprocal  lattice  units. 


phase  results  from  a  thin  niobium  oxide  rich  surface  layer.  No  evidence  was  found  for  the 
existence  of  the  lithium  triniobate  phase  in  as-received  lithium  niobate. 

As  shown  in  figure  4,  the  use 
of  high  temperature  nitridation  and 
AIN  buffer  conditions  (950  °C) 
results  in  a  reduction  of  the  lithium 
triniobate  phase  at  the  expense  of 
crystalline  quality.  The  reduction  of 
crystalline  quality  is  likely  due  to  the 
loss  of  indium  used  to  mount  the 
sample  at  these  elevated 
temperatures  and  the  subsequent 
cooling  and  inconsistent  sample 
heating  during  subsequent  bulk 
growth.  When  grown  on  (0001) 
oriented  LN,  initially,  a  reproducible, 
well  defined  2x2  reconstruction  was 
observed  during  the  950  eC  AIN 
buffer  layer  growth.  The  AIN  layer 
was  graded  to  GaN  as  the  substrate 
temperature  was  lowered  to  680 -C  ,  „  .  , ,  „ 

resulting  in  broadened  AIN  and  GaN 

peaks  in  figure  4.  Attempts  to  c  ain  graded  buffers  (bottom).  Note  the  reduction  of  the  lithium 

triniobate  phase. 
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initiate  growth  at  low  substrate 
temperatures  (-250  eC)  resulted 
only  in  amorphous  RHEED 
images  and,  thus,  were  deemed 
not  practical. 

Figure  5  shows  the 
photoluminescence  of  a  GaN 
sample  doped  to  lei 8  cm'3  using 
silicon.  Whereas  X-ray 
diffraction  is  a  measure  of  the 
structural  quality  of  the  films, 
photoluminescence  is  a  measure 
of  the  point  defect  density.  The 
sample  shows  strong  exitonic 
emission,  but  does  show  a  faint 
sub-bandgap  emission  indicative 
of  point  defects  in  the  film.  While 
these  initial  results  are  encouraging, 


Figure  5.)  The  photoluminescence  spectrum  of  the  GaN  on  lithium 
niobate  at  the  room  temperature.  GaN  shows  very  strong  exitonic 
emission  at  the  band-edge  transition. 


further  optimization  will  be  required  to  eliminate  the  defects  resulting  in  the  yellow  band 
luminescence.  Additionally,  further  studies  are  needed  to  determine  if  the  A1  rich  buffer  layers 
can  block  the  diffusion  of  lithium  from  the  substrate  as  was  shown  for  lithium  gallate  [6], 


Control  over  polarization  using  Poled  Lithium  Niobate 

When  exposed  to  a  phosphoric  acid  solution  [7]  for  20  minutes  at  150°C,  GaN 
films  grown  on  (0001 )  oriented  and  poled  LiNb03  were  found  to  be  Ga-polar,  presumably  due  to 
the  minimization  of  interface  charge  as  described  by  Gauss’s  law.  Specifically,  the  highly  polar 
surface  of  LN  resulting  from  the  high  spontaneous  polarization  (varying  from  -71  to  -30  pC/cm 
from  room  temperature  to  the  highest  growth  temperature  used  herein)  along  with  the 
anomalously  high  curie  temperature  exceeding  -1 142-1210  9C  [1 ,5)  establish  a  surface  charge 
that  is  minimized  by  the  continuation  of  the  polarity  of  the  substrate  into  the  GaN  film. 

Likewise,  films  grown  on  (0001)  oriented  and  poled  LiNb03  were  found  to  be  N-polar  by  the 
same  procedure.  No  ambiguity  in  the  etch  result  was  observed.  Specifically,  the  Ga-polar  films 
were  weakly  attacked  by  the  acid  solution,  while  the  N-polar  films  were  completely  removed 
after  20  minutes. 

Growth  of  GaN  on  Periodically  Poled  Lithium  Niobate 

Since  lithium  niobate  is  a  ferroelectric  material,  its  polarization  can  be  controlled  by  the 
application  of  an  external  electric  field.  Furthermore,  the  Curie  temperature  (temperature  where 
the  material  stops  being  ferroelectric,  thus,  loosing  its  spontaneous  polarization)  is  anomalously 
high  compared  to  other  ferroelectrics,  ranging  from  -1 142  to  >1210  °C  [1,5].  Using  these 
features  a  pattern  of  polarized  material  can  be  written  into  the  material  by  the  application  of  an 
electric  field  in  patterns  on  the  wafer  surface.  Unlike  more  common  perovskite  ferroelectrics 
which  have  multiple  degrees  of  atomic  movement  (oxygen  octahedra  and  internal  metal  atom 
movement)  lithium  niobate  only  has  one  degree  of  freedom  for  atomic  movement,  the 
displacement  of  Li  atoms  along  the  three-fold  symmetry  axis  (z-axis)  [5].  Thus,  the  overall 
lattice  is  left  unperturbed  by  the  poling,  with  only  the  Li  atomic  position  changing  within  the 
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interior  of  the  unit  cell.  A  key  point  to  recognize  about 
this  process  is  the  ferroelectric  poling  in  lithium  niobate 
does  not  change  the  surface  chemistry,  the  lattice 
constant,  nor  the  thermal  properties  (thermal  expansion, 
etc. . .)  of  the  lithium  niobate.  The  poling  only  changes 
the  polarization  and  thus,  the  induced  charge  on  the 
surfaces. 

A  GaN  film  grown  on  periodically  poled  lithium 
niobate  is  shown  in  figure  6  using  cross-polarized  light  to 
distinguish  subtle  changes  in  the  N-polar 

(0001)  directions  from  the  Ga-polar  (0001)  directions. 

Phosphoric  acid  etching  [7]  of  such  a  film  resulted  in 
etching  modulated  by  the  period  of  the  periodically  poled 
LN  domains  as  is  expected.  This  approach  allows 
polarization  patterns  to  be  “engineered”  by  first  writing 
them  into  the  substrate.  Once  grown,  these  “frozen 
polarization”  structures  can  be  used  for  advanced  control 
of  the  device  electrostatics.  It  also  offers  an  option  of 
studying  the  growth  kinetics  on  +/-  poled  substrates  simultaneously  without  any  change  in 
growth  conditions. 

Adhesion  Control  versus  Polarity  Control 

As  has  been  found  for  the  oxygen-terminated  face  of  lithium  gallate  previously  [8], 
adhesion  problems  can  result  when  growing  Ill-Nitrides  on  lithium  niobate  using  GaN  buffer 
layers.  Specifically,  if  films  are  grown  to  thicknesses  greater  than  ~0.5  pm  using  a  GaN  buffer 
on  poled  LN,  delamination  can  occur.  The  use  of  a  thick  ~60  nm  AIN  buffer  eliminates  this 
delamination  problem,  but  results  in  the  film  being  converted  to  predominantly  Ga-polarity.  A 
thin  -1-5  nm  AIN  buffer  layer  maintains  control  over  polarity  while  eliminating  the 
delamination. 

RESULTS  AND  DISCUSSION 

Stutzmann  et  al  [9]  first  suggested  and  demonstrated  the  idea  of  lateral  polarity 
heterojunctions  formed  by  lithographically  patterned  regions  with  varying  polarity.  They  also 
suggested  transistors  structures  and  demonstrated  enhanced  light  emission  at  polarity  boundaries. 
The  primary  limitation  of  the  approach  of  Stutzmann  was  the  loss  of  surface  planarity  because  of 
the  need  to  etch  the  AIN  buffer  layers  used  in  their  approach.  The  current  approach  eliminates 
this  weakness  allowing  the  growth  surface  to  be  flat  across  polarization  boundaries.  Thus, 
quantum  well  structures  can  be  grown  using  the  current  approach  with  well  boundaries  aligned 
within  the  growth  plane.  Using  this  procedure,  3D  wells  could  potentially  be  formed  using 
bandgap  variations  to  confine  carriers  in  the  growth  direction  and  polarization  discontinuities  to 
confine  carriers  in  the  lateral  directions.  The  limitation  of  such  an  approach  is  the  ability  to  pole 
LN  substrates  with  narrow  dimensions,  currently  limited  to  a  few  pm.  However,  the  ability  to 
grow  quantum  wells  straddling  polarization  boundaries  but  aligned  in  the  growth  direction  could 
lead  to  dramatic  luminescence  enhancement  at  the  boundary  beyond  that  already  observed  in 
bulk  films  by  Stutzmann  et  al.  This  luminescence  enhancement  is  due  to  the  strong  electron-hole 


Figure  6.)  Optical  micrograph  of  a  GaN  sample 
grown  on  a  periodically  poled  lithium  niobate 
substrate  as  imaged  using  a  cross-polarizer  to 
highlight  subtle  index  changes  in  the  (0001)  and 
(0001)  stripes.  Though  the  growth  face  of  the 
sample  is  extremely  smooth,  it  is  transparent 
with  a  rough  metalized  back  coating  giving  the 
sample  an  apparent  rough  texture  in  the  image. 
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pair  separation  due  to  polarization-induced  electric  fields  within  quantum  wells  in  Ill-Nitrides. 
Electrons  and  holes  are  separated  in  opposite  directions  in  N-polar  versus  Ga-Polar  quantum 
wells.  Thus,  at  the  polarity  interface,  a  region  exists  where  electron  and  hole  wave  functions 
overlap,  leading  to  strong  radiative  recombination  is  expected.  In  this  work,  so  far  such 
structures  have  only  been  attempted  on  the  thin  GaN  buffer  films  (<0.5  pm)  and  thus,  are 
hampered  by  lower  quality  due  to  the  adhesion  limited  thickness  constraints  described  above. 
However,  enhanced  photoluminescence  associated  with  polarization  boundaries  has  been 
observed  in  GaN/InGaN  quantum  well  structures  grown  on  periodically  poled  LN.  Due  to  the 
overall  low  intensity  of  the  photoluminescence  observed  from  these  samples,  at  this  time,  it  is 
unclear  as  to  whether  this  enhanced  photoluminescence  intensity  can  offer  promise  for  brighter 
emitters  than  can  currently  be  obtained  from  conventional  approaches.  Quantum  well  structures 
using  the  improved  buffer  conditions  detailed  above  will  be  investigated  in  the  future. 

CONCLUSIONS 

Lithium  niobate  has  been  theoretically  and  experimentally  shown  to  be  a  promising 
substrate  for  Ill-Nitride  epitaxy  due  to  its  slightly  improved  lattice  mismatch  and  more 
importantly,  its  ability  to  control/define  polarization  in  Di-Nitride  films.  Initial  results  indicate 
structural  quality  comparable  to  Ill-Nitrides  on  sapphire  but  more  effort  is  required  to  minimize 
thermally  induced  phase  transformations  in  the  lithium  niobate.  Methods  of  overcoming 
adhesion  difficulties  have  been  presented  and  periodically  poled  GaN  has  been  demonstrated  on 
periodically  poled  lithium  niobate.  A  vast  array  of  material  properties  found  in  lithium  niobate 
but  not  in  Ill-Nitrides  such  as  electro-optic,  nonlinear  optical,  various  acoustic  advantages,  and 
strongly  pyroelectric/ferroelectric  properties  can  be  integrated  into  Ill-Nitride  device  designs 
using  heteroepitaxy. 
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Cantilever  Epitaxy  of  GaN  on  Sapphire:  Further  Reductions  in  Dislocation  Density 
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ABSTRACT 

The  density  of  vertical  threading  dislocations  at  the  surface  of  GaN  grown  on  sapphire  by 
cantilever  epitaxy  has  been  reduced  with  two  new  approaches.  First,  narrow  mesas  (<1  pm  wide) 
were  used  and  {11-22}  facets  formed  over  them  early  in  growth  to  redirect  dislocations  from 
vertical  to  horizontal.  Cross-sectional  transmission  electron  microscopy  was  used  to  demonstrate 
this  redirection  and  to  identify  optimum  growth  and  processing  conditions.  Second,  a  GaN  nuc- 
leation  layer  with  delayed  3D  — >  2D  growth  transition  and  inherently  lower  threading  dislocation 
density  was  adapted  to  cantilever  epitaxy.  Several  techniques  show  that  a  dislocation  density  of 
only  2-3xl07/cm2  was  achieved  by  combining  these  two  approaches.  We  also  suggest  other 
developments  of  cantilever  epitaxy  for  reducing  dislocations  in  heteroepitaxial  systems. 

INTRODUCTION 

Gallium  nitride  is  receiving  much  attention  because  of  its  favorable  optical  and  electronic 
properties  [1],  Because  substrates  lattice-matched  to  GaN  are  not  readily  available,  it  is  often 
grown  on  sapphire  or  SiC.  The  hexagonal  crystal  structure  of  these  substrates  provides  a  template 
for  oriented  growth  of  GaN,  but  their  large  lattice  mismatches  (13.5%  and  3.3%,  respectively) 
lead  to  high  densities  of  vertical  threading  dislocations  (VTDs)  that  propagate  to  the  surface 
during  growth,  as  high  as  109- 1010  VTDs/cm2.  Lateral  growth  methods  have  been  developed  to 
reduce  VTDs,  such  as  ELO  [2],  LEO  [3],  and  FACELO  [4].  These  methods  seed  vertical  growth 
through  openings  in  a  mask  of  Si02  or  Si3N4  and  then  laterally  overgrow  the  mask.  The  VTDs 
propagate  through  the  opening  but  are  blocked  and  not  formed  in  material  grown  over  the  mask, 
leading  to  lower  overall  densities  and  areas  that  are  nearly  dislocation  free.  In  pendeo-epitaxy  [5], 
mesas  and  trenches  are  patterned  into  GaN  already  grown  on  a  planar  substrate  and  material  is 
grown  laterally  from  the  mesas  over  the  trenches  to  obtain  low  VTD  density;  thus  the  complete 
method  requires  two  growth  sequences.  We  have  developed  an  alternative  lateral  method, 
cantilever  epitaxy  (CE),  to  remove  VTDs.  With  CE,  the  substrate  is  first  patterned  with  mesas 
and  trenches,  then  GaN  is  nucleated  on  the  mesa  and  laterally  grown  over  the  trenches.  This 
method  has  the  advantage  of  requiring  only  one  growth  sequence  in  the  reactor  since  substrates 
are  patterned  before  growth.  We  have  focussed  on  CE  growth  on  sapphire  [6,7],  while  others 
have  used  similar  methods  with  Si  and  SiC  substrates  as  well  [8-10]. 

In  our  initial  CE  growths  [6],  VTDs  formed  over  the  mesa  were  expected  to  propagate  to  the 
surface;  the  reduction  in  overall  density  is  then  ideally  the  fractional  wafer  area  covered  by  mesas. 
Our  recent  work  has  implemented  two  new  approaches  for  further  reduction.  First,  mesa  widths 
were  decreased  to  <  1  jam  with  cantilever  spans  6  jum  wide;  if  additional  VTDs  did  not  form  at 
cantilever  coalescence  fronts,  this  would  reduce  the  overall  density  by  an  order  of  magnitude. 
However,  we  also  lowered  the  growth  temperature  after  nucleation  to  form  { 1 1-22}  facets  on 
GaN  over  the  mesas;  during  subsequent  lateral  cantilever  growth,  these  turn  VTDs  from  vertical 
to  horizontal  and  away  from  device  areas  above  [4,1 1].  Here  we  use  transmission  electron 
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microscopy  (TEM)  to  demonstrate  this  redirection  of  VTDs  and  identify  processing  and  growth 
conditions  for  its  optimization  [7],  Second,  a  new  nucleation  procedure  giving  low  VTD  densities 
on  planar  sapphire  [12]  was  adapted  to  CE  with  narrow  mesas  and  facetting.  Below  we  show 
that  VTD  densities  in  this  material  are  only  2-3xl07/cm2.  With  these  approaches,  CE  offers  the 
possibility  of  low  VTD  density  over  entire  wafers.  With  the  new  approaches,  isolated  defects 
several  micrometers  in  size  have  formed  that  we  label  “dark-block”  defects.  To  help  discover 
their  causes,  their  microstructures  are  described  in  an  accompanying  paper  [13].  Finally,  we 
discuss  how  CE  may  reduce  dislocations  further,  and  indicate  other  applications  in  heteroepitaxy. 


REDIRECTION  OF  VTDs  TO  HORIZONTAL  DIRECTION 


To  evaluate  redirection,  two  types  of  specimens  were  grown  on  narrow  mesas  extending  in 
the  [1 1-20]  sapphire  ([1-100]  GaN)  direction.  The  substrate  was  lithographically  patterned  for 
5  pm  wide  trenches  and  2  pm  wide  mesas,  but  final  mesa  widths  were  reduced  to  <1  pm  by  the 
sputtering-dominated  etch  with  BC13  in  an  inductively  coupled  plasma  reactor.  Trenches  were 
etched  2  pm  deep  to  allow  sufficient  time  to  form  the  facets  and  to  finish  lateral  growth  and 
coalescence  of  adjoining  cantilevers  before  GaN  growing  upward  in  the  trenches  contacted  the 
cantilevers.  Both  specimens  used  an  AIN  nucleation  layer  deposited  at  480°C.  This  nucleation 
layer  and  our  metalorganic  chemical  vapor  deposition  (MOCVD)  methods  [14]  produced  a  VTD 
density  of  ~2xl09/cnrfor  planar  growth  of  GaN  on  sapphire  as  determined  by  atomic  force 
microscopy  (AFM).  The  first  specimen  was  grown  at  1050°C  to  an  initial  thickness  of  0.6  pm; 
this  temperature  is  expected  to  form  a  flat  (0001)  surface  and  vertical  sidewalls.  Lateral  growth 
was  then  done  at  1 100°C  to  coalesce  cantilevers  followed  by  growth  at  1050°C  to  a  thickness  of 
4  pm.  The  second  specimen  was  grown  to  0.1  pm  thick  at  1050°C;  the  temperature  was  then 
reduce  to  950°C  to  form  {11-22}  facets  during  0.5  pm  vertical  growth.  Subsequent  lateral  and 
vertical  growths  were  identical  to  those  of  the  first  specimen.  To  verify  that  the  intended  facetted 
structures  had  formed,  growth  was  halted  in  identical  specimens  after  0.6  pm.  Scanning  electron 
microscope  images  (SEM)  in  Fig.l  show  the  expected  (0001)  and  {11-22}  facetted  surfaces. 

In  the  specimen  without  facetting,  cross-sectional  TEM  (XTEM)  images  over  mesas  as  in  Fig. 
2(a)  show  many  VTDs  turned  horizontal  but  a  comparable  number  remain  vertical,  30-70%.  This 
redirection  and  some  detected  in  our  earlier  work  [6]  suggest  that  VTDs  within  ~0.5  pm  of  mesa 


Figure  1.  SEM  images  of  GaN  on  sapphire  mesas  where  growth  was  halted  (a)  after  0.6  pm 
at  1050°C,  and  (b)  after  0.1  pm  at  1050°C  plus  0.5  pm  at  950°C  to  form  {1 1-22}  facets. 
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Figure  2.  (a)-(c)  Cross-sectional  TEM  images  of  dislocations  over  mesas  imaged  with  (1 1-20) 
two-beam  diffraction  conditions  in  (a)  specimen  grown  without  initial  facetting  (bright  field),  (b) 
with  facetting,  mesa  width  0.65  pm,  all  VTDs  turned  (dark  field),  and  (c)  with  facetting,  mesa 
width  1 .0  pm,  26%  of  VTDs  remain  vertical  (bright  field),  (d)  Percentage  of  VTDs  remaining 
vertical  versus  mesa  width.  Curve  shows  percentage  of  mesa  not  covered  by  facets. 

edges  are  likely  to  be  turned  horizontal.  This  may  be  due  to  image  forces  on  VTDs  near  the  ver¬ 
tical  sidewalls  or  to  dislocation  interactions.  Images  with  both  g  =  (11-20)  and  (0002)  diffraction 
vectors,  we  find  that  comparable  fractions  of  edge  (Burgers  vector  b  =  a)  and  mixed  (b  =  a  +  c) 
VTDs  were  turned.  Other  microstructures  in  this  specimen  are  discussed  elsewhere  [6,13]. 

The  percentage  of  VTDs  remaining  vertical  is  much  less  with  facetting  and  depends  on  mesa 
width;  see  Figs.  2(b-d).  In  Fig.  2(b),  all  VTDs  are  turned  to  horizontal.  Vertical  growth  of  0.5  pm 
was  used  in  the  facetting  step;  since  {11-22}  facets  are  tilted  58°  from  horizontal,  facets  on  each 
side  of  the  mesa  could  completely  cover  widths  up  to  0.62  pm,  about  the  width  of  the  mesa  in 
Fig.  2(b).  However,  the  1 .0  pm-wide  mesa  in  Fig.  2(c)  has  26%  VTDs  remaining  vertical.  Drawn 
on  this  image  is  the  expected  facet  structure.  The  {11-22}  facets  correspond  well  with  where 
VTDs  turn  near  the  sides,  and  the  (0001)  facet  over  the  center  intercepts  most  VTDs  remaining 
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vertical.  In  Fig.  2(d),  the  percentage  of  VTDs  remaining  vertical  is  plotted  versus  width  for  a 
number  of  mesas.  The  curve  is  the  fraction  of  mesa  width  not  covered  by  facets;  it  accounts  well 
for  the  onset  of  unturned  VTDs  near  0.6  pm  and  for  the  upper  limit  on  unturned  VTDs.  Lesser 
percentages  found  for  mesa  widths  of  0.8  - 1.0  pm  are  believed  due  to  the  additional  turning 
mechanism  discussed  above  for  growth  without  facetting. 

This  analysis  indicates  how  to  optimize  the  removal  of  VTDs  over  mesas:  A)  The  growth 
height  and  time  of  the  facetting  step  need  to  be  sufficient  to  cover  all  mesas  completely  with 
slanted  facets.  This  places  requirements  on  substrate  processing  and  growth  methods:  B)  Mesa 
widths  need  to  be  uniform  and  trenches  deep  enough  to  allow  the  time  needed  for  facet  growth 
and  lateral  growth  of  cantilevers  before  GaN  growing  upward  from  the  trenches  intercepts  the 
cantilevers.  We  have  also  found  that  turning  VTDs  with  facets  reduced  tilting  between  GaN 
over  mesas  and  cantilevers  when  compared  to  the  specimen  without  facetting  [7].  Overall,  the 
specimen  with  facetting  had  VTD  densities  of  3-8x1 07/cm2,  an  -40-fold  reduction  compared  to 
similar  growth  on  planar  sapphire,  whereas  a  factor  of -7  was  expected  based  on  mesa  area. 

Cantilever  Epitaxy  using  Low  VTD-Density  Nucleation  Layer 

In  the  second  new  approach,  we  used  a  different  nucleation  layer  that  had  been  shown  to  give 
a  low  VTD  density  for  GaN  on  planar  sapphire,  2-4x1 08/cm2  [12].  Sapphire  was  patterned  for 
narrow  mesas  as  before,  and  a  nucleation  layer  of  GaN  was  grown  at  540°C.  This  layer  was 
ramped  to  1050°C  over  8.5  min.  and  then  annealed  at  this  temperature  for  1  min.  However,  when 
growth  is  initiated  at  high  temperatures  with  the  introduction  of  trimethylgallium,  a  low  NH3 
flow  of  2.25  slm  was  used  for  15  minutes  instead  of  the  usual  (and  final)  6.0  slm  flow.  This 
delays  the  transition  from  the  initially  nucleated  3D  islands  to  2D  planar  growth  as  monitored  by 
in  situ  reflectance.  The  islands  develop  a  facetted  structure  before  forming  a  continuous  planar 
surface.  This  nucleation  scheme  was  followed  by  growth  of  {1 1-22} -facetted  GaN  over  mesas  at 
950°C  as  described  above,  with  final  growth  to  a  thickness  of  3  pm. 

The  VTD  density  at  the  surface  was  examined  with  AFM,  TEM  and  cathodo-luminescence 
(CL)  as  seen  in  Figs.  3, 4  and  5.  Plan-view  TEM  and  CL  both  indicated  a  density  of  2-3x1 07/cm2. 
The  AFM  images  gave  about  one  half  this  value,  1.3xl07/cm2.  Thus  CE  has  further  reduced  the 
VTD  density  by  a  factor  of -10  relative  to  planar  low- VTD  growth.  We  believe  all  dislocations 
are  accounted  for  (within  the  uncertainty  range)  based  on  the  following.  First,  there  is  good 
agreement  between  plan-view  TEM  and  CL,  which  examines  much  broader  areas.  Moreover,  the 
value  for  AFM  is  also  in  agreement  since  AFM  is  relatively  insensitive  to  pure  edge  dislocations 


Figure  3.  AFM  image  of  the  surface  of  CE  GaN  grown  with  delayed  recovery  GaN  nucleation 
layer,  narrow  mesas  and  initial  facetted  growth.  Note  step-flow  growth  across  more  than  two 
CE  periods  and  the  low  density  of  dislocations,  seen  as  terrace  steps  ending  at  a  point. 
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(b  -  a),  which  are  about  one-half  of  all  VTDs,  whereas  mixed  (b  =  a  +  c)  and  pure  screw  (b  =  c) 
dislocations  leave  steps  at  the  surface  that  AFM  detects.  CL  is  expected  to  detecdt  all  types  of 
dislocations  since  they  are  centers  of  non-radiative  recombination  [15].  Plan-view  TEM  might 
not  detect  pure  screw  (b  =  c)  dislocations  since  their  Burgers  vector  is  out  of  the  plane  and 
orthogonal  to  in-plane  diffraction  vectors  g  =  (hklO).  However,  we  tilted  a  specimen  32°  to 
obtain  diffraction  contrast  from  g  =  (11-22)  with  a  component  along  the  c  direction;  moreover, 
the  projected  lengths  of  VTDs  through  the  thin  specimen  are  increased  by  the  tilting,  making 
them  easier  to  detect.  This  orientation  gave  only  a  modest  3%  increase  in  VTD  density.  Since 
the  same  density  was  obtained  in  several  wafer  dies  spaced  several  centimeters  apart  with  these 
three  methods,  the  above  density  accurately  represents  the  specimen  as  a  whole. 

FURTHER  DEVELOPMENTS  OF  CANTILEVER  EPITAXY 

We  envision  several  future  developments  of  CE.  The  VTD  densities  in  GaN  on  sapphire  have 
been  greatly  reduced,  but  removal  of  VTDs  over  mesas  is  incomplete.  With  more  uniform  mesas 


Figure  4  (above).  TEM  images  of  GaN  with  low- 
VTD  nucleation,  obtained  with  (11-20)  diffraction 
conditions:  (a)  (left)  Bright-field,  plan-view  image 
showing  rows  of  VTDs  over  mesas  and  at 
cantilever  coalescences.  A  defect  with  lateral 
dislocations  is  seen  at  the  far  left,  (b)  (right)  Weak- 
beam,  cross-sectional  image  showing  dislocations 
emerging  from  the  mesa  and  turned  to  horizontal, 
and  two  remaining  VTDs  threading  to  the  surface. 

Figure  5  (left).  Scanning  CL  image  of  GaN  with 
low  VTD  nucleation,  obtained  with  5  keV  elect¬ 
rons  and  broad-band  optical  detection.  VTDs  over 
mesas  and  at  coalescences  are  non-radiative  and 
appear  as  dark  spots.  The  area  is  about  500  (jim)2. 
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or  new  growth  schemes,  it  appears  possible  to  turn  all  VTDs  over  mesas.  Cantilever  growth  and 
coalescence  need  to  be  improved  to  remove  dislocations  and  eliminate  the  “dark-block”  defects 
[13].  Comparable  numbers  of  VTDs  are  seen  over  mesas  and  at  coalescences  in  Fig.  5,  and  thus 
both  need  attention.  All  told,  we  think  our  results  indicate  that  CE  can  produce  sufficiently  low 
VTD  densities  in  GAN  to  place  devices  continuously  across  wafers.  A  potentially  important 
application  of  CE  is  AlGaN  growth  for  UV  emitters.  Since  AlGaN  nucleates  on  SiC>2  as  well  as 
sapphire  and  SiC,  the  lateral  growth  methods  using  Si02  layers  will  not  be  useful,  whereas  CE 
will  not  be  affected.  It  also  appears  likely  that  GaN  substrates  will  one  day  be  readily  available. 
Then,  CE  appears  important  for  AlGaN  growth  on  GaN  to  remove  VTDs  formed  at  GaN/AlGaN 
interfaces.  It  is  also  possible  to  use  2D  patterns  parallogram-shaped  mesas  for  growth  initiation; 
our  initial  attempts  were  successful.  This  scheme  could  further  reduce  VTD  densities.  More 
generally,  CE  can  be  used  to  reduce  threading  dislocations  in  other  heteroepitaxial  systems. 

We  thank  M.  P.  Moran  and  A.  K.  Norman  for  developing  TEM  specimen  preparation  methods 
for  the  difficult  CE-GaN/sapphire  materials,  and  A.  Kim  for  discussions  about  TEM  imaging  of 
dislocations.  Sandia  is  a  multiprogram  laboratory  operated  by  Sandia  Corporation,  a  Lockheed 
Martin  Company,  for  the  U.  S.  Department  of  Energy  under  contract  DE-AC04-94AL85000. 
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Abstract 


The  large  defect  densities  in  heteroepitaxially  grown  group-III-nitride  layers  on 
sapphire  or  SiC  cannot  be  tolerated  in  applications  such  as  lasers.  We  report 
here  on  a  defect  reduction  by  overgrowth  of  patterned  n-6H-SiC(0001) surfaces . 

First,  we  formed  mesa  structures  in  the  windows  of  metal  masks  and  then  after 
removal  of  the  masks  layers  of  AlxGai_xN  and  GaN  were  grown  by  low-pressure 
MOVPE  under  conditions  of  high  lateral  growth  rates.  We  demonstrate  that 
layers  and  layered  structures  can  be  grown  with  smooth  surfaces  and  reduced 
defect  densities. 


1  Introduction 

The  defect  densities  of  conventionally  grown  GaN  layers  are  typically  around  109cm“2  or 
slightly  below  independent  on  whether  sapphire  or  SiC  is  used  as  substrate  material.  Such 
a  high  defect  density  reduces  the  performance  and  lifetime  of  light  emitting  devices  such 
as  lasers  or  high  brightness  LEDs.  Therefore,  lateral  overgrowth  processes  such  as  ELOG 
[1,  2,  3,  4],  pendeo-epitaxy  [5]  or  variations  of  it  [6,  7]  are  mostly  used  to  reduce  the  defect 
density. 

In  the  conventional  ELOG  process  first  a  GaN  layer  is  grown  and  on  top  masks  of  Si02  or 
SiNx  are  produced  which  are  laterally  overgrown  in  a  second  growth  process.  The  reported 
defect  densities  in  the  regions  above  the  masks  are  reduced  to  levels  in  the  106cm”2  range. 
The  disadvantage  of  this  process  is  that  the  GaN  layers  grown  in  the  second  step  maybe 
contaminated  by  silicon  or  oxygen  and  therefore  usually  thick  GaN  layers  are  needed  for 
devices.  Furthermore,  conventional  GaN  surface  preparation  such  as  KOH  or  HC1  etching 
may  damage  the  masks  and  thus  GaN  in  the  window  regions  cannot  be  well  prepared. 

While  the  classical  ELOG  process  works  well  with  sapphire  substrates  for  SiC  the  total 
thickness  of  the  layered  structure  is  limited  because  of  crack  formation.  Therefore,  the 
pendeo-epitaxy  process  was  developed  in  which  GaN  was  grown  on  an  Al-containing  buffer 
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layer  and  then  the  deposited  layer  were  etched  back  in  windows  of  prepared  masks.  In  a 
second  step  GaN  is  grown  such  that  it  starts  growing  from  the  sidewalls  of  the  structure 
with  the  advantage  that  GaN  is  not  growing  on  SiC  (under  the  chosen  growth  conditions). 
However,  for  laser  structures  GaN  buffer  layers  are  not  well  suited.  Furthermore,  reactive 
ion  etching  used  to  etch  back  creates  lattice  defects  and  may  lead  to  surface  contamination. 

We  used  another  approach  namely  to  pattern  the  SiC  substrate  first  and  then  to  overgrow 
the  structure.  Hence,  the  structure  formation  and  growth  process  are  separated.  In  addition, 
we  show  in  this  paper  that  we  can  use  GaN  and  AlxGai_xN  as  buffer  layers. 


2  Experimental 

As  substrate  material  we  used  in  this  study  commercially  available  n-type  doped  (0.04Qcm), 
Si-face,  on-axis  6H-SiC(0001)  (Cree  Inc.). 

We  developed  a  patterning  process  for  n-type  doped  SiC  substrates  based  on  photo- 
electrochemical  (PEC)  etching.  In  a  first  step  platinum  masks  were  produced  by  conven¬ 
tional  photolithography.  In  a  second  step  the  substrate  with  ohmic  reverse  side  contact 
was  mounted  in  a  PTFE  cell  equipped  with  a  platinum  grid  as  top  electrode.  Sulfuric  acid 
(obtained  by  diluting  cone,  sulfuric  acid  with  DI  water  1:3  by  volume)  was  used  as  elec¬ 
trolyte.  The  substrates  were  etched  under  mercury  high  pressure  lamp  (200W)  illumination 
with  forward  bias  of  typically  1-3V  for  about  90minutes.  Oxide  layers  are  formed  in  the 
windows  which  are  etched  in  a  final  step  by  HF.  We  obtain  mesa  structures  of  width  2-6  fim 
and  periodic  lengths  of  6-10  jim.  The  stripe  pattern  is  aligned  along  either  [1100]  or  [1120] 
directions  (see  Fig.  1). 

The  silicon  doped  GaN  and  AlxGai_xN  layers  were  grown  by  low  pressure  metal-organic 
vapor  phase  epitaxy  (MOVPE)  (Aixtron  AIX  200RF)  in  an  horizontal  reactor  with  trimethyl- 
gallium  (TMG),  trimethyaluminum  (TMA1),  and  ammonia  (NH3)  as  precursors  and  hydro¬ 
gen  as  carrier  gas.  In  some  cases  AlxGai_xN  layers  were  grown  with  trimethylindium  (TMI) 
in  the  background  to  enhance  the  lateral  to  vertical  growth  rates.  Growth  started  with  a 
thin  (10-50nm  thick)  AlxGai_xN  nucleation  layer  grown  at  1190°C  with  x  ~  0.3.  GaN 
buffer  layers  were  grown  afterwards  at  1180°C  and  pressure  of  lOOmbar  with  hydrogen  as 
carrier  gas.  The  typical  growth  conditions  were:  Total  flux  6slpm,  NH3  2000sccm,  V/III 
ratio  approximately  1355.  AlxGai_xN  buffer  layers  were  grown  at  1190°C,  50mbar,  V/III 
ratios  of  about  2500,  and  with  compositions  x  =  0.1 . . .  0.2  (same  total  flux  or  increased  to 
lOslpm).  PL  data  indicate  that  the  compositions  are  the  same  as  on  plane  substrates.  In 
most  cases  a  GaN  layer  was  grown  on  top  with  an  intermediate  GaN  layer  grown  with  higher 
V/III  ratio  of  2560  and  thickness  160nm. 

All  temperatures  are  readings  of  a  thermocouple  placed  in  the  susceptor  in  which  a  disk 
with  the  sample  rotates.  Due  to  the  limited  thermal  contact  between  disk  and  susceptor 
the  temperatures  at  the  growth  front  are  estimated  to  be  100°C  to  150°lower  than  the 
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Figure  1:  Mesa  structure  in  6H-SiC 
formed  by  photoelectrochemical  etching 
using  platinum  masks  after  oxide  removal. 
Mesa  widths  are  typically  2-6pm  and  pe¬ 
riodic  lengths  are  6-10pm. 


Figure  2:  View  from  the  side  (SEM) 
of  an  overgrown  structure  (here  thin 
AlxGai_xN  nucleation  followed  by 
GaN).  The  surface  is  smooth,  essen¬ 
tially  no  growth  on  top  of  mesa. 


thermocouple  readings. 

Growth  was  monitored  in-situ  by  reflectometry.  After  growth  the  samples  were  charac¬ 
terized  by  AFM,  SEM,  conventional  photoluminescence  (PL)  at  room  and  low  temperatures 
(20K  and  lower)  using  an  Ar-ion  (334nm)  or  He-Cd  laser  (325nm)  and  PL  taken  under 
near-field  optical  microscope  conditions  (SNOM). 


3  Results  and  Discussion 

The  patterned  SiC  substrates  have  been  overgrown  by  GaN  and  AlxGai_xN  layers. 
Growth  started  always  with  a  thin  AlxGaL_xN  nucleation  layer  followed  by  a  GaN  or 
AlxGai_xNbuffer  layer.  Fig.  2  shows  a  SEM  picture  from  the  side  of  structure  (mesa  width 
3pm,  periodicity  about  10pm)  grown  with  a  thin  AlxGai_xN  nucleation  and  buffer  layer 
and  thin  GaN  buffer.  For  plane  substrates  the  total  AlxGai_xN  thickness  would  be  about 
150nm  and  that  of  the  GaN  layer  220nm.  The  regions  between  the  mesa  are  completely 
filled  and  not  much  material  was  grown  on  top  of  the  mesa.  This  is  a  first  indication  that 
growth  starts  from  the  sidewalls  and  not  from  the  top  of  the  mesa  structure  as  expected. 
Furthermore,  the  height  of  the  mesa  is  above  1pm  and  hence,  the  growth  rate  is  much  higher 
compared  to  plane  substrates  again  in  agreement  with  an  assumed  lateral  growth  mode. 

A  smoothening  of  the  growth  front  was  also  observed  when  taking  AlxGai_xN  as  thick 
buffer  layer  which  is  shown  in  Fig.  3.  In  this  case  the  composition  was  about  13%  A1  and 
a  plane  thickness  of  about  1.6pm.  The  GaN  layer  on  top  has  a  total  thickness  of  900nm. 
While  in  the  case  of  GaN  buffer  layers  we  observed  an  instability  of  the  growth  in  some 
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Figure  3:  View  from  the  side  (SEM)  of  an  overgrown  structure  (here  thick  AlxGa!_xN,  GaN 
cap  layer).  The  layered  structure  is  homogeneous,  no  voids  visible. 


parts  of  the  sample  indicated  by  large  crystallite-like  features,  in  the  case  of  AlxGai_xN  the 
growth  was  uniform. 

In  the  case  of  the  GaN  buffer  layer  we  performed  an  analysis  of  the  defect  structure  by 
photoelectrochemical  etching  in  KOH:water  (0.025M)  which  indicates  dislocation  lines  by 
whisker  formation  [8].  The  resulting  surface  structure  is  shown  in  Fig.  4.  We  observe  a 


Figure  4:  Defect  structure  revealed  by  photoelectrochemical  etching  by  K0H:H20  of  sam¬ 
ple  shown  in  Fig.  1  (left:  low  magnification,  right:  high  magnification).  High  density  of 
dislocation  above  mesa,  between  mesa  dislocation  lines  parallel  to  surface  visible. 

high  density  of  dislocations  above  the  mesa  and  low  density  in  between.  Furthermore,  some 
dislocation  lines  are  apparent  which  are  aligned  parallel  to  surface  again  indicating  lateral 
growth  and  in  agreement  with  a  defect  reduction  in  the  upper  part  of  the  layered  structure. 
SNOM  is  also  showing  an  increased  near-bandedge  emission  intensity  of  a  factor  3-4  above 
the  inbetween  regions  relative  to  that  above  the  mesa. 
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Figure  5:  View  from  the  side  (SEM)  of  an  overgrown  structure  (here  thin  AlxGai_xN,  thin 
GaN).  Two  facets  are  visible.  That  with  the  higher  inclination  angle  seems  to  be  parallel  to 
the  sidewall  of  mesa. 

We  gained  further  inside  into  the  growth  mode  from  a  growth  experiment  in  which  we 
stopped  growth  in  an  early  stage  (total  AlxGai_xN  thickness  corresponding  to  lOOnm  on 
plane  substrate,  75nm  GaN).  We  observe  material  essentially  grown  only  at  the  sidewalls  of 
the  mesa.  This  material  shows  three  facets:  Above  the  mesa  oriented  in  c-direction,  a  facet 
with  small  angle  and  a  facet  which  likely  corresponds  to  one  of  the  (llOl)-planes.  The  latter 
one  seems  to  be  parallel  to  the  (inclined)  sidewalls  of  the  mesa.  This  and  other  pictures 
indicate  that  the  growth  front  propagates  until  one  from  the  neighbor  mesa  is  reached  and 
material  may  or  may  not  -  for  unknown  reasons  -  fill  up  the  coalescence  region.  The  facet  of 
lower  inclination  angle  may  tilt  towards  the  horizontal  possibly  by  establishing  step  bunches 
which  may  smooth  out  in  a  latter  stage.  Further  experiments  are  needed  to  clarify  this  part 
of  the  growth  process. 

We  note  that  until  now  we  have  no  indication  that  there  is  a  distinction  in  the  properties 
of  the  layers  with  mesa  orientation  along  [1100]  or  [1120]  directions  which  is  in  contrast  to 
observations  of  conventional  ELOG. 


4  Summary  and  conclusion 

We  patterned  n-type  doped  6H-SiC(0001)surfaces  by  photoelectrochemical  etching  (PEC). 
In  this  way  prepared  substrates  were  overgrown  by  GaN  and  AlxGai_xN  layers  under  growth 
conditions  which  allow  for  high  lateral  growth  rates. 

The  layers  grown  are  continuous  without  voids  and  have  smooth  surfaces  in  most  cases 
after  approximately  2/im  material  has  been  deposited.  Defect  etching  shows  an  reduction  of 
defect  density  in  the  layers  in  between  the  mesa.  With  GaN  cap  layers  we  find  no  evidence 
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of  crack  formation  (though  cracks  are  found  in  heterostructures  without  GaN  cap  layers). 
GaN  layers  show  bright  near  bandedge  luminescence. 

Surprisingly,  growth  seems  to  be  dominated  by  material  nucleating  on  the  sidewalls  of 
the  mesa  with  the  growth  front  propagating  in  lateral  direction. 

The  described  lateral  growth  mode  process  seems  to  work  and  is  very  promising  for  defect 
reduction  especially  for  laser  structures. 
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ABSTRACT 

Different  magnesium  incorporation  behavior  has  been  observed  in  heavily  Mg-doped 
AlGaN  epitaxial  layers.  The  films  were  grown  by  metal-organic  vapor  phase  epitaxy 
involving  a  lateral  overgrowth  technique  on  patterned  sapphire  substrates.  TEM 
observations  show  that  direct  growth  on  sapphire  exhibits  pyramidal  defects,  while  lateral 
overgrowth  is  homogeneous  and  free  of  structural  defects.  The  orientation  of  the  growth 
front  significantly  influences  the  microstructure,  and  the  {0001 }  growth  facet  appears  to 
be  essential  for  the  formation  of  the  pyramidal  defects.  In  addition,  cylindrical  and 
funnel-shaped  nanopipes  have  been  observed  at  dislocations  with  an  edge  component. 

The  relationship  between  Mg  segregation  and  these  defects  is  discussed,  and  formation 
mechanisms  are  proposed  taking  into  consideration  the  orientation  of  the  growth  front. 

INTRODUCTION 

The  development  of  p-type  doping  of  nitride  semiconductors  has  made  possible  a 
number  of  technological  advances  including  high-efficiency  visible  light  emitting  devices 
and  blue  laser  diodes.  Magnesium  is  currently  the  most  commonly  used  p-type  dopant. 
The  activation  of  magnesium  as  an  acceptor  was  first  achieved  by  low-energy  electron 
beam  irradiation  [1]  and  subsequently  by  thermal  annealing  [2].  In  order  to  fabricate 
high-performance  blue  and  ultraviolet  laser  diodes,  it  is  necessary  to  improve  p-type  layer 
conductivity  in  AlxGa|.xN  films.  The  acceptor  levels  in  these  alloys  are  typically  more 
than  230  meV  from  the  valence  band  edge,  with  consequent  low  thermal  activation  ratios 
(<1%).  High  p- type  conductivity  then  requires  Mg  doping  levels  of  the  order  of  1019  to 
1020  cm'3.  At  these  levels,  the  solid  solubility  limit  is  sometimes  exceeded  giving  rise  to 
the  formation  of  precipitates  and  other  crystalline  defects  [3].  Polarity  inversion  due  to 
Mg  doping  has  been  reported  for  molecular-beam  epitaxy  films  [4,5].  Pyramidal  defects 
have  been  observed  under  a  variety  of  growth  conditions  [6,7].  Additionally,  in  bulk 
crystal  and  delta  Mg-doping  metal-organic  vapor  phase  epitaxy  (MOVPE)  films, 
rectangular  shape  defects  and  highly-ordered  polytypoids  were  also  reported  [6].  For  the 
pyramidal  defects,  the  Mg-rich  chemical  property  has  been  proved  by  an  energy 
dispersive  x-ray  spectrometry  study  [8].  From  these  observations  it  is  clear  that  Mg 
doping  plays  a  role  in  pyramidal  defect  formation  and  polarity  inversion,  but  so  far  their 
precise  crystalline  nature  is  not  completely  understood.  In  this  report,  a  TEM  study  is 
presented  of  highly  Mg-doped  AlGaN  films  grown  by  a  process  involving  epitaxial 
lateral  overgrowth  (ELO)  on  patterned  sapphire  substrates.  The  formation  mechanism  of 
the  pyramidal  defects  is  discussed  by  examining  their  microstructure  and  distinct 
distribution  in  the  epilayers.  Additionally,  the  role  of  dislocations  in  Mg  segregation  is 
also  reported. 
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EXPERIMENTAL 


The  Alo.03Gao.97N  sample  was  grown  by  MOVPE  on  a  patterned  sapphire  substrate 
with  grooves  along  [1 120]  sapPhireor  [li00]ni,nde  [9].  A  5pm-thick  epilayer  was  deposited 
on  a  ~20  nm  thick  low  temperature  AIN  buffer  layer  at  1 100  °C.  The  doping 
concentration  of  9x1 01 9  cm'3  was  measured  by  secondary  ion  mass  spectrometry. 
Transmission  electron  microscopy  (TEM)  observations  were  made  using  a  JEOL  4000EX 
microscope  for  lattice  imaging  with  an  acceleration  voltage  of  400kV  (resolution  limit 
~1 .7  A),  and  a  Philips  EM430  and  a  CM200  microscope  for  g.b  diffraction  analysis  with 
an  acceleration  voltage  of  250kV  and  200  kV  respectively.  TEM  cross-section  specimens 
were  thinned  by  ion  milling  with  an  ion  energy  of  4.5  keV  after  mechanical  polishing. 

RESULTS  AND  DISCUSSION 

Pyramidal  defect  distribution 

Figure  1  shows  a  cross  sectional  TEM  image  along  the  groove  direction  (i.e.  [1100]  AiGaN). 
The  progression  of  the  growth  fronts  is  schematically  illustrated  using  three  sets  of 
parallel  dashed  lines.  The  seeding  domain  has  a  growth  front  parallel  to  the  basal  plane, 
while  the  ELO  domain  grows  on  a  {1 122}  front.  The  boundary  between  these  domains  is 
marked  with  an  inclined  solid  curve  line.  The  slope  of  the  boundary  will  decrease  if 
lateral  growth  is  enhanced.  Figure  2  (a)  shows  the  AiGaN  sample  in  the  vicinity  of  the 
ELO  domain.  A  dashed  line  marks  the  boundary  between  the  seeding  and  the  ELO 
domain.  In  the  seeding  domain,  a  high  density  of  pyramidal  defects  measuring  ~20nm 
across  the  basal  facet  is  observed  in  addition  to  the  dislocations.  However,  the 
neighboring  ELO  domain  exhibits  perfect  microstructure.  The  differences  that  are 
observed  in  the  two  domains  appear  to  be  a  result  of  the  discrete  growth  fronts.  This  was 
also  observed  in  an  ELO  GaN  sample,  which  consists  of  a  relatively  flat  domain 
boundary  due  to  a  faster  lateral  growth  (Fig.2  (b)).  These  findings  indicate  that  the 
formation  of  pyramidal  defects  depends  on  the  growth  front.  The  implication  is  that 
growth  on  fronts  other  than  {0001 }  can  have  superior  homogeneity  properties  even  under 
a  heavy  doping  condition.  The  growth  front  parallel  to  {0001 }  plane  appears  to  be  a  key 
factor  for  creating  these  defects. 


Figure  1.  Schematic  of  growth 
front  evolution  shown  in  a  cross 
section.  Horizontal  dashed  lines 
correspond  to  {0001 }  growth 
fronts;  while  the  inclined  dashed 
lines  are  ELO  {1122}  growth 
fronts. 
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200nm 


Figure  2.  Bright-field  cross-section  images  showing  the  distribution  of  pyramidal 
defects  in  highly  Mg-doped  AlGaN  (a)  and  GaN  (b)  layers.  The  sharp  boundary  between 
the  regions  with  and  without  pyramidal  defects  (inset)  arises  from  the  {0001 }  and  {1122} 
growth  fronts  shown  in  Fig.  1 . 

Optical  properties  were  characterized  using  cathodoluminescence  (CL)  and  they  were 
found  to  be  closely  correlated  with  the  microstructure  [3],  Mg  acceptor  concentration  was 
uniform  across  the  whole  film,  according  to  monochromatic  CL  imaging.  However,  the 
near-band-edge  emission  was  only  observed  in  the  ELO  domain,  indicating  that  the  ELO 
domain  has  a  much-reduced  density  of  point  defects.  The  superior  optical  properties  in 
the  ELO  domain  indicate  that  the  ELO  process  has  a  distinct  impurity  incorporation 
mechanism,  which  is  favorable  compared  with  the  typical  {0001 }  growth  front  mode. 

Mg  segregation  in  pyramidal  defects 

In  order  to  understand  the  distribution  and  formation  mechanism  of  the  pyramidal 
defects,  the  microstructure  needs  to  be  analyzed.  Lattice  images  of  the  pyramidal  defects 
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projected  along  [1120]  and  [1100]  zone  axes  are  shown  in  figure  3  (a)  and  (b).  The  angle 
between  the  inclined  facet  and  the  basal  plane  is  ~47°  and  ~43°  in  the  [1100]  and 
[1 122]  aig:.n  projection  respectively.  Similar  angles  were  measured  for  pyramidal  defects 
in  GaN  in  which  the  structure  of  the  pyramid  was  proposed  to  consist  of  a  hexagonal 
basal-plane  facet  and  six  side  facets  of  [1 123},  and  they  were  identified  as  inversion 
domains  [7].  The  lattice  image  in  figure  3  (a)  is  in  agreement  with  the  result.  The  slight 
displacement  in  basal-plane  lattice  is  indicated  by  a  dashed  line  across  the  pyramidal 
defect,  which  results  from  the  flipping  of  Ga  and  N  atoms  across  inversion  domain 
boundaries  [10].  A  schematic  is  shown  in  figure  4  to  illustrate  the  formation  of  the 
inversion  domain  boundary  due  to  Mg  segregation. 

The  microstructure  analysis  indicates  that  the  pyramidal  defects  have  a  six-fold 
symmetry  along  c-axis,  which  is  present  on  the  {0001 }  growth  front,  but  is  absent  on  the 
{1122}  growth  front.  The  incorporation  of  the  pyramidal  defects  is  sensitive  to  the 
symmetry  of  the  growth  front.  This  leads  to  the  defects  forming  only  in  the  [0001]  growth 
direction,  as  shown  in  figure  2. 


Figure  3.  Lattice  images  of  pyramidal  defects,  projected  along  (a)  [1120]  and  (b) 
[1 T 00] .  A  broken  white  line  drawn  across  the  defect  indicates  shift  in  lattice  point 
consistent  with  an  inversion  domain. 


Figure  4.  A  schematic  of  a  pyramidal 
defect  viewed  along  [1  1  00]  projection. 
Mg  segregation  on  the  boundary  is 
believed  to  induce  the  defect. 


•Mg 

•  N 

C  Ga 


30 


Mg  interaction  with  dislocations 

In  the  vicinity  of  some  dislocations,  the  density  of  the  pyramidal  defects  is  found  to 
be  substantially  reduced.  One  of  these  regions  is  shown  in  figure  5.  The  images  taken 
under  different  diffraction  conditions  indicate  that  this  region  is  full  of  dislocations  with 
an  edge  component.  Instead  of  forming  Mg-rich  pyramidal  defects,  Mg  impurities  prefer 
to  segregate  to  the  dislocations.  An  enlarged  image  of  this  region  is  shown  in  figure  5 
(c),  and  indicates  that  these  dislocations  with  an  edge  component  are  decorated  with 
funnel-shape  defects.  No  specific  facets  are  identified  for  these  funnel-shape  structures. 

In  some  other  regions,  the  dislocations  are  also  found  to  open  up  into  a  cylindrical  shape. 
These  defects  show  strong  contrast  under  slightly  defocus  condition,  suggesting  that  they 
are  voids.  Mg  segregation  to  the  dislocation  core  is  believed  to  result  in  the  nanopipe 
structure  [11]. 

The  various  shapes  of  the  nanopipes  may  result  from  the  fluctuation  of  impurity  level. 
However,  the  transformation  from  cylindrical  to  funnel-shape  void  was  observed  during 
focused  electron  beam  irradiation,  as  shown  in  figure  6.  The  electron  beam  of  200  keV 
was  focused  at  the  top  portion  of  the  nanopipe.  The  cylindrical  nanopipe  transformed  to  a 
funnel- shape  structure  by  rearranging  the  neighboring  atoms.  This  transformation  is  not 
reversible,  suggesting  that  the  funnel-shape  void  structure  is  energetically  more  stable 
than  the  cylindrical  one. 


Figure  5.  Cross-sectional 
images  to  show  dislocations  with 
(a)  screw  and  (b)  edge 
component.  A  region  (marked  in 
a  box)  denuded  of  pyramidal 
defects  is  evident  in  the  vicinity 
of  dislocations  with  an  edge 
component.  An  enlarged  view  of 
this  region  is  shown  in  figure  (c). 


Figure  6.  Cross-sectional  images  to 
show  the  irradiation  effect  of  a  200  keV 
electron  beam  on  the  nanopipe  structure; 
figure  (b)  was  taken  after  several 
minutes  of  electron  beam  irradiation  on 
figure  (a). 
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CONCLUSIONS 

On  {1 122}  growth  fronts,  lateral  growth  is  free  of  pyramidal  defects,  even  though  a 
high  density  of  pyramidal  defects  is  present  in  the  adjacent  domain  grown  along  the  c- 
axis  direction.  Mg  segregation  on  the  {0001 }  growth  front  probably  induces  the 
pyramidal  inversion  domain  defects.  The  six-fold  symmetry  of  the  {0001 }  growth  front  is 
critical  for  creating  the  pyramidal  defects.  Dislocations  with  an  edge  component  are 
found  to  be  more  favorable  Mg  segregation  sites  than  the  pyramidal  defects.  Mg 
segregation  results  in  dislocations  decorated  by  nanopipes  with  various  shapes.  Focused 
electron  beam  irradiation  is  found  to  transform  nanopipes  from  cylindrical  to  funnel- 
shape  structure.  So  far,  the  possibility  cannot  be  excluded  that  the  funnel-shape  voids 
were  transformed  from  cylindrical  nanopipes  during  TEM  sample  preparation  and 
observation,  rather  than  as-grown. 
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ABSTRACT 

Scanning  Kelvin  probe  microscopy  (SKPM)  and  conductive  atomic  force  microscopy  (C- 
AFM)  are  used  to  image  surfaces  of  GaN  grown  by  molecular  beam  epitaxy  (MBE).  Numerical 
simulations  are  used  to  assist  in  the  interpretation  of  SKPM  images.  Detailed  analysis  of  the 
same  area  using  both  techniques  allows  imaging  of  surface  potential  variations  arising  from  the 
presence  of  negatively  charged  dislocations  and  dislocation-related  current  leakage  paths. 
Correlations  between  the  charge  state  of  dislocations,  conductivity  of  leakage  current  paths,  and 
possibly  dislocation  type  can  thereby  be  established.  Approximately  25%  of  the  leakage  paths 
appear  to  be  spatially  correlated  with  negatively  charged  dislocation  features.  This  is 
approximately  the  level  of  correlation  expected  due  to  spatial  overlap  of  randomly  distributed, 
distinct  features  of  the  size  observed,  suggesting  that  the  negatively  charged  dislocations  are 
distinct  from  those  responsible  for  localized  leakage  paths  found  in  GaN.  The  effects  of  charged 
dislocation  networks  on  the  local  potential  profile  is  modeled  and  discussed. 

INTRODUCTION 

Group  Ill-nitride  semiconductors  have  been  the  subject  of  intensive  research  in  recent  years 
for  optoelectronic  and  high  power,  high-speed  electronic  devices  [1,2].  Although  progress  has 
been  made  in  improving  material  quality  and  device  performance,  substantial  challenges  remain. 
In  particular,  the  lack  of  readily  available  homoepitaxial  substrates  necessitates  growth  on  either 
sapphire  or  SiC,  both  of  which  lead  to  degradation  in  material  quality  predominantly  through  the 
presence  of  high  dislocation  densities.  These  dislocations  in  GaN  are  known  to  degrade  device 
performance  through  carrier  scattering  [3],  non-radiative  recombination  [4],  and  increased 
reverse-bias  leakage  current  [5,6];  however,  the  correlation  among  dislocation  type,  electronic 
properties  such  as  charge  and  conductivity,  remain  subjects  of  active  investigation. 

Negatively  charged  dislocation  features  have  previously  been  imaged  using  scanning  Kelvin 
probe  microscopy  (SKPM)  on  both  AlGaN/GaN  heterostructures  grown  by  MBE  [7]  and  GaN 
grown  by  hydride  vapor  phase  epitaxy  (HVPE)  [8].  These  charged  features  have  also  been 
imaged  using  scanning  capacitance  microscopy  (SCM)  on  MOCVD  GaN  [9]  and  MOCVD 
AlGaN/GaN  HFETs  on  SiC  [10];  however,  the  precise  crystallographic  nature  of  these  charged 
dislocations  was  not  determined.  Mobility  degradation  in  GaN  films  has  been  analyzed  by 
modeling  coulombic  carrier  scattering  events  at  negatively  charged  dislocations  [3]  while  pure 
screw  dislocations  have  been  implicated  as  the  source  for  localized  reverse  bias  current  leakage 
paths  [5],  but  the  correlation  between  these  leakage  paths  and  the  negatively  charged  dislocations 
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has  yet  to  be  examined.  Correlating  device  degradation  mechanisms  with  specific  dislocation 
types  will  help  determine  which  dislocation  types  are  most  harmful  to  device  performance  and 
will  contribute  to  a  more  complete  characterization  of  dislocations  in  GaN. 

EXPERIMENT 

In  the  present  work,  MBE  GaN  layers  deposited  on  MOCVD  GaN  templates  on  sapphire 
were  studied.  The  templates  are  produced  with  thin  low-temperature  GaN  nucleation  layers 
followed  by  ~2|im  of  high  temperature  GaN  growth.  A  ~350nm  GaN  layer  was  then  grown  by 
MBE  in  the  gallium  droplet  region  [11].  Previous  TEM  studies  indicate  a  total  dislocation 
densities  of  -0.5-1  xl09cm‘2  is  typical  for  these  templates  [12].  The  MBE  films  grown  on  these 
templates  have  been  shown  to  retain  the  defect  structure  and  density  of  the  template  [11]. 

Samples  were  stored  in  ambient  conditions  and  cleaned  with  trichloroethylene,  acetone,  and 
methanol  in  an  ultrasonic  bath  prior  to  examination.  Ohmic  contacts  were  fabricated  by 
deposition  of  Al/Ti  metallization  and  subsequent  rapid  thermal  annealing  in  H2/N2  at  650°C  for 
lmin.  Atomic  force  microscopy  (AFM),  SKPM,  and  conductive  atomic  force  microscopy  (C- 
AFM)  data  were  obtained  in  a  Digital  Instruments  Nanoscope®  Ilia  MultiMode™  microscope 
under  ambient  conditions  (~20°C  with  50%  humidity).  Co/Cr  and  conductive  diamond  coated 
tips  were  used  for  the  SKPM  and  C-AFM  experiments,  respectively. 

The  basic  principles  of  SKPM  have  been  described  in  detail  elsewhere  [13,14],  In  brief, 
SKPM  is  used  to  image  variations  in  the  surface  contact  potential  difference,  A<f>,  between  a 
conducting  probe  tip  and  the  sample  under  investigation;  ztyHs  defined  [15]  as  ($ Wp-fcatftlq , 
where  <pn,,  and  <p(;0N  are  the  workfunctions  of  the  tip  and  sample  surface,  respectively  and  q  is  the 
magnitude  of  the  electron  charge.  In  this  experiment,  a  bias  voltage  is  applied  directly  to  the  tip, 
holding  the  sample  at  ground  potential.  A  feedback  loop  continually  adjusts  the  “nulling”  bias  to 
maintain  a  condition  of  minimum  force,  occurring  when  the  tip  bias  equals  the  contact  potential. 
This  tip  bias  is  recorded  as  a  function  of  position,  yielding  a  map  of  the  contact  potential. 

The  C-AFM  procedures  have  been  described  previously  [5].  Briefly,  a  conductive  probe  tip 
is  scanned  over  the  sample  in  contact  mode  and  acts  as  a  Schottky  contact  to  the  sample.  A 
positive  bias  is  applied  to  an  ohmic  back  contact  to  the  sample  while  the  current  through  the  tip 
is  measured  with  a  current  amplifier.  The  current  is  measured  simultaneously  with  topography, 
revealing  nonuniformities  in  sample  conductivity.  The  specific  features  of  interest  are  localized, 
highly  conductive  current  leakage  paths  associated  with  threading  dislocations  [5,6]. 

SKP  response  was  first  mapped  over  a  large  area  of  the  sample  (~40x40jim2  ).  The  probe  tip 
was  then  disengaged  and  replaced,  without  disturbing  the  sample  position.  The  instrument  was 
then  reengaged  in  C-AFM  mode.  Small  shifts  in  the  scan  area  position,  guided  by  topographic 
feature  comparison,  aligned  C-AFM  scan  areas  with  previously  recorded  surface  potential  maps. 

RESULTS 

Figure  1  shows  representative  images  of  (a)  topography,  (b)  surface  potential,  and  (c) 
reverse-bias  current  for  a  5jimx5pm  area.  Sample  topography  exhibits  atomic  terraces  with  a 
measured  height  of  ~0.3nm,  in  close  agreement  with  the  0.26nm  bilayer  spacing  of  GaN.  Based 
on  examination  of  this  and  several  larger  areas,  a  total  density  of  screw  and  mixed  dislocations  of 
~2.4xl08cm'2  is  found  from  the  density  of  growth  hillocks,  each  of  which  forms  about  a  screw  or 
mixed  dislocation  at  its  center.  Dark  features,  ~10mV  in  amplitude,  are  seen  in  the  surface 
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potential  map  of  figure  1(b),  and  correspond  to  regions  where  the  surface  Fermi  level  is  closer  to 
the  valence  band  [16].  The  contrast  observed  here  is  consistent,  in  sign,  with  previous  studies 
associating  such  contrast  with  negatively  charged  dislocations  in  GaN  [7,8,17].  Although 
references  8  associates  bright  contrast  with  negative  charge  it  should  be  noted  that,  in  that  study, 
the  nulling  bias  was  applied  to  the  sample  rather  than  tip.  Reference  17  also  associates  bright 
contrast  with  negative  charge;  however,  surface  potential  image  contrast  was  inverted  in  that 
work  in  order  to  reflect  the  “electronic”  potential.  The  observed  feature  amplitude  in  the  current 
work  is  somewhat  smaller  than  in  the  previously  cited  studies;  however,  surface  contamination 
[18]  or  an  increased  tip  size  [8]  would  result  in  a  decreased  feature  magnitude.  A  detailed 
examination  of  surface  potential  images  yields  a  density  of  negatively  charged  dislocations  of 
~3xlORcm"2;  however,  the  true  density  may  be  higher  due  to  surface  potential  feature  overlap 
which  will  be  discussed  later.  The  dark  features  in  figure  1(c)  correspond  to  localized  reverse- 
bias  leakage  paths,  occurring  at  a  density  of  ~3xl07cm'2.  Localized  reverse-biased  leakage  paths 
in  GaN  have  been  postulated  to  be  associated  with  pure  screw  dislocations  [5]  and  are  the 
primary  sources  for  reverse-bias  leakage  current  in  MBE  grown  GaN  [6]. 

By  superimposing  SKPM  and  C-AFM  images,  which  reveal  negatively  charged  dislocations 
and  local  current  leakage  paths,  respectively,  the  correlation  between  these  features  may  be 
examined.  Figure  2  shows  (a)  topographic  and  (b)  surface  potential  images  with  the  location  of 
leakage  paths  marked  by  squares.  Note  first  that  every  leakage  path  coincides  with  a  growth 
hillock.  This  was  seen  consistently  over  several  larger  scan  areas.  However,  consistent  with 
previous  findings  [5,6],  not  every  growth  hillock  is  associated  with  a  leakage  path.  The 
negatively  charged  surface  potential  features,  on  the  other  hand,  are  often,  but  not  universally, 
associated  with  growth  hillocks.  Finally,  it  can  be  seen  in  figure  2(b)  that  only  ~25%  of  the 
leakage  paths  are  spatially  correlated  with  regions  of  decreased  surface  potential.  The  surface 
potential  and  leakage  path  feature  densities,  as  well  as  the  correlation  percentages,  are  consistent 
over  several  scanned  areas. 
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Figure  1.  (a)  AFM  topography,  (b)  surface  potential  of  a  representative  5|Limx5|im  area,  (c) 
Typical  current  map  of  a  5pmx5pm  area.  The  gray  scales  correspond  to  a  range  of  7nm  for 
topography,  15mV  for  surface  potential,  and  10‘inA  for  the  current  map. 

The  lack  of  correlation  between  the  negatively  charged  features  and  the  leakage  paths 
demonstrates  that  these  features  have  different  origins.  TEM  studies  of  similarly  grown  films 
show  the  dislocation  structure  consists  primarily  of  edge  and  mixed  dislocations  [11].  This 
abundance  of  edge  and  mixed  dislocations,  relative  to  screws,  is  commonly  observed  in  GaN 
films  grown  by  MOCVD  that  exhibit  a  microstructure  characterized  by  slightly  misoriented 
domains  where  edge  dislocations  are  formed  at  low-angle  boundaries  [12,19].  The  majority  of 
growth  hillocks  form  around  mixed  dislocations  while  only  a  small  subset  (~10%)  form  about 
pure  screws.  In  our  study,  ~10%  of  hillocks  exhibit  leakage.  Our  results  suggest  that  dislocations 
having  an  edge  component,  i.e.,  both  edge  and  mixed,  behave  as  though  negatively  charged, 
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while  only  screw  dislocations  act  as  leakage  paths.  These  conclusions  are  consistent  with  work 
implicating  only  pure  screw  dislocations  as  being  responsible  for  localized  leakage  current  [5]  as 
well  as  theoretical  studies  predicting  the  presence  of  negative  charge  located  at  the  core  of  edge 
dislocations  [20].  Using  the  previously  calculated  total  density  of  mixed  and  screw  dislocations 
of  -2.4x1 08cnf2,  based  on  hillock  density,  and  a  pure  screw  density  of  ~3xl07cm'2,  based  on 
leakage  path  density,  the  density  of  mixed  dislocations  is  ~2xl08cm"2,  consistent  with  previous 


Figure  2.  (a)  AFM  topography  and  (b)  surface  potential  maps  of  a  5jimx5jJ.m  area  with  boxes 
indicating  the  locations  of  leakage  paths.  Letters  A-D  indicate  locations  of  section  analysis  of 
potential  features.  Scales  correspond  to  5nm  for  topography  and  lOmV  for  surface  potential. 

Regions  of  extended  dark  SKP  contrast,  such  as  the  large  arc  encircling  an  area  of  the 
surface  in  the  upper  right  of  figure  2(b),  are  likely  due  to  groups  of  pure  edge  dislocations 
forming  at  island  coalescence  boundaries.  These  dislocations  have  been  found  to  occur  with 
separations  of  40-70nm  [21]  leading  to  dislocation-induced  surface  potential  feature  overlap.  We 
have  modeled  this  to  understand  the  effects  of  dislocation  bunching  on  the  resulting  potential 
profile.  Each  dislocation  is  defined  as  a  cylindrical  region  with  radius  equal  to  the  a  lattice 
constant  of  GaN  and  containing  an  acceptor  type  defect  at  every  c  lattice  spacing  effectively 
pinning  the  Fermi  level  at  the  defect  position,  assumed  to  be  leV  above  the  valence  band 
maximum  (VBM)  [22],  and  is  shown  in  the  simulation  results  of  figure  3.  The  plan  view 
conduction-band-energy  profile,  with  threading  dislocations  going  into  the  page,  is  depicted 
using  constant-potential  contours  in  figure  3(a).  From  left  to  right,  there  is  a  group  of  5 
dislocations,  then  a  group  of  2  followed  by  an  individual  dislocation  at  the  far  right.  The  groups 
have  inter-dislocation  spacing  of  40nm.  The  conduction -band-energy  profile  along  a  section 
taken  through  the  dislocation  cores  is  plotted  in  figure  3(b).  This  energy  is  plotted  relative  to  the 
bulk  Fermi  level.  At  the  individual  dislocation  cores,  the  Fermi  level  is  pinned  at  the  acceptor 
defect  level  resulting  in  a  peak  potential  feature  magnitude  of  2.4V.  This  is  true  for  all 
dislocations  whether  they  are  part  of  a  group  or  isolated.  Although  the  peak  potential  value  is  not 
affected  by  the  presence  of  neighboring  dislocations,  the  spatial  extent  of  the  feature  is.  This 
effect  will  be  examined  by  comparing  a  characteristic  decay  length,  the  distance  at  which  the 
potential  has  fallen  to  Me  of  its  maximum  value,  for  various  dislocation  configurations.  The 
transverse  extent  of  the  potential  feature,  (in  they-direction  in  figure  3),  is  increased  by  a  factor 
of  1 .7  and  2.8  for  the  groupings  of  2  and  5  dislocations,  respectively,  when  compared  to  the 
potential  associated  with  a  single  dislocation.  The  longitudinal  increase  can  be  seen  in  figure  3(b) 
by  comparing  the  conduction  band  profile  of  a  single  dislocation  with  that  of  the  ensemble 
(dotted  and  solid  lines,  respectively).  Although  the  conduction  band  profile  at  the  end  of  the 
grouping,  for  the  far  left  dislocation  in  figure  3(b),  coincides  closely  with  the  profile  of  the  single 
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dislocation,  the  profile  between  neighboring  dislocations  is  increased  significantly.  Dislocation 
bunching  not  only  increases  the  measured  feature  size  but  also  it’s  magnitude.  Although  the  peak 
potential  value  for  the  ensemble  does  not  increase  above  that  of  the  individual  dislocation,  a 
spatially  larger  feature  results  in  an  increase  in  the  magnitude  of  the  measured  surface  potential 
shift  when  the  feature  size  is  comparable  to  the  size  of  the  probe  [8]. 

(a): 

y 

k: 


-w 


Figure  3.  Numerical  simulation  results  showing  potential  distribution  of  closely  spaced  charged 
dislocations,  (a)  Plan  view  (dislocations  going  into  page)  depicting  potential  distribution  using 
constant-potential  contours  and  (b)  conduction  band  profile  along  section  taken  through  the 
dislocation  cores.  Dotted  and  solid  lines  represent  profiles  of  the  individual  and  group, 
respectively.  Conduction  band  energy  is  measured  in  reference  to  the  bulk  Fermi  level. 


The  prominent  extended  features  in  figures  1(b)  and  2(b)  are  likely  due  to  groups  of  charged 
dislocations.  Sections  through  the  arc  feature  in  figure  2(b)  were  taken  at  positions  labeled  A-D. 
The  sections  were  taken  perpendicular  to  the  arc.  Potential  feature  magnitudes  were  between 
5.6mV  and  10.1  mV  and  feature  radii  of  200-250nm  were  measured.  On  the  other  hand,  the 
single  dark  potential  feature  located  near  the  center  of  this  circular  boundary  has  a  magnitude  of 
-4.5mV  and  a  radius  of  ~125nm.  Applying  the  conclusions  of  the  numerical  simulation,  it  is 
likely  that  the  large  arc  is  composed  of  closely  spaced  negatively  charged  dislocations  while  the 
single  feature  located  near  the  center  of  the  circle  is  due  to  a  single  charged  dislocation. 

Although  screw  dislocations  appear  to  be  uncharged,  a  fraction  of  the  leakage  paths  appear 
to  be  spatially  correlated  with  surface  potential  features;  however,  it  should  be  noted  that  surface 
potential  features  can  be  up  to  several  hundred  nanometers  in  size,  making  it  plausible  that  an 
uncharged  screw  dislocation  may  be  located  within  the  range  of  the  potential  created  by  a 
nearby,  dislocation.  Assuming  a  potential  feature  radius  of  200nm  and  a  negatively  charged 
dislocation  density  of  3xl08cm'2,  -35%  of  the  surface  area  will  show  reduced  surface  potential. 

It  is  therefore  reasonable  to  assume  that  approximately  this  percentage  of  screws  will  be  located 
within  these  potential  features.  Since  we  observe  that  -25%  of  the  leakage  paths  are  within  an 
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area  of  reduced  surface  potential,  our  results  are  consistent  with  the  postulate  that  screw 
dislocations  are  uncharged  and  conductive  while  mixed  and  edge  dislocations  are  charged  and 
nonconductive. 

CONCLUSIONS 

In  summary,  we  have  studied  the  local  surface  potential  and  conductance  of  a  GaN  sample 
grown  by  MBE.  Features  associated  with  negatively  charged  dislocations  and  with  dislocation- 
related  leakage  paths  are  observed.  Through  spatially  resolved  and  correlated  measurements  of 
topography,  surface  potential,  and  leakage  current,  we  have  established  that  negatively  charged 
features,  associated  with  dislocations,  are  not  responsible  for  localized  leakage.  Our  results 
suggest  that  dislocations  of  pure  screw  type  are  the  source  of  localized  leakage  while  edge  and 
mixed  type  dislocations  are  likely  negatively  charged. 
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ABSTRACT 

Plan-view  transmission  electron  microscopy  was  used  to  study  the  core  structures  of 
different  dislocations  in  (0001)  GaN  layers  grown  under  Ga-rich  and  Ga-lean  conditions  by 
molecular  beam  epitaxy.  In  Ga-rich  samples  at  least  one  third  of  mixed  type  dislocations  were 
open-core,  and  edge  dislocations  were  observed  to  be  closed-core.  In  contrast,  under  Ga-lean 
conditions,  all  dislocations  were  observed  to  be  closed-core,  and  many  were  associated  with  pits 
at  the  sample  surface.  High  resolution  studies  of  the  open  core  dislocations  revealed  that  many 
were  decorated  with  a  disordered  deposit,  the  origin  of  which  is  discussed. 

INTRODUCTION 

The  growth  of  GaN  devices  on  substrates  such  as  (0001)  sapphire  and  SiC  leads  to  high 
densities  of  threading  dislocations,  often  exceeding  109  cm  *2.  These  dislocations  have  attracted 
much  attention  because  of  their  influence  on  device  properties. 

An  important  question  which  bears  on  the  electronic  properties  is  whether  threading 
dislocations  have  open  or  closed  core  structure.  This  in  part  depends  on  the  dislocation  type,  i.e. 
whether  the  dislocations  are  of  a-type  (edge  dislocations  with  Burgers  vectors  b  =  1/3<1 120>), 
a+c-type  (mixed  dislocations,  b  =  l/3<  1 1 23  >)  or  c-type  (screw  dislocations,  b  =  <0001  >).  In 
undoped  material  grown  by  metalorganic  chemical  vapour  deposition  (MOCVD),  previous 
studies  have  shown  that  screw  dislocations  can  be  open-core,  with  diameters  in  the  range  5-25nm 
[1].  Open-core  screw  dislocations  have  also  been  observed  in  n-doped  GaN  [2].  The  work  of 
Liliental-Weber  et  al  indicates  that  the  formation  and  density  of  open-core  screw  dislocations 
may  depend  on  impurities  (e.g.  O)  and  dopants  (e.g.  Si)  [3]. 

In  p-doped  GaN,  the  situation  appears  to  be  different.  Recently,  we  reported  the  first 
observations  of  open  cores  on  edge  and  mixed  dislocations  in  a  Mg-doped  MOCVD  sample.  The 
segregation  of  Mg  to  dislocations  seemed  to  be  a  factor  in  the  creation  of  open-cores  [4]. 

It  has  also  been  shown  that  core  structure  is  affected  by  stoichiometry.  Hsu  et  al  have 
compared  the  structure  and  electrical  properties  of  dislocations  in  GaN  grown  by  molecular 
beam  epitaxy  (MBE)  under  Ga-rich  and  Ga-lean  conditions  [5].  Transmission  electron 
microscope  (TEM)  studies,  carried  out  on  cross  sectional  samples,  suggested  that  under  Ga-rich 
conditions,  dislocations  with  a  screw  component  (i.e.  b=c  or  c+a)  may  have  extended  cores,  with 
some  evidence  that  the  cores  were  decorated  with  excess  Ga.  Under  Ga-lean  conditions,  the 
dislocations  had  conventional,  closed  cores.  Using  scanning  current-voltage  microscopy  (SIVM) 
it  was  found  that  samples  grown  under  Ga-rich  conditions  show  three  orders  of  magnitude  higher 
reverse  bias  leakage  than  those  grown  under  Ga-lean  conditions,  and  that  the  reverse  bias  current 
was  predominantly  being  carried  by  pure  screw  dislocations  [6]. 

In  this  paper  we  investigate,  in  detail,  the  effect  of  growth  stoichiometry  on  dislocation 
core  structure,  using  plan-view  TEM.  It  is  shown  that  under  Ga-rich  conditions,  many  mixed- 
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type  (b=c+a)  dislocations  are  open-core,  i.e.  nanopipes.  Edge  dislocations  have  been  observed  to 
be  closed  core. 

EXPERIMENTAL 

GaN  films  were  grown  by  plasma-assisted  MBE  on  thick  GaN  templates  prepared  by 
hydride  vapour  phase  epitaxy  (HVPE)  on  a  sapphire  (0001)  substrate.  The  growth  rate  was 
250nm/hr  and  growth  was  carried  out  at  a  substrate  temperature  of  745°C.  The  MBE  layers  were 
not  intentionally  doped  while  the  HVPE  templates  were  partially  Zn  compensated.  Ga-rich 
samples  were  grown  with  excess  Ga  coverage  such  that  Ga  droplets  were  observed  on  the  film 
surface.  We  have  previously  reported  that  samples  grown  under  lower  Ga  flux  present  no  Ga 
droplets  and  display  a  roughened  surface  morphology.  Such  samples  are  grown  under  Ga-lean 
conditions.  Detailed  information  on  the  MBE  growth  is  reported  elsewhere  [7].  Following 
growth,  samples  were  prepared  in  plan  view  using  conventional  techniques  of  mechanical 
polishing  and  ion-thinning,  for  the  purpose  of  studying  the  MBE  film.  They  were  examined  in  a 
Philips  EM430  microscope  operating  at  250  kV.  High-resolution  studies  were  undertaken  using  a 
Hitachi  HF2000  field-emission  TEM  operating  at  200  kV. 

RESULTS 

In  figure  1  we  compare  the  general  features  of  the  Ga-rich  and  Ga-lean  samples.  In  both 
cases,  image  contrast  depends  on  thickness  variations.  Figure  la)  is  a  TEM  micrograph  of  the 
Ga-rich  material  taken  under  standard  bright  field  conditions  with  the  sample  oriented  close  to 
the  [0001]  zone  axis.  Many  dislocations  are  visible  as  points  of  contrast,  merging  in  places  to 
produce  a  granular  structure.  It  is  worth  noting  that  the  foil  is  relatively  smoothly  varying  in 
thickness.  This  contrasts  with  observations  of  the  Ga-lean  material  illustrated  in  figure  1(b), 
which  is  taken  at  a  <10l0>  reflection.  Deep  pits  in  the  sample  surface  (arrowed)  are  visible  as 
changes  in  background  contrast  in  the  thicker  regions  of  the  foil,  whereas  those  in  the  near  edge 
region  of  the  sample  are  holes.  A  closer  examination  showed  that  these  pits  were  roughly  conical 


axis,  and  b)  Ga-lean  GaN  taken  with  operating  vector  g=[10 1  0]. 


42 


with  diameters  in  the  range  of  80-120nm.  This  is  consistent  with  results  from  cross-sectional 
samples  that  have  previously  been  reported  [5].  Roughly  one  third  of  pits  have  a  dislocation  at 
their  centre,  and  a  minority  of  dislocations  were  found  away  from  pits.  Dislocations  in  this 
sample  were  found  to  be  of  primarily  mixed-type,  and,  most  importantly,  all  had  closed  cores. 

The  total  dislocation  density  in  the  Ga-rich  material  was  roughly  4  ±  2  xl09cm'2,  in  the 
Ga-lean  material  it  was  a  little  lower  at  around  2  +  2  xl09cm'2. 

Figure  2  shows  dislocations  in  the  Ga-rich  material  at  a  higher  magnification,  and  is 
taken  with  g=[  101  0].  Under  this  condition,  a  dislocation  will  only  show  long  range  diffraction 
contrast  if  it  has  an  edge  component.  The  two  defects  arrowed  show  light  contrast  close  to  the 
core,  characteristic  of  nanopipes,  while  the  longer  range  contrast  is  indicative  of  a  dislocation. 

The  defects  are  therefore  hollow-core  dislocations.  In  some  cases  the  contrast  from  a  hollow-core 
dislocation  is  less  clear  than  that  of  a  closed-core  dislocation,  indicative  of  free  surface  relaxation. 
Figure  2b  is  an  enlargement  of  the  region  around  a  nanopipe,  outlined  in  figure  2a.  It  clearly 
shows  that  the  dislocation  is  both  displaying  contrast  (in  the  g— [  1 0 1 0]  condition)  and  open  core. 

Images  taken  with  g=[10 1 1]  (tilted  by  289  from  the  c-axis),  showed  the  two  nanopipes  in 
contrast  again.  An  edge  component  (with  say  b  =  1/3[1 120])  will  show  contrast  in  two  out  of  the 
three  <101 1  >  reflections  (i.e.  when  g  =  [10 1  1  ]  and  [0111],  but  not  when  g  =  [1  1 01]),  whereas 
a  screw  component  will  show  contrast  in  all  three.  A  full  analysis  showed  that  the  nanopipes 
were  mixed  type  dislocations.  Three  other  dislocations  in  the  figure  are  mixed  type  (labelled  m), 
and  there  are  three  edge  types  present  (labelled  e).  In  the  sample,  the  ratio  of  edge  to  mixed 
dislocations  was  approximately  3:4,  with  a  much  lower  proportion  of  screw  dislocations.  A  small 
number  of  nanopipes  were  found  to  be  pure  screw  type,  but  none  appeared  to  be  pure  edge.  All 
nanopipes  were  associated  with  dislocations.  Direct  confirmation  that  dislocations  were  open 
core  became  more  difficult  as  the  foil  thickness  increased.  However,  it  was  confirmed  that  at 
least  one  in  five  of  all  dislocations  were  open  core,  giving  a  nanopipe  density  in  the  region  of 
lxloW2. 


Figure  2a).  Plan  view  TEM  micrograph  a  Ga-rich  sample  taken  under  bright-field  two-beam 
conditions  g=[10 1 0],  showing  multiple  dislocations,  b):  Magnified  image  of  area  outlined  in 
figure  2a). 
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Figure  4.  Plan  view  TEM  micrograph  of  a  thicker  area  in  a  Ga-rich  sample,  taken  under 
bright-field  two-beam  conditions  with  g— [ 301  1],  i.e.  tilted  by  28°  from  the  [0001]  direction. 
Nanopipes  are  arrowed. 
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dislocation  type  or  perhaps  variations  in  the  local  availability  of  mobile  Gallium  to  fill  the  cores. 

High  resolution  TEM  confirmed  the  nanopipe  observations;  lattice  images  are  displayed 
in  figure  5.  Figure  5a)  shows  what  appears  to  be  a  partially  filled-core  dislocation  with  a 
diameter  of  only  about  2nm,  it  is  difficult  to  tell  whether  the  core  is  sufficiently  open  to  call  it  a 
nanopipe.  Drawing  a  Burgers  circuit  around  this  (and  others)  small  nanopipe  gave  a  resultant  of 
one  atomic  spacing,  i.e.  an  edge  component.  This  is  consistent  with  the  g.b  analysis  showing  c+a 
type.  Figures  5b)  and  c)  show  nanopipes  with  diameters  of  around  5nm  (the  most  common  size), 
although  interestingly,  the  nanopipe  in  figure  5c)  is  not  circular,  and  measures  about  15nm  across 
at  its  widest  point.  If  this  dislocation  was  actually  circular,  but  with  an  axis  at  an  angle  to  the 
[0001]  direction,  then  we  would  expect  the  contrast  from  the  inside  of  the  nanopipe  to  be  much 
less  uniform.  All  nanopipes  were  filled,  at  least  partially,  with  amorphous  material.  Energy 
dispersive  X-ray  (EDX)  measurements  from  nanopipes  like  these,  using  small  probes  (about 
lOnm  diameter),  showed  a  proportionately  higher  Ga  signal  (about  40%)  compared  with  the 
surrounding  matrix,  suggesting  segregation  of  Ga  to  the  core  regions.  However,  as  we  are  unable 
to  detect  Nitrogen  to  use  as  a  reference,  this  result  is  somewhat  tentative. 

We  found  that  after  a  period  of  a  minute  or  so  under  the  electron  beam,  the  smallest 
nanopipes  lost  their  contrast.  In  the  case  of  the  larger  nanopipes  (i.e.  diameter  around  5nm)  the 
transition  could  be  observed;  the  material  inside  the  nanopipe  began  to  rapidly  change  contrast. 
The  core  then  became  darker  and  similar  to  the  surrounding  GaN.  Since  gallium  melts  at  close  to 
room  temperature  (303  K),  the  heating  under  the  electron  beam  could  cause  changes  in  the 
materials  inside  the  nanopipes  if  they  are  rich  in  Ga.  Further  studies  are  needed  to  determine 
whether  the  change  in  contrast  is  due  to  perhaps  rearrangement  of  material  inside  the  nanopipe, 
or  simply  radiation  and/or  contamination  effects. 
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DISCUSSION 

Whereas  open-cores  in  Mg-doped  samples  seem  to  be  formed  by  triangular  defects 
merging  [4],  the  cores  in  this  work  appear  to  be  of  more  constant  diameter  along  the  dislocation, 

i.e.  nanopipes.  Although  the  mechanism  of  formation  for  these  hollow-core  structures  is  unclear, 
the  fact  remains  that  they  are  only  observed  under  Ga-rich  conditions,  and  not  under  Ga-lean 
conditions. 

It  has  been  calculated  that  for  screw  dislocations  it  is  energetically  favourable  to  have 
open  cores  [8],  essentially  due  to  a  trade-off  between  surface  and  strain  energy.  This  line  of 
reasoning  would  suggest  that  open  cores  are  energetically  favourable  in  mixed  type  dislocations 
as  well,  because  the  Burgers  vector  is  of  greater  magnitude  (b=c+a,  6.1  A,  as  opposed  to  b=c, 
5.2  A),  leading  to  increased  strain  in  the  lattice.  The  energy  required  to  create  the  surface  of  the 
open-cored  nanopipe  would  be  more  than  compensated  for  by  the  energy  gained  from  reducing 
the  strain,  and  one  might  expect  to  see  larger  core  diameters. 

First-principles  total  energy  calculations  by  Northrup  [9]  indicate  that  for  pure  screw 
dislocations,  a  Ga-filled  core  is  more  stable  than  a  hollow-core  in  Ga-rich  conditions.  This  core 
is  theoretically  observable  in  high-resolution  TEM  as  a  6°  rotation  relative  to  the  rest  of  the 
lattice.  In  our  observations  of  the  core  structure  of  mixed  type  dislocations  no  such  crystalline 
structure  was  found.  It  is  proposed  that  during  Ga-rich  growth,  the  highly-mobile  excess  Ga  on 
the  sample  surface  segregates  to  sinks  on  the  growth  surface  caused  by  dislocations. 

CONCLUSIONS 

TEM  results  show  that  mixed  type  dislocations  in  addition  to  screw  dislocations  in  Ga- 
rich  material  can  be  open-core,  and  partially  filled.  Both  edge  and  mixed  dislocations  have,  in 
some  cases,  been  observed  to  be  closed  core.  In  Ga-lean  material,  all  dislocations  were  found  to 
be  closed-core. 
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ABSTRACT 

This  paper  reviews  the  authors'  recent  efforts  to  clarify  the  properties  of  electronic  states  near  surfaces  of 
GaN  and  AlGaN  by  using  various  in-situ  and  ex-sitii  characterization  techniques,  including  UHV  contact¬ 
less  C-V,  photoluminescence  surface  state  spectroscopy  (PLS3),  cathode  luminescence  in-depth  spectroscopy 
(CLIS),and  gateless  FET  techniques  that  have  been  developed  by  the  authors’  group. 

As  a  result,  a  model  including  a  U-shaped  surface  state  continuum,  having  a  particular  charge  neutrality 
level,  combined  with  Sequent  appearance  of  near-surface  N-vacancy  related  deep  donor  states  having  a 
discrete  level  at  Ec  -  0.37eV  is  proposed  as  a  unified  model  that  can  explain  large  gate  leakage  currents  and 
current  collapse  in  AlGaN/GaN  HFETs.  Hydrogen  plasma  treatment  and  SiQ,  deposition  increase  N- 
vacancy  related  deep  donors.  Reasonably  good  surface  passivation  can  be  achieved  by  ECR-plasma  SiN* 
films  and  by  ECR-plasma  oxidized  Al203films  both  combined  with  ECR  N2  plasma  treatment. 

INTRODUCTION 

GaN  and  related  compounds  such  as  AlGaN  and  InGaN  have  recently  established  their  position  as  the 
key  materials  for  applications  to  high-power  microwave/millimeter-wave  electronic  devices  and  blue/UV 
optoelectronic  devices.  Great  progress  has  been  made  on  metal-organic  vapor  phase  epitaxy  (MOVPE) 
growth  of  these  materials  on  sapphire  and  SiC  substrates.  Molecular  beam  epitaxy  (MBE)-growth  method 
has  also  demonstrated  unique  features  such  as  achievements  of  high  electron  mobility  values  [1],  a  lower 
growth  temperature  reducing  thermally  induced  strain,  availability  of  larger  In  fractions  in  InGaN  and 
reduced  hydrogen  passivation  of  dopants  such  as  Mg,  making  it  also  a  seemingly  viable  growth  technique. 

However,  AlGaN/GaN  heterostructure  field  effect  transistor  (HFET)  devices  are  known  to  exhibit 
various  anomalous  behavior  including  anomalously  large  gate  leakage  currents  [2],  I-V  dispersion,  drain 
current  collapse  [3,4],  gate-  and  drain-lag  [4],  etc  which  are  closely  related  to  details  of  processing  applied  to 
the  surface  during  device  fabrication.  Thus,  understanding  and  control  of  surface  are  essentially  important  to 
produce  viable  devices  with  acceptable  performance  and  reliability. 

The  purpose  of  the  present  paper  is  to  review  the  results  of  our  recent  efforts  to  clarify  and  control  the 
properties  of  near-surface  electronic  states  of  GaN  and  AlGaN  using  various  in-situ  and  ex-situ 
characterization  techniques.  The  topics  discussed  here  include  characterization  techniques,  properties  of  free 
surfaces,  current  transport  in  Schottky  barriers  and  processes  for  surface  passivation. 

EXPERIMENTAL 

Sample  structures  and  their  preparation 

GaN  and  AlGaN  epitaxial  wafers  grown  on  sapphire  substrates  by  MOVPE  were  used  mainly  in  our 
study.  AlGaN  wafers  had  a  structure  of  Al^Ga^^N  (5nm)/  n+-  Al^GaojjN  (20nm)/  Al^Ga,^  (5nm)/ 
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undoped-GaNQ  pm)  with  a  Hall  mobility  ofQOOcmVVs  and  a  sheet  carrier  density  of  1.1  x  10'W2atroom 
temperature.  They  showed  clear  Shuvnikov-de  Haas  (SdH)  oscillations  at  2K  where  electron  concentrations 
from  the  Landau  plot  agreed  well  with  those  by  Hall  measurements  at  the  same  temperature,  confirming  the 
existence  of  2DEG  at  the  AlGaN/GaN  heterointerface. 

In  order  to  partly  study  the  properties  of  MBE-grown  clean  surfaces  of  GaN,  undoped  homoepitaxial 
layers  were  grown  at  750 °C  by  RF-radical  assisted  MBE  on  a  thermally  cleaned  surface  of  an  air-exposed  n- 
type  MOVPE  GaN/sapphire  templates  [5].  Nitrogen  radicals  excited  at  a  microwave  power  of  300W  were 
used.  The  MBE  growth  rate  was  0. 1 5  jim/h.  Air  exposed  MOVPE-  grown  GaN  layers  showed  a  clear 
(lxl)  RHEED  pattern  after  thermal  cleaning  at  750  °C.  The  pattern  changed  immediately  to  a  streaky  (2x2) 
reconstruction  pattern  on  initiation  of  MBE  growth  and  was  maintained  during  and  after  growth.  From  the 
integrated  intensity  ratio  of  GaM  to  N7  5  peaks  in  the  in-situ  XPS  spectra,  an  exactly  stoichiometric 
composition  of  die  MBE  GaN  layer  was  confirmed.  The  MOVPE  template  and  the  MBE  layer  showed  clear 
band-edge  emissions  at  363  nm  similar  to  those  of  MOVPE  and  MBE  layers  previously  reported  [6, 7] . 

For  Schottky  current  transport  study,  circular  Schottky  contact  structures  were  used  [2].  Detailed  I-V 
measurements  were  made  for  various  temperatures. 

In-situ  and  ex-situ  characterization  of  surfaces 

Various  in-situ  and  ex-situ  characterization  techniques  were  used  to  characterize  surfaces  of  GaN  and 
AlGaN.  In-situ  characterization  was  made  in  a  UHV  multi-chamber  system  installed  at  our  research  center 
(RCIQE).  It  has  a  base  pressure  of  2  x  10 10  Tore  and  contains  an  MBE  chamber,  XPS  chamber,  UHV 
contactless  C- V  chamber,  UHV-PL  chamber,  ECR  deposition  chamber  etc.  XPS  study  was  perfoimed  with  a 
Perkin  Elmer  PHI  1600C  speed  ometer  having  a  monochromated  A1  Ka  x-ray  source.  Contactless  C-V 
measurements  were  done  in  the  UHV  contactless  C-V  chamber.  LHV-PL  measurements  were  earned  out 
using  a  He-Cd  laser  light  with  a  wavelength  of  325  nm.  Ex-situ  techniques  included  X-ray  diffraction  (XRD), 
Raman  spectroscopy,  atomic  force  microscopy  (AFM) ,  cathodoluminescence  in-depth  spectroscopy  (CUS), 
gateless  FET  technique  for  current  transport  study  and  standard  Hall,  I-V  and  MIS  C-V  measurements. 

Among  above  techniques,  UHV  contactless  C-V  technique,  photoluminescence  surface  state 
spectroscopy  (PLS3)  technique,  CLIS  technique  and  gateless  FET  technique  for  cunent  transport  study  have 
been  developed  by  the  authors’  group,  and  their  brief  descriptions  are  given  below. 

UHV  contactless  C-V  technique 

Using  the  basic  set-up  shown  in  figure  1(a),  MIS  C-V  measurements  on  free  surfaces  are  carried  out 
using  a  UHV  gap  as  an  insulator  [8]  whose  thickness  is  measured  optically,  using  a  laser  beam.  Parallelism 
between  the  sample  surface  and  the  field  plate  is  maintained  by  a  piezoelectric  mechanism  with  feedback  of 
capacitance  from  the  three  parallelism  electrodes  surrounding  the  field  plate.  The  original  version  of  this 
method  required  conducting  substrate.  In  order  to  allow  lateral  capacitance  assessment  on  insulating 
substrates,  a  ring-shaped  reference  electrode  was  added  wafer  periphery,  and  procedures  to  correct  for  two 
dimensional  RC  distributed  network  nature  of  MIS  stmeture  underneath  the  field  plate  as  well  as  for  the 
position-dependent  series  resistance  are  established  theoretically  by  a  computer  analysis  [9]. 
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Here,  PL  quantum  efficiency  (/Pl/  <|))  is  plotted 
versus  <f),  as  shown  in  figure  1  (b),  and  the  resulting 
plots  are  analyzed  to  determine  the  most  likely 
surface  state  density  distributions,  using  our  one¬ 
dimensional  vector-matrix  computer  program  for 
PLS?  [10, 11]. 

According  to  die  PLS3  theory,  photo-excitation 
causes  gradual  saturation  of  surface  states  as  SRH 
centers,  leading  to  a  transition  region  with  gradual 
increase  of /PL  / <j)  vs  <().  It  also  causes  splitting  of 
quasi-Fermi  levels  for  electrons  (EpJ  and  holes  (EPp), 
and  changes  the  energy  range  of  surface  states 
contributing  to  surface  recombination.  Thus,/PL/<|)  vs. 

<j)  plots  show  strong  correlation  with  the  distribution 
shape  and  density  of  surface  states.  For  example,  a 
discrete  surface  state  peak  gives  a  unity  slope  for  the 
transition  region,  provided  that  the  doping  is  not  too 
high.  A  U-shaped  continuum  gives  a  slope  less  than 
unity.  Larger  surface  state  densities  shift  the  transition 
region  at  higher  photon  flux  densities. 

In  order  to  fit  theoretical  /PL  /  <j)  curves  to  experiments,  various  combinations  of  energy  distributions  of 
surface  state  density,  Nss,  are  assumed  for  trial.  Two  typical  Nss  distribution  shapes  are  shown  in  figure  1(b) 
They  are  a  U-shaped  continuous  distribution  and  a  peaked  discrete  distribution.  In  case  of  the  U-shaped 
distribution,  the  following  formula  can  be  used  in  accordance  with  the  disorder-gap  state  (DIGS)  model  [12]. 

NSS(E)  =  Nsso  exp(|E  -  EHO |/  £oj)"'  (1) 

whereMjSOis  the  minimum  surface  state  density  and  EH0  is  the  energy  position  of  the  charge  neutrality  level. 
E0 j  and  rij  determine  the  distribution  shape  with  j  =  d  for  donor-like  gap  states  located  below  £n0,  and  j  =  a  for 
acceptor-like  gap  states  above  EHCr  The  position  of£HO  is  determined  by  the  mean  hybrid  orbital  energy  of  the 
semiconductor  ciystal  in  the  tight-binding  context  [1 2].  Using  the  branch  point  data  by  Kampen  and  Monch 
[13],  its  position  for  A^Ga^  may  be  deduced  by  the  following  formula 

£H0(eV)  =  Ey  +  2.37  +  0.60jc  (2). 

For  the  discrete  level,  on  the  other  hand,  donor-type  or  acceptor-type  Gaussian  peaks  at  various  peak 
energy  positions  with  suitable  FWHM  values  can  be  assumed. 


ground  electrode 
Cross-sectional  view 


field  plate  electrode 


Plan  view  of  upper 
electrodes 


Figure  1  (a)  A  basic  set-up  of  UHV  contactless  C-V 
technique,  (b)  Behavior  of  PL  efficiency  spectra . 
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Band  Structure 


Noting  that  the  penetration  depth  of  electron  beam  in 
cathodoluminescence  can  be  changed  by  changing  acceleration 
voltage,  we  have  recently  proposed  CLIS  technique  as  contactless 
and  non-destructive  depth-resolved  measurement  technique 
including  surface[14, 15].  Its  principle  is  shown  in  figure  2  for  a 
simple  heterostructure.  This  gives  two  near-bandgap  CL  peaks,  A 
and  B,  at  an  electron  acceleration  voltage,  Since  the  electron 
penetration  depth  is  strongly  dependent  on  CL  intensities 
changes  with  Plots  of  CL  intensities  vs.  the  electron 
acceleration  voltage,  V^are  defined  here  as  the  CLIS  spectra.  At 
low  values  of  CLIS  spectra  are  extremely  sensitive  for  near¬ 
surface  processes  including  surface  recombination.  For  a 
theoretical  analysis  of  CLIS  spectra,  we  have  modified  the  above 
mentioned  program  for  PLS3  technique  [16]  so  that  electron-hole 
pair  generation  by  electron  beam  is  included  by  using  Everhart- 
Hoff  electron  energy  loss  curves  [17,18].  The  program  includes 
SRH  surface  recombination  processes  through  the  U-shaped 
DIGS  continuum  consisting  of  donor-type  and  acceptor-type 
states,  as  well  as  that  through  particular  types  of  discrete  donor  or 
acceptor  states  with  peaked  densities  of  states. 

CLIS  spectra  have  been  measured  on  GaAs,  GaN, 
InGaP/GaAs  heterostructures  and  quantum  wells,  and 
AlGaN/GaN  heterostructure  wafers  produced  by  MOVPE  and 
MBE,  and  they  have  been  successfully  analyzed  [14, 15, 19]. 


The  structure  of  the  gateless  HFET  used  in  this  study  is  shown 
in  figure  3.  Use  of  such  a  gateless  FET  structure  for  current  transport 
study  was  done  first  by  our  group  on  sulfur  passivation  of  GaAs  long 
time  ago  [20].  This  technique  is  extremely  powerful  in  correlating 
various  surface  processing  with  inner  current  transport.  The  transport 
measurements  can  be  done  under  D.C.,  sinusoidal  A.C.  and  pulsed 
conditions.  In  our  study,  the  sample  in  figure  3  was  fabricated  by 
mesa  isolation  with  UV  light-assisted  KOH  wet  etching  and  drain  and 
source  ohmic  metallization  by  alloying  Ti/Al/Ti/Au. 


SURFACE  STATES  ON  FREE  SURFACES  OF  GaN  AND  AlGaN 


A  convenient  method  to  detect  presence  of  Fermi  level  pinning  due  to  surface  states  on  free  surfaces  is 
the  XPS  band  bending  measurements.  Using  die  reported  value  of  the  separation  between  the  Ga  3d  core 
level  and  the  valence  band  maximum  of  1 7.7  eV  [21 , 22],  was  found  to  lie  atFv  +  2.3  eV  on  the  air- 

exposed  MOVPE  GaN  surface[5],  indicating  a  relatively  large  upward  band  bending  of  1 .0  - 1 .1  eV  due  to 
Fermi  level  pinning.  On  the  MBE-grown  clean  surface,  a  clear  peak  shift  toward  a  higher  binding  energy 
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took  place,  reducing  band  bending  by  0.5  -  0.6  eV. 

In  order  to  get  more  detailed  information  on  surface 
states,  PLS3  study  was  carried  out  on  these  surfaces[5]. 

Measured  quantum  efficiency  (fPl/< |))  of  the  band-edge  PL 
emission  at  room  temperature  is  plotted  vs.  excitation  photon 
flux  density,  (|>,  in  figure  4(a)  for  the  air-exposed  MOVPE 
and  the  MBE-grown  clean  surfaces.  After  many  trials, 
excellent  fits  were  obtained  by  assuming  a  U-shaped 
distribution  together  with  presence  of  a  discrete  donor  peak 
at£c  -  0.4  eV.  The  fitting  results  are  also  shown  in  figure  4 
(a)  by  the  solid  curves,  and  the  Nss  distributioas  obtained  by 
such  fitting  are  shown  in  figure  4(b).  Calculations  also  gave 
the  positioas  of  the  surface  Fermi  level  in  the  dark.  They 
were  £Fs = Ec  -  0.89  eV  for  the  MOVPE  surface  and  Eps = Ec 
-  0.36  eV  for  the  MBE  surface,  respectively.  These  values 
agree  reasonably  well  with  the  XPS  band  bending  results. 

As  seen  in  figure  4(b),  the  air  exposed  MOVPE  surface  - 

is  dominated  by  high-density  surface  states  with  a  U-shaped 
distribution.  Similar  U-shaped  distributions  were  also 
detected  more  directly  by  UHV  contactless  C-V 
measurements  on  air-exposed  MOVPE  GaN  surface 
recently  [9].  Presence  of  a  U-shaped  surface  state  continuum 
is  a  common  feature  of  air-exposed  surfaces  of  III-V  materials  as 
reported  previously  for  GaAs,  InP  and  their  related  materials  [12]. 

Surface  states  are  most  probably  due  to  surface  disorder  caused  by 
presence  of  non-stoichiometric  natural  oxides  with  random  strain  [12].  The  U-shaped  continuous  states 
drastically  reduced  after  growth  of  a  clean  (2x2)  MBE  layer,  indicating  the  partial  recovery  of  the  surface 
order  with  removal  of  natural  oxide.  Remaining  states  are  most  probably  due  to  bond  disorder  in  the 
reconstructed  surface  structures.  However,  the  MBE  layer  has  a  high  density  of  the  discrete  state  at  E,-  0.4  eV. 
By  combining  various  previous  reports  [23-27],  the  observed  0.4  eV  discrete  level  is  most  likely  due  to 
donors  related  to  N-vacancies  formed  during  MBE  growth.  It  seems  likely  that  high  density  of  native  N- 
vacancies  are  produced  due  to  highly  non-equilibrium  growth  conditions  as  well  as  an  extremely  low 
solubility  of  nitrogen  into  GaN  at  the  growth  temperature. 

An  example  of  measured  CLIS  spectra  for  a  band  edge  emission  from  an  air  exposed  MOVPE  GaN 
sample  is  shown  in  figure  5(a)  together  with  a  calculated  CLIS  spectra  assuming  U-shaped  Nss  distributions 
given  in  figure  5(b).  It  also  confirms  presence  of  a  U-shaped  surface  state  continuum  on  the  surface. 
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Figure  4  (a)  PL  efficiency  of  the  band- 
edge  emission,  (b)  Nss  distribution 
obtained  from  the  PLS5  simulation. 


Gateless  FET  study pf  plasma-treated  free  surfaces  of  AlGaN/GaN  heterostructures 

It  is  difficult  to  obtain  information  concerning  surface  states  on  free  surfaces  of  the  AlGaN/GaN  wafer 
by  conventional  MIS  C-V  method,  or  by  our  contactless  C-V  and  PLS3  methods,  due  to  its  complicated 
structure  with  a  veiy  thin  and  extremely  wide-gap  AlGaN  layer.  Here,  the  gateless  HFET  technique  shown  in 
figure  3  has  been  applied  to  the  air-exposed  surface  as  well  as  plasma-treated  free  surfaces  of  the 
AlGaN/GaN  wafer  [28].  Plasma  surface  treatments  on  the  air-exposed  portion  of  the  gateless  HFET  included 
H2-plasma  treatment,  N2  -plasma  treatment  and  formation  of  a  SiO,  passivation  film.  Both  plasma  treatments, 
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which  may  be  used  for  native  oxide  removal,  were  applied  for  1  min 
at  200  °C  under  ECR  plasma  excited  at  a  microwave  frequency  of 
2.75  GHz  and  a  power  of 50  - 100  W  with  gas  flow  rates  of  5  - 10  & 
seem.  On  the  other  hand,  since  current  collapse  takes  in  a  ^ 

pronounced  way  in  SiO,  passivated  devices,  a  SiO,  film  formed  by 
the  standard  plasma  CVD  process  using  SiH»  and  N20  on  the  HF  | 
treated  surface  was  chosen  as  the  test  passivation  film.  1 

DC  IDS-  VDS  curves  of  gateless  HFETs  before  and  after  various  ° 
treatments  are  summarized  in  figure  6(a).  Since  the  electric  field 
strength  was  too  small  to  cause  significant  velocity  saturation,  the 
observed  highly  non-linear  DC  I-V  curves  similar  to  those  of  a  gated 
device  can  only  be  explained  in  terms  of  presence  of  strong  Fermi 
level  pinning  by  surface  states  which  behave  like  a  "virtual  gate".  In 
fact,  data  could  be  reasonably  well  fitted  to  the  theoretical  IdS-Vds 
curves  based  on  the  gradual  channel  approximation.  This  gave  a 
surface  Fermi  level  position  ofErs  =  Ec- 1.4  eV  for  the  air  exposed 
sample  after  taking  account  of  the  polarization  effect  In  the  Hj- 


plasma  and  SiO,  samples,  the  saturation  cunent  decreased,  Figui 

whereas  it  slightly  increased  in  the  N2-plasma  sample,  indicating  spec* 
treatment-induced  changes  of  the  pinning  position.  Except  the  N2-  ®  N 

plasma  sample,  AC  l^-  VDS  curves  showed  frequency  dependences,  10oo 
indicating  that  the  so-called  I-V  dispersion  takes  place  also  in 
gateless  HFETs.  _  800 

Results  of  current  transient  measurements  are  summarized  in  |  6<jo 
figure  6  (b).  The  quencient  bias  was  kept  at  VDS  =  0.5V  in  the  linear  $  [ 

region.  After  applying  a  positive  voltage  with  a  variable  peak  value  ~  4oo 
of  VDSpfor  50  s,  the  current  transients  were  measured.  When  the  — 
value  of  VDSp  was  small,  no  change  of  IDS  was  observed  in  all  cases.  200 

When  VDSp  went  deep  into  saturation  region,  transients  became  0 

visible  especially  in  H2-plasma  and  SiO,  samples.  The  current 
showed  a  "fast"  and  dominant  exponential  transient  with  a  large 
amplitude  followed  by  subsequent  smaller,  slow  and  highly  non¬ 
exponential  response.  In  the  air-exposed  sample,  transient  became  63  in¬ 
visible  at  Vosp-  1 5  V  whereas  no  transient  was  seen  even  up  to  VDSp  J  ■ 
=  1 5  V  in  the  N2-plasma  sample.  e  58 ,  f 

The  time  constant  of  the  initial  exponential  transient  is  plotted  J  “  r- 
in  figure  7  vs.  inverse  temperature  for  the  H2-plasma  sample  and  I 

Si  Oj  sample.  This  indicated  that  a  discrete  trap  level  with  an  - 

activation  energy  of  0.37  eV  and  a  capture  cross  section  of  1 .2  x  1 016  « 1  i 

cm2  plays  a  dominant  role  in  the  transient  in  both  samples.  y 

Subsequent  small,  slow  and  highly  non-exponential  response  is  a  «  ^ 
typical  response  of  a  surface  state  continuum  including  a  wide  range  0 
of  time  constant. 


Figure  5  (a)  Measured  and  calculated  CUS 
spectra  of  an  air  exposed  MOVPE  GaN  sample, 
(b)  redistribution  used  for  the  simulation. 
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In  order  to  get  information  on  the  origin  of  the  discrete  trap,  in  Figure  6  (a)  ^  j_v  characteristics  and  (b) 

situ  XPS  measurements  were  made  on  the  treated  AlGaN  surfaces.  drain  current  transients  of  the  gateless 

The  XPS  Ga3d  and  N 1  s  core-level  spectra  taken  after  the  H2  plasma  HFETs. 
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and  N2  plasma  treatments  are  shown  in  figure  8.  Photoemission 
was  detected  at  an  electron  escape  angle  of  10P.  As  shown  in 
figure  8,  systematic  peak  shifts  of  about  0.4  eV  toward  lower 
binding  energies  were  observed  for  the  H2-plasma  treated 
surface.  This  indicates  that  die  magnitude  of  upward  band¬ 
bending  is  larger  for  the  H2-  plasma  treated  surface  than  the  N2- 
plasma  treated  surface,  being  consistent  with  die  electrically 
detected  difference  of  the  surface  barrier  heights  of  0.5  eV.  In  the 
Nls  core-level  spectrum  of  the  H2-plasma  treated  sample,  a 
shoulder  peak  appeared  at  around  399  eV,  which  corresponds  to 
the  binding  eneigy  of  the  N-H*  bond  [29].  Additionally,  decrease 
of  the  peak  intensity  of  the  N 1  s  core  level  was  observed  The 
V/m  ratio  of  the  AlGaN  surface  after  die  H>-plasma  treatment  was 
far  below  unity,  strongly  indicating  decrease  of  N  atoms  at  the 
surface.  Thus,  during  the  H2  plasma  treatment,  highly 
active  hydrogen  plasma  species  such  as  hydrogen 
radicals  react  with  the  AlGaN  surface  to  form  volatile 
NH*  products.  This  leads  to  decrease  of  N  atoms  and 
formation  of  Ga  and  A1  clusters  at  the  topmost  AlGaN 
surface.  Such  a  surface  reaction  process  is  thus  most 
likely  to  introduce  N-  vacancy  related  defects  in  AlGaN 
surface  region  of. 

As  regards  the  energy  position  of  the  N-vacancy 
related  traps,  a  theoretical  calculation  by  Yamaguchi  and 
Junnaikar  [30]  predicted  that  the  N-vacancy  defects 
form  s-like  deep  donor  levels  at  around  Ec-0.4  eV  in 
GaN  and  AlGaN. 

On  the  other  hand,  no  such  decrease  of  N  atoms 
was  observed  after  the  N2-plasma  treatment,  although  it 
was  equally  effective  in  removing  oxides  from  the 
surface. 
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Figure  7  Arrhenius  plots  of  the  time  constant 
of  "fast"  transient  current. 
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Figure  8  XPS  core-level  spectra  of  plasma-treated  AlGaN 
surfaces. 


CURRENT  TRANSPORT  MECHANISM  IN  GaN  AND  AlGaN  SCHOTTKY  CONTACTS 


I-Y-T  characteristics 

Accurate  control  of  depletion  width  by  Schottky  gates  with  small  reverse  leakage  currents  is  vitally 
important  in  MESFETs  and  HFETs.  However,  in  GaN-based  high-power  HFETs,  Schottky  contacts  show 
anomalously  large  reverse  leakage  whose  mechanism  has  not  been  explained  so  far  satisfactorily. 

In  order  to  clarify  the  current  transport  mechanism  of  GaN  and  AlGaN  Schottky  contacts,  detailed  I-V 
measurements  were  made  changing  the  measurement  temperature.  Measured  room  temperature  I-V 
characteristics  of  various  n-type  GaN  Schottky  diodes  (Pt,  Ni,  Au  and  Ag)  formed  by  the  standard  vacuum 
deposition  process  showed  thermionic  emission  (TE)-like  behavior  with  ideality  factors  of  n  =  1 .1  -1 .2  and 
barrier  heights  of  0.5-1 .1  eV  under  forward  bias.  However,  the  reverse  currents  were  large,  and  they  increased 
almost  exponentially  with  bias.  When  the  temperature  was  lowered,  changes  of  I-V  curves  were  found  to  be 
much  smaller  in  both  forward  and  reverse  directions  than  those  of  the  TE  transport,  deviating  from  the  TE 
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behavior  by  many  orders  of  magnitudes.  Similar  behavior  was 
observed  in  AlGaN  Schottky  diodes,  as  shown  for  a  Ni/AlGaN 
Schottky  contact  in  figure  9.  Temperature  dependences  of  I-V 
curves  are  extremely  small,  and  reverse  currents  are  also  _ 

anomalously  large.  At  low  temperatures,  the  I-V  curves  showed  e 
hysteresis.  None  of  previous  Schottky  transport  models  can  $ 

explain  such  behavior. 

TSB  model 

On  the  basis  of  a  detailed  analysis  of  the  measured  I-V-T  curves 
[3 1  ],  we  have  proposed  a  novel  thin  surface  barrier  (TSB)  model 
shown  in  figure  10(a).  According  to  this  model,  the  thickness  of  the 
Schottky  barrier  produced  by  the  U-shaped  surface  state  continuum 


Voltage  (V) 


Figure  9  I-V-T  characteristics  of  Ni/AlGaN 
Schottky  contact.. 


becomes  extremely  thin  in  the  TSB  region  due  to  presence  of  high 
density  defect  donors  in  the  near-surface  region  which  are  positively 
ionized.  TSB  regions  are  distributed  near  the  metal/  semiconductor 
interface  due  to  high  non-uniformity  of  the  GaN  surface  involving 
many  dislocations.  In  each  TSB  region,  Gaussian  beams  of  electrons 
pass  through  the  TSB  region  by  the  thermionic  field  emission  (TFE) 
mechanism  [32],  Based  on  this  model,  formulas  for  I-V-T  behavior 
have  been  derived.  For  example,  the  ideality  factor  for  forward 
currents,  %,  is  given  by  the  following  formula. 

«.  =^colhf%)  8  8  43a) 

h  kT  \kT ) 

Eon=  (qh/47t)(lS)S/m‘^)1/  Q  (3b) 

where  NDS  is  the  defect  donor  concentration.  Comparison  of 
measured  values  of  %  with  theory  is  given  for  a  Ni/AlGaN  Schottky 
contacts  in  figure  10(b).  The  values  of  NDS  obtained  by  fitting  were 
much  larger  than  the  doping  concentrations  of  shallow  donors  in  the 
epitaxial  layers. 

As  for  the  origin  of  the  defect  donors,  we  believe  that  they  are 
again  N-vacancy  related  0.37  eV  donors  discussed  in  the  previous 
sections.  In  the  case  of  Schottky  contacts,  deposition  of  high  energy 
metal  atoms  leads  to  formation  of  nitrogen  vacancies  underneath  the 
metal  film.  Presence  of  such  deep  donors  can  also  explain  the 
observed  hysteresis  effect  of  the  TV  curves. 
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Figure  10  (a)  Thin  surface  barrier  (TSB) 
model  (b)  %  value  of  the  Ni/AlGaN  contact 
as  a  function  of  temperature. 
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Our  new  model[33]  for  near-surface  electronic  states 
based  on  the  various  studies  in  the  previous  sections  is 
shown  in  figure  11.  Similarly  to  other  DI-V  semiconductors 
[1 2],  a  U-shaped  high  density  surface  state  continuum  is 
formed  due  to  bond  disorder,  and  this  DIGS  continuum  pins 
the  surface  Fermi  level  near  the  charge  neutrality  level 
(CNL).  The  position  of  CNL  for  AIGaN  is  given  by  Eq.(2). 

Depending  on  details  of  processings  such  as  plasma 
treatments,  passivation  and  metal  deposition,  high  density 
deep  donors  related  to  N-vacancies  may  be  created  near 
surface.  Due  to  Fermi  level  pinning  near  CNL  both  at  free 
surfaces  and  at  Schottky  interface,  these  deep  donors  are 
ionized,  supplying  electrons  to  2DEG  together  with  those  due  to 
shallow  donors  and  intrinsic  and  piezoelectric  polarization  [34]. 

This  produces  a  thin  surface  barrier  (TSB)  region  shown  in  figures  10(a)  and  11. 

In  the  case  ofHFET  transport,  injection  of  high-energy  electrons  takes  place  from  the  2DEG  channel 
into  the  AIGaN  region  near  the  drain  edge  under  the  application  of  a  large  VDS.  Due  to  electron  injection, 
near-surface  traps  and  surface  states  are  filled  near  tire  drain  edge,  reducing  2DEG  density  and  expanding  the 
depletion  width.  This  causes  current  collapse.  Then,  after  switching  back  the  drain  voltage,  electrons  in  these 
states  are  emitted,  leading  to  recovery  transients. 

To  confirm  such  a  picture,  a  computer  simulation  of  current  transients  was  attempted  using  a  combined 
state  distribution  consisting  of  a  U-shaped  surface  state  continuum  and  a  discrete  near-surface  donor  level.  For 
the  U-shaped  distribution,  the  formula  given  in  Eq.  (1)  was  used  in  accordance  with  the  disorder-induced  gap 
state  (DIGS)  model.  A  value  of  EH0 =EC- 1.7  eV  was  used  according  to  Eq.(2)  for  AI^Ga^N.  For  the 
discrete  near-surface  donor  level,  a  donor-type  Gaussian  peak  at  the  measured  energy  position  of  0.37  eV  was 
assumed,  treating  the  near-surface  deep  donors  as  projected  surface  states  for  simplicity.  The  transients 
were  calculated  using  the  following  equation. 


Free  Surface 
or  Metal 


Figure  1 1 A  model  for  near-surface  electronic 
states. 


AU(0  =  JA«EX1-  (4>- 

After  many  trials,  excellent  fits  were  obtained  as  shown  in  figures  12(a)  and  (b)  by  assuming  a  U-shaped 
distribution  combined  with  a  discrete  state  density  distribution  as  shown  in  figure  12  (c).  As  shown  in  figure 
12(a),  a  dominant  fast  transient  is  due  to  the  electron  emission  from  the  discrete  level.  The  total  density  of  the 
0.37-eV  level  was  determined  to  be  5  x  101 1  cm'2.  On  the  other  hand,  as  shown  in  figure  12  (b),  slow  increase 
of  current  at  longer  time  regime  is  due  to  the  emission  from  continuous  surface  states  that  have  a  wide  range 
of  time  constant.  It  is  noted  that  the  combined  distribution  obtained  in  figure  12  (c)  is  very  similar  to  that  in 
figure  4  (b)  obtained  on  the  free  surface  of  GaN  by  PLS?  method. 

On  the  other  hand,  in  the  case  of  die  Schottky  contact,  the  TSB  region  provides  thermionic-field 
emission  paths  for  current  transport,  giving  rise  to  large  leakage  currents  in  HFETs.  Based  on  this  model, 
formulas  for  I-V-T  behavior  have  been  derived[3 1  ].  The  new  model  has  reproduced  the  experimental  I-V-T 
curves  not  only  qualitatively,  but  also  quantitatively  in  both  of  forward  and  reverse  directions.  As  an  example, 
experimental  and  calculated  reverse  currents  are  compared  in  figures  13(a)  and  (b)  for  a  Ni/n-GaN  diode. 
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Figure  12  Fitting  results  for  (a)  fast  transient  at  RT  and  (b)  slow  transient  at  RT  and  213  K.  (c)Surface  state  density  distribution 
obtained  from  the  fitting  of  the  transient  currents. 


Figure  13  (a)  Experimental  and  (b)  calculated  reverse  currents  of  a  Ni/n-GaN  diode. 


Passivation  and  removal  of  near-surface  electronic  states 

Practical  AlGaN/GaN  HFET  devices  require  suitable  surface  passivation  in  addition  to  gate 
metallization.  For  these  processing  steps,  native  oxides  should  be  removed  from  the  air-exposed  surfaces  of 
AlGaN  /GaN  wafers  by  a  suitable  low  energy  oxide  removal  process,  and  then  suitable  metal  or  insulating 
films  should  be  deposited  by  low  eneigy  deposition  processes.  The  present  study  indicates  that  minimization 
of  process-induced  generation  of  N-vacancy  is  a  key  factor  in  all  of  these  processing  steps. 

As  a  processing  for  removal  of  native  oxide,  surface  treatment  in  a  heated  NtfrOH  solution  (typically  at 
50 °C  for  5-10  min)  has  been  found  considerably  effective  [35, 36].  But,  it  does  not  completely  remove 
native  oxide  particularly  in  the  case  of  the  AlGaN  surface.  According  to  the  present  study,  the  optimized  ECR 
N2-plasama  treatment  seems  to  provide  the  best  solution  to  this  problem.  H2-plasama  treatment  should  be 
avoided  for  oxide  remaval.  It  should  be  also  reminded  here  that  H2-plasma  is  frequently  involved  also  in 
various  dry  etching  processes  where  we  have  recently  found  inclusion  of  N2is  beneficial[37]. 

As  for  the  insulating  layers  for  passivation,  it  has  been  found  that  silicon  nitride  (SiN*)  film  produced  by 
the  ECR  plasma  deposition  works  much  better  that  the  silicon  dioxide  (SiOj)  film  [38, 39].  For  example, 
surface  state  density  distributions  measured  by  standard  high  frequency  MIS  C-V  measurements  at  1  MHz 
are  compared  in  figure  14  for  silicon  nitride  and  silicon  dioxide  MIS  capacitors  formed  on  n-type  GaN  after 
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the  ECR  N2-plasama  treatment  and  ECR  H2-plasama  treatment.  It  is  seen 
that  SiNx  passivation  after  N2-plasama  treatment  gave  the  best  result  SiNx 
passivation  after  H2-plasama  treatment  produced  a  distribution  peak  at 
around  Ec  -  0.45  eV.  This  can  be  interpreted  as  the  density  peak  due  to 
near  surface  N-vacancy  related  defects  whose  projected  energy  position  is 
modified  due  to  band  bending.  In  the  case  of  SiO,  passivation,  state 
densities  were  high  even  with  Nj-plasama  treatment  Probably,  ^ 

subcutaneous  oxidation  selectively  attacks  Ga  atoms  of  GaN,  producing  > 
high  densities  of  N-vacancies  and  related  bond  disorder  in  the  surface  ' 
region.  This  leads  to  pronounced  current  collapse  in  SiO,  -passivated 
HFETs. 

For  gate  metaliztion,  it  seems  difficult  to  completely  suppress  N- 
vacancy  formation  in  the  standard  vacuum  deposition  process,  since  it 
involves  bombardment  and  subsequent  condensation  of  high  energy 
metal  atoms.  From  such  a  viewpoint,  an  attempt  has  been  made  to 
suppress  formation  of  N-vacancies  by  a  low  temperature  and  low  energy 
pulsed  electro-deposition  process  where  oxide  removal  and  metal 
deposition  are  done  in-situ  in  a  suitable  electrolyte  at  room  temperature. 

This  process  reduced  the  reverse  leakage  currents  by  4  orders  of 
magnitude  [40]. 

Another  more  promising  approach  that  can  achieve  reduction  of  gate 
leakage  and  good  surface  passivation  at  the  same  time  is  to  insert  a 
suitable  passivation  film  as  the  gate  dielectric  for  HFETs.  Silicon  nitride 
does  not  seem  to  be  fire  optimum  choice,  since  its  bandgap  is  about  5  eV, 
and  not  large  enough  to  put  on  AlGaN.  From  such  a  viewpoint,  we  have 
recently  developed  a  novel  formation  of  A^Oj  films  by  the  ECR-plasma  _ 
oxidation  of  A1  [41  ].  The  processing  steps  are:  (1 )  NH,OH  treatment  at  50  ~ 
°C  for  15  min  in  air,  (2)  deposition  of  3-nm-thick  A1  layer  at  RT  in  MBE  _CT 
chamber,  (3)  UHV  annealing  at  700 °C  for  10  min;  (4)  oxidation  of  A1  by 
ECR-Q,  plasma;  (5)  UHV  annealing  at  700^  for  1 0  min.  Steps  from  (2) 
to  (5)  were  continuously  carried  out  in  UHV  environments  without 
exposing  the  sample  to  air.  The  resultant  Al/VAlGaN/GaN  IG-HFETs 
allowed  a  much  larger  gate  voltage  swing  up  with  a  high  linearity,  and 
much  reduced  gate  leakage  currents  as  compared  with  the  Schottky  gate 
device  as  shown  in  figure  15. 


Figure  14  Interface  state  density 
distributions  of  the  SiQ/GaN  and 
SiNx/GaN  interfaces. 


Figure  15  I-V  characteristics  of  Ni 
Schottky  gate  and  At,03  insulated  gate 
on  AlGaN/GaN  HFET, 


CONCLUSION 


Properties  of  electronic  states  near  surfaces  of  GaN  and  AaGaN  have  been  investigated  by  using  various 
in-situ  and  ex-situ  characterization  techniques.  As  a  result,  a  model  including  a  U-shaped  surface  state 
continuum,  having  a  particular  charge  neutrality  level,  combined  with  Sequent  appearance  of  near-surface  N- 
vacancy  related  deep  donor  states  having  a  discrete  level  at  Ec  -  0.37  eV  is  proposed  as  a  unified  model  that 
can  explain  large  gate  currents  and  current  collapse  in  AlGaN/GaN  HFETs.  Hydrogen  plasma  treatment  and 
SiO,  deposition  increases  N-vacancy  related  deep  donors.  Reasonably  good  surface  passivation  can  be 
achieved  by  ECR-plasma  deposited  SiNx  films  and  by  ECR-plasma  oxidized  Al^films  both  being 
combined  with  the  ECR  Nj  plasma  treatment. 
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Abstract 

We  have  deposited  highly  c-axis  oriented  GaN  films  on  sapphire  by  the  Cyclic  Pulsed  Laser 
Deposition  Technique.  Nitridation  of  the  sapphire  substrates  for  these  samples  was  performed  at 
200  9C,  400  9C  and  600  9C.  For  that  purposed,  we  used  a  radio  frequency  nitrogen  plasma  during 
four  hours.  The  films  were  compared  in  terms  of  crystal  structure,  surface  morphology  and 
optical  quality.  Although  small,  the  biggest  differences  were  detected  in  the  surface  morphology 
of  the  films.  Additionally,  a  typical  GaN  sample  nitridated  at  200  QC  was  analysed  by 
photoluminescence  and  showed  the  typical  donor  bound  excitonic  luminescence  (D  X ) 
transition  at  3.47  eV  and  a  line  near  3.42  eV.  These  lines  show  a  FWHM  of  20  meV  and  30  meV 
at  13K,  respectively. 


Introduction 

The  preparation  of  high  quality  semiconductor  films  of  group-in  nitrides  (GaN,  AIN,  InN  and 
their  alloys)  is  a  forefront  task  of  the  present  technological  research  because  of  the  attractive 
applications  of  such  films  in  “blue  and  UV”  optoelectronic  devices  such  as  blue  LEDs  and  Blue 
laser  diodes  [1,2].  The  Pulsed  Laser  Deposition  (PLD)  is  a  promising  alternative  of  the  common 
MOCVD  and  MBE  techniques  for  preparation  of  these  materials  [3-8]. 

The  heteroepitaxial  growth  of  GaN  is  usually  done  on  sapphire  substrates  due  to  their  wide 
availability.  The  most  usual  solution  to  circumvent  the  large  lattice  mismatch  between  sapphire 
and  GaN  is  the  nitridation  treatment  of  the  substrate  prior  to  the  low  temperature  buffer  layer 
growth.  It  has  been  reported  by  various  groups  that  this  nitridation  step  is  crucial  to  the  structural 
and  optical  properties  of  the  GaN  epilayer  [9-11].  Depending  on  the  deposition  method,  the 
nitridation  is  usually  done  with  ammonia  (NH3)  or  nitrogen  plasma.  High  temperature  (850  9C  to 
1050  eC)  is  usually  necessary  to  thermally  dissociate  the  NH3  in  active  nitrogen  species.  This  is 
not  the  case  if  nitrogen  plasma  is  used.  Here,  the  plasma  generates  the  active  species  and  a  high 
temperature  is  not  necessary.  In  fact  it  has  been  reported  that  oxygen  diffusion  from  the  AI2O3 
occurs  over  distances  of  about  1.5  Jim  in  samples  nitridated  at  high  temperatures  [12].  Recent 
studies  have  pointed  to  the  200  9C  as  the  best  temperature  for  nitridation  with  nitrogen  plasma 
[13].  In  this  work,  we  investigate  the  influence  of  the  temperature  of  the  sapphire  nitridation 
process  on  the  growth  of  GaN  films  grown  by  cyclic  PLD.  The  GaN  samples  thus  obtained  are 
compared  in  terms  of  optical  and  structural  quality.  X-ray  diffraction,  UV-visible  transmission 
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spectroscopy,  atomic  force  microscopy  (AFM)  and  photoluminescence  are  the  techniques  used  to 
characterise  and  compare  the  deposited  films. 


Experiment 

The  GaN  thin  films  were  deposited  with  Cyclic-PLD  on  sapphire  substrates  (0001).  Details  of 
the  deposition  system  can  be  found  elsewhere  [14,15].  Briefly,  the  liquid  Ga  target  is  ablated 
with  a  Nd:  YAG  laser,  operated  at  1064  nm,  5  Hz,  10  mJ  and  5  ns  per  pulse.  The  substrates  were 
degreased  in  isopropanol  alcohol  for  5  minutes,  then  etched  in  a  hot  solution  of  sulphuric  acid  / 
phosphoric  acid  (solution  ratio  3:1)  for  1  hour  and  finally  rinsed  in  DI  water.  After  degassing  the 
substrates  at  800  QC  during  1  hour  under  vaccum,  nitridation  of  the  sapphire  substrates  was  done 
with  the  help  of  a  nitrogen  r.f.  plasma  set  at  1 3,56  MHz,  1  mbar,  6  W,  and  for  4  hours.  Three 
different  nitridation  temperatures  were  used:  200  eC,  400  QC  and  600  SC.  The  Ga  target  was  then 
pre-ablated  for  15  minutes  with  the  sample  surface  protected  by  a  shutter.  Then,  a  GaN  buffer 
layer  was  grown  at  400  °C  during  15  minutes  (aprox.  20  nm  thickness). 

The  film  growth  was  done  at  650  eC  in  a  cycle  composed  of  two  steps.  In  the  first  step,  the  Ga  is 
ablated  for  15  seconds  under  a  10-Watt,  1  mbar  nitrogen  rf  plasma.  In  the  second  step,  the  laser 
is  stopped  for  5  seconds  in  order  to  incorporate  the  possible  missing  nitrogen.  The  cycle  was 
repeated  during  5  hours  and  the  deposition  rate  varied  from  0,06  pm/hour  to  0,08  pm/hour.  A 
fourth  GaN  sample  was  deposited  for  10  hours  on  sapphire  nitridated  at  200  eC. 

The  thickness  of  the  films  was  determined  with  a  profilometer.  Crystal  orientation  of  the  as 
grown  GaN  films  was  analysed  by  a  Siemens  D  5000  diffractometer  in  a  0-20  configuration 
equipped  with  a  Molybdenum  source.  Surface  morphology  of  the  films  was  investigated  by 
atomic  force  microscopy  (AFM).  Transmission  measurements  were  done  at  room  temperature. 
PL  measurements  were  carried  out  with  a  325  nm  CW  He-Cd  laser  and  the  excitation  power 
density  was  typically  less  than  0.6  W.cm'2.  A  325  nm  band  pass  filter  was  used  to  attenuate  lines 
other  than  the  325  nm  laser  line.  PL  was  measured  at  temperatures  between  13K  and  300K  using 
a  closed  cycle  helium  cryostat.  The  luminescence  was  dispersed  by  a  Spex  1704  monochromator 
(1m,  1200/mm)  and  detected  by  a  Hamamatsu  R928  photomultiplier. 


Results  and  Discussion 

All  the  samples  deposited  exhibit  a  yellow  brown  colour  and  a  non-glossy  surface.  There  was 
also  some  evidence  of  Ga  droplets. 

The  X-ray  diffraction  scans  obtained  in  the  0-20  geometry  for  three  GaN  films  deposited  on 
substrates  submitted  to  different  nitridation  temperature  treatments  are  presented  in  figure  1 .  As 
we  can  see,  the  growth  of  the  films  is  clearly  c-axis  oriented.  The  magnitude  of  the  (0002)  peak 
and  the  absence  of  the  (10.0)  and  (10. 1)  peaks  suggests  a  high  degree  of  texture  for  both  films. 
Only  the  (0002)  family  of  planes  is  present  in  the  X-ray  pattern.  Only  the  (0002)  family  of  planes 
is  presented  in  the  X-ray  pattern. 
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Figure  1.  X-ray  diffraction  scans  of  three  GaN  films  deposited  on  c-axis  sapphire  substrates  that 
were  nitridated  at  3  different  temperatures:  200  -C,  400  9C  and  600  9C.  The  double  lines 
correspond  to  the  splitting  of  Kai  and  Ka2.  A  Mo  source  was  used. 

If  we  take  in  consideration  the  thickness  of  the  films,  the  intensity  of  the  (0002)  GaN  remains 
approximately  the  same  whatever  the  nitridation  temperature  used  on  the  sapphire  substrate.  The 
FWHM  of  the  K«i  (0002)  peak  is  0.05  9  for  all  the  samples  and  comparing  with  the  sapphire 
peak,  this  seems  to  be  due  to  the  resolution  of  the  diffractometer. 

Fig.  2  shows  the  surface  morphology  of  the  3  deposited  GaN  thin  films.  All  the  samples  have  a 
grain  like  structure  with  the  grains  approaching  an  hexagonal  shape.  The  average  size  of  the 
grains  is  bigger  for  the  sample  whose  sapphire  was  nitridated  at  600  9C  (250  nm).  The  smallest 
grain  size  was  obtained  for  the  400  9C  (150  nm).  For  the  200  9C  the  grain  size  was  around  200 
nm.  The  mean  roughness  was  19  nm  for  2009C,  7  nm  for  4009  C  and  16  nm  for  600  9C  of 
nitridation.  For  this  deposited  samples  we  found  that  the  surface  morphology  did  not  varied 
much  with  the  temperature  of  the  nitridation  treatment. 


m  *■ 


2009C  400  9C  600  9C 

Figure  2.  Surface  morphology  of  the  GaN  films  examined  by  atomic  force  microscopy  (AFM) 
for  3  samples  deposited  on  (0001)  sapphire  that  was  nitridated  at  different  temperatures  (200  9C, 
400  C9  and  600  °C). 
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In  figure  3  we  present  the  UV-Visible  optical  transmission  measurements  and  the  square 
absorption  coefficient  as  a  function  of  photon  energy.  All  the  transmission  spectra  (fig.  3a)  show 
a  relatively  sharp  step  reflecting  a  strong  light  absorption  near  the  360  nm.  Due  to  the  rough 
surface  of  the  films,  no  interference  fringes  are  observed.  From  these  spectra  the  optical  band 
gap  can  be  extracted  by  plotting  the  square  of  the  absorption  coefficient  versus  energy  of  light. 
The  intersection  of  the  linear  fit  with  the  origin  gives  a  value  around  3.3  eV  for  all  the  samples 
(fig.  3b).  These  values  are  in  agreement  with  the  ones  reported  by  other  group  [3]  for  PLD  GaN. 


Figure  3.  UV-Visible  optical  transmission  (a)  and  the  square  absorption  coefficient  as  a  function 
of  photon  energy  (b)  for  the  3  GaN  films. 


Photoluminescence  (PL)  measurements  at  13  K  were  done  in  the  fourth  sample  in  order  to 
evaluate  the  optical  quality  of  the  films  -  figure  4.  The  relative  intensity  of  the  yellow 
luminescence  (YL)  to  the  near  band  edge  emission  (NBE)  was  strongly  dependent  on  the  laser 
spot  location  (fig.  4a).  We  believe  that  this  originates  from  the  grain  structure  of  the  material. 
The  high  energy  spectrum  (fig.  4b)  of  this  sample  is  characterised  by  the  presence  of  the  donor 
bound  exciton  transition  (D°X)  at  3.471  eV  and  a  line  near  3.42  eV.  These  lines  show  a  FWHM 
of  20  meV  and  30  meV  at  13K,  respectively.  Moreover,  even  when  different  spot  incidences  are 
made  on  the  samples  the  NBE  lines  could  always  be  resolved  even  when  the  intensity  ratio 
between  the  NBE  and  YB  changes.  The  3.41-3.42  eV  line,  commonly  in  samples  grown  by 
different  methods  [15-19],  has  been  attributed  to  a  free-to  bound  exciton  related  with  O  [16],  an 
exciton  bounded  to  stacking  faults  [15,17-19]  and  to  crystal  structural  imperfection  and  rough 
surface  morphology  [20].  In  low  temperature  PLD  grown  layers,  few  published  results  have  been 
achieved  by  PL  studies  [21, 22].  In  [18],  only  the  I3  and  L  lines  related  with  strong  localised 
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excitons  were  reported.  While  in  [21],  a  NBE  peak  near  3.41  eV  with  a  FWHM  ~80  meV  at  20K 
was  observed,  and  in  [22]  the  authors  found  the  DX  recombination  at  3.47  eV,  the  3.41  eV  and 
the  DAP  recombination  at  3.27  eV. 
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Energy  (eV) 
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(a)  (b) 

Figure  4.  Pholuminescence  of  lpm  GaN  film  deposited  by  cyclic  PLD  on 
sapphire  nitridated  at  200  QC 


Conclusions 

We  have  deposited  three  GaN  films  thin  films  in  (0001)  sapphire  nitridated  at  200  fiC,  400  QC 
and  600  eC.  All  the  films  exhibited  a  high  degree  of  texture  along  the  0002  GaN  orientation.  The 
intensity  of  this  X-ray  peak  per  film  thickness  remained  similar  for  all  the  samples.  In  the  same 
way,  the  optical  band  gap  extracted  from  the  plot  of  the  square  of  the  absorption  coefficient 
versus  light  energy  was  around  3.3  eV.  In  the  surfarce  morphology  analysis,  both  the  crystal 
grain  size  and  surface  roughness  varied  slightly.  At  400  0C  nitridation  the  mean  crystal  grain  size 
and  surface  roughness  presented  the  smallest  values  of  150  nm  and  7  nm  respectively.  The 
biggest  average  grain  size  was  achieved  at  600  SC  nitridation  with  a  value  of  250  nm.  For  this 
temperature  the  mean  surface  roughness  increased  to  16  nm  and  the  shape  of  the  grains  was  the 
nearest  to  the  hexagonal.  At  200  eC  nitridation,  the  19  nm  of  mean  surface  roughness  was  similar 
to  600 s  C  and  the  grain  size  reduced  to  200  nm.  A  thicker  sample  (1  pm)  deposited  on  a 
sapphire  nitridated  at  200  9C  showed  the  typical  donor  bound  excitonic  luminescence  (D°X ) 
transition  at  3.47  eV  and  a  line  near  3.42  eV.  These  lines  show  a  FWHM  of  20  meV  and  30  meV 
at  13K,  respectively.  Altogether,  only  small  changes  in  the  characteristics  of  the  films  with 
nitridation  temperature  were  observed. 
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ABSTRACT 

We  have  systematically  studied  the  effects  of  wet  chemical  etching  and  high  temperature 
nitridation  on  the  resulting  sapphire  surface  morphology  and  chemical  transformation.  The 
etching  of  c-plane  sapphire  substrates  using  H2SO4,  H3P04,  and  a  3:1  H2SO4  :H3P04  mixture  as  a 
function  of  temperature  and  etching  time  was  studied  and  compared  with  H2  etching  at  1 100°C 
and  air-annealing  at  1400°C.  The  surface  nitridation  using  NH3  and  N2  at  1 100°C  was  studied  as 
a  function  of  NH3  concentration,  nitridation  time,  and  surface  pretreatment.  Atomic  force 
microscopy  and  x-ray  photoelectron  spectroscopy  were  used  to  study  the  surface  morphology 
and  chemical  composition.  The  detailed  surface  morphology  after  chemical  etching  was  a 
function  of  the  chemical  composition  and  the  specific  time  and  temperatures.  The  smoothest,  pit- 
free  sapphire  surface  was  obtained  by  etching  in  pure  H2SC>4  at  300°C  for  30  min.  Sulfuric  acid 
etching  at  higher  temperatures  or  for  longer  periods  generated  an  insoluble  mixture  of  A12(S04)3 
and  Al2(S04)3’17H20  crystalline  deposits  on  the  surface.  Phosphoric  acid  and  the  3:1 
H2S04:H3P04  mixture  etched  the  sapphire  preferentially  at  defect  sites  and  resulted  in  pits 
formation  on  the  surface.  The  high  temperature  sapphire  nitridation  resulted  in  nitrogen 
incorporation  into  the  surface.  The  nitrogen  content  of  nitridation  layer  depends  on  NH3 
concentration,  nitridation  time,  and  surface  pretreatment.  The  nitrogen  contents  of  sapphire 
treated  with  H2SC>4  and  3:1  H2S04:H3P04  are  about  the  same  as  the  as-received  sapphire.  While 
the  nitrogen  content  of  the  air-annealed  sapphire  is  -1 .6  times  higher  then  the  nitrogen  content  of 
the  as-received  sapphire. 


INTRODUCTION 

Sapphire  (ar-Al203)  has  been  the  most  widely  used  substrate  for  GaN  growth  despite  of 
having  -16%  lattice-mismatch  and  -34%  thermal  expansion  coefficient  mismatch  with  GaN. 
Prior  to  GaN  growth,  the  chemical  treatment  of  sapphire  has  been  used  to  remove  residual 
polishing  damages1  and  surface  nitridation  has  been  used  to  improve  film  nucleation.2  A 
routinely  employed  chemical  treatment  is  etching  using  a  3:1  H2S04:H3P04  mixture  and  H2  at 
-1 100°C.  Another  approach  to  sapphire  surface  preparation  is  to  anneal  the  sapphire  in  air  at 
high  temperature  (>1000°C).3  The  chemical  and  physical  states  of  sapphire  surface  after  these 
chemical  treatments  have  not  been  studied  in  detail  despite  their  widespread  use. 

It  is  now  well  established  that  nitridation  of  sapphire  surface  prior  to  GaN  growth  can 
improve  the  material  properties.2  Although  there  has  been  a  general  consensus  on  all  sapphire 
nitridation  studies  that  nitrogen  was  incorporated  into  the  sapphire  surface  layer,  the  compound 
containing  nitrogen  formed  upon  nitridation  and  the  surface  morphology  of  the  nitridated 
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sapphire  seems  to  largely  depend  on  the  nitrogen  source  and  the  nitridation  conditions  (i.e. 
temperature,  pressure,  flow  rates,  and  carrier  gas).4,5 

In  this  study,  the  treatments  of  c-plane  sapphire  substrates  using  H2S04,  H3PO4,  and  a  3:1 
H2SO4  :H3P04  mixture  as  a  function  of  temperature  and  etching  time  were  investigated  and 
compared  with  H2  etching  at  1 100°C  and  air-annealing  at  1400°C.  The  surface  nitridation  using 
NH3  in  N2  carrier  gas  at  1 100°C  was  studied  as  a  function  of  NH3  concentration,  nitridation  time, 
and  surface  pretreatment. 

EXPERIMENTAL  PROCEDURE 

The  as-received  sapphire  substrates  were  initially  solvent  degreased  in  acetone,  methanol, 
and  rinsed  in  deionized  (DI)  water  before  any  treatments.  The  substrates  were  then  immersed  in 
the  hot  etching  solution.  Three  different  etching  solutions  were  studied:  98  wt%  H2SO4,  85  wt% 
H3PO4,  and  a  3:1  by  volume  mixture  of  H2S04:H3P04.  The  solution  was  heated  to  a  different 
temperature  up  to  400°C.  Following  the  etching,  the  substrates  were  rinsed  in  DI  water  for  5  min. 
In  H2  etching  study,  the  substrates  were  loaded  into  a  vertical  reactor  heated  by  a  resistance 
furnace  to  1 100°C.  In  the  annealing  study,  the  substrates  were  loaded  into  a  room-temperature 
furnace,  which  then  heated  to  1400°C  and  held  at  this  temperature  for  1  hr. 

The  nitridation  of  sapphire  was  performed  in  a  vertical  reactor  at  1 100°C.  Prior  to  nitridation, 
the  sapphire  was  heated  to  1 100°C  under  N2  atmosphere  for  5  min.  Nitridation  was  carried  out  by 
exposing  the  sapphire  to  a  mixture  of  NH3  and  N2  at  a  total  flow  rate  of  2  slpm  and  a  total 
pressure  of  1  atm.  Three  NH3  partial  pressures  (Pnh3)  were  studied:  0.2,  0.5,  and  1  atm.  At  each 
PNh3  value,  the  nitridation  time  was  varied  from  5  to  30  min.  Sapphire  with  different  surface 
pretreatments  were  studied:  air-annealed,  H2SO4  etched,  and  3:1  H2S04:H3P04  etched. 

After  chemical  treatment  and  nitridation,  the  sapphire  surface  morphology  was  characterized 
using  atomic  force  microscopy  (AFM).  Double  crystal  x-ray  diffraction  (DCXRD)  was  used  to 
identify  the  insoluble  reaction  products  after  etching  in  H2S04  at  400°C.  The  chemical 
composition  of  sapphire  surface  was  examined  using  an  ex  situ  x-ray  photoelectron  spectroscopy 
(XPS)  with  a  Mg  Ka  line  (1253.6  eV)  as  the  x-ray  source.  The  core-level  photoemission  binding 
energies  were  corrected  for  sample  charging  using  the  C  Is  binding  energy  at  284.8  eV  for 
adventitious  surface  carbon. 

RESULTS  AND  DISCUSSION 

Sapphire  chemical  treatments 

AFM  images  of  the  sapphire  surface  after  being  etched  in  H3PO4,  H2SO4,  and  3:1  mixture  of 
H2S04:H3P04  are  shown  in  Figure  1(a),  (b),  and  (c),  respectively.  At  100°C,  no  noted  changes  in 
the  surface  morphology  are  visible.  When  the  temperature  is  increased  to  200°C,  the  initial 
scratches  widen.  In  H3P04  and  3:1  H2S04:H3P04  etching,  small  pits  start  forming  along  the 
scratches  and  the  surface  becomes  slightly  rougher.  These  surface  pits  become  larger  as  the 
etching  time  and  temperature  increase.  Phosphoric  acid  preferentially  etches  the  c-plane  sapphire 
at  the  high-energy  defected  regions,  which  results  in  formation  of  surface  pits.  These  defects  can 
originate  from  either  the  grown-in  bulk  dislocation  or  polishing  damage.  Most  of  the  surface  pits 
observed  after  etching  at  200°C  originate  from  the  initial  polishing  damages  due  to  the  fact  that 
the  pits  form  along  the  scratches  and  the  surface  pit  density  is  much  higher  than  the  dislocation 
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Figure  1.  AFM  images  of  sapphire  surface  after  etching  in  a)  H3PO4,  b)  H2SO4,  and  c)  3:1 
H2S04:H3P04  mixture  at  different  temperatures.  The  image  size  is  5  x  5  pm2  with  a  z  scale  of  5 
nm. 


density  of  the  bulk  Czochralski-grown  sapphire,  which  is  about  0.8-2.0xl04  cm'2.6  Increasing  the 
temperature  to  300°C  causes  the  scratches  to  further  widen  until  the  initial  shallow  scratches  are 
completely  removed.  The  surface  pits  observed  after  etching  at  300°C  most  likely  originate  from 
the  grown-in  bulk  dislocation  since  most  of  the  scratches  are  already  removed.  Over  a  50  x  50 
pm2  area  scan,  the  number  of  surface  pits  formed  by  etching  in  3:1  H2S04:H3P04  mixture  is 
about  25  times  higher  than  the  number  of  pits  formed  by  etching  in  H3P04  under  the  same 
conditions. 

In  contrast  with  H3P04,  H2SO4  does  not  preferentially  etch  at  defect  sites,  therefore  no  pits 
are  observed  on  the  surface.  Etching  at  300°C  for  30  min  is  sufficient  to  remove  most  of  the 
scratches.  At  this  point,  -1 .16  pm  thick  of  sapphire  is  removed  and  the  surface  becomes 
smoother  with  a  root -mean-square  (RMS)  roughness  of  -0.3  nm.  When  the  temperature  is 
increased  further  to  400°C,  the  scratches  are  completely  removed  in  10  min.  However,  when  the 
etching  is  continued  to  30  min  at  400°C,  insoluble  large  crystals  appear  on  the  surface,  as  visible 
in  Figure  2.  These  crystals  are  identified  using  DCXRD  as  a  mixture  of  polycrystalline 
aluminum  sulfates,  A12(S04)3  and  A12(S04)3’17H20.  Past  studies  reported  that  sapphire  was 
covered  by  insoluble  deposits  after  etching  in  H2SO4  at  temperature  range  of  1 80  to  450°C; 
however  the  etching  time  was  not  stated.1  In  our  study,  the  insoluble  deposits  are  not  observed 
after  30  min  etching  up  to  300°C,  which  emphasizes  the  importance  of  time  as  a  critical  process 
parameter. 

AFM  images  of  the  sapphire  surface  after  H2  etching  and  air-annealing  are  shown  in  Figure 
3.  After  H2  etching,  the  scratches  remain  on  the  surface  and  no  surface  pits  are  observed.  The 
surface  becomes  slightly  rougher  with  a  RMS  roughness  of  ~0.5  nm.  During  air-annealing,  it  is 
difficult  to  determine  whether  the  sapphire  was  partially  etched  or  only  recrystallized.  The 
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Figure  2.  Nomarski  optical  image 
of  sapphire  surface  after  30  min 
etching  in  H2S04  at  400°C. 
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Figure  3.  AFM  images  of  sapphire  surface  after:  a) 
H2  etching  at  1 100°C  for  50  min  (z  scale  =  5  nm)  and 
b)  air-annealing  at  1400°C  for  1  hr  (z  scale  =  2  nm). 


atomic  steps  are  developed  on  the  surface  with  random  terrace  widths  and  step  heights.  The  steps 
originate  from  wafer  cutting  misorientation  from  the  (0001)  plane.  The  dimensions  of  terrace 
widths  and  step  heights  depend  on  the  initial  condition  of  the  surface  (e.g.  degree  of 
misorientation,  extent  of  polishing  damage)  and  the  annealing  conditions.8  The  surface  becomes 
very  smooth  with  a  RMS  roughness  of  -0.13  nm. 

The  detailed  surface  morphology  after  etching  depends  on  the  extent  and  nature  of  the 
surface  damage.  More  complete  result  on  chemical  etching  has  been  published  somewhere  else. 

It  is  important  to  realize  that  the  each  surface  treatment  will  also  change  the  surface  energy  of  the 
substrate  and  hence  affect  the  subsequent  nucleation  and  growth  of  the  epitaxial  film. 

High  Temperature  Nitridation 

The  XPS  spectra  of  sapphire  substrates  after  nitridation  contain  a  distinct  N  1  s  core-level 
photoelectron  peak,  indicating  that  nitrogen  was  incorporated  into  the  sapphire  surface.  A  typical 
N  1  s  photoelectron  spectrum  from  nitridated  sapphire  surface  is  seen  in  Figure  4  along  with  the 
N  1 5  peak  from  a  standard  AIN  film.  Comparison  of  N  Is  peaks  from  the  standard  AIN  film  and 
the  nitridated  sapphire  clearly  shows  that  the  N  Is  peak  from  nitridated  sapphire  originates  from 
at  least  two  different  nitrogen  chemical  bonding  states.  The  first  peak  at  -396.7  eV  is  attributed 
to  N-Al  bonds  since  it  coincides  with  the  N  Is  binding  energy  from  the  standard  AIN  film.  The 
second  peak  shifts  to  a  higher  energy  at  -398.0  eV  indicating  that  nitrogen  is  in  oxygen  rich 
environment,  since  O  is  more  electronegative  than  Al.  This  peak  is  due  to  incomplete 
substitution  of  O  by  N,  so  that  some  of  the  nearest  neighboring  Al  atoms  are  still  bonded  to  O.  In 
this  paper,  this  peak  is  labeled  as  ‘N-O’.  The  exact  bonding  state  of  this  peak  is  still  not 
understood.  Past  XPS  study  of  AIN  powders  did  not  attribute  this  peak  to  aluminum  oxynitride 
compound  since  the  N  1  s  binding  energy  in  aluminum  oxynitride  was  reported  to  occur  at  -6.5 
eV  higher  than  the  N-Al  peak  binding  energy.10  For  all  surface  pretreatments,  the  N  Is  peak  is 
not  observed  after  exposure  to  only  N2  at  1 100°C  for  30  min.  Thus,  the  incorporated  nitrogen  in 
the  sapphire  surface  is  caused  only  by  interactions  between  NH3  with  sapphire.  Also,  a  previous 
study  reported  that  a  reaction  between  sapphire  and  N2  only  occurred  at  temperatures  greater 
than  1200°C." 

The  N  1  ^  peak  intensity  as  a  function  of  surface  pretreatments  is  shown  in  Figure  5.  The 
intensity  is  normalized  to  AJ  2 p  peak.  The  nitrogen  content  of  sapphire  etched  with  H2S04  and 
3:1  H2S04:H3pQ4  are  about  the  same  as  the  nitrogen  content  of  the  as-received  sapphire.  While 
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Binding  Energy  (eV) 

Figure  4.  XPS  spectra  of  N  Is  peak  from  a) 
a  standard  AIN  film  and  b)  a  sapphire  after 
30  min  nitridation  in  Pnh3=0.5  atm. 
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Figure  5.  Normalized  N  Is  intensity  as  a 
function  of  substrate  pretreatment  after  10  min 
nitridation  in  PNh3=0.5  atm. 


the  nitrogen  content  of  the  air-annealed  sapphire  is  ~1.6  times  higher  compares  to  the  nitrogen 
content  of  the  as-received  sapphire.  The  reason  for  a  higher  nitrogen  content  in  the  air-annealed 
sapphire  is  still  not  understood 

Figure  6  shows  the  N  Is  peak  intensity  as  a  function  of  nitridation  time  and  Pnh3  value.  The 
intensity  is  normalized  to  the  area  of  the  A1  2 p  peak.  The  total  nitrogen  content  of  sapphire 
surface  increases  with  nitridation  time,  as  well  as  with  Pnh3  value.  For  each  Pnh3  value,  the  N-Al 
content  increases  with  nitridation  time,  while  the  ‘N-O’  content  stays  about  the  same.  No 
protrusions  are  observed  on  the  sapphire  surface  after  up  to  60  min  nitridation.  No  significant 
changes  in  RMS  roughness  are  observed  for  all  nitridated  samples  when  compare  to  the  as- 
received  sapphire. 

CONCLUSIONS 

The  effects  of  chemical  treatments  and  high  temperature  nitridation  of  sapphire  substrates  on 
the  resulting  surface  morphology  and  chemical  transformation  were  systematically  studied.  For 
chemical  etching,  temperature  and  time  are  the  important  process  parameters  that  determine  the 
finished  surface  morphology.  A  smooth,  pit-free  surface  resulted  from  wet  chemical  etching 
using  pure  H2S04  at  300°C  for  30  min.  Under  these  conditions,  the  initial  surface  scratches  were 
removed  without  forming  surface  pits.  Etching  at  higher  temperatures  or  for  longer  periods 
generates  insoluble  A12(S04)3  and  A12(S04)3-17H20  crystalline  deposits  on  the  surface. 
Phosphoric  acid  and  3:1  H2S04:H3P04  mixture  preferentially  etch  defects  on  sapphire  surface 
and  results  in  formation  of  surface  pits.  H2  treatment  at  1 100°C  does  not  eliminate  the  surface 
damage.  The  air-annealing  at  1400°C  produces  an  atomically  smooth  surface  with  a  terrace-and- 
step  structure.  The  high  temperature  sapphire  nitridation  resulted  in  nitrogen  incorporation  into 
the  surface.  The  total  nitrogen  content  of  sapphire  surface  increases  with  nitridation  time  as  well 
as  with  Pnh3  value.  There  is  no  significant  difference  in  the  nitrogen  content  of  sapphire  treated 
with  H2S04  and  3:1  H2S04:H3P04  when  compared  to  the  as-received  sapphire.  The  total  nitrogen 
content  of  the  air-annealed  sapphire  is  ~1 .6  times  higher  compares  to  the  as-received  sapphire. 
No  protrusions  were  observed  on  the  sapphire  surface  after  nitridation  for  up  to  60  min. 
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a)  PNH3  =  °-2  atm 


b)  PNH,  =  0.5  atm 


C)  PNH3  =  1  atm 
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Figure  6.  Normalized  N  ]s,  N-Al,  and  N-0  peak  intensity  as  a  function  of  nitridation  time.  The 
nitridation  was  carried  out  using  Pnh3:  a)  0.2  atm,  b)  0.5  atm,  and  c)  1.0  atm. 
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ABSTRACT 

An  innovative  approach  for  in-situ  characterization  has  been  used  in  this  work  to  investigate 
the  composition,  growth  mode,  morphology  and  crystalline  ordering  of  the  early  stages  of 
growth  of  GaN  films  grown  on  sapphire  by  MOCVD  for  substrate  temperatures  in  the  range  of 
450°C  to  1050°C.  We  have  performed  in-situ  characterization  by  Rutherford  Backscattering 
Spectroscopy  (RBS),  Ion  Channeling,  X-ray  Photoelectron  Spectroscopy  (XPS),  and  Low 
Energy  Electron  Diffraction.  Ex-situ  the  films  have  been  characterized  by  Scanning  Electron 
Microscopy  (SEM),  X-ray  Diffraction  (XRD)  and  thickness  profilometry.  The  films  have  been 
grown  in  an  in-house  designed  and  build  MOCVD  reactor  that  is  attached  by  UHV  lines  to  the 
analysis  facilities.  RBS  analysis  indicated  that  the  films  have  the  correct  stoichiometry,  have 
variable  thickness  and  for  low  substrate  temperature  completely  cover  the  substrate  while  for 
temperatures  850°C  and  higher  islands  are  formed  that  may  cover  as  few  as  5  percent  of  the 
substrate.  From  Ion  Channeling  and  LEED  we  have  determined  the  crystallographic  phase  to  be 
wurtzite.  The  crystalline  quality  increases  with  higher  deposition  temperature  and  with  thickness. 
The  films  are  epitaxialy  grown  with  the  <000 1>  crystallographic  axis  and  planes  of  the  GaN 
films  aligned  with  the  sapphire  within  0.2  degrees. 


INTRODUCTION 

GaN  is  a  useful  material  in  the  field  of  optoelectronic  applications  [1]  and  in  high  frequency, 
high  temperature  electronic  devices.  In  order  to  achieve  the  level  of  performance  needed  for  such 
devices  an  improvement  of  the  quality  of  the  films  is  needed.  At  this  time  there  is  no  inexpensive 
substrate  with  a  matched  lattice  constant  and  sapphire  is  one  of  the  most  used  materials.  Lowest 
reported  defect  densities  are  in  the  mid  107  cm'*  requiring  complicated  patterning  and  substrate 
preparation  [2].  MOCVD  is  the  commercial  growth  method  for  GaN,  but  most  of  the  in-situ 
studies  have  been  concentrating  on  MBE.  We  have  investigated  in-situ  the  early  stages  of  growth 
of  GaN  films  by  MOCVD  using  an  in-house  designed  and  assembled  reactor  that  is  attached  via 
UHV  transfer  lines  to  the  analysis  facilities. 


EXPERIMENTAL  SETUP 

The  experiment  has  been  designed  in  such  a  way  to  be  able  to  do  the  analysis  of  the  sample 
without  exposing  it  to  air  and  to  maintain  the  samples  in  UHV  conditions  except  when  growth  is 
occurring.  The  experimental  setup  (‘ W.M.  Keck  Thin  Film  Analysis  Facility’)  consists  of  three 
chambers,  connected  together  by  UHV  transfer  lines.  First  chamber  is  dedicated  to  the 
pretreatment  of  the  substrate  and  the  actual  growth  of  the  film.  The  second  chamber  is  connected 
to  the  Ohio  University  accelerator  beam  line  and  the  third  one  is  equipped  for  surface  analysis 
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(UPS/XPS/AES)  using  a  Kratos  XSAM800  electron  spectrometer.  The  second  chamber  is 
equipped  with  the  LEED  system  and  a  six  axis  goniometer  used  for  measurements  combining 
RBS  and  ion  channeling.  For  RBS  analysis  we  have  used  2.2  MeV  4He++  particles  from  the 
Tandem  Van  der  Graaf  accelerator  at  Ohio  University.  The  beam  has  been  collimated  to  better 
than  0.06  degrees  and  the  spot  size  is  2x1  mm.  Typical  currents  used  are  5-20  nA  and  the 
integrated  charge  for  RBS  analysis  was  typically  1-50  pC.  The  RBS  measurements  were 
simulated  using  the  program  ‘RUMP’[3].  Modifications  have  been  performed  on  the  original 
goniometer  sample  holder  (a  ceramic  heater  has  been  incorporated.)  in  order  to  be  able  to 
transfer  it  in  the  other  two  chambers. 

A  diagram  of  the  MOCVD  reactor  setup  is  presented  in  Figure  1  and  consists  of  a  spherical 
chamber  with  the  sample  holder  assembly  placed  at  the  center,  sample  transfer  system,  gas 
admission  and  exhaust  control  system,  vacuum  pumping  system,  pressure  monitors  and  ports  for 
temperature  measurements. 

The  control  of  the  admission  of  the  gases  in  the  chamber  is  achieved  by  using  mass  flow 
controllers  (MFCs).  For  each  of  the  gases  used  a  flow  control  line  has  been  assembled.  These 
lines  are  all  mounted  inside  a  thermally  insulated  box  that  can  be  heated  up  to  150°C  for 

outgasing.  Since  reaction  between  gases  during 
transport  needs  to  be  prevented,  two  separate  gas 
lines  are  used  to  deliver  the  precursor  gases  into  the 


Figure  1  In-house  designed  and  built 
MOCVD  deposition  reactor  and 
auxiliary  systems  (not  to  scale) 


chamber:  TMGa  carried  by  hydrogen  enters  the 
deposition  chamber  in  a  horizontal  direction,  while  a 
mixture  of  ammonia  and  nitrogen  enters  the  reactor 
chamber  at  an  angle  of  45  degrees  with  respect  to  the 
horizontal.  Typical  flows  of  the  gases  used  in  the 
experiment  are  as  follows:  ammonia  0.5  standard 
liters  per  minute  (slm).  Hydrogen  0.5  slm,  TMGa  0.5 
standard  cubic  centimeter  (seem),  and  Nitrogen  0.5 
slm.  The  ratio  of  nitrogen  to  gallium  (V/HI  ratio) 
delivered  in  the  chamber  is  a  critical  deposition 
parameter  and  is  usually  determined  empirically  for 
each  reactor  chamber.  The  numbers  reported  in  the 
literature  varies  widely  (500-15000)  and  they  depend 
on  the  method  used  to  introduce  the  TMGa  and  the 
geometry  of  the  deposition  chamber  [4,5],  We  have 
found  out  that  for  our  system  a  molar  ratio  of  1000 
produces  films  with  the  correct  stoichiometry. 

We  have  used  TMGa  in  this  experiment  with  a 
boiling  point  of  55°C  and  the  vapor  pressure  at  0°C 
of  65.4  torr. 

The  reactor  is  operating  in  a  viscous  flow  regime 
and  the  total  flow  of  gas  through  the  chamber  is  of 
the  order  of  1 .5  1/s,  the  pressure  inside  the  chamber 
is  kept  at  50  torr  throughout  the  entire  process  and 
the  residence  time  of  the  gases  is  of  the  order  of  2 
seconds.  The  byproducts  of  the  reaction  are 
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evacuated  through  an  outlet  situated  on  the  lower  side  of  the  chamber  opposite  the  input  inlets. 

The  heating  of  the  substrate  is  critical,  in  this  experiment,  to  sustain  the  endothermic  reaction 
that  leads  to  the  deposition  of  gallium  and  dissociation  of  ammonia.  The  temperature  of  the 
substrate  is  regulated  by  adjusting  the  power  on  the  ceramic  heater  incorporated  in  the  sample 
holder  and  is  measured  by  optical  pyrometery. 

We  have  optimized  the  deposition  parameters  by  looking  at  the  ion  channeling  of  the  samples 
and  their  optical  transmission.  Different  gas  combinations,  gas  flow  rates,  and  geometries  of  the 
input  gases  with  respect  to  the  sample  position  have  been  tried. 

Sapphire  substrates  were  degreased  in  acetone,  annealed  in  air  at  1400°C  for  30  minutes  and 
loaded  into  the  deposition  chamber.  Before  film  growth  they  were  flash  heated  at  850°C  in 
vacuum  and  at  1050°C  in  H2  and  nitridated  in  ammonia  at  850°C  for  300  seconds.  Films  were 
grown  for  100  seconds  in  similar  conditions  with  the  exception  of  the  substrate  temperature  that 
was  changed  in  the  range  450°C  -1050°C.  After  the  sample  was  cooled  down  in  flowing  N2,  the 
reactor  chamber  was  pumped  down  to  high  vacuum  and  the  sample  transferred  to  the  analysis 
chambers  for  XPS  and  LEED  followed  by  RBS/Channeling.  After  the  in-situ  analysis  the 
samples  were  taken-out  of  the  UHV  environment  and  characterized  by  scanning  electron 
microscopy  (SEM)  X-Ray  diffraction  (XRD)  and  thickness  profilometry. 


RESULTS  AND  DISCUSSION 

From  RBS  we  have  determined  that  the  films  have  the  correct  stoichiometry  of  GaN  and 
have  non-uniform  thickness  across  the  surface  of  the  substrate  with  the  maximum  thickness  in 
the  direction  were  the  gas  is  introduced  in  the  chamber. 

Figure  2  shows  the  maximum  and  minimum  thickness  of  the  film  as  a  function  of  growing 
temperature.  For  the  lowest  temperature  investigated  (450°C)  the  growth  rate  is  small  (0.36 
pm/hr),  and  it  rapidly  increases  and  saturates  around  the  value  of  20  pm/hr  for  intermediate 
temperatures  and  decreases  again  to  0.04pm/hr  for  the  highest  temperature  (1050°C). 


Figure  2  Maximum,  minimum 
and  average  thickness  of  the 
GaN  films  vs.  temperature  of 
the  sapphire  substrate 


Temperature  (°C) 
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Depicted  on  the  graph  is  the  average  thickness  computed  from  5  points  across  the  samples:  4  at 
the  comers  of  the  substrate  and  one  in  the  center.  Ex-situ  we  have  re-measured  the  thickness  by 
profilometry  and  the  results  are  within  10%  of  the  values  obtained  by  RBS  assuming  the  bulk 
density  of  GaN. 

The  films  grown  in  the  interval  550°C-750°C  have  smooth  surfaces  and  have  completely 
covered  the  substrate.  Their  thickness  varies  by  a  factor  of  two  from  approx.  300  nm  at  the 
highest  point  oriented  towards  gas  sources  to  the  minimum  situated  towards  the  opposite  edge. 

At  850°C  we  have  determined  from  the  height  of  the  Ga  signal  in  the  RBS  spectra  that  the 
film  is  very  non-uniform  with  a  3D  structure  of  islands  as  high  as  700  nm  that  covers  only  a 
fraction  of  the  substrate.  From  the  RUMP  simulations  of  this  sample  (Figure  3),  we  have  also 
inferred  that  the  islands  are  sitting  on  a  continuous  layer  of  GaN  with  a  thickness  of  about  8  nm 
±  Inm.  This  is  indicative  of  a  growth  of  the  type  layer-by  layer  followed  by  islands  growth  on 
top  of  the  initial  layers.  Optical  microscopy  shows  macroscopic  regions  of  less  deposited 
material  sharply  delimited  by  higher  deposits.  The  SEM  micrograph  (Figure  4)  of  the  same 
region  shows  the  different  coverage  density  and  the  estimated  average  nuclei  size  is  1  pm.  The 
average  nuclei  separation  is  3.5  pm  that  corresponds  to  a  nucleation  density  of  8x10  cm'  . 

At  950°C  the  film  grows  by  islands  and  the  growth  rate  is  decreased,  while  at  1050°C  we 
cannot  determine  the  growth  mode  due  to  the  small  thickness  of  the  film. 

For  all  samples  we  have  studied  the  surface  structure  using  LEED  and  we  have  found  that  no 
patterns  can  be  obtained  for  samples  grown  at  620°C  and  lower.  Diffuse  hexagonal  patterns  are 
obtained  for  the  substrate  temperature  680°C  and  higher.  One  complication  for  this  analysis  is 
the  extreme  charging  of  the  sample  which  makes  the  measurement  difficult. 

Film  composition  obtained  from  XPS  analysis  showed  that  besides  Ga  and  N  we  have  a 
small  percentage  of  carbon  incorporation  in  the  film  and  some  oxygen  contamination  on  the 
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Figure  3  RBS  spectrum  of  the  film 
grown  at  850C  showing  incomplete 
coverage  of  tall  islands  on  a  thin 
continuous  layer 


Figure  4  SEM  micrograph  of  the  sample 
grown  at  850°C  showing  regions  with 
different  coverage.  Micron  size  nuclei  are 
visible. 
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surface  for  all  the  samples  independent  of  the  growth  temperature.  Due  to  their  small 
concentration  and  low  atomic  number  we  have  not  been  able  to  observe  these  two  elements  (0, 
C)  in  RBS.  The  signals  coming  from  the  substrate  (A1  and  O)  are  also  visible  in  XPS  for  the  very 
thin  samples  grown  at  450°C  and  1050°C. 

The  crystalline  quality,  symmetry  and  orientation  of  the  films  have  been  investigated  by  Ion 
Channeling.  For  each  sample  we  have  chosen  two  to  three  points  with  different  thickness  and  we 
have  determined  the  minimum  yield  from  the  random  and  aligned  RBS  spectra. 

For  films  grown  at  temperatures  450°C  to  620°C  no  channeling  planes  and  axes  have  been 
detected  and  we  measured  only  marginal  decrease  in  yield  when  the  samples  are  optically 
aligned  with  the  ion  beam.  This  is  consistent  with  previous  work  that  shows  that  at  600°C  the 
films  are  either  amorphous  or  polycrystalline  [6,7]. 

For  temperatures  680°C  and  higher,  directions  of  crystallographic  planes  and  axis  can  be 
determined  and  the  symmetry  of  the  crystal  can  be  inferred.  From  the  hexagonal  patterns  of  the 
channeling  yield  we  deduced  that  the  wurtzite  phase  of  GaN  has  been  grown.  By  comparing  the 
the  RBS  signal  coming  from  the  substrate  (Al)  and  from  the  film  (Ga)  we  have  also  determined 
that  the  GaN  film  is  epitaxialy  grown  with  the  <000 1>  crystallographic  axis  and  planes  aligned 
to  the  sapphire  substrate  within  0.2°,  which  is  the  step  size  used  in  the  angular  measurements. 

The  best  crystalline  quality  has  been  found  for  the  film  grown  at  950°C  (Figure  5)  with  a 
minimum  yield  of  approx.  3%,  comparable  to  approx.  1.5%  for  commercial  single  crystal 
substrates.  This  value  is  good  considering  the  small  thickness  of  the  film  (300nm)  and  the  trend 
that  we  have  observed  that  the  yield  is  decreasing  as  the  film  gets  thicker. 

The  analysis  across  the  samples  at  points  with  different  thickness  shows  that  the  minimum 
yield  decreases  with  the  increased  thickness  of  the  film.  This  is  consistent  with  the  fact  that 
defect  density  decreases  with  the  thickness  of  the  epilayer  [7]. 

X-ray  diffraction  (XRD)  analysis  shows  only  the  diffraction  peaks  specific  to  wurtzite  phase 
for  all  samples,  the  FHWM  decreasing  with  the  increase  in  growth  temperature.  The  wurtzite 
phase  diffraction  peaks  are  present  even  for  samples  that  exhibit  no  channeling  (450-620°C). 

Since  channeling  planes  and  the  <000 1>  crystallographic  axis  are  only  detectable  for  samples 
grown  at  680°C  and  higher  but  XRD  shows  wurtzite  peaks  for  all  samples  we  conclude  that 
around  the  above  temperature,  the  films  become  wurtzite  single-crystalline  rather  than  poly¬ 
crystalline  wurtzite  with  a  preferred  orientation  along  the  <0001  >  direction. 
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Figure  5  Random  and  aligned 
RBS  for  the  film  grown  at  950°C.  The 
simulation  is  for  a  GaN  290  nm  thick  on 
sapphire.  The  minimum  yield  is  approx.  3%. 
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CONCLUSIONS 

Thin  GaN  films  were  grown  by  MOCVD  in  an  in-house  design  and  build  reactor  that  is 
connected  by  UHV  transfer  lines  to  the  analysis  facilities. 

The  results  show  that  in  the  early  stages  of  growth,  the  crystalline  ordering,  growth  mode  and 
morphology  of  GaN  films  are  strongly  influenced  by  the  substrate  temperature  and  deposition 
conditions.  Similar  to  other  studies  [8-10]  both  two  dimensional  and  two  dimensional  followed 
by  island  growth  modes  have  been  observed  as  a  function  of  the  substrate  temperature. 

RBS/Ion  channeling  has  been  used  to  determine  the  crystalline  quality,  symmetry,  and 
orientation  of  the  films.  We  have  determined  that  at  temperatures  680°C  and  higher  the  films 
become  single-crystal  and  are  epitaxially  aligned  with  the  sapphire  substrate.  LEED  and  XRD 
analysis  confirms  the  wurtzite  phase  is  deposited. 
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ABSTRACT 

The  present  work  reports  on  the  study  of  III-V  gas  phase  reactivity  in  constrained  gas  pulse 
expansions  of  trimethylgallium  (TMGa)  and  oxygen  derivative  compounds  (H2O,  CH3OH, 
0(CH3)2>  with  and  without  ammonia.  The  precursors  are  introduced  separately  into  a  high 
vacuum  chamber  via  a  multipulsed  gas  nozzle  assembly.  The  gas  mixtures  are  then  exposed  to  a 
UV  pulse  from  an  ArF  excimer  laser  (X^=193  nm)  and  the  products  are  mass  analyzed  with  a 
quadrupole  mass  spectrometer.  The  efficient  laser-assisted  growth  of  Ga-O-containing  clusters 
in  the  form  of  [(CH3)2GaOR]x,  where  R  is  H  or  CH3,  has  been  revealed.  Different  behavior  can 
be  seen  in  the  reaction  of  TMG  and  the  oxygen  species  depending  on  the  presence  of  H  atoms 
bonded  to  the  oxygen.  Significant  influence  of  NH3  on  cluster  formation  and  oxygen 
incorporation  is  demonstrated. 

INTRODUCTION 

Previously,  we  have  reported  on  our  efforts  to  explore  low  temperature  III-V  material  growth 
in  a  gaseous  environment  by  combining  UV  laser  photolysis  and  the  metalorganic  chemical 
vapor  deposition  (MOCVD)  technique  using  trimethylgallium  (or  trimethylaluminum)  and 
ammonia  as  precursors  [1-3].  The  main  gas  phase  reaction  at  low  temperature  in  this  process  is 
directed  by  a  strong  interaction  between  the  metal  alkyls  and  ammonia  to  form  the  Lewis  acid- 
base  adduct  compound  (CH3)3M:NH3,  where  M  is  A1  or  Ga  [4-8],  Laser  irradiation  of  such  gas 
mixtures  with  193-nm  photons  revealed  extensive  (CH3)kM](NH2)m(NH)n  cluster  formation  in 
the  gas  phase  as  a  result  of  photolysis  reactions  of  the  precursor  and  adduct  molecules  [1-3]. 

In  the  current  paper,  we  present  recent  research  the  gas  phase  reactivity  of  TMGa  with  the 
oxygen-containing  compounds:  H20,  CH3OH  and  0(CH3)2,  as  well  as  ammonia.  The  reaction 
of  TMGa  with  these  oxygen  compounds,  especially  H20,  can  be  used  to  study  MOCVD  side 
reactions,  as  water  is  a  main  impurity  in  commercial  ammonia  and  could  thus  be  a  primary 
source  for  the  oxygen  found  in  nitride  films. 


EXPERIMENTAL 

The  experimental  apparatus  consists  of  a  high  vacuum  chamber  equipped  with  a  quadrupole 
mass  spectrometer  (QMS)  and  a  specialized  pulsed  nozzle  source  that  is  described  elsewhere 
[1,2].  The  TMGa  ((CH3)3Ga),  ammonia  (NH3),  and  oxygen  compounds  [water  (H20),  methanol 
(CH3OH),  and  dimethylether  (0(CH3)2)]  are  introduced  into  the  high  vacuum  chamber  via  the 
nozzle  assembly,  TMGa  is  used  with  Ar  as  the  carrier  gas.  The  water  and  methanol  (liquid  in 
normal  conditions)  are  heated  to  100  °C  and  60  °C,  respectively,  and  introduced  into  the  mixing 
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region  under  their  own  vapor  pressures.  Pulsed  flows  of  each  sample  gas  (TMGa,  oxygen 
compound,  and/or  NH3)  are  simultaneously  and  independently  injected  into  the  mixing/reaction 
region  of  the  nozzle  assembly.  The  opening  time  of  each  pulsed  valve  was  adjusted  to  be  ~0.2- 
0.3  ms  with  repetition  rates  of  10  Hz.  The  193  nm  output  from  an  ArF  excimer  laser  (Lambda 
Physik  LEXtra  200,  23  ns  pulse  duration)  with  10  mJ  pulse  energy  is  focused  into  the 
mixing/reaction  region  of  the  nozzle.  The  delay  time  between  the  sample  injections  and  the  laser 
pulse  was  typically  ~5  ms.  The  reaction  products  are  mass  analyzed  by  an  Extrel  MEXM2000 
QMS  with  a  crossbeam  electron  impact  (El)  ionizer.  The  deuterated  ammonia  (ND3)  was  used  in 
order  to  label  the  products  and  distinguish  different  reaction  pathways. 


RESULTS  AND  DISCUSSION 

Reactivity  of  TMGa  with  CKCHd?.  CH*OH  and  H?Q  in  the  absence/presence  of  photons 

Figure  la  represents  the  mass  spectrum  resulting  from  the  reaction  of  TMGa  with  0(CH3)2  in 
the  absence  of  photons.  This  spectrum  reveals  a  set  of  peaks  at  mass  145/147  that  correspond  to 
the  (CH3)3Ga:0(CH3)2+  adduct  parent  signal.  In  contrast,  the  mass  spectrum  resulting  from  the 
reaction  of  TMGa  with  CH3OH  shows  the  fonnation  of  not  only  monomer  adduct  species,  but 
also  [(CH3)2GaO(CH3)]2  dimer  and  [(CH3)2GaO(CH3)]3  trimer  cluster  products  (see  Fig.  2a). 
Note  in  order  to  show  only  those  species  that  arrive  at  the  detector  as  a  result  of  this  reactivity, 
the  TMGa  spectrum  has  been  subtracted  from  the  TMGa/CH3OH  spectrum.  The  spectrum 
resulting  from  the  reaction  of  TMGa  with  H20  shows  the  primary  product  to  be  the 
[(CH3)2Ga(OH)]3  trimer  (see  Fig.  3a).  The  predominant  ion  signal  in  this  spectrum  is  found  at 
333/335/337  amu.  This  corresponds  to  the  (CH3)5Ga3(OH)3+  ion,  which  represents 
[(CH3)2Ga(OH)]3  trimer  products  with  the  loss  of  CH3  due  to  El  fragmentation.  Also  a  strong 
signal  at  315/317/319  amu  indicates  the  loss  of  H20  from  (CH3)5Ga3(OH)3+  as  a  daughter  ion 
fragmentation  route  during  El  ionization. 

The  fact  that  the  reaction  of  TMGa  with  methanol  and  water  results  in  dimer  and  trimer 
formation,  as  opposed  to  simple  coordination  compounds  such  as  dimethylether  does  is  not 
surprising.  It  is  a  similar  type  of  Lewis  acid-base  relationship  that  is  the  basis  for  the  bonding 
between  many  oxygen-containing  species  and  metal  alkyls.  Coordination  of  oxygen-containing 
compounds  to  group  III  alkyls  is  facilitated  through  the  donor  properties  of  oxygen  and  the 
acceptor  properties  of  the  metal  alkyl  [4,9].  It  has  been  shown  that  compounds  such  as  methanol 
and  water  that  contain  hydrogen  atom(s)  bonded  to  a  donor  atom  (oxygen  in  this  case),  when 
reacted  with  TMGa,  can  eliminate  methane  to  form  more  stable  cluster  products  [9,10].  In  this 
case,  the  following  reaction  would  take  place: 

(CH3)3Ga  +  ROH  (CH3)2Ga:OR*  +CH4,  (1) 

x[(CH3)2Ga:OR*]  ->  [(CH3)2GaOR]x  +  xCH4,  x  =  2,3  (2) 

were  R  is  H  or  CH3  and  “*”  indicates  a  radical. 

Laser  irradiation  of  the  expanding  gas  mixtures  results  in  extensive  cluster  formation  when 
dimethylether  and  methanol  are  used.  Figure  1  b  represents  the  mass  spectrum  from  the  reaction 
of  TMGa/0(CH3)2  under  UV  laser  influence.  As  shown  above,  the  spectrum  obtained  without 
laser  radiation  shows  only  evidence  of  the  1:1  (CH3)3Ga:0(CH3)2  adduct  product.  With  the  193 
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Figure  1.  Mass  spectra  of  TMGa/0(CH3)2 
expansions  (a)  without  and  (b)  with  laser 
excitation. 


Figure  2.  Mass  spectra  of  TMGa/CH3OH 
expansions  (a)  without  and  (b)  with  laser 
excitation. 
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Figure  3.  Mass  spectra  of  TMGa/H20 
expansions  (a)  without  and  (b)  with  laser 
excitation. 


Figure  4.  Mass  spectra  of  (a)  TMGa/0(CH3)2 
and  (b)  TMGa/CH3OH  and  (c)TMGa/H20 
expansions  with  laser  excitation. 
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nm  laser  pulse,  however,  there  is  significant  evidence  of  larger  aggregations  of  atoms.  In  the 
observed  spectrum  one  sees  peaks  that  can  be  attributed  to  dimeric  [(CH3)2GaO(CH3)]2  and 
trimeric  [(CH3)2GaO(CH3)]3  species.  The  most  intense  peak  in  the  spectrum  corresponds  to  the 
dimeric  product,  the  (CH3)3Ga202(CH3)2+  ion,  which  could  result  from  the  loss  of  CH3  from  the 
parent  dimer  [(CH3)2GaO(CH3)]2,  or  it  could  be  a  fragment  from  a  higher  mass  cluster. 

Figure  2b  shows  the  mass  spectrum  obtained  when  TMGa/CH3OH  is  introduced  into  the 
reaction  chamber  with  a  laser  pulse.  Note  the  reported  spectrum  was  obtained  after  subtraction 
of  the  spectrum  taken  in  the  absence  of  laser  radiation  accordingly.  It  is  evident  that  the  laser 
pulse  enhances  the  cluster  formation.  Studies  at  higher  mass  also  revealed  the  formation  tetramer 
and  pentamer  clusters  such  as  [(CH3)2GaO(CH3)]x,  where  x<5  for  TMGa/0(CH3)2  and 
TMGa/CH3OH  combinations,  but  not  for  the  TMGa/H20  (see  Fig.  4).  During  laser  enhanced 
TMGa/H20  gas  expansions,  clusters  of  mass  no  higher  than  trimeric  species  have  been  found 
and  reactions  appear  to  shift  to  different  Ga-O-containing  species  (see  Fig.  3b). 

Reactivity  of  TMG  with  NH3  and  (XCHri?.  CH^QH.  H^O  in  the  absence/presence  of 
photons 

The  mass  spectra  of  the  triple  pulsed  TMGa/NH3/0(CH3)2  gas  expansions  without  laser 
excitation  revealed  the  formation  monomer  adducts  involving  ammonia  [(CH3)3Ga:NH3]  as  well 
as  with  dimethylether  [(CH3)3Ga:0(CH3)2]  (see  Fig.  5a).  During  laser  irradiation  of  these  gases, 
a  mixture  of  Ga-O-N-containing  clusters  are  created  (see  Fig.  5b).  Comparison  of  the  spectrum 
obtained  only  with  the  TMGa/0(CH3)2dual  gas  pulse  expansion  (see  Fig.  lb)  shows  that  the 
intensity  of  Ga-O-containing  clusters,  for  example  at  mass  245/247/249  amu  (Fig.  5b),  is 
significantly  reduced.  With  increasing  ammonia  pressure,  the  intensity  of  the 
(CH3)3Ga20(CH3)2+  ion  at  mass  245/247/249  amu  sharply  decreases  to  zero  (see  Fig.  6).  At  the 
same  time,  a  significant  increase  in  the  intensity  of  (CH3)3Ga2(NH2)2+  ion  at  mass  215/217/219 
amu  is  observed  (see  Fig.  6)  due  to  ammonia  reactivity  [2,1 1].  The  mixture  of  Ga-O-N- 
containing  clusters  are  noted  at  mass  230/232/234  amu  and  can  be  represented  by  the  cluster  ion 
(CH3)3Ga2(NH2)OCH3+  (see  Fig.  5b). 

The  triple  pulsed  TMGa/NH3/H20  gas  expansion  revealed  cluster  formation  without  any  laser 
irradiation  (see  Fig.  7a).  It  is  important  to  note  that  the  presence  of  NH3  reduces  the  intensity  of 
Ga-O-containing  clusters,  as  is  evidenced  by  the  negative  peaks  in  the  Ga-O-cluster  region  of 
figure  7b.  Note,  figure  7b  shows  the  mass  spectrum  in  subtraction  mode  with  the  TMGa/H20 
gas  expansion  spectrum  subtracted  from  the  TMGa/NH3/H20  spectrum.  Another  feature  of  this 
spectrum  is  the  emergence  of  the  (CH3)2Ga:NH3+  ion  signal,  indicating  the  interaction  of  the 
ammonia  with  the  TMGa.  Moreover,  by  using  ND3,  the  formation  of  cluster  mixtures  such  as 
[(CH3)2GaND2]x[(CH3)2GaOH]y,  where  x  =  1 , 2  and  y  =  1 , 2,  have  been  noted  (see  Fig.  8). 
However,  the  most  interesting  signal  in  this  spectrum  can  be  seen  at  mass  117/1 19  amu.  This 
particular  signal  can  be  represented  by  the  (CH3)2GaND2+ ion  (Fig.  8).  By  comparing  the 
different  subtraction  spectra  (TMGa/NH3/H20  minus  TMGa/ND3  vs.TMGa/NH3/H20  minus 
TMGa/H20),  one  can  see  that  this  signal  appears  only  when  all  three  of  the  gas  precursors  have 
been  mixed.  The  most  reasonable  explanation  for  such  TMGa  and  H20  reactivity  in  the  presence 
of  NH3  is  that  ammonia  interrupts  the  pathway  for  formation  of  Ga-O-clusters,  equation  (2),  by 
forming  a  new  stable  adduct  as  follows: 

(CH3)3Ga:OH*  +  ND3  ->  (CH3)2OHGa:ND3  +CH4.  (3) 
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Figure  6.  Peak  area  of  ion  mass  215  amu,  ion 
mass  230  amu  and  ion  mass  245  amu  as  a 
function  of  ammonia  sample  pressure 


Figure  5.  Mass  spectra  of  TMGa/0(CH3)2/NH3  (TMGa/0(CH3)2/NH3  expansions  with  laser 
expansions  (a)  without  and  (b)  with  laser  excitation). 
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Figure  7.  Mass  spectra  of  TMGa/H20/NH3  Figure  8.  Mass  spectra  of  TMGa/H20/ND3 
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The  El  ionization  of  this  (CH3)20HGa:ND3  adduct  results  in  (CH3)2GaND2+  ion  formation  with 
the  loss  of  water  (HOD).  Note,  similar  fragmentation  patterns  (release  of  water)  have  been  seen 
through  all  mass  spectra  from  TMGa/H20  or  TMGa/H20/NH3  expansions  (see  Fig.  3  and  Fig.  8), 
Laser  irradiation  of  this  gas  mixture  results  in  the  formation  of  Ga-O-N-mixtures  of  clusters 
similar  to  those  shown  above,  also  with  a  reduction  of  Ga-O-clustering  (see  Fig.  7c).  Such 
chemistry  may  play  a  role  in  reducing  oxygen  incorporation  in  the  gas  phase. 


CONCLUSIONS 

Extensive  cluster  formation  in  the  gas  phase  during  the  mixing  of  trimethylgallium  and 
oxygen  compounds  (H20,  CH3OH,  0(CH3)2)  has  been  observed.  Laser  irradiation  of  these  gas 
mixtures  enhances  cluster  growth  in  the  gas  phase  in  the  form  of  [(CH3)2GaOR]x,  where  R  is  H 
or  CH3.  A  significant  influence  of  the  presence  of  ammonia  on  cluster  formation  and  oxygen 
incorporation  has  been  identified.  Further  characterization  is  still  needed  in  order  to  understand 
all  reaction  mechanisms  involved  in  this  photoinduced  chemistry. 
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ABSTRACT 

GaN  epilayers  were  grown  on  (0001)  sapphire  substrates  by  NH3-MBE  and  RF-MBE  (radio 
frequency  plasma).  The  polarities  of  the  epilayers  were  investigated  by  in-situ  RHEED,  chemical 
solution  etching  and  AFM  surface  examination.  By  using  a  RF-MBE  grown  GaN  layer  as 
template  to  deposit  GaN  epilayer  by  NH3-MBE  method,  we  found  that  not  only  Ga-poiarity  GaN 
films  were  repeatedly  obtained,  but  also  the  electron  mobility  of  these  Ga-polarity  films  was 
significantly  improved  with  a  best  value  of  290  cm2/V.s  at  room  temperature.  Experimental 
results  show  it  is  an  easy  and  stable  way  for  growth  of  high  quality  Ga-polarity  GaN  films, 

INTRODUCTION 

III -Nitrides  have  been  studied  intensively  in  recent  years  because  of  their  excellent 
properties  for  potential  applications  in  optical  and  electronic  devices  [1-3].  Many  important 
characters  of  the  materials  were  explored  by  researchers  to  improve  the  quality  of  the  material 
and  further  more  the  performance  of  the  device.  Among  these  characters,  the  polarity  of  GaN 
epilayer  has  become  a  hot  topic  due  to  its  crucial  influence  on  both  materials  and  devices  [4-6]. 

Since  the  first  paper  about  the  polarity  of  GaN  was  reported  by  Sasaki  and  Matsuoka  [7], 
subsequent  research  results  clearly  show  its  huge  effects  on  surface  moiphology[8],  RHEED 
pattem[9-10],  selectivity  of  chemical  reagent[ll-12],  material  electrical  and  optical  properties, 
and  two-dimensional  electron  gas  (2DEG)  sheet  density  and  mobility  of  AlGaN/GaN 
heterostructure.  Generally  speaking,  Ga-polarity  or  Ga-face  epilayer  has  distinct  differences  with 
N-polarity  one.  For  example,  Surface  of  Ga-polarity  epilayer  is  usually  much  smoother  than  that 
of  N-polarity  epilayer  as  observed  by  atomic  force  microscope  (AFM)  [8].  With  in  situ  RHEED, 
a  2X2  pattern  was  usually  appeared  indicating  a  Ga-polarity  during  growth  interruption  or  at  a 
substrate  temperature  below  400 “C  after  growth.  However,  a  N-polarity  only  showed  1 X 1  or  1 
X3  RHEED  patterns  during  this  period[9-10].  Additionally,  Seelmann-Eggebert  et  al[  13]  found 
that  GaN  films  having  N-polarity  were  etched  in  a  solution  of  KOH  while  films  having 
Ga-polarity  were  resistant  to  etching  in  the  same  solution.  So,  it  was  easy  to  distinguish  the 
polarity  of  GaN  epilayer  by  etching.  Excepting  above  methods,  some  other  important  techniques 
were  used  to  clarify  polarity  such  as  coaxial  impact  collision  ion  scattering  spectroscopy[14-15], 
converged  beam  electron  diffraction  (CBED)[16],  x-ray  photoemission  spectroscopy [7],  hot  (160 
°C  )  H3PO4  solution[17],  and  hemi spherically  scanned  x-ray  photoelectron  diffraction 
(HSXPD)[13]. 

Between  two  polarities  of  GaN  layer,  Ga-polarity  is  desired  for  both  material  growth  and 
device  fabrication  because  it  has  better  properties  than  N-polarity.  It  has  been  proven  that 


85 


N-polarity  will  deteriorate  the  performance  of  HEMT  device  by  degrading  the  2DEG  properties 
in  active  layer.  But  with  molecular  beam  epitaxy  (MBE),  which  is  an  important  technique  to 
precisely  deposit  device  structures,  the  polarity  control  of  the  GaN  film  is  still  an  unresolved 
problem  and  a  hot  researching  subject  currently.  Moreover,  the  low  mobility  of  the  GaN  films 
remains  to  be  improved.  These  factors  have  hindered  the  development  of  GaN  based  devices. 
Some  researcher  already  developed  the  skills  like  changing  growth  rate[17],  buffer  layer,  V/III 
ratio  et  al  to  control  the  polarity  of  GaN.  In  this  letter,  we  investigated  the  polarity  of  GaN  films 
grown  by  NH3-MBE  and  RF-MBE  on  (0001)  sapphire  substrates.  We  found  that  the  polarity  of 
GaN  films  grown  by  NH3-MBE  is  difficult  to  be  controlled,  strongly  depending  on  the  growth 
rate[  1 7] ,  buffer  layer  et  al,  however,  using  a  RF-MBE  grown  GaN  layer  on  (0001)  sapphire  as 
template,  Ga-polarity  GaN  films  can  be  repeatedly  realized  by  NH3-MBE.  Additionally,  the 
electron  mobility  of  this  Ga-polarity  film  was  significantly  improved  with  a  best  value  of  290 
cm2/V.s  at  room  temperature.  This  value  can  be  comparable  with  that  of  best  GaN  grown  by 
MBE  [18-19]. 

EXPERIMENTS 

The  GaN  samples  were  grown  using  a  home-made  MBE  system  with  two  growth  chambers 
equipped  with  in  situ  RHEED.  One  growth  chamber  was  designed  for  NH3-MBE  using  ammonia 
as  N  source  and  the  other  was  for  RF-MBE  using  radio  frequency  activated  N  as  N  source. 
Conventional  Knudsen  effusion  cells  charged  with  7N-grade  Ga  and  Al  was  employed  as  Ga  and 
Al  source  in  both  MBE  chambers.  Two  growth  chambers  are  connected  by  an  ultrahigh  vacuum 
chamber  so  that  the  grown  samples  can  move  from  one  growth  chamber  to  another  without 
exposing  to  air.  This  system  can  ensure  the  grown  RF-MBE  GaN  template  out  of  contamination. 

Three  different  groups  of  GaN  epilaryers  were  grown  and  their  polarities  were  investigated 
(see  table  I).  Group  I  samples  were  grown  by  NH3-MBE,  group  II  samples  were  grown  by 
RF-MBE  and  group  III  samples  were  grown  by  NH3-MBE  using  RF-MBE  template. 

Prior  to  growth  of  the  three  groups  of  GaN  films,  the  (0001)  sapphire  substrates  were 
outgassed  for  one  hour  at  300oC~500oC  in  the  preparation  chamber  of  the  MBE  system  and 
then  nitridated  using  ammonia  in  NH3-MBE  growth  chamber.  The  growth  of  group  I  samples 
was  performed  using  NH3-MBE.  After  a  low  temperature  of  600°C  AIN  buffer  was  deposited  on 
the  nitridated  sapphire  substrate,  the  GaN  epilayer  was  grown  at  a  high  temperature  of  730  C. 
During  growth  interruption,  a  1  X  1  RHEED  pattern  was  typically  observed.  The  group  II 
samples  was  grown  by  RF-MBE  except  the  nitridation  of  the  sapphire  substrate  which  were 
performed  in  NH3-MBE  growth  chamber.  A  high  temperature  of  750°C  AIN  buffer  layer  was 
deposited  followed  by  a  GaN  layer  at  the  same  temperature.  A2X2  RHEED  pattern  was  usually 
observed  when  the  substrate  temperature  decreased  below  400 ’C.  For  the  group  III  samples,  the 
growth  was  carried  out  on  in  NH3-MBE  growth  chamber  using  a  RF-MBE  GaN  template.  The 
RF-MBE  template  was  a  typical  group  II  sample  with  a  GaN  epilayer  of  different  thickness 
from  0.5  u  m  to  1  u  m.  Observed  RHEED  pattern  was  identical  with  that  of  group  II  sample. 
For  all  three  group  samples,  the  GaN  epilayers  were  about  1  U  m  thick. 
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Table  I.  Experimental  results  of  three  groups  samples. 


Group 

I 

II 

m 

Growth  technique 

NH3-MBE 

RF-MBE 

NH3-MBE 

Buffer 

LT  AIN 

HTA1N 

RF-MBE  GaN 
template 

Etching  result  in 
KOH  solution 

Dissolvable 

Resistant 

Resistant 

RMS 

15 

5.8 

(nm) 

z 

6.5 

Mobility 

84 

259 

(cm2/V.s) 

94 

290 

Polarity 

N-polarity 

Ga-polarity 

Ga-polarity 

Polarity  identification  was  performed  by  in  situ  RHEED  observation,  chemical  solution 
etching  and  AFM  surface  examination.  KOH  aqueous  solution  with  concentration  of  1:1  was 
used  as  etchant  to  dissolve  GaN  epilayer  at  room  temperature.  After  one  hour  etching,  samples 
were  pick  up  and  rinsed  in  DI  water  for  further  characterization.  Surface  morphology  of 
as-grown  and  etched  film  was  investigated  by  Olympus  microscope  and  contacting-mode  Digital 
Instrument  Nanoscope  Ilia  AFM  equipment.  The  electronic  properties  of  these  films  were 
obtained  by  Hall  measurements  using  the  Van  de  Pauw  configuration. 

RESULTS  AND  DISCUSSIONS 

In  situ  RHEED  observation  firstly  helps  us  to  identify  the  polarity  of  the  three  group  films. 
Based  on  above  literatures [9- 10],  1X1  RHEED  pattern  indicated  N-polarity  and  2X2  RHEED 
pattern  indicated  Ga-polarity.  We  preliminarily  conclude  that  group  I  samples  were  of 
N-polarity  and  group  II,  III  were  of  Ga-polarity. 

Chemical  etching  was  employed  to  confirm  the  polarity  of  the  grown  samples.  We  observed 
that  group  I  films  were  easily  dissolved  in  the  KOH  etchant  and  the  surface  of  the  etched 
films  became  very  dim  when  seen  with  bare  eyes.  The  surface  of  the  films  was  too  rough  to  be 
examined  by  AFM.  These  results  showed  that  these  films  were  of  N-polarity.  For  group  II 
films,  no  obvious  differences  can  be  found  between  before  and  after  etching  using  bare  eyes, 
optical  microscope  and  AFM  observation.  We  believed  that  these  films  had  Ga-polarity  and  that 
the  main  reason  of  the  formation  of  the  Ga-polarity  films  was  the  employment  of  a  high 
temperature  AIN  nucleation  buffer.  These  results  agree  with  the  conclusion  made  by  former 
researchers  [20-21].  Chemical  etching  results  for  group  III  samples  were  the  same  as  those  of 
group  II  films,  which  indicates  that  the  polarity  of  the  GaN  layer  grown  by  NH3-MBE  on 
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RF-MBE  GaN  template  was  also  Ga-polarity. 

AFM  examination  further  confirmed  the  experimental  results  made  by  etching  and  RHEED 
patterns.  For  convenience  to  compare,  all  AFM  images  had  same  5  u  m  X  5  u  m  dimensions. 
Figure  1  shows  a  typical  surface  morphology  of  Group  I  films.  The  surface  is  rough  with  a 
RMS  (root  mean  square)  of  15  nm.  Figure  2  shows  a  typical  surface  morphology  of  Group  II 
films.  The  surface  is  smooth  with  a  RMS  of  2  nm.  Obviously,  the  surface  of  Ga-polarity  film  was 
much  smoother  than  that  of  N-polarity  film.  Figure  3a,  Figure  3b  are  the  contrastive  AFM 
images  of  a  typical  group  III  film  before  and  after  etching,  we  can  find  that  there  is  no  obvious 
difference  in  surface  morphologies  with  a  RMS  of  5.8  nm  and  6.5  nm  respectively.  The 
resistibility  to  the  etchant  of  the  films  indicated  that  Ga-polarity  films  were  produced. 

The  mobility  of  the  grown  GaN  films  was  list  in  table  I.  It  can  be  seen  that  Ga-polarity  films 
have  higher  mobility  than  N-polarity  ones.  The  highest  value  of  290  cm2/V.s  was  achieved  in 
group  III  films,  which  showed  that  employment  of  RF-MBE  template  would  significantly 
improve  the  electron  mobility  of  GaN  films  by  NH3-MBE. 


Figure  1.  A  typical  5  u  m  X5  u  m  AFM  image  of  the  surface  morphology  for  group  I  films 
grown  by  NH3-MBE.  Its  surface  is  rough  with  a  RMS  of  15  nm.  It  is  believed  to  be  N-polarity. 


Figure  2.  A  typical  5  u  mX5  u  m  AFM  image  of  the  surface  morphology  for  group  II  films 
grown  by  RF-MBE.  Its  surface  is  smooth  with  a  RMS  of  2  nm.  It  is  believed  to  be  Ga-polarity. 
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(a)  (b) 

Figure  3.  The  typical  5  u  mX5  u  m  AFM  image  of  group  III  films  grown  by  NH3-MBE  on 
RF-MBE  GaN  template  (a)  before  and  (b)  after  etching.  The  RMS  of  the  surface  is  5.8  nm  and 
6.5  nm  respectively,  which  shows  that  the  film  is  resistant  to  etchant  therefore  it  is  believed  to  be 
Ga-polarity. 

As  mentioned  above,  group  I  films  have  N-polarity  with  low  mobility.  It  is  well  known 
that  the  buffer  layer  plays  a  very  important  role  for  the  growth  of  high  quality  GaN.  Poor  quality 
of  nucleation  layer  was  the  main  reason  of  the  poor  qualities  of  group  I  samples.  For  group 
II  films,  employment  of  a  high  temperature  AIN  buffer  by  RF-MBE  method  was  proven  by  us 
and  former  researchers[20-21]  an  efficient  way  to  achieve  Ga-polarity  and  smooth  surface.  The 
mobility  of  the  films  was  correspondingly  increased  indicating  the  improved  material  quality.  As 
for  group  III  films  which  have  Ga-polarity  and  the  highest  mobility.  RF-MBE  grown  GaN 
template  provided  a  good  Ga-face  substrate  to  subsequent  growth  of  Ga-polarity  GaN  film. 
Moreover,  growing  GaN  using  NH3  as  N  source  can  obtain  higher  growth  rates  and  reduce  ion 
damage  that  leads  to  deep  levels  and  semi-insulating  electrical  properties.  As  a  result,  the 
electron  mobility  is  further  improved  to  290  cm2/V.s.  Our  experimental  results  show  it  is  an  easy 
and  stable  way  for  growth  of  high  quality  Ga-polarity  GaN  films. 

CONCLUSIONS 

In  conclusion,  Ga-polarity  GaN  was  achieved  by  NH3-MBE  on  (0001)  sapphire  substrate 
using  a  RF-MBE  grown  GaN  as  template.  As  a  result,  not  only  the  polarity  of  GaN  film  was 
successfully  controlled,  but  also  the  electron  mobility  of  this  Ga-polarity  film  was  significantly 
improved  with  a  best  value  at  room  temperature  reached  290  cm2/V.s. 
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ABSTRACT 

Recent  experimental  and  theoretical  studies  highlighted  the  importance  of  the  growing  surface 
structure  on  the  final  morphology  of  GaN.  Actually,  optimum  morphology  is  achieved  by  growth  in 
presence  of  a  Ga  bilayer  adsorbed  on  the  GaN  surface.  The  threshold  fluxes  limiting  the  region  of  the 
Ga  bilayer  adsorption  have  been  measured  as  a  function  of  the  GaN  substrate  temperature,  giving  rise 
to  a  Ga  adsorption  phase  diagram.  The  Ga  flux  limiting  the  regions  in  the  adsorption  phase  diagram 
exhibit  a  linear  behavior  in  an  Arrhenius  plot.  However,  both  energy  activation  (about  5  eV)  and 
prefactor  (in  the  102S  range)  are  surprinsingly  high.  These  questions  were  adressed  by  studying  the 
adsorption/desorption  of  Ga  adatoms  and  small  islands  (consisting  of  2  and  3  Ga  adatoms)  on  the  Ga 
bilayer  surface  employing  first  principle  density  functional  theory  calculations.  We  find  a  desorption 
barrier  of  2.1  eV  and  a  binding  energy  between  two  Ga  atoms  of  approximately  0.3  eV.  Using  these 
numbers  we  derived  a  simple  growth  model  (based  on  rate  equations).  An  analysis  of  the 
experimental  data  with  the  model  revealed  the  origin  of  the  large  difference  in  the  activation  energies 
and  the  unusually  large  prefactor.  We  find  that  the  nucleation  of  the  droplets  cannot  be  described  by  a 
simple  Arrhenius  behavior  (as  commonly  assumed  to  fit  experimental  data)  but  that  the  nucleation 
energy  is  temperature  dependent. 

INTRODUCTION 

The  potentialities  of  GaN-based  devices  as  light  emitters  at  wavelength  ranging  from  visible  to 
UV  strongly  depend  on  the  ability  to  control  growth  in  order  to  optimise  both  optical  and  structural 
properties  of  the  material.  This  is  particularly  true  for  plasma  assisted  molecular  beam  epitaxy 
(PAMBE)  of  nitrides.  The  ability  to  control  the  growth  of  nitride  heterostructures  at  the  monolayer 
scale,  which  is  a  prominent  advantage  of  molecular  beam  epitaxy  (MBE),  is  somewhat  balanced  by  a 
rather  low  growth  temperature,  compared  to  metalorganic  chemical  vapor  deposition  (MOCVD). 
Low  growth  temperature  results  in  a  relatively  weak  diffusion  of  adatoms  which  may  be  detrimental 
to  the  structural  properties  of  nitride  material.  Alternately,  the  strong  dependence  of  surface 
morphology  to  metal/N  ratio  value  makes  the  optimisation  of  PAMBE  of  nitride  materials  delicate,  as 
N-rich  conditions  lead  to  rough  surface  whereas  metal-rich  conditions  lead,  in  the  general  case,  to 
metal  droplet  accumulation.  Surfactants  provide  solutions  to  overcome  the  difficulties  mentioned 
above,  which  are  partly  inherent  to  the  relatively  low  growth  temperature  in  MBE.  It  has  been 
demonstrated  that  In  acts  as  a  surfactant  for  growth  of  GaN  and  prevents  Ga  droplet  formation, 
allowing  for  a  smooth  growth  front  for  Ga/N  ratio  values  lower  than  unity  [1,2].  Recently,  it  has  been 
shown  that  the  role  of  In  as  a  surfactant  can  be  extended  to  the  case  of  AlGaN  alloys  [3].  Furthermore, 
it  has  been  found  that  Ga  acts  as  a  self-surfactant  when  growing  GaN.  In  particular,  it  has  been  shown 
that,  at  high  growth  temperatures,  a  wide  range  of  Ga  fluxes  exists,  for  which  a  finite  amount  of 
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excess  Ga  is  present  on  the  GaN  surface  whose  quantity  is  independent  of  the  value  of  the  Ga  flux  [4] 
Such  conditions  may  provide  a  “growth  window”  for  GaN  PAMBE,  i.e.  a  region,  where  the  growtl 
mechanisms  and  the  surface  morphology  are  independent  of  fluctuations  of  Ga  flux  and  growth 
temperature  [4,5], 

However,  the  quantitative  description  of  a  GaN  “growth  diagram”,  which  describes  the  Gi 
surface  coverage  during  growth  as  a  function  of  Ga  flux  and  growth  temperature,  has  not  yet  beer 
achieved:  the  results  on  the  temperature  dependence  of  the  critical  excess  Ga  flux  at  the  onset  of  Gt 
droplet  formation  are  contradictory,  yielding  activation  energies  of  2.8  eV  (Ref.  5)  and  4.8  eV  (Ref 
4),  respectively.  This  suggests  that  the  underlying  mechanisms  of  Ga  accumulation  are  not  yei 
understood. 

It  is  the  goal  of  the  present  work  to  establish  a  GaN  “growth  diagram”  and  to  understand  th< 
physical  meaning  of  activation  energies  involved  in  such  a  diagram  which  describes  the  Ga  coverage 
of  a  GaN  surface  as  a  function  of  Ga  flux  and  growth  temperature. 

EXPERIMENTAL 

The  adsorption  experiments  were  performed  in  a  conventional  MECA  2000  molecular-bear 
epitaxy  chamber  equipped  with  standard  effusion  cells.  Active  nitrogen  for  GaN  growth  was  provide 
by  an  rf  plasma  cell.  The  substrates  were  2  pm  thick  (0001)  (Ga-polarity)  GaN  layers  grown  b; 
MOCVD  on  sapphire.  The  substrate  temperature,  Ts,  was  measured  by  a  thermocouple  in  mechanica 
contact  to  the  backside  of  the  molybdenum  sample  holder  and  shielded  from  direct  heating.  Prior  to  al 
experiments,  a  100  nm  thick  GaN  layer  was  grown  under  Ga-rich  conditions  on  the  MOCVD  Gaf 
material  to  remove  the  influence  of  a  possible  surface  contamination  layer. 

Ga  fluxes,  <J>,  have  been  calibrated  to  Ga  effusion  cell  temperatures  by  reflection  high-energ; 
electron  diffraction  (RHEED)  intensity  oscillations  during  N-rich  GaN  growth  at  a  substrat 
temperature  of  Ts  =  620  °C.  For  such  a  low  substrate  temperature,  it  is  reasonable  to  assume  a  G; 
adatom  sticking  coefficient  equal  to  unity  and  a  growth  rate  proportional  to  the  impinging  Ga  flux.  1 
is  worth  stressing  that  this  calibration  procedure  permits  an  absolute  calibration  of  the  Ga  flux  in  term 
of  the  GaN  surface  site  density. 

Ga  coverage  was  determined  by  measuring  the  transient  of  the  specular  spot  intensity  in  th< 
RHEED  pattern  when  letting  evolve  the  surface  under  vacuum  after  exposing  it  to  Ga  flux  during 
fixed  time.  It  has  been  shown  that  the  duration  of  the  transients  following  exposure  to  Ga  flux  or  t< 
vacuum  can  be  qualitatively  related  to  the  amount  of  adsorbing  or  desorbing  Ga  [6,7].  In  particular 
the  duration  of  the  transient  occurring  during  Ga  desorption  can  be  used  to  qualitatively  estimate  th< 
amount  of  Ga  adsorbed  on  the  surface.  We  will  show  below  that  further  quantitative  calibration  can  b( 
performed  in  order  to  relate  the  Ga  desorption  transient  time  to  absolute  Ga  surface  coverages. 

RESULTS 

Figure  1  shows  the  variation  of  RHEED  transients  under  vacuum,  after  exposure  of  the 
(0001)  GaN  surface  to  Ga  flux  during  one  minute.  The  duration  of  the  transient,  tdes,  was  defined 
as  the  time  between  shuttering  of  the  Ga  cell  (time  0)  and  the  last  inflexion  point. 

Next,  the  transient  duration  was  measured  as  a  function  of  impinging  Ga  flux  for  various 
substrate  temperatures.  The  result  for  Ts  =  740  °C  is  shown  in  figure  2.  Three  regions,  labeled  1,2 
and  3  can  be  identified.  Region  1  and  2  correspond  to  the  steady  state  regime  mentioned  above. 

In  regime  3,  by  contrast,  transient  duration  increases  with  exposure  time  to  Ga  flux,  as  an 
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indication  of  Ga  accumulation.  Note  that  the  transition  between  regime  1  and  2  is  very  sharp, 
corresponding  to  less  than  1°C  variation  in  the  Ga  cell  temperature. 


Figure  1.  Specular  RHEED  intensity  during  Ga  desorption  from  a  (0001)  GaN  surface. 
Beforehand,  Ga  adsorption  has  been  carried  out  at  Ga  fluxes  O  as  indicated.  For  O  <  0.68  ML/s, 
the  desorption  transients  do  not  change  as  a  function  of  the  previous  adsorption  time, 
corresponding  to  a  steady  state  regime.  By  contrast,  for  <5  >  0.68  ML/s,  the  desorption  transients 
depend  on  the  adsorption  time  (here  1  min).  The  substrate  temperature  is  7$  =  740  °C. 

In  a  further  step,  data  in  figure  2  were  quantitatively  calibrated  taking  into  account  that  the 
Ga  desorption  rate,  0*,r,  is  given  by: 

®*'{c)=f’  (1) 

with  the  initial  condition  c(t  =  -  fdes)  =  ce q,  which  denotes  the  amount  of  Ga  adsorbed  in 
equilibrium  conditions,  i.e.,  before  Ga  desorption  sets  in.  Details  of  the  quantitative  procedure 
will  be  fully  described  elsewhere  [8].  It  was  based  on  the  remark  that  in  equilibrium,  the 
impinging  Ga  flux  O  must  exactly  balance  the  evaporation  rate,  hence  <bdes(ceq)  -  -  d>(ceq[tdes])- 
Integrating  equation  (1),  taking  the  first  derivative  with  respect  to  fdes,  and  using  the  above 
substitution  leads  to 
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c„(4>)  =  J<t>'^Td<I>'.  (2) 

This  expression  allows  the  computation  of  Ceq  from  rdcs  as  a  function  of  <E>  (which  is  known  from 
the  experimental  data)  and  can  be  evaluated  numerically. 


Figure  2.  Ga  desorption  time  as  a  function  of  impinging  Ga  flux  d>  after  equilibrium  has  been 
attained  for  regions  1  and  2,  and  after  1  min  of  Ga  adsorption  in  region  3.  The  substrate 
temperature  is  Ts  =  740  °C. 


Figure  3.  Calibrated  Ga  adsorption  isotherm  at  Ts  =  740  °C  using  Eq.  (2).  The  data  are  derived  fror 
figure  2.  As  the  method  can  only  be  applied  to  equilibrium  coverages,  only  regions  1  and  2  ar 
represented. 

The  result  is  shown  in  figure  3.  It  suggests  that,  in  regime  1,  Ga  coverage  evolves  from  0  t 
about  1  monolayer  (ML)  of  Ga  matched  to  GaN  surface.  The  abrupt  transition  to  regime  2  correspond 
to  adsorption  of  an  extra  1.5  Ga  MLs.  These  results  are  consistent  with  calculations  predicting  th 
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formation  of  a  laterally-contracted  Ga  bilayer,  with  the  first  ML  matched  to  GaN  while  the  second  one 
contains  the  equivalent  of  1.3  MLs  of  Ga  in  terms  of  GaN  surface  site  density  [9]. 


Figure  4.  Ga  adsorption  phase  diagram  indicating  the  Ga  surface  coverage  as  a  function  of  impinging 
Ga  flux  O  and  substrate  temperature  7$ .  The  definition  of  regions  1  -3  follows  Fig.  3.  The  inset  shows 
an  Arrhenius  plot  of  the  data. 

In  figure  4,  the  Ga  flux  at  boundary  between  regime  1,  2  and  3  has  been  plotted  as  a 
function  of  7$.  In  the  inset  data  are  displayed  in  an  Arrhenius  plot,  yielding  activation  energies  of 
Efn)  =  5.2  ±0.1  eV  and  EA(23)  =  5.1  ±  0.05  eV  for  the  l->2  and  2->3  transition,  respectively. 
These  values,  the  prefactors,  and  the  corresponding  values  of  the  growth  phase  diagram  in  Refs. 

4  (l-»2  corresponds  to  B-»C  and  2— >3  corresponds  to  C— »D)  and  5  (discussing  the  2— >3 
transition  only)  are  summarized  in  table  1 . 


Reference 

Transition 

£U“p(eV) 

v*s“p(Hz) 

v  (ML/s) 

a  (me' V/K) 

K.esren(Hz) 

This  work 

1— >2 

5.2 

3x1 025 

0 

-2.3 

4.7x1 025 

This  work 

2— >3 

5.1 

2xl025 

0 

-2.2 

1.5xl025 

Ref.  4 

1— >2 

3.7 

5xl017 

0.28 

-0.8 

1.6xl018 

Ref.  4 

2— >3 

4.8 

lxlO24 

0.28 

-1.9 

4.8x1 023 

Ref.  5 

2— >3 

2.8 

lxlO14 

1.1 

>-0.1 

5. 5x1 01 3 

Table  /:  Experimental  activation  energies  Eacxp  and  prefactors  Vdesexp  for  the  transition  fluxes 
between  different  Ga  coverage  regimes  as  obtained  from  the  adsorption  (this  work,  Fig.  4)  and 
growth  phase  diagrams  (from  Refs,  as  indicated),  v  denotes  the  GaN  growth  rate  (the  N-flux), 
a  the  linear  temperature  coefficient  of  the  adsorption  energy,  and  Vdesren  the  renormalized 
prefactor  (see  discussion  section). 

DISCUSSION 

It  appears  clearly  in  table  1  that  energy  and  prefactor  are  not  constant  but  vary  largely 
with  the  growth  conditions.  As  a  general  trend,  one  finds  that  the  activation  energy  and  the 
prefactor  decrease  with  increasing  growth  rate  (N  flux).  It  is  also  interesting  to  note  that  only  in 
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the  case  of  high  growth  rate  (v  =  1.1  ML/s)  the  prefactor  (lxlO14  Hz)  is  close  to  the  typical 
attempt  frequencies  obscrved/cxpccted  for  desorption,  i.e.  in  the  10,2-1013  Hz  range.  For 
conditions  where  growth  is  slow  (v  =  0.28  ML/s)  or  absent  (adsorption),  prefactors  are  found 
which  are  many  orders  of  magnitude  larger. 

In  order  to  identify  the  origin  of  these  apparent  discrepancies,  we  have  explicitly 
calculated  the  desorption  and  the  formation  of  small  Ga  clusters  on  the  Ga  bilayer  surface 
employing  density  functional  theory.  Details  of  the  calculation  are  extensively  reported 
elsewhere  [8],  To  summarize,  a  temperature  dependence  of  the  activation  energy,  Ea  =  £o  +  O^T 
-  To)  was  assumed  with  Eo  the  temperature  independent  contribution  (equal  to  2.75  eV,  from  first 
principles  calculations  [8]),  To  the  temperature  offset,  and  a  the  linear  temperature  coefficient. 
Then,  a  renormalized  prefactor,  v™  =  v^e~alk* ,  with  Kies  =  3xl013  Hz,  was  calculated.  Results 
are  reported  in  table  1  and  account  well  for  the  large  range  of  Kiesexp  experimentally  observed. 

CONCLUSION 

The  main  conclusion  of  this  work  is  the  quantitative  determination  of  the  Ga  coverage  on 
the  GaN  (0001)  surface  during  adsorption  as  a  function  of  Ga  flux  and  substrate  temperature. 
Furthermore,  a  model  has  been  derived,  which  consistently  describes  the  adsorption  of  Ga  on 
GaN  surfaces  as  well  as  the  accumulation  of  Ga  during  Ga-rich  GaN  growth.  The  discrepancies 
in  previous  measurements  of  the  activation  energy  characterizing  the  critical  Ga  flux  for  the  onset 
of  Ga  droplet  formation  during  GaN  growth  [4,5]  have  been  clarified. 

The  origin  of  the  experimentally-observed  unphysically  high  prefactors  has  been 
accounted  for  by  a  temperature  dependent  desorption  barrier.  At  the  moment,  we  can  only 
speculate  about  possible  mechanisms  which  would  reduce  the  activation  barrier  at  higher 
temperatures.  As  the  number  of  atoms  in  the  compressed  Ga  layer  of  the  bilayer  structure  and 
thus  the  lateral  lattice  constant  of  the  top  Ga  layer  significantly  changes  with  temperature,  we 
tentatively  suggest  that  the  concomitant  change  in  the  surface  geometry  could  have  an  important 
effect  on  the  island  formation  energy. 
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ABSTRACT 

In  this  paper  we  report  sapphire  nitridation  and  GaN  film  growth  by  using  ionized  nitrogen 
clusters  as  a  nitrogen  source.  The  clusters,  typically  2000-3000  molecules/charge,  are  generated 
by  a  prototype  GCIB  source.  The  clusters  are  accelerated  to  10-25  kV  and  disintegrate  upon 
impact  with  the  substrate  surface  where  they  react  with  Ga  atoms  to  form  GaN.  The  efficiency 
of  this  novel  nitrogen  source  was  tested  by  studying  the  nitridation  of  (0001)  sapphire  substrates 
at  relatively  low  temperatures  of  200  -  400°C.  The  effect  of  exposure  of  the  substrate  to  the 
nitrogen  cluster-ion  beam  was  examined  by  XPS,  RHEED  and  AFM.  It  was  found  that  the 
amount  of  retained  surface  nitrogen  increases  nonlinearly  with  increasing  beam  energy.  There 
exists  a  threshold  energy,  -  20  kV,  above  which  nitrogen  retention  is  significantly  enhanced. 

GaN  films  were  grown  with  such  nitrogen  clusters  heteroepitaxially  on  sapphire/AlN-buffer 
(MBE  grown)  and  homoepitaxially  on  thick  GaN  on  sapphire  (HVPE  grown).TEM  cross-section 
images  indicate  that  the  heteroepitaxial  GaN  films  had  defect  density  similar  to  that  of  MBE  and 
MOCVD  grown  films.  The  homoepitaxially-grown  GaN  films  were  found  to  replicate  the  GaN 
templates  and  show  strong  cathodoluminescence  (CL)  emission  at  363  nm  with  FWHM  of  9  nm. 
Furthermore,  the  spectra  show  no  evidence  of  yellow  band  emission. 

INTRODUCTION 

GaN  and  other  III-V  nitrides  have  been  successfully  used  in  optical  and  electrical  devices, 
such  as  blue  light-emitting  diodes,  laser  diodes  and  high  electron  mobility  transistors  [1,  2].  In 
the  absence  of  suitable  GaN  or  AIN  substrates,  c-plane  sapphire  (AI2O3)  has  become  the 
preferred  substrate  material  for  group  III  nitride  heteroepitaxy.  The  active  nitrogen  needed  for 
nitridation  and  subsequent  nitride  layer  growth  comes  from  several  sources,  such  as 
decomposition  of  ammonia  on  sapphire  surface  at  high  temperature  in  the  case  of  MOCVD  or 
GSMBE,  or  generated  by  radio  frequency  (RF)  or  electron  cyclotron  resonance  (ECR)  N2  plasma 
sources  in  molecular  beam  epitaxy  (MBE).  In  this  article,  we  report  the  result  of  sapphire 
nitridation  and  GaN  growth  by  using  a  new  nitrogen  source:  the  nitrogen  gas  cluster  ion  beam 
(GCIB)  [3]. 

A  cluster  contains  thousands  of  gas  atoms  or  molecules  which  are  weakly  held  together  by 
Van  der  Waals  forces.  Unlike  a  monomer  ion,  the  cluster  ion  has  very  large  mass  to  charge  ratio 
and  much  lower  average  energy  per  atom  than  a  monomer  ion  carrying  the  same  total  energy. 
Upon  impinging  the  target  surface,  all  of  the  energy  carried  by  the  cluster  ion  (in  the  keV  range) 
is  instantly  deposited  onto  an  extremely  small  volume  at  the  impact  site  during  a  period  of  about 
10'12  second.  Computer  simulation  [4]  suggested  instantaneous  temperature  rise  on  the  order  of 
105  eK  at  the  cluster  impact  site,  together  with  mega-bar  instantaneous  pressure  increase.  The 
extreme  instantaneous  temperature  and  pressure  conditions  make  nitrogen  molecules  crack  into 
active  species  at  relatively  low  temperature  possible. 

Energetic  gas  cluster  ion  beam  has  been  used  for  surface  modifications  such  as  smoothing 
and  cleaning  [5, 6, 7],  as  well  as  for  the  production  of  high  quality  thin  films.  Investigations  have 
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been  conducted  to  grow  thin  films,  such  as  Si02  dielectric  layers,  ultra-smooth  PbO  films  onto 
glass,  high  conductivity  ITO  films  onto  plastic  [8,9]  and  group-III  nitride  films  on  GaAs 
substrate  [10]  using  cluster  ion  beam.  The  source  gas  used  in  those  investigations  were  reactive 
gases,  such  as  oxygen,  C02  and  ammonia.  In  this  work,  we  use  ultra  pure  nitrogen  as  the  cluster 
beam  source  gas,  and  study  the  nitridation  of  sapphire  substrates  at  relatively  low  temperatures 
of  200-400  °C  and  the  growth  of  GaN  film. 

EXPERIMENTAL  METHODS  AND  RESULTS 

The  nitridation  and  GaN  film  growth  was  carried  out  in  a  MBE  system  with  GCIB  nitrogen 
source.  The  schematics  of  GCIB  source  and  the  process  chamber  is  shown  in  Fig.  1.  A  neutral 
cluster  jet  is  generated  by  adiabatic  expansion  of  compressed  source  gas  through  a  small  quartz 
nozzle  into  vacuum.  After  passing  through  the  skimmer,  the  cluster  enters  the  ionizer  and 
acceleration  stacks,  where  it  is  ionized  by  electron  bombardment,  and  extracted  and  accelerated 
to  the  desired  energy.  A  permanent  magnet  is  used  to  filter  out  monomers  and  dimers.  After  this 
filtering,  the  cluster  ion  beam  passes  through  a  neutralizer,  to  eliminate  possible  charging  of  the 
substrate,  before  reaching  the  substrate  surface.  The  base  pressure  of  the  process  chamber  was 
around  2X10'10  Torr.  During  the  process,  the  pressure  rises  to  ~  7X10'6  Torr.  A  Ga  effusion  cell 
was  incorporated 


Fig.  1 .  Schematic  diagram  of  Gas  Cluster  Ion  Beam  (GCIB)  assistant  GaN  growth  system 

The  energy  of  the  cluster  ions  used  in  the  nitridation  and  GaN  growth  ranged  from  15-25  kV. 
The  clusters  have  a  size  distribution  from  several  hundred  to  10,000  atoms  per  cluster,  with  the 
most  probable  size  around  1700  molecules/cluster  under  the  current  operation  condition  as 
measured  by  Time  of  Flight  (TOF)  in  a  separate  experiment.  A  movable  Faraday  cup  is  used  to 
measure  the  cluster  beam  flux.  Typical  beam  current  density  was  around  600  nA/cm  . 

a.  Sapphire  Nitridation 

Nitridation  was  carried  out  at  substrate  temperature  of  200-400  QC.  Samples  were  first 
degassed  at  400  -C  for  1  hour  before  nitridation.  The  total  cluster  ion  dose  was  1X1016  ions/cm2. 
The  nitridation  time  was  around  2  hours  per  sample.  After  nitridation,  the  samples  were 
evaluated  by  X-ray  Photoelectron  Spectroscopy  (XPS),  Atomic  Force  Microscopy  (AFM)  and 
Reflection  High  Energy  Electron  Diffraction  (RHEED)  for  their  chemical  bonding,  surface 
morphology  and  microstructure,  respectively. 


the  process  chamber,  making  GaN  growth  possible. 
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Each  of  three  samples  was  processed  at  energy  of  15,  20  and  25  kV,  respectively.  XPS  was 
used  to  study  the  surface  chemical  bonding  of  the  sample  nitridated  at  400  9C.  The  XPS  spectra 
were  acquired  at  90°  take  off  angle  with  A1  Ka  line  irradiation.  All  scans  have  been  shifted  in 
such  a  way  that  the  strongest  Cis  peak  was  at  285  eV.  High  resolution  scans  were  used  for 
individual  peak  analysis.  A  distinct  Nis  peak  was  observed  for  all  the  samples,  indicating  that 
nitrogen  was  incorporated  onto  the  sapphire  surface.  Table  1  shows  the  change  of  Njs/AEp  ratio 
with  beam  energy.  The  amount  of  surface  nitride  was  found  to  increase  with  increasing  beam 
energy.  A  sharp  increase  in  nitrogen  with  beam  energy  above  20  kV  suggests  that  the  cracking  of 
nitrogen  was  dramatically  enhanced  in  this  region. 


Table  1.  Relative  intensity  of  NWAbp  XPS  peaks  for  sapphire  substrates  nitridated  under 


Energy  (kV) 

15 

20 

25 

Nis/AEp  ratio  (%) 

0.28 

0.86 

15.45 

Fig.  2.  High  resolution  N|S  XPS  scans 

for  sample  nitridated  at  different  beam  energy. 


Specifically,  for  the  samples  treated  with  20  and  25  keV  nitrogen  beam,  the  Nis  peaks  can  be 
deconvolved  into  three  components  centered  at  396.8  eV  (Al-N  bonds),  and  399.3eV  (N-O 
bonds)  [1 1].  The  peak  at  398.6  eV  may  result  from  some  sub-stoichiometry  of  NxO.  Shown  in 
Fig.  2  are  the  high  resolution  Nis  XPS  scans  from  the  three  samples  nitridated  at  15,  20  and  25 
kV  at  400  QC.  The  much  higher  Nis/ AbP  ratio  and  the  strong  AIN  bond  shown  in  the  high 
resolution  Nis  scan  of  the  sample  nitridated  with  25  kV  beam  indicates  that  there  is  a  threshold, 
around  20  kV,  above  which  the  activation  of  molecular  nitrogen  is  enhanced.  Given  the  fact  that 
the  mass  to  charge  ratio  of  the  cluster  is  about  2000  molecules  per  cluster,  a  20  kV  beam 
indicates  that  each  nitrogen  atom  will  have  about  10  eV,  consistent  with  the  binding  energy  of 
nitrogen  molecules,  which  is  about  9.6  eV. 

RHEED  images  also  confirmed  the  change  of  surface  structure  upon  nitridation  both  in  the 
[1 1 00]  and  [21  10]  direction  of  the  c-plane  sapphire  surface.  In  Fig.  3,  the  RHEED  patterns  of 
nitridation  at  200  °C  substrate  temperature  with  15  and  25  kV  beam  are  compared.  The  sharp 
vertical  rods  seen  on  the  pattern  indicate  good  flatness  and  high  crystal  quality  of  the  nitridated 
surface.  The  broadness  of  the  diffraction  lines  suggests  that  the  AIN  film  is  very  thin  and  maybe 


99 


highly  strained.  Again,  the  sample  nitridated  with  25  kV  beam  shows  more  complete  nitridation 
from  the  RHEED  pattern. 


Fig.  3.  Comparison  of  RHEED  patterns  along  the  <1 100>  azimuth  (top)  and  <1 120>  azimuth 
(bottom)  for  sapphire  substrate  nitridated  at  25  and  1 5  kV. 

Nitridation  was  also  characterized  by  AFM  measurement.  The  original  substrate  surface  had 
a  roughness  (Ra)  of  around  1 .3  A  on  a  10  pm  scale.  After  15  kV  GCIB  nitridation,  the  surface 
roughness  went  up  to  2.9  A.  With  higher  cluster  beam  energy,  the  surface  became  rougher,  up  tc 
5.0  A  for  the  25  kV  beam  at  200  SC  substrate  temperature.  Similar  results  were  also  found  for 
400  QC  substrate  temperature  processes. 

b.  GaN  Film  Growth 

Because  of  the  large  lattice  mismatch  between  the  sapphire  substrate  and  GaN,  substrate 
nitridation  followed  by  the  deposition  of  a  low  temperature  AIN  or  GaN  buffer  layer  is  proven  to 
be  critical  for  subsequent  GaN  growth  by  MBE  and  MOCVD  methods.  At  the  current  stage,  our 
growth  of  GaN  was  limited  to  growing  these  films  on  AIN  buffers  prepared  by  plasma  assisted 
MBE  or  thick  GaN  films  grown  by  HVPE.  Growing  GaN  or  AIN  buffer  layers  directly  on  GCIB 
nitridated  sapphire  substrates  by  using  GCIB  source  is  still  under  investigation. 

Several  growth  conditions  were  tested  with  the  nitrogen  cluster  beam  ranging  from  15-25  kV 
and  Ga  cell  temperature  from  850-900  2C.  The  substrates  were  300  A  AIN  buffer  on  sapphire. 
Temperature  was  maintained  at  850  °C.  Depending  on  the  nitrogen  cluster  beam  energy  and 
current,  the  GaN  growth  rate  varied  from  ~  1000  A/hour  for  a  15  kV  beam  to  over  3000  A/hour 
at  25  kV  as  measured  by  cross  section  SEM.  It  was  noticed  that  higher  beam  energy  (>  20  kV) 
leads  to  N-rich  growth,  which  agrees  with  the  sapphire  nitridation  tests  where  we  showed  that  th< 
cracking  efficiency  of  nitrogen  is  greatly  increased  with  beam  energy  above  20  keV.  By 
increasing  the  Ga  cell  temperature  to  900  2C,  the  growth  converted  into  Ga-rich  growth. 

Fig.  4  is  the  room  temperature  CL  spectrum  of  a  GaN  film  grown  with  15  kV  cluster  beam 
and  855  eC  cell  temperature  (a),  and  20  kV  cluster  beam  and  870  2  C  cell  temperature  (b).  Since 
the  films  were  only  about  3000  A  thick,  a  5  keV  electron  beam  was  used  for  the  analysis.  Both 
spectra  show  band  edge  emission  at  around  363  nm  and  broad  yellow  emission.  The  origin  of 
such  yellow  band  emission  is  believed  to  be  related  to  native  defects  and/or  residual  impurities. 
Since  the  films  were  only  around  3000  A  thick,  the  defect  density  is  expected  to  be  high,  even 
for  films  grown  by  the  MBE  methods.  A  large  number  of  threading  defects  tend  to  annihilate  as 
the  films  get  thicker  and  we  expect  reduction  in  yellow  luminescence. 
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Fig.  4  Cathodoluminescence  analysis  of  GaN  films  grown  heteroepitaxially  on  MBE  grown  A1N- 
buffer  on  sapphire  with  GCIB  nitrogen  source. 


A  cross  section  TEM  of  the  GaN  film  grown  at  850  SC  with  15  kV  nitrogen  cluster  beam  is 
shown  in  Fig.  5.  It  is  clearly  seen  that  at  the  interface  of  AIN  buffer  layer,  the  GaN  film  has  high 
density  of  defects.  Many  of  the  dislocations  in  the  GaN  annihilate  each  other  as  they  propagate 
upwards  in  the  film.  The  defect  morphologies  are  similar  to  those  of  MBE  and  MOCVD  grown 


GaN  films. 


Fig.  5.  Cross  section  TEM  image  of  a  GaN  film 
grown  with  GCIB  Nitrogen  beam  at  15  kV. 


Wavelength  (nm) 

Fig.  6,  CL  analysis  of  GaN  films  grown 
homoepitaxially  on  HVPE  GaN  on  sapphire. 


Using  a  mixture  of  5%  NH3  in  nitrogen  as  source  gas,  GaN  films  were  also  grown 
homoepitaxially  on  5-|im  thick  GaN  “seed”  (base)  layer  on  sapphire  substrate.  The  GaN  base 
was  prepared  by  HVPE  growth.  For  GCIB  growth,  both  the  substrate  temperature  and  Ga  cell 
temperature  were  maintained  at  900  eC  during  growth  with  25  kV  cluster  beam.  The  growth  rate 
was  around  1 200  A/hour.  Most  likely  the  relatively  low  growth  rate  is  the  result  of  low  beam 
current  observed  when  using  NH3  gas  mixture.  The  beam  current  was  only  around  25%  of  that 
with  pure  nitrogen  source.  Nevertheless,  the  GaN  film  grown  under  such  condition  were  found  to 
replicate  the  GaN  templates  and  show  strong  CL  emission  at  363  nm  with  FWHM  of  9  nm,  as 
shown  in  Fig.  6.  Furthermore,  the  spectra  show  no  evidence  of  yellow  band  emission. 
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SUMMARY 

In  summary,  sapphire  nitridation  and  GaN  growth  have  been  carried  out  by  using  a  new 
nitrogen  source,  GCIB  nitrogen  cluster  beam.  Such  a  cluster  beam  has  a  high  mass  to  charge 
ratio  and  low  average  energy  per  molecule,  ~  10  eV.  Sapphire  nitridation  was  carried  out  al 
relatively  low  temperature  of  200-400  °C.  The  nitrogen  cluster  beam  energy  was  found  to  a  have 
strong  effect  on  the  amount  of  nitrogen  retained  on  the  surface  of  the  substrate.  It  was  found  thal 
there  exist  a  threshold  energy,  ~20  kV,  above  which  the  amount  of  nitrogen  bonded  with  Al  was 
greatly  enhanced. 

GaN  films  were  grown  with  nitrogen  clusters  heteroepitaxially  on  MBE  grown  AlN-buffer 
on  sapphire  and  homoepitaxially  on  5-pm  thick  HVPE  grown  GaN  on  sapphire.  The  growth  rate 
varied  between  1000-3000  A/hour,  which  was  limited  by  the  cluster  beam  current  and  energy. 
Most  of  the  GaN  film  thicknesses  grown  in  this  studies  were  around  3000  A.  We  found  that  the 
heteroepitaxial  GaN  films  showed  defect  density  similar  to  that  of  MBE  and  MOCVD  grown 
films  of  similar  thickness,  with  room-temperature  CL  emission  at  363  nm  together  with  high 
yellow  band  emission.  Whereas  there  is  no  evidence  of  yellow  band  emission  in  the  CL 
measurement  of  the  homoepitaxially-grown  GaN  films. 
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ABSTRACT 

C-pIane  oriented  thin  films  of  gallium  nitride  (GaN)  were  grown  on  both  amorphous  quartz 
substrates  and  single  crystalline  c-sapphire  substrates  at  sub-atmospheric  pressures  by  exposing 
molten  gallium  thin  films  to  electron  cyclotron  resonance  (ECR)  microwave  generated  nitrogen 
plasma.  Gallium  nitride  crystals  nucleated  from  molten  gallium  and  self-aligned  with  respect  to 
each  other  due  to  the  mobility  of  nitrogenated  gallium  and  formed  textured  film  directly  on 
amorphous  substrates.  Scanning  electron  microscopy  (SEM)  images  and  X-ray  Diffraction 
(XRD)  spectra  confirmed  the  orientation  among  crystals.  Micro-Raman  spectra  exhibited  a 
FWHM  of  3  cm'1.  Self-assembled,  nanocrystalline  GaN  thin  films  were  obtained  when  spin- 
coated  gallium  thin  films  (<  1  pm)  on  quartz  substrates  were  nitrided. 

INTRODUCTION 

Gallium  nitride  (GaN)  is  a  direct,  wide  band  gap  semiconductor  that  finds  applications  in 
light  emitting  diodes  (LED)[l-2],  laser  diodes  (LD)[3-4],  high  temperature/power  field  effect 
transistors  (FET)[5]  and  UV  optical  devices.  Since  both  GaN  substrates  and  lattice  matched 
substrates  are  unavailable,  hetero-epitaxy  on  substrates  such  as  sapphire  or  SiC  is  currently 
employed  using  metal  organic  chemical  vapor  deposition  (MOCVD)[6-7],  Molecular  beam 
epitaxy  (MBE)[8-9]  or  Hydride  vapor  phase  epitaxy  (HVPE)[10-11]  techniques.  The  lattice 
mismatch  and  different  thermal  expansion  coefficients  between  GaN  and  substrates  cause  high 
density  of  dislocations  and  stresses  in  the  film  [12-13].  Lateral  Epitaxial  Overgrowth  (LEO)  [14] 
and  Pendeo-epitaxy  [15]  have  achieved  significant  reduction  in  the  dislocation  density,  however 
homoepitaxy  on  high  quality  GaN  substrates  would  be  preferred  [16]. 

Bulk  gallium  nitride  growth  under  high  nitrogen  pressure  (~15kbars)  from  gallium  melt  has 
low  dislocation  densities  (106cm'2),  but  the  area  of  these  crystals  remains  at  about  3cm2  [17]. 
Bulk  nucleation  and  growth  of  GaN  from  gallium  melt  at  sub  atmospheric  pressure  had  been 
demonstrated  using  atomic  nitrogen  [18].  However  this  process  produced  epitaxial  growth  on 
(0001)  single  crystal  sapphire  substrate  and  has  dislocation  density  in  excess  of  10locm'2  [19]. 

Here,  we  report  a  different  approach  that  uses  low  pressure  bulk  synthesis  to  get  large  area, 
self-oriented,  high  quality  thin  film  GaN  which  avoids  epitaxy  using  either  thin  molten  gallium 
film  as  a  buffer  layer  or  directly  growing  on  an  amorphous  substrate. 

Thin  films  of  liquid  gallium  are  spread  onto  a  single  crystalline,  polycrystalline  or  amorphous 
substrate,  and  then  nitrided  in  an  ECR-MW  nitrogen  plasma  environment.  Since  nitrogen 
containing  gallium  melts  wet  solid  surfaces  very  well  [20-21],  the  flow  of  nitrided  gallium  melts 
will  allow  growing  GaN  platelets  crystals  to  self-orient  with  respect  to  each  other.  The  self¬ 
alignment  of  GaN  crystals  occurs  parallel  to  the  flow  direction  and  the  growing  platelets  join 
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together  by  Self-aSSen,bly  process  (Fig.  II.  As  mentioned  above,  this  process  is  essentially 
independent  of  substrates. 


Figurel.  The  self-oriented  growth  of  GaN  platelet  shaped  crystals  in  flowing  Ga  melts. 

F.rlier  we  demonstrated  this  concept  of  self- assembled  GaN  growth  over  bulk  pool  of 
molten  gallium  and  also  on  pyrolytic  boron  nitride  (pBN)  substrates  [22]  Here ^ ^ in^c *sapph ire 
investigation  of  this  method  on  amorphous,  fused  sthca  (quartz)  and  single  y  ‘  PP 

substrates  using  a  Boralectric™  heater  with  uniform  temperature  distribution. 


EXPERIMENT 

Fused  quartz  and  single  crystalline  e-sapphire  substrates  were  cleaned  ^ing  l^tKOH  and 
acetone  and  then  blown  dry  with  argon.  Around  10pm  thick  gallium  was  spread  onto  t 
substrates  The  experiments  were  performed  in  a  water-cooled  double  wall  vacuum  cham 
with  an  ASTeX®  Model  AX4500  ECR  plasma  source.  H:  plasma  at  room  temperature  was  u. 
for  aboufj(l minutes  to  remove  oxide.  Subdue, «l>.  .he  gallium  film  was  expose  lc >  N,  plasma 
and  heated  to900-1000“C  by  the  Boralectric  healer  lot  1  -3  hours  at  a  pressure 

About  pm  Thick  gallium  was  also  spin-coated  on  2-inches  quart,  wafers.  S.nttlarcond.hon^ 
were  perforated  except  that  the  temperature  used  lor  this  spin-coated  galhum  was  about  800  C 

nitride  filn.s  were  characterized  using  Scanning  Electron 
Microscopy  (SEM)  X-ray  Diffraction  (XRD)  and  Raman  spectroscopy  to  study  the  morphology, 
»i"an  ™a,tly.  respectively.  High  resolutmn  TEM  was  done  to  sludy  the  very  thtn  ft.m 

of  nanocrystalline  GaN . 

RESULTS  AND  DISCUSSION 

Splf-oriented  GaN  growth  on  the  amorphous  quartz  substrates 

The  film  of  gallium  on  quartz  substrates  agglomerated  into  droplets  with  a  considerable  size 
distributiorT during  ramping-up  of  the  substrate  temperature.  These  ^ " 

spread  due  to  good  wetting  characteristic  after  about  10  mmutes  at  950  C  m  nlt^“  P™™' 
Gradually,  the  nitrogenatcd  melts  covered  entire  substrate  and  eventually  formed  a i  th  g  y 
colored  film  The  X-ray  diffraction  spectrum  showed  pnmary  reflections  ot  (000 
ptS  of  wurtzhe  GaN  See  Fig.2  <u>  Thts  indicates  that  the  GaN  film  is  c-plane  textured.  SEM 
hnage  in  Fig  2(b)  also  confirmed  that  the  platelet-shaped  crystals  are  oriented  in  c-plane 

Gallium  nitride  crystals  nuclea.ed  from  molten  gallium  and  self-oriented  with  aspect  to  each 
other  due  to  the  mobility  of  molten  gallium.  Crystals  grew  laterally  and  joined  together  to  torm 
oriented  film.  The  boundaries  between  some  platelets  were  hardly  seen  due  to  comp  ele  joimn 


as  shown  in  Fig.  2(b).  The  joining  of  adjacent  crystals  was  clearly  shown  in  the  top  view  and 
cross  sectional  images  of  the  GaN  film  in  Fig.3. 


Figure  2.  (a)  XRD  spectrum  and  (b)  SEM  image  of  oriented  GaN  on  Quartz 

A  Raman  spectrum  in  Figure  4(a)  was  obtained  from  the  thin  film  on  quartz  substrates  and 
showed  predominant  E2(2)  peak  at  568  cm'1  corresponding  to  wurtzite  GaN.  This  indicates  that 
there  is  low  concentration  of  structural  defects  or  internal  stress.  The  FWHM  of  3  cm'1  of  this 
E2(2)peak  compares  very  well  with  the  reported  value  of  3.5  cm_1[23]. 


Figure  3.  Sequential  growth  of  self-oriented  GaN  film  on  Quartz  substrates 


Figure  4.  Raman  spectra  of  self-oriented  GaN  film  on  (a)  amorphous  quartz  and  (b)  sapphire 


Single  crystal  quality  GaN  on  Sapphire  substrates 

Similar  results  were  obtained  with  bulk  GaN  growth  on  single  crystalline  sapphire  substrates. 
The  gray  layer  formed  on  the  sapphire  became  transparent  after  excess  gallium  was  dissolved 
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away  in  aqua  regia.  X-ray  diffraction  spectra  in  Fig..4)  (a)  showing  dominant  peaks  of  hexagonal 
GaN  (0002)  and  (0004)  indicated  textured  GaN  film.  SEM  images  in  Fig.  5(b)  also  confirmed 
that  the  crystals  are  very  well  oriented  with  respect  to  each  other. 


Figure  5.  (a)  XRD  spectrum  and  (b)  SEM  image  of  GaN  on  sapphire  substrate. 

As  shown  by  the  SEM  image  in  Fig.5  (b).  most  gallium  nitride  platelet  shaped  crystals  grew 
and  aligned  along  the  fast  growing  direction.  Some  crystals  aligned  with  respect  to  each  other 
very  well  with  no  discernible  boundaries  between  them.  A  Raman  spectrum  in  Fig.4  (b)  also 
indicated  good  quality  of  the  resulting  wurtzite  GaN.  The  seemingly  perfect  orientation  on  the 
sapphire  substrates  could  be  due  to  two  reasons.  The  first  reason  could  be  due  to  uniform  lateral 
temperature  distribution  because  sapphire  has  higher  thermal  conductivity  (0.35w/cm-K) 
compared  to  quartz  (0.014w/cm-K).  The  second  reason  could  be  due  to  occasional  epitaxy  of 
GaN  crystals  with  sapphire  substrate.  Currently.  TEM  studies  are  being  carried  out  to  determine 
whether  there  was  any  sort  of  epitaxy  of  GaN  with  the  substrate. 


Figure  6.  Oriented  GaN  film  on  Top  of  gallium 

Very  thin  layer  of  gallium  was  found  to  be  present  in  between  the  gallium  nitride  film  and 
the  substrate  on  both  quartz  and  sapphire  substrates.  See  the  cross-sectional  SEM  images  in  Fig. 
6.  This  indicates  gallium  nitride  crystals  nucleated  out  of  molten  gallium  and  assembled  freely 
during  growth  to  form  oriented  gallium  nitride  film  which  is  independent  of  the  substrate  used. 

Nanocrvstalline  GaN  thin  film  on  Quartz  substrates 

Around  1  |im  thick  gallium  was  coated  on  a  2-inch  quartz  wafer  by  spinning  (Shown  in  Fig. 
7(a)).  A  yellowish  thin  film  formed  on  the  substrate  after  nitridation  in  ECR-MW  generated 
nitrogen  plasma  (Shown  in  Fig.  7  (b».  SEM  pictures  in  Fig.  7(c)  showed  the  size  of  the  crystals 
in  the  film  was  around  85nm.  X-ray  diffraction  in  Fig.  7(d)  indicates  the  film  is  textured.  The 
possible  reason  of  forming  nanocrystalline  GaN  is  the  high  nucleation  density  due  to  thinness  of 
molten  Ga  film. 


together  by  self-assembly  process  (Fig.  I).  As  mentioned  above,  this  process  is  essentially 
independent  of  substrates. 
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Figurel.  The  self-oriented  growth  of  GaN  platelet  shaped  crystals  in  flowing  Ga  melts. 

Earlier,  we  demonstrated  this  concept  of  self-assembled  GaN  growth  over  bulk  pool  of 
molten  gallium  and  also  on  pyrolytic  boron  nitride  (pBN)  substrates  [22].  Here  we  report  further 
investigation  of  this  method  on  amorphous,  fused  silica  (quartz)  and  single  crystalline  c-sapphire 
substrates  using  a  Boralectric™  heater  with  uniform  temperature  distribution. 

EXPERIMENT 

Fused  quartz  and  single  crystalline  c-sapphire  substrates  were  cleaned  using  hot  KOH  and 
acetone  and  then  blown  dry  with  argon.  Around  I Opm  thick  gallium  was  spread  onto  the 
substrates.  The  experiments  were  performed  in  a  water-cooled  double  wall  vacuum  chamber 
with  an  ASTeX®  Model  AX4500  ECR  plasma  source.  FF  plasma  at  room  temperature  was  used 
for  about  30  minutes  to  remove  oxide.  Subsequently,  the  gallium  film  was  exposed  to  N2  plasma 
and  heated  to  900-1000°C  by  the  Boralectric™  heater  for  I  -3  hours  at  a  pressure  of  lOOmTorr. 

About  ljim  thick  gallium  was  also  spin-coated  on  2-inches  quartz  wafers.  Similar  conditions 
were  performed  except  that  the  temperature  used  for  this  spin-coated  gallium  was  about  800 °C 
and  the  pressure  was  140mtorr. 

The  synthesized  gallium  nitride  films  were  characterized  using  Scanning  Electron 
Microscopy  (SEM),  X-ray  Diffraction  (XRD)  and  Raman  spectroscopy  to  study  the  morphology, 
orientation  and  quality,  respectively.  High  resolution  TEM  was  done  to  study  the  very  thin  film 
of  nanocrystalline  GaN. 

RESULTS  AND  DISCUSSION 

Self-oriented  GaN  grow  th  on  the  amorphous  quartz  substrates 

The  film  of  gallium  on  quartz  substrates  agglomerated  into  droplets  with  a  considerable  size 
distribution  during  ramping-up  of  the  substrate  temperature.  These  gallium  droplets  started  to 
spread  due  to  good  wetting  characteristic  after  about  10  minutes  at  950°C  in  nitrogen  plasma. 
Gradually,  the  nitrogenated  melts  covered  entire  substrate  and  eventually  formed  a  thin  gray 
colored  film.  The  X-ray  diffraction  spectrum  showed  primary  reflections  of  (0002)  and  (0004) 
planes  of  wurtzite  GaN.  See  Fig.2  (a).  This  indicates  that  the  GaN  film  is  c-plane  textured.  SEM 
image  in  Fig.  2(b)  also  confirmed  that  the  platelet-shaped  crystals  are  oriented  in  c-plane. 

Gallium  nitride  crystals  nucleated  from  molten  gallium  and  self-oriented  with  respect  to  each 
other  due  to  the  mobility  of  molten  gallium.  Crystals  grew  laterally  and  joined  together  to  form 
oriented  film.  The  boundaries  between  some  platelets  were  hardly  seen  due  to  complete  joining, 
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Figure  8.  HRTEM  images  of  the  nanocrystalline  GaN  film:  (a)  One  time  growth  sample;  (b) 
Three  times  growth  sample;  and  (c)  Three  times  growth  sample. 


CONCLUSION 

Self-oriented  GaN  films  were  obtained  by  direct  nitridation  at  low  pressures  on  both  fused 
quartz  and  single  crystalline  sapphire  substrates  covered  with  gallium  melt.  Gallium  nitride 
crystals  nucleated  out  of  the  nitrogenated  gallium  and  self-aligned  with  respect  to  each  other 
during  the  flow  of  gallium  melts  leading  to  the  self-oriented  GaN  film.  This  process  of  using  a 
very  thin  molten  gallium  layer  as  a  buffer  makes  this  process  uniquely  substrates  independent. 
Raman  active  optical  phonon  modes  were  observed  for  wurtzite  gallium  nitride  with  a  FWHM  3 
cm'1.  Nanocrystalline  gallium  nitride  thin  film  formed  on  top  of  quartz  wafer  due  to  high 


nucleation  density  in  very  thin  spin-coated  gallium.  Cross  section  HRTEM  showed  a  sharj 
interface  between  gallium  nitride  and  quartz  substrates. 

ACKNOWLEDGEMENT 

We  would  like  to  acknowledge  US  Air  Force  Research  to  fund  this  research  through  AFOSF 
Program  (Dr.Gerald  Witt)  and  NSF  for  Career  Grant  (CTS  9876251).  We  also  thank  Dr 
Apparao  Rao  at  Clemson  University  for  the  Raman  studies. 

REFERENCES 

[1]  S.  Nakamura,  M  Senoh,  T.  Mukai,  Appl.  Phys .  Lett.  62, 2390  (1993) 

[2]  H.  Morkoc,  S.  N.  Mohammad,  Science  267, 51(1995) 

[3]  S.  Nakamura,  Mat.  Sci.  Eng.  B-Solid  43,  258(1 997) 

[4]  F.A.  Ponce,  D.  P.  Bour,  Nature  386,  351  (1997) 

[5]  M.A.  Khan,  M.S.  Shur,  Mat.  Sci.  Eng.  B-Solid  46,  69(1997) 

[6]  C.  R.  Lee,  I.  -H.  Lee,  et  al.,  J.  Cryst.  Growth,  182, 1 1  (1997) 

[7]  C.  I.  Park,  K.  Y.  Lim,  et  al.,  Thin  Solid  Films  401,  60  (2001) 

[8]  M.H.  Xie,  S.Y.  Tong,  et  al.,  Phy.  Rev.  Letters,  82, 2749,  (1999) 

[9]  E.  Kim,  A.  Bensaoula,  et  al.,  J.  Cryst.  Growth,  243,456(2002) 

[10]  I.P.  Nikitina,  A.E.  Nikolaev,  Y.V.Melnik,  Diam.  Relat.  Mat.,  6,  1532(1997) 

[11]  K.  Motoki,  T.  Okahisa,  H.  kimura,  Y.  Kimagai,  H.  Seki,  J.  Cryst.  Growth,  237-239,  912 

(2002) 

[12]  S,  Porowski,  I.  Grzegoty,  J.  Cryst.  Growth,  178,  174(1997) 

[13]  L.  Liu  and  J.  H.  Edgar,  Mat.  Sci.  Eng.  R,  37,  61 ,  (2002) 

[14]  T.  S.  Zheleva,  O.  Nam,  W.  M.  Ashmawi,  J.  D.  Griffin,  R  F.  Davis,  J.  Cryst.  Growth,  222 
706(2001) 

[15]  R.  F.  Davis,  T.  Gehrke,  K.  J.  Linthicum,  T.  S.  Zheleva,  E.  A.  Preble,  P.  Rajagopal,  M 
Mehregany,  J.  Cryst.  Growth,  225,134(2001) 

[16]  A.R.A.  Zauner,  E.  Aret,  W.J.P.  van  Enckevort,  J.L.  Weyher,  S.  Porowski,  JJ.  Schermer,  J 
Cryst.  Growth,  240,  14(2002) 

[17]  S,  Porowski,/.  Cryst.  Growth,  166, 583(1996) 

[18]  J.S.  Dyck,  J.C.  Angus,  et  al.,  Appl.  Phys.  Lett.,  70,  179(1997) 

[19]  J.C.  Angus,  et  al.,  MRS  Internet  J  Nitride  research,  4S1,  G3.23  (1999) 

[20]  R.  Madar,  G.  Jacob,  J.  hallais,  R.  Fruchart,  J.  Cryst.  Growth,  31,  197(1975) 

[21]  D.  Elwell,  R.S.  Feigelson,  M.M.  Simkins,  W.A.  Tiller,  J.  Cryst.  Growth,  66, 45(1984) 

[22]  H.  Chandrasekaran,  M.  K.  Sunkara  in  GaN  and  Related  Alloys,  edited  by  J.  E.  Northrup,  J 
Neugebauer,  D.  C.  Look,  S.  F.  Chichibu,  H.  Riechert,  (MRS  Symp.  Proc.,  693,  Boston,  MA 
2001  )pp.  159-164 

[23]  C.M.  Balkas,  Z.  Sitar,  et.al ,/.  Cryst.  Growth,  208,  100(2000) 


108 


Mat.  Res.  Soc.  Symp.  Proc.  Vol.  743  ©  2003  Materials  Research  Society 


L3.12 


Raman  Mapping  and  Finite  Element  Analysis  of  Epitaxial  Lateral  Overgrown  GaN  on 

Sapphire  Substrates 


M.  Benyoucef,1  M.  Kuball,1  B.  Beaumont,2  V.  Bousquet,2  and  P.  Gibart 2. 

1  H.  H.  Wills  Physics  Laboratory,  University  of  Bristol,  Bristol  BS8  1TL,  United  Kingdom. 

2  Centre  de  Recherches  sur  l’Het6ro6pitaxie  et  ses  Applications  (CRHEA-CNRS),  Rue  Bernard 
Gregory,  Parc  Sophia  Antipolis,  06560  Valbonne,  France. 

ABSTRACT 

Using  micro-Raman  scattering  and  finite  element  (FE)  analysis,  stress  fields  in  epitaxial 
lateral  overgrown  (ELO)  GaN  fabricated  by  metalorganic  vapor  phase  epitaxy  (MOVPE)  on 
sapphire  substrates  using  a  two-step  growth  method  were  investigated.  Nearly  full  stress 
relaxation  at  the  top  ELO  GaN  surface  can  be  achieved  by  increasing  the  thickness  of  ELO  GaN 
to  about  50  pm.  Reductions  in  stress  variation  between  window  and  overgrown  regions  can  be 
achieved  by  using  a  double  ELO  GaN  growth  at  a  much  smaller  ELO  thickness.  Increased 
compressive  stress  at  the  coalescence  boundary  of  two  adjacent  wings  of  ELO  GaN  was  related 
to  the  presence  of  voids  in  this  area.  In  the  double  ELO  growth,  stress  near  the  top  surface  was 
mainly  attributed  to  the  presence  of  voids  on  top  of  the  upper  dielectric  mask. 

INTRODUCTION 

GaN  and  related  compounds  are  the  most  promising  materials  for  ultraviolet 
optoelectronics  as  well  as  high-power  electronic  devices.  Due  to  the  lack  of  large  area  GaN 
single  crystals,  the  growth  of  GaN  has  been  developed  on  foreign  substrates  such  as  sapphire, 
SiC,  and  Si.  Large  differences  in  lattice  parameters  and  thermal  expansion  coefficients  exist 
between  GaN  and  these  substrates,  which  result  in  high  defect  densities  ranging  from  109  to  1010 
cm'2  [1].  Epitaxial  lateral  overgrowth  (ELO)  has  proven  to  be  a  powerful  technique  for  reducing 
this  dislocation  density  by  3-4  orders  of  magnitude.  This  technique  allowed  the  fabrication  of 
blue  laser  diodes  (LDs)  with  lifetimes  of  10  000  hours  at  room  temperature  in  continuous  wave 
operation  [2].  The  ELO  technique  has  been  applied  in  both  metalorganic  vapor  phase  epitaxy 
(MOVPE)  [3-5]  and  hydride  vapor  phase  epitaxy  (HVPE)  [6, 7]. 

Knowledge  of  stress  fields  in  ELO  GaN  is  of  importance  for  the  understanding  of 
dislocation  generation  and  propagation  in  ELO  GaN,  and  consequently,  for  improvements  of  the 
process  procedures.  We  report  on  the  Raman  scattering  and  finite  element  (FE)  analysis  of  stress 
fields  in  ELO  GaN  substrates.  Nearly  full  stress  relaxation  can  be  achieved  by  increasing  the 
thickness  of  ELO  GaN  to  about  50  pm.  Stress  variations  between  window  and  overgrown 
regions  can  be  reduced  by  using  a  double  ELO  GaN  (D-ELO  GaN)  growth  at  a  much  smaller 
ELO  thickness. 

EXPERIMENTAL  DETAILS 

Micro-Raman  mapping  experiments  were  performed  on  single  and  D-ELO  GaN  samples 
using  a  confocal  Renishaw  micro-Raman  system,  with  the  488  nm-line  of  an  Ar-laser  as 
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excitation  source.  Micro-Raman  spectra  were  recorded  in  Z(X,.)Z  back-scattering  geometry 
from  the  top  surface  of  the  ELO  GaN.  A  50x  objective  was  used  to  focus  and  collect  the 
scattered  laser  light  with  1-2  pm  spatial  and  ~2-4  pm  depth  resolution.  Frequency  shift 
resolutions  of  better  than  0.05-0.1  cm'1  were  achieved. 

The  investigated  two-step  single  ELO  GaN  is  grown  by  MOVPE  as  follows,  illustrated 
in  figure  1  [8].  In  the  first  step,  a  2  pm  thick  GaN  layer  is  grown  at  a  temperature  of  1040QC  on  a 
sapphire  (0001 )  substrate  followed  by  depositing  a  3  nm  thick  SiN  dielectric  mask.  A  set  of 
parallel  stripes  oriented  along  the  [10T0]  direction  separated  by  windows  is  opened  in  the  mask 
using  standard  photolithography  and  etching  techniques.  Triangular  shaped-GaN  stripes  are  then 
grown  in  the  mask  openings  at  1040-C  (Figure  1  (a)).  In  the  second  step,  growth  conditions  are 
modified  to  achieve  coalescence  by  increasing  growth  temperature  to  1 120QC.  This  second  step 
of  the  process  is  characterized  by  a  slow  vertical  growth  rate  (figure  1(b)).  The  empty  volume 
between  the  triangular  GaN  seeds  formed  during  the  first  step  (figure  1(a))  is  filled  by  lateral 
extension  during  the  second  step  (figure  1  (b)).  The  dislocations  propagate  through  the  window 
first  vertically  then  bend  by  90°  (figure  1(b)).  This  results  in  large  sample  areas  with  low 
dislocation  density  (figure  1(c)).  Thickness  of  overgrowth  for  the  investigated  sample  was  about 
8  pm. 

The  studied  D-ELO  GaN  structure  was  grown  as  follows.  The  start  is  the  growth  of  single 
ELO  GaN  as  described  above.  In  the  next  step,  mask  stripes  are  fabricated  in  the  openings  of  the 
first  mask  which  are  then  overgrown  with  GaN  (a  ~6  pm-thick  GaN  film  for  the  investigated 
sample).  A  schematic  of  the  ideal  D-ELO  process  is  shown  in  figure  2.  In  all  cases  window  and 
stripe  widths  of  5pm  were  used. 


At  the  end  of  first  step 


At  an  intermediate  stage  of 
the  2nd  step 


Final  stage 

ELO  overgrown 


Figure  X:  A  schematic  of  the  two-step  single-ELO  GaN  process:  a)  at  the  end  of  first  step,  b)  at  a 
intermediate  stage  of  the  second  step,  before  coalescence.  Dashed  lines  represent  the  shape  at  the 
end  of  the  first  step,  c)  The  final  stage:  high-defect  density  GaN  (1),  low-defect  density  GaN  (2), 
coalescence  boundary  (dashed  line),  sapphire  substrate  (black),  silicon  nitride  mask  (striped). 
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Figure  2:  A  schematic  of  double  ELO  GaN. 


RESULTS  AND  DISCUSSION 
Stress  variations  in  single  ELO  GaN 

Figure  3  shows  a  line  scan  of  the  E2  frequency  obtained  by  Raman  mapping  for  the  single 
ELO  GaN.  The  inset  of  figure  3  shows  an  SEM  image  of  this  sample  near  the  coalescence 
boundary  displaying  a  void  formed  on  top  of  the  dielectric  mask.  The  Raman  spectra  were  taken 
from  near  the  top  surface.  Maxima  in  the  E2  phonon  frequency  of  «569.9  cm'1  are  evident  in  the 
window  regions  of  the  ELO  GaN.  Compressive  stress,  which  is  known  to  increase  the  E2  phonon 
frequency  [9],  is  present  and  decreases  from  the  window  to  the  ELO  GaN  wing.  In  the  ELO  GaN 
wing  a  stress  of  about  0.86  GPa  is  present  (2.9  cm'VGPa  for  biaxial  stress)  [9].  Note  that  GaN 
grown  on  sapphire  substrates  is  under  compressive  biaxial  stress.  A  difference  in  compressive 
biaxial  stress  of  Aa  ~  0.14  GPa  was  determined  from  the  E2  phonon  frequency  difference  of  0.4 
cm'1  between  ELO  GaN  window  and  overgrown  region.  Increased  stress  is  visible  at  the 
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Figure  3:  Line  scan  of  E2  phonon  frequency  of  ELO  GaN  recorded  near  the  top  surface.  The 
inset  shows  an  SEM  micrograph  of  the  void  present  at  the  coalescence  boundary  between  two 
adjacent  wings  (overgrown  region).  Its  shape  is  indicated  by  a  dotted  line. 
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coalescence  boundary  with  a  rise  in  the  E2  phonon  frequency  of  ~0.1  cm'1  corresponding  to 
compressive  uniaxial  stress  of  0.07  GPa  due  to  the  presence  of  voids  at  the  coalescence  boundary 
(inset  of  figure  3). 

Reduction  in  stress:  increasing  the  thickness  of  single  ELQ  GaN 


Studying  stress  distributions  near  the  ELO  GaN  top  surface  is  of  importance.  This  stress 
can  influence  piezoelectric  field  effects  and  therefore  the  performance  of  device  structures  grown 
on  such  areas.  In  order  to  obtain  the  optimum  ELO  thickness  to  reach  full  stress  relaxation,  finite 
element  (FE)  analysis  was  performed,  using  the  code  ABAQUS  [10].  The  simulation  applied  a 
static  thermal  load  of -1 100°C,  i.e.  the  ELO  GaN  structures  were  heated  to  1 120°C,  then  cooled 
to  room  temperature  (20°C).  More  details  about  FE  analysis  of  ELO  GaN  can  be  found  in 
[11,12],  Stress  near  the  top  surface  in  the  overgrown  region  versus  ELO  GaN  thickness  is  shown 
in  figure  4.  Stress  near  the  ELO  top  surface  decreases  with  increasing  ELO  thickness.  As 
example,  a  reduced  stress  of  ~  -0.05  GPa  near  the  top  surface  in  the  overgrown  region  was  found 
for  a  sample  with  50  pm  ELO  GaN  overgrowth,  whilst  a  significantly  larger  stress  of  ~  -0.29 
GPa  was  determined  for  a  similar  sample  with  only  8  pm  ELO  GaN  overgrowth.  This  is  on  the 
same  order  of  magnitude  as  found  for  the  investigated  single  ELO  GaN  sample  (figure  3).  ELO 
GaN  growth  of  about  50  pm  thickness  is  necessary  to  achieve  nearly  full  stress  relaxation  near 
the  top  surface. 


Figure  4:  Stress  in  the  overgrown  region  near  top  surface  as  function  of  ELO  GaN  thickness 
obtained  by  finite  element  analysis. 


Reduction  in  stress  variations:  using  double  ELO  GaN  growth 

A  large  difference  in  stress  between  window  and  overgrown  regions  was  found  for  single 
ELO  GaN  (figure  3).  An  alternative  growth  method  to  reduce  this  stress  variation  is  D-ELO-GaN 
A  schematic  of  the  ideal  D-ELO  process  is  shown  in  figure  2.  An  SEM  micro-graph  of  the 
investigated  sample  is  depicted  in  figure  5(a).  Small  voids  were  present  on  top  of  both  masks. 
Alignment  of  the  second  ELO  mask  was  approximately  achieved.  Figure  5(b)  illustrates  a  typical 


112 


Ptefanc*  liim5^  S  I 

0  5  10  15  20  25  30 


Distance  [pm] 

Figure  5:  (a)  Scanning  electron  microscopy  (SEM)  micrograph  of  double  ELO  (D-ELO)  GaN 
grown  on  sapphire  substrate,  (b)  line  scan  of  E2  phonon  frequency  of  ELO  GaN  recorded  near  the 
top  surface.  The  inset  in  (b)  shows  stress  variations  in  GPa  near  the  top  surface  obtained  by  FE 
analysis:  double  mask  with  voids  only  on  the  upper  mask  and  double  mask  without  voids. 

variation  in  E2  phonon  frequency  found  near  the  top  surface  of  the  D-ELO  GaN.  Two  maxima  in 
E2  phonon  frequency,  i.e.,  compressive  stress  within  the  10  pm  period  of  the  D-ELO  GaN  are 
visible  (marked  by  arrows),  different  in  magnitude,  repeating  with  the  D-ELO  period.  Only  a 
small  difference  in  stress  of  ~  0.04  GPa  between  the  window  (between  SiN  masks  of  upper  mask) 
and  wing  regions  (on  top  of  upper  SiN  mask)  was  found.  This  is  significantly  smaller  than  values 
of  ~0.14  GPa  for  single  ELO  GaN  (figure  3). 

To  understand  the  origin  of  the  two  maxima  in  compressive  stress  in  D-ELO  GaN,  FE 
analysis  was  performed.  Layer  thickness,  void  shapes  and  void  sizes  very  similar  to  the 
investigated  sample  were  used  in  the  simulation.  The  lower  inset  in  figure  5(b)  shows  the  result 
of  the  FE  analysis  of  a  D-ELO  structure  where  the  voids  on  top  of  the  upper  and  the  lower  mask 
were  neglected.  A  distinctly  different  stress  field  than  the  experimentally  measured  one  is  visible. 
A  FE  analysis  only  with  voids  on  the  upper  mask  was  also  performed.  The  result  of  this 
simulation  is  shown  in  the  upper  inset  of  figure  5(b).  The  graph  shows  two  maxima  in 
compressive  stress  similar  to  the  Raman  results  of  figure  5(b),  although,  more  symmetric  in 
intensity  than  experiment.  This  illustrates  that  mainly  the  presence  of  the  upper  voids  is 
responsible  for  the  stress  distribution  visible  in  the  investigated  D-ELO  GaN  sample  with  its 
characteristic  two  maxima  in  compressive  stress.  We  note  that  the  asymmetry  in  intensity  of  the 
two  maxima  was  found  to  be  induced  by  the  additional  presence  of  voids  on  the  lower  mask. 
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CONCLUSIONS 

Using  micro-Raman  scattering  and  FE  analysis,  we  have  evaluated  single  and  double 
ELO  GaN  on  sapphire  substrates.  Nearly  full  stress  relaxation  at  the  top  ELO  GaN  surface  can 
be  achieved  by  increasing  the  thickness  of  ELO  GaN  to  about  50  pm.  As  example,  a  reduced 
stress  of  ~  -0.05  GPa  near  the  top  surface  in  the  overgrown  region  was  found  for  a  sample  with 
50  pm  ELO  GaN  overgrowth,  whilst  a  significantly  larger  stress  of  ~  -0.29  GPa  was  determined 
for  a  similar  sample  with  only  8  pm  ELO  GaN  overgrowth.  Reduction  in  stress  variations 
between  window  and  overgrown  regions  can  be  achieved  by  using  a  double  ELO  GaN  growth 
method  at  a  much  smaller  ELO  GaN  thickness. 
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ABSTRACT 

Cantilever  epitaxy  of  GaN  on  sapphire  has  been  augmented  by  the  use  of  initial  facetted  GaN 
growth  on  narrow  sapphire  mesas  (<  ljim)  in  order  to  turn  remaining  threading  dislocations  from 
vertical  to  horizontal,  and  thus  reduce  the  overall  dislocation  density  at  the  surface  where  devices 
would  be  placed.  With  this  modification,  isolated  non-radiative  block-like  defect  areas  have  been 
introduced  that  hinder  optical  and  electronic  material  performance.  Here  we  characterize  these 
defects  with  microscopy,  and  show  that  they  are  arrays  of  lateral  dislocations,  with  cracks  and 
voids  along  their  centerlines.  We  deduce  that  they  result  when  tilted  GaN  is  joined  to  neighbor¬ 
ing  oriented  material.  Their  presence  is  independent  of  the  type  of  nucleation  layer  used. 

INTRODUCTION 

The  favorable  semiconductor  properties  of  GaN  make  it  an  important  material  for  optical  and 
electronic  applications.  Hetero-epitaxial  growth  of  hexagonal  GaN  results  in  a  high  density  of 
vertical  threading  dislocations  (VTDs)  that  limit  device  performance  [1].  Lateral  growth  methods 
have  been  developed  to  reduce  VTDs.  Methods  such  as  ELO  [2],  LEO  [3]  and  FACELO  [4]  seed 
vertical  GaN  growth  through  openings  in  Si02  or  Si3N4  masking  layers,  and  then  laterally  grow 
GaN  with  low  dislocation  densities  over  the  masks.  Pendeo-epitaxy  [5]  uses  mesas  patterned  into 
GaN  previously  grown  on  a  substrate  to  seed  lateral  growth  of*  material  suspended  over  trenches 
between  the  mesas;  the  suspended  GaN  also  has  low  dislocation  density.  Cantilever  epitaxy  (CE) 
[6]  was  developed  to  reduce  VTDs  by  initiating  growth  on  mesas  patterned  directly  on  (000 1 ) 
sapphire  substrate  followed  by  lateral  growth  of  GaN  suspended  over  trenches  etched  into  the 
sapphire  as  in  Fig.  1 .  CE  has  an  important  advantage  over  the  other  methods  in  that  it  requires 
only  a  single  growth  sequence  in  the  metallorganic  chemical  vapor  deposition  reactor.  Details  of 
our  growth  techniques  are  given  in  Ref.  [7].  Using  an  AIN  nucleation  layer  and  substrates  etched 
to  produce  narrow  mesas  (<1  um)  extending  in 
the  [1-100]  GaN  direction,  we  compared  CE- 
GaN  microstructures  for  two  different  initial 
vertical  growths  [8]:  1)  at  1050°C  with  nearly 
vertical  {11-20}  sidewall  facets  and  a  (0001)  top 
facet,  and  2)  at  950°C  for  slanted  {11-22}  facets 
as  in  Fig.  1.  The  temperature  was  then  increased 
to  1 100°C  for  lateral  growth  of  the  cantilevers. 

The  slanted  facets  turned  VTDs  emerging  from 
the  mesas  to  horizontal  (onto  the  basal  plane), 
giving  a  lower  overall  density  at  the  surface. 

Most  recently,  we  have  combined  a  low-VTD 
GaN  nucleation  layer  [9]  (instead  of  AIN)  with 
this  facetted  CE  growth  to  reduced  the  overall 
density  of  VTDs  to  2-3xl07/cm2  [10]. 


GaN  /{1 1-22} 


Figure  1.  Cross-section  schematic  of  CE- 
GaN  with  facetted  growth  initiated  on 
mesas  and  extended  laterally  to  form  canti¬ 
levers  over  trenches  etched  in  sapphire. 
Unwanted  GaN  also  grows  in  the  trenches. 
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Figure  2.  (a)  Scanning  broadband  CL  and  (b)  SEM  images  of  CE-GaN  grown  with  the  low-VTD 
nucleation  layer  in  an  area  with  dark-block  defects.  Image  (b)  (slightly  shifted  from  (a))  shows 
bright-contrast  ridges  in  one-to-one  correspondence  with  the  centerline  of  each  dark  defect  in  (a). 
Dark  circular  loops  are  resolved  at  some  defects  in  (a),  indicating  dislocations  bowing  laterally  in 
the  growth  plane  are  present.  Dark  lines  emerging  from  the  ends  of  the  defects  are  also  seen. 

Characterizations  of  our  CE  GaN  by  scanning  cathodoluminescence  (CL),  scanning  electron 
microscopy  (SEM),  atomic  force  microscopy  (AFM),  plan-view  transmission  electron  microscopy 
(TEM),  and  cross-sectional  TEM  (XTEM)  demonstrated  the  low  VTD  density,  but  also  found 
isolated  defect  regions.  Given  the  desirable  low  densities  achieved  with  these  methods,  it  is 
important  to  determine  the  origin  of  the  defects  and  eliminate  them.  In  Fig.  2,  CL  and  SEM  were 
done  on  the  same  area  of  CE-GaN.  The  CL  image  in  Fig.  2a  shows  dark-contrast  regions  with 
low  light  emission,  where  each  region  has  similar  width  and  a  dark  central  line  with  lines  bowing 
outward  along  the  length.  Such  non-radiating  regions  were  also  seen  in  the  earlier  material  grown 
with  facetting  and  the  AIN  nucleation  layer.  In  many  images  these  regions  are  rectangular,  and 
we  refer  to  them  as  “dark-block”  defects.  The  SEM  image  in  Fig.  2b  shows  vertical  edges  parallel 
to  the  mesas  that  have  a  one-to-one  correspondence  with  the  dark  centerlines  in  the  CL  image. 

To  diagnose  the  origin  of  these  defects,  a  facetted  CE-GaN  growth  with  low-VTD  nucleation 
layer  was  stopped  before  cantilever  coalescence  and  examined  by  SEM.  Figure  3  shows  stripes 
of  GaN  with  un-coalesced  cantilevers  centered  over  the  mesas.  Also  seen  are  dark  and  light  lines 
running  perpendicular  across  the  stripes.  An  AFM  image  of  a  dark  line  across  a  stripe  like  that 
in  Fig.  4  indicates  a  tilt  along  the  direction  of  the  mesa,  and  shows  a  step  of  120  nm  height.  This 
tilted  material  and  step  configuration  correspond  to  the  light  and  dark  lines  in  SEM. 

Figure  5  shows  a  SEM  image  taken  from  CE-GaN  grown  to  coalescence  and  cleaved.  The 
image  gives  both  cross-sectional  and  planar  views  and  shows  a  crack  at  the  coalescence.  The  left 
cantilever  is  flat  and  has  overgrown  the  right  cantilever,  leaving  a  ridge  and  crack.  The  top  of  the 
image  shows  that  the  crack  goes  along  the  cantilever  coalescence  and  ends  with  a  void.  Beyond 
the  void  there  is  flat  GaN,  and  the  image  shows  a  ridge  running  nearly  perpendicular  to  the  crack 
that  makes  the  transition  from  tilted  to  flat  GaN.  The  ridge,  crack,  and  void  accommodate  this 
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Figure  3.  SEM  image  of  GaN  cantilever/mesa 
stripes  before  coalescence.  Note  the  lines 
crossing  the  stripes,  and  in  one  instance  two 
lines  (arrowed)  with  opposite  contrast. 


Figure  4.  AFM  image  of  dark  line  across  a 
stripe  (like  that  in  the  area  outlined  in  Fig.  2), 
showing  a  120-nm  high  step. 


transition  from  flat  to  tilted  regions  and  form  a  rectangular  region  similar  to  defects  in  some  CL 
images.  Similar  cracks  along  coalescences  are  seen  in  CE-GaN  with  the  AIN  nucleation  layer. 

Both  plan- view  TEM  and  XTEM  were  used  to  characterize  the  microstructure  and  tilt  config¬ 
uration  of  dark-block  defects.  Figure  6  shows  XTEM  of  a  defected  cantilever  coalescence.  There 
is  a  partial  crack  through  the  coalescence;  in  other  instances,  cracks  extend  completely  through 
the  material.  The  left  cantilever  has  overgrown  the  right  one  and  is  30  nm  higher  than  the  right. 
The  crack  curves  to  the  right,  i.e.,  toward  the  overgrowth  direction  at  the  surface,  just  as  seen 
with  SEM  in  Fig.  5.  Centers  of  dark  contrast  are  seen  along  the  coalescence  crack  and  indicate 
strain,  and  lateral  dislocations  are  observed  in  the  cantilevers  halfway  up  and  near  the  surface. 
The  two  cantilevers  show  marked  difference  in  contrast  indicating  orientation  difference,  and 
therefore  selected  area  diffraction  (SAD)  patterns  were  obtained  from  each  side.  When  the  left 
cantilever  was  oriented  along  the  [1-100]  zone  (highly  symmetric,  centered  pattern),  the  SAD 
pattern  from  the  right  cantilever  indicated  a  1.7°  tilt  toward  the  c  direction  (vertically  in  Fig.  5). 
This  tilt  along  the  stripe  direction  that  was  also  indicated  in  the  SEM  and  AFM  images  of  Figs.  3 
and  4.  Examination  of  several  defected  coalescences  gave  tilt  differences  of  0.5-2.00  with  the 
same  direction.  Such  tilting  is  not  found  between  cantilevers  across  non-defected  coalescences. 

Isolated  dark-contrast  blocks  are  found  in  plan-view  TEM  over  large  areas.  Images  like  Figs. 
7, 8  and  9  show  that  these  blocks  are  made  up  of  lateral  dislocation  arrays  bowing  outward  from 
a  cantilever  coalescence.  These  dislocations  often  bow  laterally  as  far  as  the  next  coalescence. 
The  centerline  along  the  coalescence  is  a  crack,  at  least  partially  continuous,  and  voids  are  usually 
found  at  each  end.  Figure  8  shows  low  and  higher  magnification  views  of  the  end  of  a  dark-block 
defect.  The  line  extending  perpendicular  to  the  crack  appears  to  be  made  of  multiple  dislocations. 
The  overall  shape  of  the  defect  appears  rectangular  because  at  the  center  is  a  straight  crack  with 
the  lateral  dislocations  bowing  to  the  next  coalescence,  and  the  perpendicular  dislocations  come 
out  of  each  end.  Two  additional  dislocations  extend  outward  in  a  “Vee”  from  the  void.  Both 
they  and  the  perpendicular  dislocations  are  seen  in  the  CL  image  of  dark-block  defects  in  Fig.  2a; 
thus  we  know  they  are  inherent  defect  features  and  not  artifacts  of  TEM  specimen  preparation. 


Figure  5.  Cross-section  SEM  image  of  CE-GaN 
at  a  defected  coalescence  of  two  cantilevers. 


Figure  6.  Top:  XTEM  showing  a  crack  at  the 
coalescence  between  two  cantilevers.  Below: 
Diffraction  patterns  from  the  cantilevers;  the 
right  one  is  tilted  by  1 .7°  toward  the  c  axis. 


Figure  7.  Plan-view  TEM  of  a  dark-block 
defect  with  voids  at  each  end  and  an  array  of 
lateral  dislocations  bowing  from  centerline. 


The  general  microstructural  features  seen 
in  many  dark -block  defects  are  shown  in  the 
schematic  in  Fig.  9.  These  include  a  partially 
continuous  crack  along  the  centerline  at  a 
cantilever  coalescence  with  voids  at  each 
end,  dislocations  bowing  outward  from  the 
centerline,  and  perpendicular  and  “Vee” 
dislocations  at  the  ends.  These  features  seen 
with  TEM  are  consistent  with  all  the  defect 
features  noted  with  SEM,  AFM,  and  CL.  The 
non-radiative  defects  seen  with  CL  thus  result 
from  the  coalescence  of  a  flat  and  a  tilted 
cantilever.  Since  dark-block  defects  were 
also  observed  in  CE  GaN  grown  with  both 
GaN  and  AIN  nucleation  layers,  this  layer 
does  not  appear  responsible  for  them.  Since 
non-radiative  dark -block  defects  limit  optical 
emission  and  electronic  properties  of  GaN, 
their  elimination  can  be  expected  to  improve 
material  quality  and  device  performance. 
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Figure  8.  (a)  Plan- view  TEM  image  of  the  end  of  a  dark-block  defect  showing  lateral  dislo¬ 
cations  bowing  outward  from  the  centerline,  (b)  Enlargement  of  the  end  of  the  centerline 
showing  a  void,  a  perpendicular  defect  line,  and  dislocations  pointing  outward  in  a  “Vee”. 


Figure  9.  Plan-view  TEM  showing  two  dark-block  defects  (lower  center  and  lower  right) 
whose  dislocations  overlap  and  perhaps  interact.  Note  the  voids  at  the  ends  of  the  centerline, 
and  Vee  dislocations  and  perpendicular  defect  lines  emerging  from  the  ends.  VTDs  over 
mesas  and  at  coalescences  are  seen  in  the  upper  part  of  the  image  away  from  the  dark-block 
defects.  Some  VTDs  interact  with  a  lateral  dislocation  in  the  defect  (left  of  center). 
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Lateral  Dislocations 


Figure  10.  Schematic  of  microstructural  features  in  typical  dark-block  defects:  a  centerline 
crack  with  voids  at  each  end,  lateral  dislocations  bowing  outward,  perpendicular  dislocation 
lines  at  each  end,  and  dislocations  emerging  in  a  Vee.  These  give  an  overall  rectangular  shape. 
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ABSTRACT 

Growth  of  pendeo-epitaxial  (PE)  layers  introduces  misorientation  between  the  seed  layers  and 
the  overgrown  wing  layers.  The  origin  of  this  misorientation  has  been  studied  by  Transmission 
Electron  Microscopy  (TEM)  using  a  set  of  samples  in  which  subsequent  procedures  utilized  in 
PE  were  applied,  i.e.  growth  of  GaN  template,  stripe  etching,  annealing  at  the  growth 
temperature  of  the  PE  layers  and  final  PE  growth.  It  was  shown  that  etching  of  seed-stripes  did 
not  change  the  type  of  defects  or  their  distribution.  However,  heating  to  the  PE  growth 
temperature  drastically  modified  the  surface  and  V-shaped  pits  were  formed.  The  surface  became 
smooth  again  after  the  PE  growth  took  place.  Overgrowth  of  the  V-shaped  pits  resulted  in 
formation  of  edge  threading  dislocations  over  a  seed-stripe  region  with  a  dislocation  density  of 
8.0x1 0R  cm'2.  Formation  of  new  edge  dislocations  over  the  seed  can  have  an  influence  on  the 
misorientation  between  the  PE  grown  regions. 

INTRODUCTION 

GaN  layers  are  usually  grown  on  sapphire  or  SiC  substrates  with  either  an  AIN  or  a  GaN 
buffer  layer.  The  large  misfit  in  lattice  parameters  and  in  thermal  expansion  coefficients  results 
in  a  high  density  of  misfit  and  threading  dislocations  in  the  GaN  layers  (109-1010  cm'2).  Although 
light  emitting  diodes  with  high  efficiency  have  been  produced  despite  the  high  dislocation 
density  in  this  material,  other  applications  such  as  lasers  require  dislocation  reduction.  Methods 
to  reduce  dislocation  density  include  lateral  epitaxial  overgrowth  (LEO)  [1-3]  or  pendeo-epitaxy 
(PE)  [4-6].  Both  these  methods  result  in  a  much  lower  dislocation  density  in  the  overgrown 
areas,  but  at  coalescence  fronts  (CF)  the  dislocation  density  often  exceeds  or  is  comparable  to  the 
dislocation  density  observed  using  conventional  growth  on  SiC  or  AI2O3  substrates. 
Misorientation  (such  as  tilt/twist)  between  the  seed  and  overgrown  wings  has  been  reported  [3, 
6-8].  Typical  values  of  misorientation  are  1-2°  for  LEO  or  PE  with  mask  applied  on  the  seed- 
stripes  and  0.05-0.3°  for  mask-free  PE.  In  order  to  further  reduce  dislocations  in  material  grown 
by  PE  and  understand  what  leads  to  the  wing  misorientation,  structural  studies  were  performed 
for  each  step  of  the  PE  process  using  TEM. 

EXPERIMENTAL 

lpm  GaN  layers  were  grown  by  metalorganic  vapor  phase  epitaxy  on  6H-SiC  (0001) 
substrates  with  a  0.1  pm  thick  AIN  buffer  layer.  GaN  stripes  along  [U00]  were  fabricated  by 
etching  through  the  epitaxial  layers  into  the  substrate  with  an  inductively  coupled  plasma.  The 
stripe  width  and  the  stripe  period  were  3-5  pm  and  5-12  pm,  respectively.  Subsequent  mask-free 
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pendeoepitaxial  growth  was  performed  (Fig.  1 )  at  temperatures  between  1080  and  1 100  °C  using 
a  VAH  ratio  of  6200  and  1300,  respectively.  These  growth  conditions  resulted  in  either  coalesced 
or  uncoalesced  films.  Further  details  on  the  growth  process  can  be  found  in  [9]. 

The  set  of  samples  from  different  stages  of  PE  growth  included:  GaN  template,  followed 
by  samples  which  underwent  the  etching  procedure  to  form  the  stripes,  and  then  subsequently 
samples  where  annealing  for  10  min  at  1000  °C  and  20  Torr  under  a  mixture  of  ammonia  and 
hydrogen  was  performed.  The  annealing  atmosphere  corresponded  to  the  standard  gas  flow 
conditions  used  for  PE  growth,  whereas  the  annealing  temperature  was  slightly  lower  than  the 
PE  growth  temperature  to  limit  the  degradation  of  the  GaN  surface  due  to  decomposition.  The 
annealing  time  is  significantly  longer  than  the  time  used  to  stabilize  the  temperature  prior  to  the 
PE  growth,  and  it  is  assumed  to  be  sufficiently  long  to  simulate  the  thermal  load  on  the  stripes 
during  PE  growth.  Finally  samples  with  PE  growth  were  also  studied. 

Samples  were  studied  by  transmission  electron  microscopy  (TEM)  using  a  JEOL  3010 
and  Topcon  002B  microscopes  operated  at  300kV  and  200kV  respectively.  Cross-sectional 
samples  for  TEM  were  prepared  in  a  direction  perpendicular  to  the  seed-stripe.  A  standard  bright 
or  dark  field  method  for  determination  of  dislocation  Burgers  vectors  was  utilized. 

RESULTS  AND  DISCUSSION 

The  starting  GaN  sample  used  for  the  PE  process  had  a  smooth  surface  (Fig.2a).  Bright 
field  images  in  two-beam  conditions  obtained  for  two  perpendicular  sets  of  diffraction  vectors 
(g)  revealed  the  presence  of  pure  screw  (s)  and  pure  edge  (e)  dislocations.  Occasionally  mixed- 
type  dislocations  (m)  were  observed.  In  Fig.2a,  taken  with  g=l  120.  where  edge  and  mixed 
dislocations  should  be  in  a  contrast,  much  higher  dislocation  density  was  observed  in  the  area 
close  to  the  GaN/AIN  interface  compared  to  the  area  near  the  GaN  surface,  as  observed  earlier 
[10],  The  dislocation  density  measured  within  the  GaN  thicknesses  0<t<0.5pm  was  19xl08cm'2, 
whereas  for  thicknesses  0.5<t<1.0pm  it  was  5.4xl08cm'2. 

The  next  step  in  the  PE  process  was  etching  of  seed-stripes.  As  a  result  seed-stripes  with 
width  of  4.9pm  and  separation  of  5.5pm  were  obtained.  The  etching  did  not  change  the  GaN 
layer  thickness,  or  the  surface  morphology  and  dislocation  density  (Fig.2b). 

The  sample  with  etched  stripes  was  used  for  further  growth  of  GaN.  In  order  to  learn  if 
this  process  step  introduces  any  changes  to  the  GaN  seeds  via  the  thermal  load  during  PE 
growth,  the  sample  with  etched  stripes  was  annealed  for  lOmin  at  1000°C.  TEM  studies  of  a 
cross-section  sample  show  that  the  annealing  process  drastically  changed  the  surface 
morphology  of  the  GaN  seeds.  The  surface  became  rough  and  V-shaped  pits  were  formed.  The 
peak-to-valley  roughness  of  the  GaN  surface  was  about  150nm  (Fig.2c).  The  angle  between 
walls  of.the  V-shaped  pits  was  measured  to  be  about  60°.  This  value  is  very  close  to  the  angle  of 

PE  GaN 

GaN  seed 
AIN 

SiC 

Figl.  Schematic  diagram  of  the  pendeo-epitaxial  layer.  Dislocations  are  shown  by  vertical  lines. 
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Fig.2.  Bright  field  images  obtained  in  two  beam  condition  with  g=I120.  (a)  as  deposited,  (b) 
etched,  (c)  etched  and  annealed  samples.  Some  edge  (e)  and  mixed  (m)  dislocations  are  marked. 
Note  appearance  of  edge  dislocations  with  dislocation  lines  close  to  GaN  c-plane  in  the  annealed 
sample  (marked  by  arrows). 

56.1°  formed  between  (101 1)  and  (1011)  planes  in  GaN.  It  is  concluded  that  walls  of  the  pit  are 
formed  by  the  set  of  six  { 1011 }  planes  making  an  inverse  pyramid  with  six  fold  symmetry.  Such 
V-shaped  inverted  pyramids  are  often  observed  on  the  surface  of  GaN  layers  [11].  It  was 
suggested  [11]  that  growth  on  { 1011 }  planes  is  the  slowest  compared  to  on  { 1100},  {1210}  and 
{0001}.  It  appears  from  this  study  that  the  etching  process  on  these  planes  is  faster.  From  the 
measurement  of  the  average  layer  thickness  (0.9pm)  it  appears  that  some  loss  of  material  took 
place  during  annealing.  It  is  noted  that  a  degradation  of  the  stripe  surface  is  only  observed  for  the 
annealing  but  not  for  PE  growth.  In  the  latter  case  the  decomposition  of  the  GaN  is 
overcompensated  by  the  growth  such  that  an  atomically  smooth  surface  is  maintained  [9]. 

Dislocation  density  in  the  annealed  sample  remained  almost  the  same  at  the  area  close  to 
the  AIN  buffer  layer  (23xl08cm‘2, 0<t<0.5pm);  however  it  increased  to  the  17xl08cm'2  for  the 
thickness  region  of  0.5<t<0.9pm.  The  increase  in  dislocation  density  occurred  mainly  due  to  a 
new  type  of  defects  observed  in  the  upper  part  of  the  sample  (marked  by  arrows  on  Fig.2c).  The 
dislocations  are  in  contrast  for  g=JJ_20  and  out  of  contrast  for  g=0002  which  suggest  that  they  are 
edge  dislocations  with  dislocation  line  lying  in  the  GaN  c-plane  with  Burgers  vectors 
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Fig.3.  Cross-section  dark  field  images  from  the  PE  sample  taken  with  g-vectors  (a)  g=1120. 
different  contrast  showing  an  evidence  of  wings  misorientation,  (b)  g=0002.  There  is  a  crack 
formation  at  the  coalescence  front  (CF). 

£=1/3<H20>. 

The  final  sample,  with  PE  growth  performed,  had  a  total  GaN  thickness  of  2.26pm.  After 
the  growth  the  sample  surface  was  smooth.  There  were  no  V-shape  pits  observed.  This  suggests 
that  any  V-shaped  defects  formed  previously  were  overgrown.  Dark  field  images  (Fig.3a,b) 
taken  with  two  perpendicular  ^-vectors  (1 120  and  0002)  revealed  a  characteristic  void  and  crack 
formation  at  the  CF.  However,  it  is  not  clear  yet  if  the  cracks  were  formed  during  growth  or 
during  the  TEM  sample  preparation  procedure.  Almost  all  dislocations  observed  in  wing  areas 
were  edge  type.  The  dislocation  density  in  wing  regions  was  about  8.3x1 07cm'2,  except  for  the 
highly  defected  area  ~250nm  from  the  bottom  surface  of  the  overgrown  material.  Change  of 
contrast  along  defect  lines  from  dark  to  bright  on  the  image  obtained  with  g=1 120  suggests  that 
this  is  a  dislocation  with  line  direction  lying  in  the  GaN  c-plane  at  a  specific  angle  to  [1100]. 
Taking  into  account  absence  of  contrast  from  the  dislocations  in  #=0002  and  six  fold  symmetry 
of  (0001 )  GaN  one  can  conclude  that  this  is  Shockley  partial  dislocations  bordering  a  stacking 
fault  in  the  crystal.  Observation  of  such  defects  in  two  beams  condition  for  £=10 10  revealed  the 
contrast  from  stacking  faults.  Some  of  them  propagate  from  the  sidewall  inside  a  wing  and  are 
terminated  by  the  above-mentioned  Shockley  partial  dislocations  with  Burgers  vectors 
£=l/3<n00>  [12,13].  Some  probably  begins  at  AlN/GaN  interface  to  accommodate  mismatch  in 
c  lattice  parameters. 
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Fig.4.  Cross-section  dark  field  images  from  the  PE  sample  (seed  region)  taken  with  two 
perpendicular  g- vectors:  (a)  g=H20,  edge  and  mixed  dislocations  are  visible,  (b)  g=0002,  screw 
and  mixed  dislocations  are  visible.  Large  arrows  show  the  surface  level  for  the  seed-stripe  before 
overgrowth. 

The  difference  in  contrast  between  the  wings  in  Fig.3a  suggests  an  angular 
misorientation.  A  change  of  contrast  was  also  observed  between  the  seed  and  the  wing  (see  right 
side  of  the  Fig.3a).  This  suggests  that  the  wing  bends  with  respect  to  the  seed.  From  this  study  it 
is  clear  that  there  are  two  misorientations  in  the  sample:  one  between  the  two  wings  and  the 
second  between  a  wing  and  adjacent  seed-stripe  region.  X-ray  diffraction  indicated  a  wing  tilt  of 
0.26°  for  this  sample. 

Since  the  surface  of  the  final  sample,  where  PE  growth  was  completed,  was  smooth  over 
the  seed-stripe  suggests  that  during  the  growth  V-shaped  pits  were  overgrown.  Based  on  dark 
field  images  taken  with  two  perpendicular  g-vectors  (Fig.4a,b)  there  are  dislocations  in  the 
overgrown  seed  region.  Most  of  them  are  edge  dislocations.  The  density  of  the  edge  dislocations 
was  about  8.0xl08cm'2,  which  is  approximately  one  order  of  magnitude  more,  than  the  density  of 
dislocations  in  the  wing  areas  (8.3x1 07cm'2).  Two  large  arrows  show  the  level  of  1pm  thick  GaN 
seed  before  PE  process.  One  can  clearly  see  that  the  edge  dislocations  appear  approximately  at 
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the  level  where  V-shaped  pits  were  observed  in  the  annealed  sample.  Therefore,  these  pits 
probably  act  as  a  source  of  edge  dislocations.  Formation  of  additional  edge  dislocations,  e.g. 
inserting  (or  removing)  of  half  planes  in  the  upper  part  of  the  layer  grown  over  the  seed  would 
lead  to  the  deformation  (such  as  tilt)  of  the  adjacent  wing  areas.  Since  this  deformation  might  be 
different  in  different  areas  of  the  sample  tilt/twist  can  be  introduced  between  the  wings  and  also 
between  the  seeds  and  the  wings.  Then  it  might  affect  tilt  arising  due  to  elastic  relief  of  thermally 
induced  stress  described  in  [8]. 

It  should  be  stressed  that  edge  dislocations  observed  earlier  in  the  annealed  sample  with 
etched  seed-stripes  (marked  by  arrows  in  Fig.2c)  were  not  present  in  seed-stripe  regions  of  PE 
overgrown  sample. 

In  summary,  we  investigated  a  set  of  samples  from  at  each  step  of  the  PE  process.  It  was 
found  that  etching  of  a  GaN  layer  into  seed-stripes  does  not  change  the  layer’s  surface 
morphology,  or  the  dislocation  distribution.  However,  annealing  of  the  etched  sample  at  a 
temperature  comparable  to  GaN  growth  temperature  resulted  in  formation  of  V-shapes  pits  on 
the  surface  and  edge  dislocations  in  the  upper  part  of  the  GaN  layer.  V-shape  pits  probably  acts 
as  a  source  of  edge  threading  dislocations  observed  over  the  seed-stripe  region  in  the  PE 
overgrown  sample.  These  edge  dislocations  may  influence  observed  misorientation  at  seed/wing 
and  wing/wing  interfaces. 
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Abstract 

Most  of  the  work  done  on  GaN  has  taken  into  account  layers_grown  on  the  (0001) 
sapphire  plane.  However  one  would  expect  the  growth  on  the  (1120)  plane  to  lead  to 
different  structural  defects.  As  has  been  shown,  in  one  direction,  the  mismatch  is  rather  small. 
In  this  work,  we  have  carried  out  structural  analysis  of  nucleation  layers  grown  at 
temperatures  ranging  from  600°C  to  1 100°C.  It  is  shown  that  for  many  of  the  structural 
parameters,  such  as  the  orientation  relationships,  the  layer  morphology  and  the  nucleation 
mechanism  critically  depend  on  the  growth  temperature.  At  the  lowest  temperatures,  the 
growth  is  completely  three  dimensional  with  a  mixture  of  the  two  traditional  orientation 
relationships,  but  the  coalescence  thickness  is  small.  In  a  next  step,  the  A  orientation 
relationship  predominates  and  the  layer  roughness  tends  to  slightly  decrease.  This  orientation 
is  never  perfect,  and  there  is  always  1.5°  misorientation  to  the  same  direction  in  sapphire, 
whereas  the  B  orientation  is  always  perfect.  At  an  intermediate  temperature,  island  growth  is 
predominant,  whereas  towards  the  high  temperature  end  the  B  orientation  becomes 
predominant.  For  the  highest  growth  temperatures,  the  nucleated  layers  are  completely  flat 
and  with  the  B  orientation,  although  they  contain  a  quite  large  number  of  defects  such  as 
inversion  domains. 


Introduction 

The  growth  of  high  quality  GaN  growth  is  a  major  research  topic  for  the 
fabrication  of  commercial  devices  such  as  light  emitting  diodes  [1],  lasers[2]  and  high  power 
electronic  devices  [3].  In  the  late  eighties,  one  of  the  main  breakthrough  was  the  use  of  a  low 
temperature  nucleation  layer  to  initiate  the  growth  of  the  GaN  active  layers.  Although  the  best 
results  were  obtained  from  layers  grown  on  (0001)  sapphire,  which  exhibits  large  lattice  and 
thermal  misfits.  Due  to  the  important  potential  applications,  work  is  going  on  for  other  growth 
processes  and  new  substrates  with  some  success  [4,5].  For  some  time  now,  efforts  have  been 
going  on  in  order  to  produce  similar  quality  GaN  layers  on  (1120)  sapphire  [6].  This  was 
done  by  optimizing  the  nucleation  layer  [7]  and  even  by  moving  on  to  a  miscut  substrate 
surface,  leading  to  enhancement  of  electrical  properties,  and  layers  with  larger  mosaic  grains 
in  the  few  micron  range  [8].  Of  course,  if  we  consider  only  the  symmetries  of  the  surfaces, 
one  would  expect  rather  different  growth  of  GaN  on  such  surface  of  sapphire.  The  already 
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numerous  reports  have  shown  that  GaN  grows  along  its  six  fold  c  axis  on  top  of  the  a  surface 
which  exhibits  a  p2  symmetry[9].  The  epitaxial  relationships  are  (11  20)sap//(0001)GaN, 
[000 l]sap//[  1010  ]gbn,  whereas  [1010]sap//[l  1  2  0]GaN  inside  the  best  layers,  but  also  a  rotation  of 
90°  has  been  reported[10].  Along  these  directions,  the  differences  in  lattice  parameters  are 
quite  large,  which  suggests  a  complex  mechanism  for  lattice  matchingfll].  In  this  work,  we 
report  the  effect  of  the  growth  temperature  on  the  microstructure  of  the  nucleation  layer.  It  is 
shown  that  the  most  important  structural  parameters  depend  critically  on  this  temperature. 

Experimental 

The  investigated  layers  were  grown  by  metal  organic  vapour  phase  deposition 
(MOCVD)  in  a  vertical  reactor  consisting  of  an  inductively-heated  water  cooled  quartz  tube. 
The  sapphire  substrate  was  annealed  for  10  min  minutes  in  H2  at  high  temperature  (> 
1080°C)  before  growth.  Subsequently  the  substrates  were  cooled  down  to  the  nucleation  layer 
temperature  while  not  altering  the  other  parameters.  Seven  nucleation  layers  were  grown  for 
30  min  at  temperatures  varying  from  585  to  1100°C,  as  shown  in  table  1.  All  the  other 
parameters,  such  as  the  chamber  pressure  and  organo-metallic  fluxes,  were  kept  constant. 
The  samples  and  their  respective  temperatures  are  SI:  595,  S2:  667,  S3:  739,  S4:  812,  S5: 
884,  S6:  956,  S7:  1028,  S8:  1 100°C 

Transmission  electron  microscopy  cross-sections  of  all  the  samples  were  thinned 
down  to  100  pm  by  mechanical  grinding  and  dimpled  down  to  10  pm.  Electron  transparency 
was  achieved  by  ion  milling  at  5  kV.  TEM  and  HRTEM  observations  were  performed  on  a 
Topcon  002B  electron  microscope  operating  at  200  kV  with  a  point-to-point  resolution  of 
0. 1 8  nm. 

Results 

Systematic  optical  microscopy  observations  show  either  continuous  layers  or  islands  at  the 
sapphire  surfaces.  Inside  the  transmission  electron  microscope  the  different  microstructures 
become  more  obvious.  As  can  be  seen  on  figure  1,  recorded  along  the  [1 120]  for  sample  SI, 
there  is  a  huge  surface  roughness  and  almost  polycrystallinc  growth.  The  two  epitaxial 
relationships  A:  [  1 010 ]sj,p/[  1 120 ]ghn  and  B:  [  1 010  ]sap[  1 010  ]GaN  are  equally  present.  However, 
the  B  epitaxial  relationship  is  never  perfect,  and  the  islands  always  have  a  small 
misorientation  (1-4°). 


Figure  1.  Morphology  of  the  595°C  nucleation  layer,  large  roughness  and  polycrystalline 
growth,  with  slight  predominance  of  the  A  epitaxial  orientation  relationship 
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When  the  nucleation  temperature  is  increased  to  667°C,  the  layer  is  continuous  and  the 
surface  has  a  smother  morphology  in  comparison  to  the  lower  temperature  sample  shown  in 
figure  1.  The  B  epiaxial  relationship  is  the  only  present  in  the  observed  areas.  The  next 
observed  sample  is  S3  deposited  at  739°C.  In  this  case,  there  is  again  a  mixture  of  the  A  and 
B  orientation  relationships  in  a  complex  fashion:  a  layer  can  start  to  grown  with  the  epitaxial 
relationship  A,  and  finish  in  B  (figure  2) 


Fig.  2:  Voids  at  the  GaN/sapphire  interface  and  mixture  of  A  and  B  epitaxial  relationships 

At  the  interface,  voids  are  visible  and  many  of  them  form  at  boundaries  between  A  and  B 
oriented  crystallites.  When  the  nucleation  temperature  is  increased  further,  there  is  no  more 
coalescence;  from  S4  to  S6,  we  have  a  completely  three  dimensional  growth.  At  the  lowest 
temperatures  (S4),  there  is  some  lateral  growth  which  may  be  connected  to  the  voids  as  shown 
on  figure  2.  The  center  of  island  has  the  largest  densities  of  defects  and  the  sides  are  almost 
defect  free  towards  the  top  of  the  islands  (fig.  3).  There  is  a  mixture  of  the  two  predominant 
oreintations,  but  the  B  orientation  is  always  a  few  degrees  off  (1-2). 


Fig.  3:  Lateral  growth  in  sample  S4.  The  center  of  the  island  contains  the  largest  defect 
density 

At  the  next  higher  temperature  (S5),  the  growth  is  still  three  dimensional,  but  the  island 
morphology  changes  completely.  The  growth  rate  along  the  [0001]  direction  is  still  high  but 
lateral  growth  becomes  competitive  as  well,  and  the  {1011  {facets  terminate  the  sides  of  the 
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islands  (fig.  4).  We  now  have  the  highest  and  largest  islands  in  this  series,  where  nucleation 
only  takes  place  at  limited  sites,  thereby  delaying  coalescence. 


Fig.  4:  Lateral  island  growth  in  samples  S6. 

Towards  the  centers  of  these  flat  islands,  inversion  domains  are  present.  When  the 
temperature  is  increased  further,  the  growth  along  the  c  axis  slows  down  and  the  lateral 
extension  which  dominates  is  compensated  by  a  large  decrease  in  the  island  height  as  shown 
in  figure  5  taken  from  sample  S6.  Again  the  island  is  limited  by  the  top  (0001)  surface  and 
the  side  {1011  {facets,  and  also  contains  inversion  domains.  Moreover,  closer  examination  of 
the  interface  shows  that  at  these  high  temperatures,  a  2  nm  interface  layer  was  formed 
between  the  GaN  and  the  sapphire.  This  layer  has  the  same  structure  as  the  nucleated  GaN 
with  a  lighter  contrast.  It  is  not  atomically  abrupt,  meaning  that  at  these  deposition 
temperatures,  some  reaction  took  place  between  the  nitrogen  and  the  substrate  so  that  a  layer 
rich  in  A1  has  formed.  Further  work  is  in  progress  in  order  to  determine  its  composition. 


Fig.  6  The  GaN/sapphire  interface  layer  in  sample  S6.  The  interfacial  reaction  layer  is 
marked  by  arrows 
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At  these  temperatures,  only  the  A  epitaxial  orientation  forms,  but  often  with  a  small 
misorientation.  At  the  highest  investigated  temperature  S7,  the  growth  has  given  rise  to  a 
continuous  thin  layer  with  a  perfect  A  orientation  relationship  as  shown  on  figure  7.  The 
grown  layer  is  flat  with  inversion  domains  which  originate  from  the  sapphire  surface  and 
cross  the  whole  GaN  layer  to  the  surface. 


Fig.8  The  flat  and  continuous  GaN  layer  grown  at  1 100°C  with  inversion  domains 


A  close  examination  of  the  interfacial  area  shows  that  there  is  also  an  intermediate  layer. 
Again  its  boundaries  are  not  abrupt  and  it  is  much  more  well-defined  than  in  the  1028°  (S6) 
sample.  Its  thickness  is  larger  (up  to  3nm)  and  has  the  same  structure  than  the  overgrown 
GaN. 

Conclusion 

This  investigation  finds  that  the  nucleation  of  GaN  on  ( 1 120 )  sapphire  critically  depends  on 
the  growth  temperature.  As  reported  on  figure  8,  the  fastest  growth  is  obtained  at  intermediate 
temperatures  where  we  have  the  smallest  coverage  of  the  substrate  surface  and  a  solely  three 
dimensional  growth  mode  on  isolated  spots  of  the  sapphire  surface.  Three  temperature 
domains  can  be  pointed  out  Dl:  550-700,  D2:  700-950,  D3:  950-1 100°C.  D1  and  D3  are 
characterised  by  a  decrease  in  growth  rate  which  results  in  the  formation  of  continuous  layers. 


Fig.  8  Film  thickness  versus  nucleation  temperature. 
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D2  is  characterized  by  a  fast  3  dimensional  growth  mode  and  the  formation  of  islands,  whose 
height  increases  with  the  temperature.  It  interesting  to  note  that  within  D2  the  voids  as  seen 
on  figure  2,  and  that  lateral  facets  on  figure  3  are  characteristic  features  of  the  growth.  It 
seems  the  number  of  nucleation  sites  in  D2  are  rather  smaller  than  in  DI,  and  that  the 
deposited  GaN  contributes  to  the  growth  mostly  along  the  c  axis,  although  the  (0001)  plane  is 
not  completely  settled  in  order  to  limit  this  vertical  growth  mode  as  seen  on  figure  3.  Just 
below  1000°C,  although  we  still  have  a  3D  growth  mode,  the  (10U)  orientation  is  quickly 
established  and  the  lateral  growth  takes  over  with  the  (0001)  becoming  the  limiting  plane. 
This  growth  mechanism  leads  to  the  formation  of  a  completely  well-oriented  and  continuous 
layer  at  the  highest  investigated  growth  temperature. 
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ABSTRACT 

The  majority  of  GaN  films  and  related  devices  have  been  grown  along  the  polar  [0001] 
direction,  and  epitaxial  growth  along  non-polar  directions  has  received  much  less  attention.  In 
this  paper  we  report  the  study  of  material  properties  of  GaN  and  AIGaN/GaN  multiple  quantum 
wells  (MQWs)  deposited  on  R-plane  (10-12)  sapphire  substrates  using  RF  plasma-assisted 
molecular  beam  epitaxy  (MBE).  In  this  growth  direction,  Ill-Nitrides  grow  along  the  non-polar 
[11-20]  direction,  with  the  c-axis  in  the  plane  of  growth.  Various  nucleation  steps  such  as  surface 
nitridation,  as  well  as  GaN  and  AIN  buffer  layers  were  investigated.  Our  results  indicate  that 
surface  nitridation  of  R-plane  sapphire  is  an  undesirable  nucleation  step,  contrary  to  what  has 
been  observed  in  the  case  of  (0001)  sapphire.  The  AIN  buffer  layer  leads  to  well-oriented  films 
along  the  [1 1-20]  direction  with  many  threading  defects  and  faceted  surface  morphology  whereas 
the  GaN  buffer  leads  to  the  formation  of  mis-oriented  domains  close  to  the  buffer  region. 
However,  these  domains  are  overgrown  and  the  films  have  smoother  surface  morphology  with 
fewer  threading  defects.  These  structural  findings  are  supported  by  photoluminescence  and  Hall 
effect  measurements  done  on  the  same  films.  Photoluminescence  (PL)  measurements  of  (1 1-20) 
AIGaN/GaN  MQWs  show  much  higher  intensity  than  for  similar  structures  grown  on  the  C- 
plane  sapphire,  consistent  with  the  absence  of  internal  fields  in  the  non-polar  direction. 


INTRODUCTION 

The  majority  of  epitaxial  growth  of  Ill-Nitride  material  and  devices  was  achieved  along 
the  [0001]  direction  by  growing  on  (0001)  sapphire  and  6H-SiC  substrates  [1].  This  direction  of 
growth  is  polar,  due  to  the  non-centrosymmetric  nature  of  the  wurtzite  structure.  Recently,  there 
have  been  reports  on  the  growth  of  GaN  and  related  MQWs  along  the  [1-100]  direction  on  (100) 
LiAlCb  [2],  There  are  also  a  few  reports  on  the  growth  of  GaN  along  the  [11-20]  direction  using 
(10-12)  sapphire  substrates  [3-4].  These  reports  indicate  more  intense  PL  intensity  from  MQW 
structure  grown  along  non-polar  directions,  compared  to  those  grown  along  the  polar  direction. 
These  findings  are  consistent  with  the  elimination  of  internal  fields  due  to  polarization  effects. 

In  this  paper  we  report  a  detailed  study  on  the  growth,  microstructure  and  optoelectronic 
properties  of  GaN  films  and  AIGaN/GaN  MQWs  grown  on  the  R-plane  sapphire  substrate  using 
various  nucleation  steps. 
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EXPERIMENTAL  METHODS 


The  GaN  films  and  AIGaN/GaN  MQWs  were  grown  on  R-plane  sapphire  substrates  by 
R.F  plasma-assisted  MBE.  The  deposition  system  consists  of  a  Varian  Gen-II  unit,  which 
employs  standard  effusion  cells  for  group  III  elements  and  dopants  and  Applied  Epi  Uni-bulb  RF 
plasma  source  for  nitrogen  activation.  Nitridation  of  the  substrates  was  carried  out  at  600  °C  at 
450  watts  of  RF  power  in  the  plasma  source  for  20  mins.  The  GaN  buffer  (approx.  50nm)  was 
deposited  at  600  °C,  and  the  AIN  buffer  (approx.  35nm)  was  deposited  at  750  °C.  The  bulk  films 
and  MQWs  were  deposited  at  770  °C  using  the  same  power  in  the  RF  discharge.  Some  of  the 
films  were  doped  with  Si  while  others  were  unintentionally  doped  n-type. 

The  films  were  characterized  insitu  by  RHEED  and  exsitu  by  atomic  force  microscopy 
(AFM),  X-ray  diffraction  (XRD).  transmission  electron  microscopy  (TEM),  photoluminescence 
(PL)  and  cathodolummescence  (CL)  and  Hall  effect  measurements.  AFM  was  done  using  a 
Nanoscope  III  in  the  tapping  mode.  XRD  was  carried  out  in  a  four  circle  diffractometer  and 
TEM  observations  used  a  JEOL-4000EX  high-resolution  electron  microscope  operated  at  400 
keV.  The  PL  was  excited  with  a  He-Cd  laser  and  CL  was  done  using  a  Oxford  mono  CL2 
system.  Hall  effect  measurements  were  made  using  the  standard  Van-der-Pauw  method  with 
soldered  indium  contacts. 


EXPERIMENTAL  RESULTS  AND  DISCUSSIONS 

The  R-plane  sapphire  substrates,  after  outgassing  at  800  °C,  were  examined  by  reflection 
high-energy  electron  diffraction  (RHEED)  with  the  electron  beam  along  various  azimuths.  The 
results  indicated  that  the  substrate  surface  was  smooth  and  of  good  crystallinity. 

A.  Investigation  of  Bulk  GaN  films 

A  number  of  GaN  films  were  grown  using  an  AIN  or  a  GaN  buffer  as  described 
previously.  In  some  of  these  films  the  substrate  was  nitridated  and  some  it  was  not  nitridated. 
This  study  was  intended  to  investigate  the  role  of  nitridation  as  well  as  the  nature  of  buffer 
during  growth  on  this  substrate.  Figure  1  shows  the  6-20  XRD  scans  for  two  Si-doped  GaN  films 
using  an  AIN  buffer.  One  of  the  films  (Fig. la)  was  grown  without  nitridation,  while  the  other 
(Fig. lb)  was  grown  with  nitridation.  In  both  cases,  GaN  was  grown  in  the  (11-20)  plane,  as 
indicated  by  the  diffraction  peak  at  26  =  57.7°.  However,  the  FWHM  of  the  (1 1-20)  GaN  peak  in 
Fig. lb  is  six  times  narrower  than  the  corresponding  peak  in  Fig. la.  These  results  are  analyzed 
using  Scherrer’s  formula.  According  to  this  formula,  the  FWHM  of  the  peak  is  given  by: 

S  0= - — - vc  tan  0  (1) 

2  DC  os  0 

Where,  X  =  Wavelength  of  X-rays  used  ( 1 .54  A) 

D  =  Average  size  of  domain 
Gin  =  Inhomogeneous  strain 
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According  to  Eq.l,  the  narrower  FWHM  of  the  film  with  the  nitridated  substrate,  can  be 
accounted  for  either  by  larger  domain  size  or  smaller  inhomogeneous  strain  in  these  films. 
However,  according  to  Fig.  1,  the  (11-20)  peak  occurs  at  the  same  angle  suggesting  that  the 
inhomogeneous  strain  is  approximately  the  same  in  both  films.  Thus  it  appears  that  nitridation 
promotes  larger  domain  sizes.  The  FWHM  of  the  on-axis  rocking  curve  of  the  (1 1-20)  GaN  peak 
for  the  film  grown  without  nitridation  was  found  to  be  590  arcsec  and  that  with  nitridation  was 
found  to  be  1000  arcsec.  This  result  suggests  that  although  nitridation  promotes  larger  grain 
size,  the  domains  are  more  mis-oriented  with  respect  to  the  substrate. 
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Figure  1  -  0-20  XRD  scans  of  Si-doped  GaN  films  grown  on  R-plane  sapphire  with  AIN  buffer, 
(a)  Film  grown  without  substrate  nitridation;  (b)  Film  grown  with  substrate  nitridation. 

Room  temperature  PL  spectra  of  the  films  described  in  Fig.  1,  measured  under  identical 
conditions,  are  shown  in  Fig.  2.  The  data  from  both  samples  show  a  single  peak  at  364  nm  with 
FWHM  of  about  9nm.  However,  the  PL  intensity  is  significantly  larger  for  the  film,  which  was 
grown  on  the  non-nitridated  substrate,  which  is  consistent  with  the  narrower  rocking  curve  for 
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this  sample.  Correspondingly,  the  Hall  effect  measurements  show  that  the  films  grown  on  non- 
nitridated  substrates  show  higher  electron  mobilities  for  the  same  carrier  concentration. 

We  conclude  from  these  results  that  nitridation  of  the  R-plane  sapphire  does  not  have  the 
same  beneficial  effects  in  the  growth  of  GaN  as  it  does  in  C-plane  sapphire.  We  attribute  this 
result  to  the  fact  that,  unlike  the  C-plane  sapphire,  which  is  terminated  by  oxygen  atoms,  the  R- 
plane  sapphire  substrate  is  terminated  by  a  mixture  of  oxygen  and  nitrogen  atoms  [5]. 


Wavelength(nm) 


Figure  2  -  PL  Spectra  of  GaN  film  grown  on  R-plane  sapphire  substrate  on  AIN  buffer. 

The  eftect  of  the  AIN  or  GaN  buffers  on  the  growth  of  GaN  films  was  investigated  by 
detailed  electron  microscopy  studies.  Figure  3  shows  cross-sectional  TEM  images  of  Si-doped 
GaN  films.  The  sample  in  Fig.  3a  was  grown  using  a  GaN  buffer,  whereas  the  sample  in  Fig.  3b 
was  grown  using  an  AIN  buffer  layer.  It  is  clear  from  Fig.  3b  that  the  AIN  buffer  layer  is  not  flat, 
and  the  top  GaN  surface  is  faceted  with  a  relatively  large  number  of  threading  defects  all  the  way 
through  the  GaN  film.  In  contrast  to  the  sample  in  Fig  3b,  the  sample  in  Fig.  3a  has  relatively  flat 
top  surfaces  and  much  fewer  threading  dislocations.  Similar  observations  were  made  by  Craven 
and  co-workers  [6],  It  is  important  to  note  that  competing  growth  directions  are  nucleated  at  the 
substrate  in  the  case  of  the  sample  with  the  GaN  buffer  (Fig.  3a)  and  the  domains  are  mis- 
oriented  with  respect  to  each  other,  wrhereas  the  sample  with  the  AIN  buffer  shows  well-oriented 
domains,  in  spite  of  the  large  number  of  defects.  These  results  are  well  supported  by  our  Hall 
effect  and  PL  results.  The  mobility  for  the  film  with  the  GaN  buffer  is  almost  40  times  larger  and 
the  PL  intensity  is  3  times  greater  than  the  film,  which  had  the  AIN  buffer  layer.  Preliminary 
XRD  results  show  that  films  with  an  AIN  buffer  have  several  orders  of  magnitude  higher 
intensity  than  films  with  the  GaN  buffer,  which  is  consistent  with  the  TEM  results. 
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Figure  3  -  Cross  sectional  TEM  images  of  Si-doped  GaN  films:  (a)  Film  grown  with  GaN 
buffer;  (b)  Film  grown  with  AIN  buffer. 


B.  Investigation  of  AlGaN/GaN  MQWs 


As  mentioned  earlier,  Ill-Nitride  materials  and  devices  grown  in  the  polar  [0001] 
direction  exhibit  spontaneous  and  piezoelectric  polarization  due  to  the  non-centrosymmetric 
nature  of  the  crystal.  The  [1 1-20]  direction  of  GaN  is  a  non-polar  direction  and  materials  grown 
in  this  direction  would  be  devoid  of  internal  fields  arising  due  to  polarization  effects.  To 
investigate  the  effect  of  polarization  fields  on  the  recombination  mechanisms,  AlGaN/GaN 
MQWs  were  grown  along  the  [0001]  and  [11-20]  directions. 
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Figure  4  -  Comparison  of  room  temperature  CL  from  MQWs  grown  on  R-plane  and  C-plane 
sapphire  substrates. 

The  structure  grown  on  C-plane  sapphire  substrate  was  grown  on  top  of  5  pm  thick  HVPE 
(Hydride  vapor  phase  epitaxy)  grown  GaN  and  the  structure  grown  on  R-plane  sapphire  was 
grown  on  2  pm  thick  MBE  grown  GaN.  Both  had  10  periods  of  Alo.1Gao.9N/GaN  MQWs  with  a 
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barrier  width  of  75  A  and  well  width  of  75  A.  Figure  4  shows  a  comparison  of  the  CL  fron 
MQWs  grown  on  C-plane  and  R- plane  sapphire  substrates.  The  CL  intensity  from  the  MQW; 
grown  on  R-plane  sapphire  was  found  to  be  2  times  greater  than  the  MQWs  grown  on  C -plant 
sapphire.  This  difference  is  in  spite  of  the  fact  that  the  structure  on  C-plane  was  grown  on  a  thicl* 
HVPE  GaN  layer,  which  reduces  the  defect  density  significantly  and  the  barriers  had  a  smal 
percentage  of  In,  which  has  been  observed  to  improve  the  luminescence  intensity  by  a  factor  of  t 
[7].  The  higher  CL  intensity  can  be  attributed  to  the  effect  of  built-in  electric  fields,  which  cause; 
charge  separation  in  the  quantum  wells,  hence  reducing  the  radiative  transition  probability  [8] 
The  emission  from  the  MQWs  grow'n  on  R-plane  sapphire  shows  a  peak  at  360. 5nm  with  i 
FWHM  of  llnm,  and  the  one  grown  on  C-plane  sapphire  shows  a  peak  at  365. 5nm  with  < 
FWHM  of  12nm.  The  peak  emission  from  the  structure  grown  on  C-plane  (365. 5nm)  is  found  tc 
be  red-shifted  compared  to  the  structure  grown  on  R-plane  (360. 5nm).  This  difference  can  bt 
attributed  to  the  absence  of  quantum-confined  Stark  Effect  (QCSE)  in  MQWs  grown  on  R-plant 
sapphire  substrates  [9] 


CONCLUSIONS 

GaN  and  AlGaVGaN  MQWs  were  grown  on  R-plane  sapphire  substrates.  Surface 
nitridation  of  R-plane  sapphire  causes  the  domains  to  be  mis-oriented  with  respect  to  the 
substrate,  decrease  the  electron  mobility  and  decrease  the  PL  intensity,  although  it  promotes 
larger  grain  size.  Use  of  a  GaN  buffer  results  in  better  mobility,  higher  PL  intensity  and  lowei 
number  of  threading  defects  compared  to  films  grown  on  AIN  buffer  layer.  CL  intensity  o: 
AlGaN/GaN  MQWs  grown  on  R-plane  sapphire  was  found  to  be  significantly  higher  than  thost 
grown  on  C-plane  sapphire. 
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ABSTRACT 

Aluminum  nitride  (AIN)  has  been  grown  on  6H-silicon  carbide  (SiC)  substrates  with  the 
non-polar  (1120)  face  using  rf  plasma-assisted  molecular-beam  epitaxy  (rf-MBE).  Reflection 
high-energy  electron  diffraction  (RHEED)  revealed  that  AIN  and  6H-SiC  (1120)  had  an  exact 
epitaxial  relationship,  i.e.,  [11  20]ain||[1  1 20]stc  and  [000 1  ] ain 1 1 [000 1 ] sic-  From  the  result  of 
microscopic  Raman  scattering  spectroscopy,  the  stacking  structure  of  the  AIN  epitaxial  layer  was 
suggested  to  be  a  2H  structure,  not  a  6H  structure.  A  directly  grown  AIN  layer  and  layer  with 
AIN  low-temperature  (LT)  buffer  layer  were  investigated  based  on  atomic  force  microscopy 
(AFM)  and  X-ray  diffraction  (XRD). 

INTRODUCTION 

AlN/SiC  structures  are  of  current  importance  for  the  development  of  high-temperature 
electronic  devices.  In  most  cases,  epitaxial  growth  of  AIN  on  SiC  is  carried  out  on  commercially 
available  on-  or  off-axis  (0001)  substrates  and  extensive  studies  of  the  growth  mechanism  and 
crystalline  structure  are  performed  [1,2]. 

Recently,  SiC  substrates  with  the  non-polar  (1 120)  face  are  shipped  from  some  companies. 
Exploring  a  new  crystal  face  is  very  important  to  expand  the  design  of  the  device  structure  and  to 
develop  new  functional  devices.  In  addition,  to  investigate  the  growth  and  structure  of  AIN  on  a 
non-polar  SiC  substrate  is  scientifically  interesting. 

In  this  study,  AIN  growth  on  6H-SiC  (1120)  substrates  has  been  performed  by  rf 
plasma-assisted  molecular-beam  epitaxy  (rf-MBE).  AIN  epitaxial  layers  were  investigated  by  in 
situ  reflection  high-energy  electron  diffraction  (RHEED),  atomic  force  microscopy  (AFM), 
X-ray  diffraction  (XRD)  and  microscopic  Raman  scattering  spectroscopy.  The  epitaxial 
relationship  between  AIN  and  6H-SiC  (1120)  and  the  polytype  of  the  AIN  layer  were  examined. 
A  direct  growth  and  two-step  growth  using  an  AIN  low-temperature  (LT)  buffer  layer  were 
comparatively  studied. 


139 


EXPERIMENTAL  DETAILS 


The  substrates  used  in  this  study  were  6H-SiC  wafers  with  the  (1 120)-vicinal  face  from 
Nippon  Steel  Corporation.  AIN  epitaxial  layers  were  grown  in  an  MBE  chamber  equipped  with  a 
standard  effusion  cell  for  A1  evaporation  and  an  EPI  Unibulb  rf  plasma  cell  for  producing  active 
nitrogen  (N  ).  The  substrate  was  thermally  cleaned  at  1000  C  for  30  min  in  an  ultrahigh  vacuum 
of  10  Torr,  and  then  an  AIN  layer  was  directly  grown  at  1000  C.  Details  of  the  growth  condition 
were  reported  in  [3].  In  a  two-step  growth,  a  20-nm-thick  AIN  LT  buffer  layer  was  grown  at 
600  C  prior  to  the  1000  C  -growth  mentioned  above.  The  total  thickness  of  AIN  layers  ranged 
from  0.4  to  1 .0  jam. 

DISCUSSION 

Figure  1(a)  shows  the  RHEED  pattern  of  a  6H-SiC  (1120)  substrate  with  the  [0001]  azimuth. 
At  the  initial  stage  of  the  direct  growth,  a  spotty  pattern  of  AIN  was  observed  for  several  minutes, 
probably  due  to  three-dimensional  island  growth.  After  approximately  5  min,  the  pattern  changed 
to  streaky  one,  indicating  two-dimensional  growth.  Figure  1(b)  shows  the  RHEED  pattern  with 
the  same  azimuth  after  the  AIN  growth.  In  view  of  RHEED  indices,  the  pattern  shown  in  Fig. 
1(b)  is  that  of  wurtzite  (2H)  AIN  (1120)  with  the  [0001  ]  azimuth,  clearly  indicating  that  AIN  and 
6H-SiC  (112  0)  have  an  exact  epitaxial  relationship,  i.e.,  [1 1  2  0]Ain||[1  1  2  0]SiC  and 
[000 1  ]ain||[000  1  ]sic  The  RHEED  pattern  of  AIN  with  a  LT  buffer  layer  was  similar  to  that  shown 
in  Fig.  1(b). 


[000 1  ]  azimuth  T  sub  1 000  C 


(a)  Before  growth  (t>)  After  growth 

6H-SiC  (1 120)  2H-A1N  (1120) 

Figure  1.  RHEED  patterns  during  direct  growth  of  AIN.  (a)  6H-SiC  (1120)  surface,  (b)  AIN 
surface  after  growth  (360  nm). 
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rms  roughness  0.98  nm  rms  roughness  0.61  nm 

lpmxlpm  ljimxlpm 

(a)  (b) 

Figure  2.  AFM  images  of  360-nm-thick  AIN  epitaxial  layers  without  (a)  and  with  (b)  LT  buffer 
layer  grown  on  6H-SiC  (1 120)  substrates. 

Figures  2(a)  and  2(b)  show  the  AFM  images  of  360-nm-thick  AIN  epitaxial  layers  without 
and  with  a  LT  buffer  layer  grown  on  6H-SiC  (1120)  substrates.  The  surface  of  AIN  with  a  LT 
buffer  layer  was  smoother  than  that  without  a  LT  buffer  layer.  Although  the  surface  roughness  of 
these  AIN  layers  was  relatively  small  (rms  roughness  <  1  nm),  many  elongated  surface  defects 
expanded  along  the  [1100]  direction  of  the  6H-SiC  substrates.  Since  these  elongated  defects  were 
not  observed  on  the  substrates  before  AIN  growth,  they  are  probably  due  to  the  formation  of 
stacking  faults  during  the  growth. 

Figures  3(a),  (b)  and  3(c),  (d)  show  the  XRD  20/co  scan  curves  of  360-nm-thick  AIN  epitaxial 
layers  without  and  with  a  LT  buffer  layer  grown  on  6H-SiC  (1120)  substrates.  Two  different 
X-ray  incidence  geometries  perpendicular  to  the  [1100]  direction  ((a),  (c))  and  parallel  to  the  [11 
00]  direction  ((b),  (d))  were  examined.  The  XRD  measurements  were  performed  with  a  triple 
crystalline  X-ray  diffractometer.  A  Cu  Kai  line  (A,=l. 540562  A)  was  selected  using  a  channel  cut 
Ge  (220)  monochromator,  and  an  open  detector  condition  was  used.  A  diffraction  peak  from  the 
AIN  (1120)  plane  (20  angle~59.3°)  was  evidently  confirmed,  which  agrees  with  the  result  of 
RHEED  observation.  Any  diffraction  peaks  from  the  AIN  (0002)  plane  (20  angle~36.0°)  were 
not  detected,  indicating  that  there  is  no  AIN  domain  grown  toward  the  [0001]  direction.  The  peak 
intensities  of  AIN  with  a  LT  buffer  layer  ((c),  (d))  were  almost  one  order  of  magnitude  larger 
than  those  without  a  LT  buffer  layer  ((a),  (b)).  AIN  with  a  LT  buffer  layer  had  a  smaller  full  width 
at  half  maximum  (FWHM)  of  (1120)  diffraction  than  AIN  without  a  LT  buffer  layer.  It  suggests 
that  using  a  LT  buffer  layer  enhanced  the  crystalline  quality  of  AIN  grown  on  a  6H-SiC  (1120) 
substrate.  The  AIN  (1120)  diffraction  peaks  in  the  X-ray  incidence  geometry  perpendicular  to  the 
[1100]  direction  ((a),  (c))  were  considerably  weak  compared  to  those  parallel 
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-5  0  5  -5  0  5 


Ao)  (arc  min)  Aco  (arc  min) 

(a)  X-ray  1  [llOO]  direction  (b)  X-ray  //  [1 100]  direction 

Figure  4.  X-ray  rocking  curves  of  6H-SiC  (1120)  substrate  in  X-ray  incidence  geometry 
perpendicular  (a)  and  parallel  (b)  to  [1100]  direction. 
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to  the  [1 100]  direction  ((b),  (d)).  X-ray  rocking  curves  of  a  6H-SiC  (1120)  substrate  in  the  X-ray 
incidence  geometry  perpendicular  and  parallel  to  the  [1100]  direction  are  shown  in  Fig.  4(a)  and 
4(b).  There  were  no  large  differences  of  6H-SiC  (1120)  diffraction  between  those  two  geometries. 
Therefore,  this  might  be  attributed  to  stacking  faults  in  the  AIN  layers,  which  are  expanded  along 
the  [1 100]  direction.  Those  stacking  faults  are  thought  to  reduce  the  spatial  coherency  of  the  AIN 
layers  along  the  [1100]  direction.  The  peak  intensity  of  AIN  shown  in  Fig.  3(c)  was  more  than  10 
times  larger  than  that  shown  in  Fig.  3(a).  It  suggests  that  using  a  LT  buffer  layer  can  suppress  the 
formation  of  stacking  faults. 

Figure  5  shows  the  Raman  spectra  of  a  1 .0-pm-thick  AIN  epitaxial  layer  directly  grown  on  a 
6H-SiC  (1120)  substrate.  The  Raman  spectra  were  acquired  in  two  different  backscattering 
geometries,  x(z,-)x,  and  x(y,-)x,  using  the  488  nm  line  (2.54  eV)  of  an  argon-ion  laser.  In  these 
geometries,  x  is  the  laser  incident  direction,  and  z  or  y  is  the  polarization  of  the  incident  light; 
here  z  is  the  direction  along  the  <0001  >  axis  of  the  6H-SiC  substrate.  According  to  Raman 
selection  rules  in  a  backscattering  geometry  of  wurtzite  AIN  (1120),  the  observable  phonon 
modes  are  the  A]  (TO),  E|  (TO)  and  E2  modes,  where  the  E2  mode  can  be  detected  only  in  the 
polarization  direction  perpendicular  to  the  <0001>  axis  of  AIN  (1120)  [4].  In  the  x(z,-)x 
geometry,  the  A]  (TO)  and  E|  (TO)  modes  were  evident,  while  in  the  x(y,-)x  geometry,  the  Ai 


Raman  shift  (cm-1) 


Raman  shift  (cm-1) 


Figure  5.  Raman  scattering  of  AIN  (1120)  epitaxial  layer  in  backscattering  x(z,  -)x  and  x(y,  -)x 
geometries. 
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(TO),  E|  (TO)  and  E2H  modes  were  clearly  observed.  These  observations  support  the  parallel 
in-plane  epitaxial  relationship.  [0001  JainIIIOOOI  ]sic.  In  general,  the  stable  polytype  of  AIN  grown 
on  (0001)  substrates  is  a  wurtzite  structure.  However,  AIN  epitaxially  grown  on  a  6H-SiC  (1120) 
substrate  is  possible  to  have  a  6H  structure  due  to  the  atomic  template  of  the  substrate.  In  the 
case  of  a  6H  structure,  the  phonon  modes  arising  from  the  zone  folding  should  be  detected  by 
Raman  scattering  spectroscopy.  Actually,  the  phonon  modes  from  the  zone  folding  of  the  6H-SiC 
(1120)  substrate  were  clearly  observed.  However,  the  phonon  modes  related  to  the  zone  folding 
of  AIN  were  not  detected,  suggesting  a  2H  structure  as  mentioned  in  RHEED  indices. 

CONCLUSION 

We  have  studied  the  structural  properties  of  AIN  epitaxial  layers  on  6H-SiC  substrates  with 
the  non-polar  (1120)  face.  AIN  and  6H-SiC  (1 120)  had  an  exact  epitaxial  relationship,  i.e.,  [112 
0]ain||[1  120]sic  and  [ 000 1  ] ain 1 1 1 000 1  js,r  A  direct  growth  and  two-step  growth  using  an  AIN  LT 
buffer  layer  were  comparatively  studied.  Using  a  LT  buffer  layer,  the  surface  roughness  and 
crystalline  quality  ol  AIN  grown  on  a  6H-SiC  ( 1 120)  substrate  were  improved.  From  the  result  of 
microscopic  Raman  scattering  spectroscopy,  the  stacking  structure  of  the  AIN  epitaxial  layer  was 
suggested  to  be  a  2H  structure,  not  a  6H  structure. 

ACKNOWLEDGEMENT 

This  work  was  supported  by  the  Japan  Society  for  the  Promotion  of  Science,  Research  for  the 
Future  Feasibility  Study  Program  (FY  2001 ),  “Control  of  Interface  Properties  in  Wide  Bandgap 
Semiconductors  and  evolution  ol  New  Function”.  One  of  the  authors  (J.S.)  would  like  to  thank 
the  2001  Coming  Research  Grant. 

REFERENCES 


1.  N.  Onojima,  J.  Suda  and  H.  Malsunami,  J.  Cryst.  Growth  237-239,  1012  (2002). 

2.  S.  Tanaka.  R.  S.  Kern  and  R.  F.  Davis.  Appl.  Phys.  Lett.,  66,  37  (1995). 

3.  N.  Onojima.  J.  Suda  and  H.  Matsunami,  Jpn.  J.  Appl.  Phys.,  41,  L002  (2002). 

4.  V.  Y.  Davydov.  Y.  E.  Kitae\.  I.  N.  Goncharuk.  A.  N.  Smirnov,  J.  Graul,  O.  Semchinova,  D. 
Utfmann,  M.  B.  Smirnov.  A.  P.  Mirgorodsky  and  R.  A.  Evarestov,  Phys.  Rev.  B,  58,  12899 
(1998). 


144 


Mat.  Res.  Soc,  Symp.  Proc.  Vol.  743  ©  2003  Materials  Research  Society 


L3.23 


Electrical  Properties  of  GaN/Si  Grown  by  MOCVD 

Seikoh  Yoshida,  Jiang  Li,  Takahiro  Wada,  and  Hironari  Takehara 
Yokohama  R&D  Laboratories,  The  Furukawa  Electric  Co.,  Ltd 
2-4-3,  Okano,  Nishi-ku,  Yokohama,  220-0073,  Japan 

ABSTRACT 

GaN  growth  on  Si  substrate  is  very  attractive  for  realizing  low  cost  electronic  devices.  We  grew  a 
thin  GaN  film  on  p-type  Si  (1 1 1)  substrate  using  AlGaN  high  temperature  buffer  without  using  a 
conventional  low  temperature  buffer.  A  homogeneous  buffer  layer  was  obtained  at  1093  K  and  a 
homogenous  500  nm  thick  GaN  layer  was  also  obtained  without  any  crack.  Using  a  transmission  electron 
microscopy  (TEM),  we  observed  that  the  cross-section  of  GaN  and  AlGaN  buffer  was  very  smooth  and 
also  the  surface  of  GaN  was  flat  although  the  threading  dislocations  were  observed.  Furthermore,  we 
directly  fabricated  a  metal  semiconductor  field  effect  transistor  (MESFET)  using  a  500  nm-thick  GaN/Si 
without  any  high  resistive  GaN  layer.  A  Schottky  electrode  was  Pt/Au  and  an  ohmic  electrode  was 
Al/Ti/Au.  A  Schottky  breakdown  voltage  was  over  100  V.  Also,  we  confirmed  a  high  temperature 
operation  of  the  MESFET  using  a  thin  GaN  film  on  Si  substrate  at  573  K. 

INTRODUCTION 

m-V  nitrides  are  very  promising  for  high-power,  high-frequency,  and  high-temperature  devices 
[1-8].  GaN  and  related  materials  are  generally  grown  using  sapphire  or  SiC  substrates.  For  low-cost  device 
fabrication,  a  Si  substrate  is  very  useful.  Si  substrates  for  GaN  growth  have  several  advantages  compared 
with  other  substrates:  they  can  be  obtained  at  low  cost,  and  high-quality  Si  wafers  with  a  large  diameter  can 
be  easily  obtained.  A  high-quality  very  thin  GaN  film  on  a  Si  substrate  is  required  for  electronic  devices  of 
low-cost  mass  production.  The  growth  of  GaN  on  Si  is  very  difficult  due  to  the  difference  of  the  lattice 
constant  and  the  thermal-expansion  coefficient,  resulting  in  the  occurrence  of  cracks  in  GaN.  Recently, 
good-quality  GaN  on  a  Si  substrate  has  been  reported  [9-13].  An  AlGaN/GaN  heterojunction  field  effect 
transistor  (HFET)  on  a  Si  substrate  has  been  reported.  However,  there  is  no  report  concerning  electronic 
devices  such  as  FETs  or  Schottky  barrier  diodes  (SBDs)  using  a  thin  film  GaN  below  1000  nm  in  thickness 
including  high  resistive  GaN  layers  on  Si  substrate.  Our  purpose  is  to  fabricate  electronic  devices  using  very 
thin  GaN  and  related  materials  on  a  Si  substrate  in  order  to  fabricate  low-cost  devices.  In  this  paper,  we 
report  that  by  using  an  AlGaN  buffer,  a  crack  free  GaN  was  obtained  on  a  Si  (1 1 1)  substrate,  and  that  a 
metal  field  effect  transistor  (MESFET)  with  a  breakdown  voltage  over  100V  for  a  high  temperature 
operation  at  573  K  was  obtained  using  a  500  nm-thick  GaN  film  on  a  Si  (1 1 1)  substrate. 


145 


EXPERIMENTAL 


We  first  died  to  grow  GaN  without  cracking  on  a  2-inches  p-type  Si  (1 1 1)  substrate  using 
metal-organic  chemical  vapor  deposition  (MOCVD)  in  order  to  fabricate  a  MESFET  using  a  thin  GaN  film 
on  the  Si  substrate.  Trimcthylgallium  (TMG),  trimethylaluminium  (TMA),  and  ammonia  (NH3)  were  used 
for  source  gases.  A  thin  AlGaN  buffer  was  used  for  GaN  growth.  The  formation  condition  of  AlGaN  buffer 
on  the  Si  substrate  was  optimized.  After  that,  the  MESFET  was  directly  fabricated  using  a  thin  GaN  film  on 
p-type  Si  substrate  without  a  high  resistive  GaN  layer  in  order  to  investigate  whether  or  not  the  thin  GaN 
film  can  be  used  as  a  MESFET.  Furthermore,  a  high  temperature  operation  of  the  MESFET  was 
investigated. 

RESULTS  AND  DISCUSSION 

The  optimum  formation  temperature  condition  for  an  AlGaN  buffer  on  a  p-type  Si  (1 1 1 )  substrate 
was  investigated.  The  A!  composition  of  AlxGai.xN  buffer  was  about  0.05  and  its  thickness  was  40  nm. 
After  that,  GaN  was  grown  at  1 303  K.  When  the  buffer-formation  temperatures  were  above  1 103  K,  a  GaN 
layer  became  an  island  and  a  crack  was  generated,  since  a  grown  layer  became  rough.  Figure  1  shows  a 
cross-section  transmission  electron  microscope  (TEM)  image  of  GaN/AlGaN/Si  (1 1 1)  grown  at  1 123  K. 
This  image  shows  that  a  buffer  layer  was  island-like  and  was  composed  of  both  large  and  small  grains.  The 
small  grains  were  composed  of  inversion  or  micro  crystal  domains.  The  GaN  was  preferentially  grown  on 
the  large  buffer  domain  and  the  grown  GaN  with  a  large  grain  size  had  a  mesa  shape  with  a  smooth  surface. 


Figure  1.  Cross-sectional  TEM  image  of  grown  GaN/Si  (1 1 1)  at  an  AlGaN  buffer  temperature  of  1 1 23  K. 

When  the  buffer-formation  temperatures  were  1073  - 1 103  K,  an  AlGaN  buffer  layer  with  a 
smooth  surface  was  obtained.  As  a  result,  a  homogeneous  500  nm  thick  GaN  without  any  crack  was 
obtained  at  1303  K  far  the  growth  temperature.  Figure  2  also  shows  a  cross-sectional  TEM  image  of 
GaN/AlGaN/Si  (1 1 1 ).  A  smooth  surface  without  cracking  of  GaN  was  obtained.  Fuitheimore,  when  the 
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formation  temperatures  of  the  buffer  layer  were  below  1 073  K,  we  observed  that  the  cross-sectional  TEM 
image  of  GaN/AIGaN/Si  (1 1 1)  was  island-like;  a  buffer  layer  was  also  an  island  as  shown  in  figure  3, 
resulting  in  the  occurrence  of  island  growth  of  GaN.  Therefore,  the  optimum  buffer  formation-temperature 
for  suppressing  the  cracking  of  GaN  on  the  buffer  layer  was  1073  - 1 103  K. 


Figure  2.  Cross-sectional  TEM  image  of  grown  GaN/Si  ( 1 1 1 )  at  AlGaN  buffer  temperatures  of  1 073  - 1 1 03  K  (a) 
and  magnified  image  in  the  vicinity  of  the  interface  of  GaN  and  AlGaN  buffer  (b). 


si  i 


j-  \  0.5pm 

Figure  3.  Cross-sectional  TEM  image  of  grown  GaN/Si  ( 1 1 1 )  at  AlGaN  buffer  temperature  below  1 073  K. 

The  A1  composition  dependence  of  an  AlxGai-xN  buffer  at  a  constant  formation  temperature  (1 103 
K)  was  also  investigated.  When  the  A1  composition  of  AlxGa[.xN  buffer  was  above  0.3,  the  surface 
morphology  of  thick  GaN  grown  on  the  buffer  layer  was  rough.  That  is,  it  is  probable  that  AlGaN  buffer 
layer  had  many  grains,  including  polycrystalline  grains,  which  made  it  difficult  to  grow  GaN  on  the  surface. 
When  a  GaN  (x  =  0)  buffer  was  used  for  GaN  growth,  thick  GaN  was  rough  and  a  crack  was  generated. 
Therefore,  in  this  case  a  GaN  buffer  was  not  suitable.  It  was  confirmed  that  the  A1  composition  of  an 
AlxGai.xN  buffer  layer  for  obtaining  a  smooth  surface  of  thick  GaN  grown  on  the  surface  should  be  in  the 
range  of  x  =  0.05  -0.3.  We  thus  confirmed  the  optimum  growth  conditions  of  AlxGai.xN  buffer  for  good 
quality  GaN  growths  on  Si  (1 1 1)  by  MOCVD. 
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Photoluminescence  (PL)  measurement  of  the  500  nm  thick  GaN/Si  (111)  was  carried  out  at  77K.  A 
sharp  GaN  band  edge-emission  (365  nm)  as  well  as  a  broad  and  weak  yellow  luminescence  (575  nm)  was 
observed.  We  next  investigated  the  electrical  properties.  The  hall  mobility  of  500  nm-thick  GaN  was 
measured  at  room  temperature.  The  carrier  concentration  of  undoped  GaN  was  5  x  1016  cm'3  and  the  Hall 
mobility  was  300  cm2/Vs. 


Source 


Gate 


Drain 


Si  doped  GaN  (500nm) 


/g  AIGaN  buffer  (40nm)  ^  ;  ■ 


P-Si  (111)  substrate 


Figure  4.  Schematic  structure  of  a  MESFET  using  a  thin  GaN  film  on  P-type  Si  substrate  without  a  highly  resistive 
Ga  layer. 


We  directly  fabricated  a  MESFET  using  a  thin  Si-doped  (Si:  2  x  1017  cm 3)  GaN  (500  nm)/A!GaN 
buffer  (40  nm)  on  a  p-type  Si  (1 1 1 )  substrate  without  a  highly  resistive  GaN  layer.  Etching  of  the  GaN 
fabrication  was  carried  out  by  a  dry-etching  technique  using  an  electron  cyclotron  resonance  (ECR)  plasma 
to  make  the  MESFET.  The  etching  gas  was  a  mixture  of  CH4  (5  seem),  Ar  (7  seem)  and  H2  (15  seem).  The 
etching  rate  of  the  GaN  layers  was  14  nm/min.  The  etching  depth  was  600  nm.  The  gate  length  and  width 
were  2000  nm  and  0. 1  mm,  respectively.  The  distance  of  the  source  and  drain  was  0.01  mm.  A  scheme  of 
the  structure  of  the  MESFET  is  shown  in  figure  4.  In  this  case,  a  contact  layer  was  not  formed  for  the  source 
and  drain  electrodes.  The  ohmic  electrode  material  was  Al/Ti/Au  and  the  Schottky  electrode  material  was 
Pt/Au.  The  Schottky  breakdown  voltage  of  the  gate  and  source  was  over  100  V. 

Figure  5  shows  the  current-voltage  (I-V)  curve  of  a  MESFET  using  a  thin  GaN  film  without  a 
highly  resistive  GaN  layer  at  room  temperature,  473  K,  and  573  K.  This  MESFET  was  operated  at  573  K, 
where  the  leakage  current  was  slightly  increased.  We  consider  that  the  increase  in  the  leakage  current  at  the 
pinch-off  voltage  depends  on  the  crystal  quality  of  the  interface  of  the  GaN  and  AIGaN  buffer  layer.  We 
confirmed  that  the  measurement  is  stable  at  573  K  for  over  100  h.  When  the  FET  was  cooled  down  to  room 
temperature,  the  I-V  curve  was  recovered,  as  shown  in  figure  5  (a).  A  transconductance  (gm)  was  about  5 
mS/mm  and  this  gni  can  be  expected  to  be  improved  by  forming  a  contact  layer  and  AlGaN/GaN 
heterojunction  with  a  two-dimensional  electron  gas.  Frgure  6  shows  the  temperature  dependence  of 
Schottky  property  of  gate  and  source  of  the  MESFET.  The  forward  current  was  increased  with  the  increase 
of  the  operation  temperatures  although  the  backward  leakage  current  was  conversely  increased.  The 
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increase  of  reverse  current  was  considered  to  be  due  to  the  crystal  quality  of  the  interface  between  GaN  and 
AlGaN  buffer.  We  consider  that  this  leakage  current  will  be  improved  by  p-type  impurity  doping  for  carrier 
compensation.  A  high-temperature  operation  MESFET  at  573  K  using  a  thin  GaN  with  a  thickness  of  500 
nm  on  Si  substrate  was  thus  demonstrated. 


Vds  (V) 


Vds  (V) 


Figure  5.  Current-voltage  behavior  of  a  MESFET  using  a  thin  GaN  film  on  a  Si  substrate  at  (a)  room  temperature, 
(b)  473  K,  (c)  573  K.  The  start  gate  bias  (Vgs)  was  changed  from  +2V  to  -10V  in  steps  of-2V. 


Figure  6.  Temperature  dependence  of  Schottky  barrier  of  gate  and  source  of  MESFET. 
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SUMMARY 

A  500  nm  thick  homogeneous  GaN  film  on  a  Si  (1 1 1 )  substrate  was  obtained  using  an  AlGaN 
high-temperature  bulTer.  A  MESFET  using  a  very  thin  GaN  film  on  a  Si  (1 1 1)  substrate  was  fabricated 
without  a  high  resistive  GaN  layer  for  a  low  cost  mass  production.  A  high-temperature  operation  of  the 
MESFET  at  573  K  was  confirmed  using  a  500  nm  thick  GaN/Si  substrate  without  any  highly  resistive  GaN 
lay ci'.  A  Schottky  breakdown  voltage  of  a  gate  and  source  was  over  100  V.  We  thus  demonstrated  that  a 
GaN  film  with  a  thickness  below  1 000  nm  on  a  Si  substrate  can  be  useful  for  electronic  devices. 
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ABSTRACT 

We  present  the  details  of  epitaxial  growth  interface  structure  of  single  wurtzite  AIN  thin 
films  on  (1 1 1)  Si  substrates  by  laser-molecular-beam-epitaxy.  High  quality  AIN  thin  films  with 
atomically  sharp  interfaces  can  be  obtained  by  Laser-MBE  at  a  substrate  temperature  of  650 
±10°C.  X-ray  diffraction  and  high  resolution  transmission  electron  microscopy  was  used  to 
study  the  details  of  epitaxial  growth  of  AIN  on  Si(l  1 1)  substrate.  The  orientation-relationship  of 
AIN  on  Si(l  1 1)  was  studied  from  Si  <1 10>  and  <1 12>  zone  axis  and  determined  to  be  AIN 
[  2 1  To  ]  ||  Si[  1 1 0  ]  and  AIN  [01  To  ]  ||  Si[  211].  The  atomic  structure  of  the  interface  was 
studied  by  high-resolution  transmission  electron  microscopy  and  Fourier  filtered  image  of  cross- 
sectional  A1N/Si(l  1 1)  samples  from  both  Si<l  10>  and  <1 12>  zone  axis.  The  results  revealed 
the  domain  matching  epitaxy  of  4:5  ratio  between  the  interplanar  distances  of  Si(l  10)  and  AIN 
[21  10].  We  also  present  similarities  and  differences  between  the  growth  mechanism  of 
A1N/Si(l  1 1)  and  GaN/Si(l  1 1)  heterostructures. 

INTRODUCTION 

There  is  considerable  interest  in  the  growth  and  characterization  of  Aluminum  Nitride  (AIN) 
and  Gallium  Nitride  (GaN)  thin  films  for  application,  in  optoelectronic  and  high-temperature 
devices  due  to  chemical  stability  at  high  temperatures,  excellent  mechanical  properties,  good 
thermal  conductivity,  and  a  high  breakdown  field.  Particularly,  the  wide  band-gaps  of  AIN  (6.2 
eV)  and  GaN  (3.4  eV)  make  this  material  promising  for  ultra-violet  (UV)  diode  emitters. 

The  lack  of  suitable  single-crystal  nitride  substrates  require  these  devices  to  be  made 
through  heteroepitaxial  growth  on  substrate  materials,  such  as  silicon  carbide  or  sapphire. 

However,  silicon  carbide  and  sapphire  substrate  materials  are  expensive  and  limited  in  size. 
To  overcome  these  disadvantages,  the  heteroepitaxial  processing  of  high  quality  AIN  and  GaN 
thin  films  on  silicon  (Si)  has  been  under  considerable  investigation,  due  to  its  many  advantages 
regarding  low  cost,  large  size,  high  crystal  and  surface  quality,  and  high  electrical  and  thermal 
conductivities.  Work  in  this  area  is  further  motivated  by  the  potential  for  co-integration  of  wide 
band-gap  optoelectronics  devices  with  large-scale  silicon-based  microelectronic  devices. 

The  Si(l  1 1)  substrate  presents  the  required  hexagonal  symmetry  for  the  hexagonal  wurzite 
epilayers  of  oriented  (0001)  AIN  and  GaN.  However,  the  growth  of  AIN  and  GaN  directly  on 
Si(l  1 1)  is  presented  with  several  commonly  known  impediments;  large  lattice  mismatch  (~19%), 
and  the  difference  of  thermal  expansion  coefficient  and  poor  nucleation  for  GaN  on  Si(l  1 1). 
Despite  these  impediments  wurzite  AIN  and  GaN  can  be  grown  directly  on  the  Si(l  1 1)  plane 
with  good  structural  properties. 

The  heteroepitaxial  growth  of  AIN  and  GaN  directly  on  Si(l  1 1)  and  the  resulting  domain 
matching  epitaxial  relationship  at  the  interface  is  reported  using  TEM  and  image  analysis. 
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EXPERIMENT 

The  depositions  of  AIN  and  GaN  were  performed  in  a  UHV  Laser-MBE  chamber  with  a 
KrF  excimer  laser  ablating  solid  source  AIN  and  GaN  targets.  The  chamber  deposition 
parameters  were  as  follows:  base  pressure  -  2x1  O’9  Torr,  substrate  temperature  -  650  ±10°C, 
laser  pulse  rate  -  1 0  Hz,  laser  radiation  -  X  =  248  nm  and  x  =  25  nsec,  laser  pulse  energy  -  750 
mJ  for  AIN  and  -  650  mJ  for  GaN. 

The  AIN  and  GaN  were  deposited  on  off-axis  Si  substrates  with  a  nominal  tilt  of  2°.  The  Si 
substrates  were  P-doped,  /?-type  with  p  ~  7.5  fT-cm. 

Microstructural  characterization  and  interface  analysis  of  these  films  was  performed  by  high 
resolution  transmission  electron  microscopy  (HRTEM)  using  a  JEOL-2010F  analytical  electron 
microscope.  The  selected  area  diffractions  were  performed  and  compared  with  simulated 
diffraction  pattern  to  confirm  the  orientation  relations  of  AIN  and  Si  substrate.  Images  based  on 
Fast  Fourier  Transformation  are  used  to  reveal  the  lattice  matching  relation  of  Si  and  AIN  along 
the  interface. 

DISCUSSION 

The  x-ray  diffraction  “0-20”  scans  plotted  in  figure  1  show  the  AIN  and  GaN  films  to  be 
highly  oriented  along  the  [0001]  direction. 

The  interface,  in  figure  3(a),  for  AIN  deposited  on  Si(l  11)  remains  sharp  throughout  the  film 
without  any  indications  of  interface  reactions  and  inter-diffusions.  The  corresponding  selected- 
area-diffraction  pattern,  SAD,  from  the  same  area  of  the  <1 10>  cross-section  sample  shows  a 
epitaxial  relation  of  A1N[0002]  ||  Si[l  1 1]  in  figure  2(a).  The  epitaxial  relations  from  other 
directions  are  found  to  be  AIN  [2ll0]  || Si[l  10]  and  AIN  [01 1 0]  ||  Si[ 21 1  ].1,3  Figure  2(c) 
shows  the  diffraction  from  GaN  [2ff0]  ||  Si[  1 10]  indicating  epitaxial  growth  of  GaN  film.  The 
slight  indication  of  vertical  lines  in  Figure  2(c)  confirms  the  presence  of  stacking  faults  in  the 
GaN  basal  plane.  The  simulated  diffraction  pattern  of  AIN  <2ff0>  ||  Si  <1 10>  (see  figure  2(b)) 
confirmed  the  single  crystalline  AIN  with  hex-on-cube  epitaxial  relationship  with 
[2TT0]||Si[Tl0]  and  [OlfO]  || Si[ 21 1  ]for  both  AIN  and  GaN. 


Degrees  (20)  Degrees  (20) 

Figure  1.  X-ray  diffraction  intensity  vs.  incident  angle  plot  showing  peaks  from  A1N(0002)  and 
GaN(0002)  films  on  Si( 111). 
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(a)  (b)  (c) 

Figure  2.  (a)  Selected-area-diffraction  pattern  of  AIN  film  on  Si  (111)  in  <110>  zone  axis  with 
epitaxial  relations:  AlN[0002]||Si[lll],  AIN  [2ll0]  ||  Si[T  10],  and  AIN  [Olio]  ||  Si[21 1  ];  (b) 
Simulated  diffraction  pattern  showing  hex-on-cube  AIN  epitaxial  growth  on  Si(lll);  (c) 
Selected-area-diffraction  pattern  of  GaN  film  on  Si(l  1 1)  in  <1 10>  zone  axis. 


High  resolution  TEM  image  from  <1 10>  cross-section  sample  of  A1N/Si(l  1 1)  in  figure  3 
shows  a  well-defined  epilayer  of  AIN  on  silicon  surface  which  is  free  of  an  amorphous  layer. 

The  silicon  substrate  is  atomically  flat  with  some  {111}  atomic  step,  which  is  clearly  observed  at 
the  interface.  The  transition  from  Si  to  AIN  is  very  sharp  from  figure  3(b),  which  is  shown  in  the 
magnified  interface. 

It  is  important  to  note  that  the  lattice  parameters  of  AIN  and  Si  are  quite  different.  According 
to  the  lattice  relation  AIN  [2ll0]  ||  Si[l  10],  the  lattice  mismatch  of  AIN  and  Si  is  about  19% 
according  to  the  initial  misfit  strain  given  by 

S'=d,ld,-\.  (1) 

Where  <^and  ds  are  the  lattice  parameter  or  interplanar  distance  of  film  and  substrate, 
respectively.  This  large  lattice  mismatch  cannot  accommodate  epitaxy  growth  within  two 
monolayers  of  transition. 

Researchers2  have  proposed  the  domain  matching  epitaxy  (DME)  in  AIN/Si  -this  large 
lattice  mismatch  case  4  to  5  ratio  between  Si  and  AIN  interplanar  distances  are  estimated.  That 
means  4  interplanar  spaces  of  Si  (1 10)  are  matching  with  5  interplanar  spaces  of  A1N(  2l  1 0 ). 
Similar  analysis  was  proposed  by  Bourret  et  al.3,4  This  matching  of  integral  multiples  of  lattice 
planes  provides  for  a  lattice  misfit  of  about  1 .3%  given  by 

€r  =  md j-  /nds  -1 .  (2) 

The  dimensions  of  the  domain  are  repeated.  In  each  domain,  ‘m’  times  lattice  interplanar 
distances  in  the  substrate  match  with  ‘n’  times  lattice  interplanar  distances  in  the  film,  where  the 
‘m’  and  ‘n’  are  the  simple  integers  based  on  the  lattice  mismatch  between  film  and  substrate. 

This  DME  provides  the  possible  mechanism  for  epitaxial  growth  in  the  AIN/Si  system  with  large 
lattice  misfit  by  relieving  the  strain  within  a  couple  of  monolayers.5 
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(a)  (b) 

Figure  3.  High  resolution  TEM  image  (a)  of  cross-section  sample  of  A1N/Si(l  1 1)  from  <1 1 0> 
zone  axis  and  magnified  image  (b)  from  (a). 


Figure  4.  FFT  of  high-resolution  image  for  the  AIN  <011  0>||Si<21 1>  zone  axis  (a)  with  the 
other  directions  marked  as  AIN  [0002]  ||  Si[l  I  I],  AIN  [  2ll0]  ||  Si[T  10],  Fourier  filtered  image 
of  the  cross-sectional  FIRTEM  micrograph  for  the  AIN  <01  To>  ||  Si<2 1 1>  zone  axis  (b), 
showing  a  4:5  ratio  matching  between  Si  and  AIN. 


In  order  to  observe  this  epitaxy  relation  of  AIN  [2  1  1  0]  ||  Si[  1  10],  high  resolution  images  of 
AIN/Si  cross-section  sample  from  <422>  Si  zone  axis  were  obtained.  Figure  4(a)  shows  the 
corresponding  Fast  Fourier  Transformation  (FFT)  image  from  the  same  area  and  the  diffractions 
from  AIN  ( 2  1  1  0 )  ||  Si(  1 1 0)  and  A1N(0002)  ||  Si(  1 1 1 )  are  marked.  Then  one  corresponding  set  of 
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AIN  (2TT0)  and  Si(l  10)  diffractions  were  masked  in  the  FFT  image  and  the  resulting  Fourier 
filtered  image  is  shown  in  figure  4(b).  In  this  case,  only  two  beams  are  activated  to  observe  the 
lattice  information  only  from  AIN  (21  10)  and  Si(l  10).  Along  the  interface  of  AIN  and  Si,  the 
misfit  dislocations  are  generated.  The  magnified  Fourier  filtered  image  shows  clear  domain 
matching  relation  of  AIN  and  Si.  The  matching  follows  5  to  4  ratio  with  one  AIN  misfit 
dislocation,  marked  as  ±,  which  is  generated  in  each  domain.  Therefore,  in  each  domain,  4  of  Si 
(1 10)  interplanar  distances  matching  with  5  of  AIN  (2ll0)  interplanar  distances. 


(a)  (b)  . 

Figure  5.  High  resolution  TEM  image  (a)  of  cross-section  sample  of  GaN/Si(l  1 1)  from  <1 10> 
zone  axis  and  magnified  image  (b)  from  (a). 


The  high  resolution  TEM  image  from  a  <1 10>  cross-section  sample  of  GaN/Si(l  1 1)  in 
figure  5  shows  a  well-defined  epilayer  of  GaN  on  the  silicon  surface.  The  silicon  substrate  is 
atomically  flat  with  some  {111}  atomic  steps,  which  is  clearly  observed  from  the  interface  in 
figure  3(b).  Similar  to  the  AIN  epilayer,  the  GaN  epitaxial  growth  exhibited  DME.  Comparison 
of  figures  5(b)  and  3(b)  show  a  slight  difference  in  the  interface  atomic  structure  for  GaN  on 
Si(lll). 

CONCLUSIONS 

The  epitaxial  relations  of  AIN  and  GaN  on  Si(l  1 1)  are  revealed  as  [0002]  ||  Si[l  1 1], 

[2ll0]  ||  Si[T  10],  and  [01  TO  ]  ||  Si[21 1  ].  An  atomically  clean  interface  and  a  DME  of  4:5  ratio 
between  the  interplanar  distance  of  Si  (1 10)  and  AIN  (21  1 0)  is  observed,  with  DME  reasoned 
as  the  mechanism  for  epitaxial  growth  of  AIN  on  Si(l  1 1)  substrate.  DME  is  suggested  as  the 
mechanism  for  heteroepitaxial  growth  of  GaN  directly  on  Si(l  1 1). 
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ABSTRACT 

In  this  work  it  is  shown  that  thin  AIN  buffer  layers  cause  N-polarity  GaN  epilayers,  with  a  high 
inversion  domains  density.  When  the  AIN  thickness  increases,  the  polarity  of  the  epilayer 
changes  to  Ga.  The  use  of  a  low  temperature  AIN  nucleation  layer  leads  to  a  flat  A1N/Si(l  1 1) 
interface.  This  contributes  to  decrease  the  inversion  domains  density  in  the  overgrown  GaN 
epilayer  with  a  Ga  polarity. 

INTRODUCTION 

The  ni-N  semiconductor  compounds  are  of  great  interest  for  the  fabrication  of 
optoelectronic  devices,  particularly  with  short  wavelength.  Moreover,  Ill-nitrides  have  excellent 
electronic  properties  in  comparison  with  materials  frequently  used  for  electronic  devices. 
Moreover,  they  can  be  used  for  high  temperature  and  high  power  applications. 

GaN  has  been  epitaxially  grown  on  a  large  variety  of  substrates  (6H-SiC,  ZnO,  GaAs,  Si, 
different  mixed  oxides,  etc)  due  to  the  lack  of  III-N  semiconductors  wafers.  The  growth  of  GaN 
over  Si(l  11)  substrates  is  an  interesting  challenge.  The  realization  of  GaN-based  devices  on  this 
substrate  would  help  to  combine  the  optoelectronic  and  electronic  properties  of  these  materials  to 
the  well-known  silicon  technology.  Although,  the  knowledge  of  heterostructures  based  on  GaN 
grown  over  sapphire  has  considerably  advanced,  the  GaN  heteroepitaxy  growth  on  Si(lll)  has 
received  less  attention. 

The  direct  growth  of  GaN  on  Si(l  1 1)  is  not  possible  due  to  the  large  lattice  mismatch, 
difference  of  thermal  coefficients  as  well  as  the  surface  chemistry.  A  thin  amorphous  layer  is 
generated  between  both  materials  because  of  the  reaction  of  the  Si  (1 1 1)  surface  with  the  reactive 
nitrogen  species1,2.  Due  to  the  poor  GaN  nucleation  on  Si(lll)  it  is  necessary  to  introduce  a 
buffer  layer  in  order  to  obtain  an  improved  GaN  epitaxy.  An  AIN  thin  layer  was  found  to  be  an 
effective  buffer  for  the  growth  of  GaN  films  over  Si(l  1 1)3  and,  up  to  now,  it  has  been  the  most 
used  buffer  layer  in  this  kind  of  growth4,5.  In  GaN/AlN/Sapphire  heterostructures,  the  control  of 


®  Corresponding  author,  Tel.  +33  2  31  45  26  53,  Fax.  +33  2  31  45  26  60,  e-mail:  ana.sanchez@ismra.fr 


157 


the  AIN  buffer  layer  thickness  is  not  as  critical  as  in  GaN/GaN/Sapphire,  and  good  results  have 
been  obtained  in  a  large  range  of  thickness  ( 30-100  nm)h. 

The  anions  in  GaN  wurtzite  form  a  hep  structure  in  which  the  cations  occupy  half  of  the 
tetrahedral  sites.  There  arc  two  different  kind  of  tetrahedral  sites,  at  3/8c  above  and  below  each  N 
site  respectively,  which  cannot  be  occupied  simultaneously  by  the  metallic  atom,  making 
possible  two  non-equivalent  polarities  in  II1-N  semiconductors.  Depending  on  the  Ga-N  bilayer 
orientation  with  respect  to  the  growth  direction,  wc  can  obtain  Ga-  or  N-polarity. 

In  the  III-N  semiconductor  thin  film  hetcrostructures,  it  is  important  to  consider  the  role 
of  the  polarity  in  the  structural  detects  formation.  As  the  extended  defects  may  reduce  the  device 
efficiency,  a  high  structural  quality  of  the  epilayer  is  required.  Previous  reports  have  shown  a 
higher  dislocations  density  and  inversion  domains  in  N-polarity  samples  than  in  the  Ga-polarity 
ones  .  The  inversion  domains  in  N-polarity  layers  that  grow  faster  than  the  surrounding  material 
and  originate  pyramids*.  On  the  other  hand,  the  majority  of  Hat  unipolar  GaN  films  present  Ga- 
polarity  ,  and  they  have  a  more  stable  surface  against  the  exposure  to  the  nitrogen  plasma  flux 
than  the  N-polarity  one9.  A  change  from  N-polarity  to  Ga-polarity  has  been  determined  when  the 
AIN  thickness  increases111.  Studies  carried  out  in  order  to  determine  the  inversion  domain  origin 
in  the  GaN/AlN/Si(l  1 1)  concluded  the  existence  of  two  possible  factors:  the  substrate  steps  and 
the  AIN  buffer  layer1 1 . 

In  this  work,  we  analyze  the  influence  of  the  AIN  buffer  layer  thickness  on  the  GaN  layer 
polarity,  as  well  as  its  influence  on  the  inversion  domain  formation  in  the  GaN  layers.  We  also 
point  out  the  growth  of  AlN/GaN/AIN  on  the  Si  substrate  previously  to  the  GaN  epilayer  growth 
improves  considerably  the  film  quality,  and  a  Ga  polarity  film  without  inversion  domains  is 
obtained. 

EXPERIMENTAL  DETAILS 

The  growth  of  all  the  GaN  layers  was  carried  out  by  Molecular  Beam  Epitaxy  (MBE)  on 
Si(l  1 1)  on  axis  substrates.  Figure  I  shows  a  scheme  of  the  characterized  samples.  In  the  S 1 5  and 
S35  samples  the  AIN  buffer  layers  were  grown  at  820°C  and  the  GaN  epilayers  at  760-780°C  by 
plasma  assisted  MBE.  In  SI 00  sample,  an  AIN  buffer  layer  was  grown  using  a  nucleation 
temperature  of  620°C  followed  by  a  rapid  ramping  to  920°C.  The  following  GaN  growth  was 
carried  out  at  790°C.  After  that,  a  thick  high  temperature  AIN  layer  is  grown  before  the  main 
GaN  epilayer.  In  this  instance  the  nitrogen  source  used  was  ammonia. 


GaN  -  1  Jim 


AIN  ~  150  nin 
GaN  -  320  nm 
AIN  —32  nm 
Si(lll) 


Figure  1.  Scheme  of  the  characterized  samples,  (a)  S 15,  (b)  S35  and  (c)  S 100 
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Cross-sectional  (XTEM)  and  planar-view  (PVTEM)  samples  were  prepared  by 
conventional  method.  The  specimens  were  thinned  down  to  100  pm  by  mechanical  grinding  and 
dimpling  down  to  20  pm,  followed  by  ion  milling  at  4.5  kV  to  achieve  electron  transparency. 
The  defects  were  conventionally  characterized  using  a  Jeol  1200EX  and  a  Jeol  2010EX 
transmission  electron  microscopes  operating  at  120  kV  and  200  kV,  respectively.  Convergent 
Beam  Electron  Diffraction  (CBED)  patterns  were  recorded  in  a  Jeol  2010EX  and  High  resolution 
electron  microscopy  studies  (HRTEM)  were  carried  out  on  a  Topcon  002B  both  operating  at 
200kV. 

DISCUSSION 

The  GaN  epilayers  grown  on  AIN  buffered  Si(l  11)  substrates  by  MBE  present  different 
structural  defects12.  These  films  consist  of  slightly  misoriented  subgrains  with  a  high  dislocation 
density.  Moreover,  stacking  faults  parallel  to  the  growth  plane  and  prismatic  domains  have  been 
observed  in  films  grown  on  Si(lll).  In  our  specimens,  as  deduced  from  PVTEM  and  XTEM 
observations,  the  typical  mosaic  structure  has  been  observed,  with  a  dislocation  density  reaching 
the  GaN  surface  upper  to  109cm'2. 

CBED  is  a  useful  technique  to  determine  both  the  epilayer  polarity  and  the  establishment 
of  the  local  polarity  in  XTEM  specimens.  The  GaN  polarity  has  been  determined  by  CBED 
applied  in  different  regions  inside  the  epilayer.  CBED  patterns  were  recorded  along  the  <1 1 00  > 
zone  axis,  in  areas  with  a  homogeneous  contrast  for  all  the  specimens.  The  GaN  layer  polarity 
was  determined  by  comparing  the  experimental  (0002)  and  (0002)  diffraction  disks  with 
simulations  calculated  under  the  same  conditions.  This  study  was  carried  out  on  SI 5,  S35  and 
SI 00  samples.  As  can  be  observed  in  Figure  2,  the  GaN  layer  polarity  changes  with  the  AIN 
buffer  layer  thickness.  Sample  SI 5  seems  to  present  a  N-polarity,  as  shown  by  the  fit  with  the 
simulated  pattern  for  a  GaN  layer  thickness  100  nm  in  the  specimen.  On  the  other  hand,  S35  and 
SI 00  exhibit  a  Ga-polarity,  the  TEM  samples  thickness  is  95  nm  and  100  nm,  respectively. 

Inversion  domains  have  been  reported  previously  in  S15  and  S35  samples11.  The  density 
of  these  defects  was  higher  in  the  epilayer  with  smaller  buffer  layer  thickness  and  N-polarity.  A 
similar  study  has  been  realized  in  the  SI 00  sample  using  g  =  ±  (0002)  in  order  to  verify  the 
presence  of  such  inversion  domains.  Normally,  these  defects  appear  as  columns  of  wurtzite  GaN 
having  inverse  polarity  and  different  contrast  to  the  GaN  matrix.  They  propagate  vertically 
along  the  epilayer.  In  this  case,  we  did  not  find  inversion  domains  arriving  to  the  GaN  surface. 
The  threading  dislocations  crossing  the  epilayer  are  the  main  defects  observed  in  the  S100 
epilayer  (Figure  3a).  No  vertical  domains  are  present  in  this  image,  there  is  no  typical  contrast  of 
inversion  domain.  Therefore,  if  the  inversion  domains  exist  in  S100  sample,  their  density  is 
clearly  smaller  than  in  SI 5  and  S35  samples.  Figure  3b  shows  a  region  near  the  interface 
A1N/Si(lll)  in  sample  S100.  An  AIN  buffer  layer  with  a  thickness  of  32  nm  can  be  measured 
from  HRTEM  images.  Its  growth  was  carried  out  as  follows:  the  nucleation  was  initiated  at 
620°C,  then  the  temperature  was  increased  in  two  minutes  to  920°C. 
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Sample  S15  S35  SI  00 


Polarity  N-polarity 
IDs 


Ga-polarity 

IDs 


Ga-polarity 


Figure  2.  CBED  patterns  taken  along  the  <1  I  00 >  from  GaN  epilayers  of  samples  (a)  S15  (N- 
polarity),  (b)  S35  (Ga-polarity)  and  (c)  SI 00  (Ga-polarity).  The  experimental  pattern  are  placed 
on  the  left  and  the  experimental  one  on  the  right. 


Figure  3.  (a)  Low  magnification  conventional  bright  field  XTEM  image  taken  in  the  <1  100> 
zone  axis.  No  contrast  similar  to  an  inversion  domain  can  be  observed,  (b)  Magnified  view 
(white  square  in  (a)) 


These  results  point  out  that  the  AIN  buffer  layer  influences  the  absolute  layer  polarity 
and  the  inversion  domain  formation  inside  the  GaN  epilayer.  A  buffer  layer  thickness  of  15  nm  is 
not  enough  to  get  a  Ga-polarity  in  the  overgrown  GaN  epilayer.  When  the  AIN  thickness  is 
larger,  we  can  observe  a  change  in  the  film  polarity.  Therefore,  a  thicker  AIN  buffer  layer  leads 
to  Ga-polarity  and  lower  inversion  domain  density.  Moreover,  the  growth  of  a  low  temperature 
AIN  nucleation  layer  (620°C)  in  an  AlN/GaN/AIN  buffer  structure  previously  to  the  main  GaN 
epilayer  provides  a  film  without  inversion  domains.  This  is  in  good  agreement  with  previous 
observations  carried  out  for  GaN  grown  over  sapphire.  Stutzmann  et  al.  have  studied  the  effect  of 
a  thin  AIN  buffer  layer  on  the  GaN/AIGaN/GaN  heterostructures  polarity.  The  AlGaN/GaN 
epilayers  were  grown  on  sapphire  substrates  by  plasma  induced  molecular  beam  epitaxy 
(PIMBE),  using  different  AIN  buffer  layer  thickness  in  order  to  fabricate  novel  devices13.  A 
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heterostructure  with  N-polarity  is  obtained  when  no  buffer  layer  is  incorporated.  A  change  in  the 
layer  polarity  is  obtained  when  the  AIN  was  integrated  in  the  system.  At  small  AIN  thickness  a 
mixed  polarity  with  a  large  density  of  inversion  domains  could  be  observed.  Nevertheless,  in  the 
growth  over  sapphire  by  PIMBE  a  thinner  AIN  buffer  layer  is  required  in  order  to  get  the  polarity 
inversion  of  the  epilayer.  AIN  buffer  layers  with  3  nm  of  thickness  leads  to  films  with  mixed 
polarity  with  a  high  inversion  domain  density.  When  the  AIN  thickness  exceeds  5  nm  the 
epilayer  changes  completely  to  Ga-polarity13.  In  our  samples,  GaN  growth  over  Si(lll)  by 
PAMBE  and  ammonia,  an  AIN  buffer  layer  thicker  than  15  nm  is  necessary  to  obtain  Ga-polarity 
in  the  film. 

In  previous  reports,  various  origins  of  the  inversion  domains  have  been  observed  in  GaN 
epilayer  grown  on  AlN-buffered  Si(lll)  substrates  by  MBE.  It  was  shown  that  small  inversion 
domains  originate  on  steps  at  the  Si  surface  or  on  the  top  of  misorientated  grains  in  the  AIN 
buffer  layers11.  Thus  a  flat  A1N/Si(l  11)  interface,  without  many  steps,  could  contribute  to  get  a 
GaN  epilayer  with  a  low  inversion  domains  density.  HRTEM  images  taken  along  the  <11 20 > 
zone  axis  in  the  A1N/Si(l  1 1)  interface  areas  have  been  analyzed.  As  can  be  observed  in  Figure  4, 
the  interface  with  the  substrate  does  not  exhibit  any  amorphous  layer.  However,  the  A1N/Si(l  1 1) 
interface  is  flatter  in  the  sample  SI 00  than  in  the  other  ones  . 

Although  no  amorphous  layer  has  been  observed  in  S15  and  S35  samples,  the  interface  in 
these  growths  were  not  completely  flat.  In  Figure  4(a),  a  silicon  protuberance  penetrating 
toward  de  AIN  buffer  layer  is  shown  (arrow).  On  the  other  hand,  the  interface  between  the  AIN 
nucleation  layer  and  the  Si(l  1 1)  in  the  SI 00  sample  provides  a  flat  interface  as  can  be  observed 
in  Figure  4(b).  When  the  AIN  growth  temperature  is  above  620°C  there  is  outdiffusion  of  silicon 
to  the  GaN  epilayer14.  In  S15  and  S35  samples  the  AIN  temperature  growth  was  820°C, 
promoting  the  Si  diffusion.  In  this  way,  the  protuberances  could  correspond  to  the  Si  diffusion 
from  the  substrate  to  the  epilayer.  In  the  SI 00  sample  (AIN  at  620°C)  a  better  A1N/Si(lll) 
interface  was  then  obtained,  this  seems  to  decrease  the  inversion  domain  density  in  the  GaN 
epilayer.  Therefore,  the  growth  of  an  AIN  nucleation  layer  at  low  temperature  in  GaN  samples 
on  Si(l  1 1)  probably  improves  the  crystalline  quality  of  the  epilayer. 


Figure  4.  <1 120>HRTEM  images  in  A1N/Si(l  1 1)  interface,  (a)  S35  and  (b)  S100 
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CONCLUSIONS 


In  summary,  we  characterized  GaN  heterostructures  grown  on  Si(lll)  substrates.  Th< 
AIN  buffer  influences  both  the  absolute  layer  polarity  and  inversion  domains  density  on  thi 
GaN.  An  AIN  buffer  layer  thicker  than  15  nm  is  necessary  to  change  the  epilayer  polarity  fron 
N-  to  Ga-.  The  AIN  nucleation  layer  grown  at  620°C,  in  the  first  steps  of  the  growth,  avoids  th< 
outdiffusion  from  the  silicon  substrate  to  the  GaN  epilayer,  providing  a  flat  A1N/Si(l  1 1 
interface.  This  contributes  to  improve  the  structural  quality  of  the  overgrown  GaN  film. 
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ABSTRACT 

InN  films  were  grown  on  Si  (111)  substrates  by  radio-frequency  plasma-excited  molecular 
beam  epitaxy.  InN  films  highly  oriented  to  the  c-axis  were  obtained  by  optimizing  growth 
conditions  in  the  direct  growth  on  Si.  Growth  of  single  crystalline  InN  films  was  realized  on  Si 
substrates  with  substrate  nitridation  for  3  min.  On  the  other  hands,  when  the  substrate  nitridation 
was  lasted  over  30  min,  obtained  InN  films  were  polycrystalline  due  to  the  amorphous  SiNx  layer 
formed  on  a  substrate  surface.  We  also  studied  the  local  atomic  structure  in  the  single  crystalline 
InN  film  using  extended  X-ray  absorption  fine  structure  measurements. 


INTRODUCTION 

As  indicated  by  its  recent  research  popularity[l-8],  InN  has  a  large  potential  for  photonic 
and  electronic  applications.  InN,  including  its  alloys,  would  also  have  a  great  potential  for  a  new 
high  efficiency  solar  cell  covering  the  full  solar  spectrum.  However,  InN  has  few  suitable 
substrates  due  to  its  large  lattice  mismatch  with  most  substrates.  This  means  that  a  good  initial 
growth  process  is  needed  for  high  quality  growth.  Substrate  nitridation  is  one  such  initial 
process  that  has  been  studied.  Substrate  nitridation  is  well  known  to  improve  the  crystallinity  of 
InN  on  sapphire [9-11],  GaAs[12],  and  GaP[12]  substrates. 

On  the  other  hand,  however,  the  role  of  nitridation  for  InN  growth  on  Si  is  less  clear. 
Yamamoto  et  al.  [9]  reported  that  substrate  nitridation  prevented  to  grow  InN  films  with 
metalorganic  chemical  vapor  deposition  (MOCVD)  because  of  forming  an  amorphous  SiNx  layer 
on  Si  substrate  surface.  Therefore,  on  Si,  methods  to  grow  InN  films  are  careful  to  avoid 
forming  SiNx  layers  [13].  This  includes  methods  that  use  molecular  beam  epitaxy  (MBE) 
[14,15].  However,  growing  single  crystalline  InN  films  on  Si  remains  difficult  [9,13-18]. 

Recently,  effects  of  substrate  nitridation  on  Si  have  been  studied.  Yodo  et  al.  [19]  reported 
that  substrate  nitridation  prevented  to  contain  cubic  phases  in  hexagonal  InN  films.  We 
succeeded  to  realize  single  crystalline  hexagonal  InN  films  by  using  substrate  nitridation  and  a 
low-temperature  buffer  layer  deposition  [20,21].  In  this  paper,  we  describe  how  our  use  of 
nitridation  allowed  us  to  grow  single  crystalline  hexagonal  InN  films  on  Si.  We  then  describe 
the  local  atomic  structure  of  this  film. 
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EXPERIMENTAL  DETAILS 


InN  films  were  grown  on  Si  ( 1 1 1 )  substrates  by  radio-frequency  plasma-excited  MBE  (RF- 
MBE).  The  sources  used  were  elemental  In  from  a  standard  Knudsen  effusion  cell  and  excited 
N2  gas  with  6N  purity  from  an  RF  plasma  source  (SVT  associates  model  4.5).  Prior  to  growth, 
the  Si  substrate  was  cleaned  with  HF  solution  and  then  was  thermally  cleaned  above  800°C  for 
20  min  in  vacuum.  Following  this  process,  nitridation  was  carried  out  at  800°C  with  a  nitrogen 
flow  rate  of  1  seem  and  an  RF  power  of  380  W.  Then,  an  InN  film  was  grown  at  390°C  for  1  h. 
The  growth  conditions  were  as  follows:  an  In  cell  temperature  of  775°C,  a  nitrogen  flow  rate  of  2 
seem,  and  an  RF  power  of  240  W.  An  InN  film  inserted  a  low-temperature  InN  buffer  layer  was 
also  grown  on  nitridated  substrates  to  improve  the  crystallinity  of  the  InN  film. [21]  The  low- 
temperature  buffer  layer  was  deposited  at  280°C  for  10  min.  For  comparison,  an  InN  film  was 
also  directly  grown  without  initial  growth  processes  such  as  substrate  nitridation  and  low- 
temperature  buffer  layer  deposition.  The  obtained  InN  film  thicknesses  were  approximately  0.25 
pm. 

The  crystal  quality  of  the  InN  films  was  characterized  by  in  situ  reflection  high-energy 
electron  diffraction  (RHEED),  X-ray  diffraction  (XRD)  (Philips  X’Pert  MRD)  and  extended  X- 
ray  absorption  fine  structure  (EXAFS)  measurements.  The  surface  morphologies  of  these  films 
were  examined  with  scanning  electron  microscopy  (SEM).  The  nitridated  substrate  surface 
before  InN  growth  was  investigated  by  X-ray  photoelectron  spectroscopy  (XPS)  measurement. 


RESULTS  AND  DISSCUSSION 

InN  films  grown  directly  on  Si  without  initial  growth  processes  are  always  polycrystalline 
[9,21].  By  optimizing  the  growth  temperature  and  V/III  ratio,  an  InN  film  highly  oriented  to  the 
e-axis  was  obtained.  However,  the  a-axis  in  the  film  was  not  well  oriented  as  shown  in  Fig.  1, 
indicating  that  distorted  rotation  domains  were  existed. 

Figure  2  shows  the  RHEED  patterns  of  the  Si  substrates  before  and  after  substrate 
nitridation.  Before  substrate  nitridation,  a  clear  7x7-reconstruction  RHEED  pattern  typical  of  a 
clean  Si  (1 1 1)  surface  was  obtained  (Fig.  2a).  When  the  Si  substrate  surface  was  exposed  to  the 
nitrogen  plasma,  the  RHEED  pattern  changed  from  7x7  to  lxl.  After  a  brief  substrate 
nitridation  (3  min),  the  pattern  became  diffused  (Fig.  2b).  The  in-plane  interlayer  spacing 
obtained  from  the  RHEED  pattern  nearly  equaled  that  of  Si,  indicating  that  Si  surface  almost 
unchanged  crystallographically  by  the  nitridation.  We  used  XPS  to  determine  whether  or  not 
SiNx  formed  on  the  substrate  surface  during  the  3 -min  substrate  nitridation.  Figure  3a  shows  the 
Si2p  spectra  before  and  after  the  nitridation;  an  additional  peak  representing  Si-N  bonding 
appeared  in  the  substrate  with  nitridation.  The  N 1  s  spectrum  for  the  substrate  without  nitridation 
(Fig.  3b)  shows  no  peak,  whereas  the  peak  clearly  observed  for  the  substrate  with  nitridation. 
The  RHEED  and  XPS  results  suggest  that  SiNx  formed  on  the  Si  substrate  even  when  the 
nitridation  was  carried  out  for  only  3  min,  and  the  SiNx  would  be  formed  in  part  on  the  Si 
substrate  surface.  When  the  substrate  nitridation  lasted  over  30  min  (Fig.  2c),  the  pattern 
changed  to  a  halo  pattern  with  weak  streaks,  suggesting  that  an  amorphous  SiNx  layer  formed  on 
the  substrate  surface. 
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Figure  1.  {1122}  XRD  pole-figure  of  an  InN  film  grown  directly  without  substrate  nitridation. 


Figure  2.  RHEED  patterns  of  Si  substrates  (A)  before  substrate  nitridation,  (B)  after  substrate 
nitridation  for  3min,  and  (C)  after  substrate  nitridation  for  30  min. 
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Figure  3.  (A)  Si2p  and  (B)  Nls  XPS  spectra  of  Si  substrate  surface  before  and  after  a  brief 
period  of  nitridation. 


Figure  4  shows  the  RHEED  pattern  of  a  hexagonal  InN  film  grown  on  Si  with  a  brief  period 
of  nitridation  (3  min).  A  clear  streak  pattern  appears.  Existence  of  cubic  phases  in  this  film  was 
not  observed  from  RHEED  and  XRD  measurements.  These  results  showed  a  same  tendency 
toward  the  results  by  Yodo  et  al  [19].  Figure  5  shows  an  XRD  pole  figure  of  this  film. 
Metastable  rotation  domains,  such  as  that  in  Fig.  1 ,  were  not  formed.  Furthermore,  XRD  (0-20 
spectra  of  this  film  showed  that  metastable  tilted  domains  such  as  (loll)  were  not  formed. 
These  results  show  that  single  crystalline  hexagonal  InN  film  could  be  grown  on  Si  substrates 
with  a  brief  substrate  nitridation.  Figure  6  shows  RHEED  pattern  of  an  InN  film  grown  on  Si 
substrate  with  substrate  nitridation  for  1  h.  The  diffused  ring  pattern  confirmed  that  single 
crystalline  InN  films  could  not  be  grown  when  nitridation  was  lasted  for  lh.  It  was  indicated  that 
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Figure  8.  (A)  Electron-yield  spectra,  (B)  /:3-weighted  In  K-edge  EXAFS  oscillations,  and  (C) 
absolute  values  |F(r)|  of  In  K-edge  radial  structure  function  oscillations,  of  InN  films  grown  on  Si 
and  on  sapphire  substrates. 


The  surface  morphologies  of  InN  films  evaluated  by  SEM  are  shown  in  Fig.  7.  Fig.  7a 
shows  that  the  film  grown  with  the  brief  nitridation  has  three-dimensional  grains  of  a  few 
hundred-nanometer  sizes.  On  the  other  hand,  when  a  low-temperature  buffer  layer  was  inserted 
on  a  substrate  with  the  same  nitridation  as  that  for  Fig.  7a,  the  surface  had  a  two-dimensional 
growth  mode  (Fig.  7b).  These  results  indicate  that  low-temperature  buffer  layer  deposition  is  a 
useful  way  to  grow  a  very  flat  surface  in  addition  to  improve  the  crystallinity  of  InN  films  [21]. 

Using  EXAFS,  we  studied  the  local  structure  in  the  single  crystalline  InN  film  that  was 
grown  with  the  brief  nitridation  and  the  low-temperature  buffer  layer.  Figure  8a  shows  the 
electron-yield  spectra  of  InN  films  grown  on  Si  and  sapphire  substrates.  (The  data  for  sapphire 
is  from  Ref.  22.)  For  Fig.  8b,  we  isolated  the  ^-weighted  In  K-edge  EXAFS  oscillation  of  these 
films  from  their  electron-yield  spectra.  In  both  spectra,  the  noise  level  was  much  lower  than  the 
oscillation  amplitude  for  k<  16  A'1.  We  used  the  Fourier  transformation  magnitudes  for  a  k  range 
of  2-14  A'1  to  obtain  the  absolute  values  |F(r)|  of  the  In  K-edge  radial  structure  function  (Fig.  8c). 
The  profile  of  the  radial  structure  function  for  the  Si  substrate  is  similar  to  that  for  sapphire.  This 
shows  that  both  the  first  neighboring  distance  of  In-N  pairs  and  the  first  neighboring  distance  of 
In-In  pairs  are  almost  the  same  for  the  InN  films  grown  on  Si  and  sapphire  substrates.  The 
estimated  coordination  number  for  an  In  atom  in  InN  grown  on  the  Si  substrate  is  4.0;  this  value 
is  the  ideal  coordination  number  for  III-V  semiconductors.  We  conclude,  therefore,  that  the  In-N 
atomic  bonding  has  the  ideal  sp3  hybridation  in  single  crystalline  InN  films  grown  on  Si  as  well 
as  high  quality  single  crystalline  films  on  sapphire. 


CONCLUSIONS 

In  the  growth  of  RF-MBE,  single  crystalline  InN  films  were  realized  by  using  an 
appropriate  substrate  nitridation.  Single  crystalline  InN  films  could  be  grown  on  Si  substrates 
with  a  brief  substrate  nitridation  for  3  min.  On  the  other  hands,  InN  films  grown  on  Si  substrates 
nitridated  for  1  h,  by  which  amorphous  SiNx  layers  were  formed  on  the  substrate  surfaces,  were 
polycrystalline.  The  local  atomic  structures  in  single  crystalline  InN  films  on  Si  substrates  were 
almost  the  same  as  those  in  high-quality  InN  films  on  sapphire. 
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single  crystalline  InN  films  could  not  be  grown  on  amorphous  SiN*  layer  formed  by  a  substrate 
nitridation  lasted  for  a  long  time.  From  these  results,  we  conclude  that  the  nitridation  time  is  an 
important  parameter  for  the  growth  of  single  crystalline  InN  films  on  Si  substrates.  The  detail 
mechanisms  of  Si  substrate  nitridation  are  now  being  considered. 


Figure  4.  RHEED  pattern  of  an  InN  film 
grown  on  Si  with  a  brief  period  of  substrate 
nitridation. 


Figure  5.  {  1122  }  XRD  pole-figure  of  an 

InN  film  grown  with  a  brief  period  of 
substrate  nitridation. 


Figure  6.  RHEED  pattern  of  an  InN  film  grown  on  Si  substrate  with  substrate  nitridation  for  1 
h. 


Figure  7.  SEM  images  of  InN  films.  (A)  InN  film  grown  on  substrate  with  a  brief  period  of 
nitridation.  (B)  InN  film  grown  on  a  low-temperature  buffer  layer  that  was  grown  on  substrate 
with  a  brief  period  of  nitridation. 
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ABSTRACT 

GaN  layers  were  grown  on  a  (001)  rutile  Ti02  substrate  by  electron  cyclotron  resonance 
plasma-excited  molecular  beam  epitaxy.  For  the  first  time,  c-GaN  with  a  preferential  growth 
orientation  was  obtained.  Based  on  the  results  from  electron  diffraction  and  X-ray  diffraction 
analysis,  we  found  that  c-GaN  with  the  growth  direction  of  [110]  was  grown  on  the  Ti02 
substrate.  The  formation  of  c-GaN  was  also  confirmed  by  cathodoluminescence,  in  which  a 
luminescence  peak  was  observed  at  3.24eV. 


INTRODUCTION 

Nitride  semiconductors;  GaN,  AIN  and  InN  crystallize  in  both  hexagonal  wurtzite  and  cubic 
zinc-blende  crystal  structure.  Until  now,  most  of  all  the  GaN-based  optical  and  electronic  devices 
are  of  wurtzite  hexagonal  GaN  (h-GaN)  because  of  both  metastable  nature  of  zinc-blende  cubic 
GaN  (c-GaN)  and  a  lack  of  suitable  substrates  for  the  c-GaN  growth.  However,  c-GaN  has  been 
expected  to  have  various  advantages  in  the  physical  properties  over  those  of  h-GaN  due  to  its 
higher  crystallographic  symmetry,  resulting  in  smaller  effective  mass,  lower  phonon  scattering, 
higher  doping  efficiency  and  so  on  [1].  Moreover,  for  the  growth  of  c-GaN  on  cubic  (001) 
substrates,  the  absence  of  piezoelectric  polarization  fields  will  help  us  to  understand  the  emission 
mechanism  of  multiple  quantum  wells  [2,3].  As  for  the  device  applications,  c-GaN  grown  on 
appropriate  substrates  is  also  superior  to  h-GaN  in  the  ease  of  cleaving  and  the  fonnation  of 
back-side  electrode.  Thus,  a  large  number  of  studies  to  grow  c-GaN  on  various  substrates  have 
been  carried  out  [4].  Substrates  used  in  these  studies  are  mainly  GaAs  [5-7],  3C-SiC  [8-10]  and 
Si  [11,12].  It  has  been  difficult,  however,  to  grow  high  quality  c-GaN  because  of  the  large 
mismatch  with  the  substrates  and  the  lack  of  enough  stability  at  growth  temperatures,  resulting  in 
h-GaN  phase  mixing.  Therefore,  further  study  concerning  even  about  substrate  material  is  still 
necessary  to  realize  growth  of  high  quality  c-GaN. 

Ti02  has  rutile  (body-centered  tetragonal)  crystal  structure.  Figure  1  shows  the  crystal 
structure  of  a  Ti02  unit  cell.  Lattice  constants  along  a-axis  and  c-axis  are  4.593  A  and  2.959  A, 
respectively.  When  (001)  c-GaN  is  grown  on  (001)  rutile  Ti02,  lattice  mismatch  between  c-GaN 
(a  =  4.531  A)  and  the  Ti02  substrate  is  -1.3%,  which  is  much  smaller  than  those  of  other 
substrates;  -20  %  for  (001)  GaAs,  4  %  for  (001)  3C-SiC  and  17%  for  (001)  Si.  Therefore,  Ti02  is 
expected  as  a  lattice-matched  substrate  for  the  growth  of  (001)  c-GaN.  We  should  consider  that 
Ti02  substrate  is  not  stable  at  high  temperature  and  a  reducing  atmosphere  including  hydrogen.  It 
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was  found  that  Ti02  substrate  was 
reduced  during  metal  organic 
chemical  vapor  deposition  growth  of 
GaN  at  around  1000°C  [13].  This 
result  suggests  that  molecular  beam 
epitaxy  (MBE),  by  which  a  low 
growth  temperature  and  a  hydrogen 
free  atmosphere  are  available,  should 
be  suitable  for  the  growth  of  c-GaN 
on  the  Ti02  substrate.  Sitar  et  al. 
reported  the  gas  source  MBE  growth 
of  GaN  on  the  (001)  rutile  Ti02 
substrate  [14].  However,  they  could 
obtain  only  polycrystalline  GaN 
without  a  preferential  orientation. 

In  this  study,  we  report  on  the  growth  of  c-GaN  on  the  (001)  rutile  Ti02  substrate  by 
electron  cyclotron  resonance  plasma  -  excited  (ECR-)  MBE.  For  the  first  time,  (110)  c-GaN 
preferentially  grown  on  this  substrate  was  obtained.  Structural  and  optical  properties  of  the 
c-GaN  were  also  investigated. 


Figure  1.  Crystal  structure  of  rutile  Ti02. 


EXPERIMENTAL 

GaN  layers  were  grown  by  ECR-MBE.  Gallium  was  effused  from  the  conventional  Knudsen 
cell  to  the  substrates.  The  Ti02  substrate  was  cleaned  by  an  organic  solvent  and  thermally 
cleaned  at  750°C  for  30  min  in  the  growth  chamber  just  prior  to  growth.  Subsequently,  the  GaN 
layer  was  grown  on  the  Ti02  substrate  directly.  Microwave  power  and  a  nitrogen  gas  flow  rate 
were  kept  constant  at  120  W  and  30  seem,  respectively.  A  temperature  of  the  Ga  cell  was  880°C. 
Only  the  growth  temperature  was  varied  from  590  to  710°C. 

Structural  characterizations  of  the  GaN  layers  were  performed  by  reflection  high-energy 
electron  diffraction  (RHEED),  X-ray  diffraction  (XRD)  and  scanning  electron  microscopy 
(SEM).  Optical  property  was  characterized  using  cathodoluminescence  (CL)  at  room 
temperature  (RT). 


RESULTS  AND  DISSCUSION 

Figure  2  shows  RHEED  patterns  of  the  GaN  layers  grown  on  the  Ti02  substrate  at  various 
growth  temperatures.  When  the  GaN  layers  were  grown  under  600°C  or  over  700°C,  ring 
patterns  were  mainly  obtained  in  the  RHEED  observation.  This  means  that  polycrystalline  GaN 
was  obtained  at  these  growth  temperatures.  On  the  other  hand,  spot  patterns  were  clearly 
appeared  from  the  GaN  layers  grown  at  620  -  680°C,  indicating  that  the  GaN  layers  had  a 
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Figure  2.  RHEED  images  of  the  GaN  layers  grown  on  the  Ti02  substrate  at  (a)  590°C,  (b) 
620°C,  (c)  650°C,  (d)  680°C  and  (e)  720°C.  (f)  simulated  diffraction  pattern  for  c-GaN  with  a 
( 1 1 0)  growth  orientation. 

preferential  growth  orientation.  As  shown  in 
Fig.  2(f),  the  diffraction  pattern  is 
corresponding  to  the  simulated  pattern  for 
c-GaN  with  a  (110)  growth  orientation 
rather  than  a  (001)  orientation.  In  Fig.  2(c), 
an  extra  diffraction  pattern  tilted  about  35° 
from  the  growth  direction  was  observed  as 
shown  by  arrows.  The  pattern  was  also 
explained  by  considering  the  growth  of 
(110)  c-GaN.  Figure  3  shows  an  atomic 
arrangement  of  (110)  c-GaN.  The  (111) 
plane  of  c-GaN  is  existed  with  a  tilting  angle 
of  35.3°  from  [110]  direction.  Hexagonal 
phases  might  be  formed  on  the  (111)  plane 
of  c-GaN  due  to  the  ease  of  changing  atomic 
stacking  sequence  from  ABCABC-  to  ABABAB-.  Therefore,  the  extra  pattern  is  considered  to 
be  resulted  from  h-GaN  mixing  grown  on  (111)  plane  of  c-GaN. 

Figure  4  shows  an  XRD  (go-20  mode)  profile  of  the  GaN  layer  grown  on  the  Ti02  substrate. 
Strong  diffraction  peak  from  (220)  c-GaN  was  observed  at  57.5°.  Other  weak  peaks  observed  at 
48.1°  and  68.1°  are  found  to  be  due  to  (10-12)  h-GaN  and  (11-22)  h-GaN,  respectively,  which 
means  mixing  of  h-GaN  with  various  growth  orientations  were  existed.  These  XRD  results  also 
confirmed  that  c-GaN  grown  on  the  Ti02  substrate  was  oriented  along  [110]  direction  of  c-GaN. 

Surface  morphology  of  the  GaN  layers  grown  on  the  Ti02  substrate  were  investigated  using 


Figure  3.  atomic  arrangement  of  (1 1 0)  c-GaN. 
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Figure  4.  XRD  (co-20  mode)  profile  of  the  GaN  layer  grown  on  the  T1O2  substrate. 


Figure  5.  SEM  images  of  the  GaN  layers  grown  at  (a)  590°C,  (b)  650°C  and  (c)  710°C. 


SEM.  Figure  5  shows  the  SEM 
images  of  the  GaN  layers  grown  at  (a) 
590°C,  (b)  650°C  and  (c)  710°C, 
respectively.  As  shown  in  Fig.  4(a) 
and  4(c),  the  GaN  layers  grown  at 
590°C  and  710°C  exhibited  random 
grain  structure  without  a  preferential 
growth  orientation,  which  agree  with 
the  results  from  the  RHEED 
observation.  On  the  other  hands,  the 
GaN  layer  grown  at  650°C  seemed  to 
have  some  kind  of  ordered  grain 
structure  as  shown  in  Fig.  4(b). 
Almost  all  the  grains  showed  roof-top 
surface  morphology.  This  shape  is 
considered  to  be  caused  by  the  crystal 
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Photon  Energy  [eV] 

Figure  6.  CL  profiles  of  the  GaN  layers  grown  at 
620°C,  650°C  and  680°C. 
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surface  of  c-GaN  with  a  (1 10)  growth  orientation. 

Figure  6  shows  CL  profiles  of  the  GaN  layers  observed  at  RT.  All  of  the  GaN  layers  grown 
at  620°C,  650°C  and  680°C,  in  which  the  diffraction  pattern  of  c-GaN  was  clearly  observed  in 
Fig.  2,  showed  a  luminescence  peak  at  3.24  eV.  These  results  also  support  that  growth  of  c-GaN 
was  realized  on  the  Ti02  substrate.  However,  mixture  of  hexagonal  phase  confirmed  by  a 
luminescence  peak  at  3.4  eV  was  obviously  recognized  in  the  GaN  layers  grown  at  650°C  and 
680°C.  Higher  growth  temperature  might  enhance  the  formation  of  h-GaN  which  is 
thermodynamically  stable  compared  to  c-GaN. 

At  this  moment,  the  growth  mechanism  of  (110)  c-GaN  on  the  (001)  Ti02  substrate  rather 
than  (001)  c-GaN,  which  should  have  better  lattice  mismatch  for  the  substrate,  is  not  clear.  It 
seems  likely  that  the  difference  of  crystal  structure  between  zinc-blende  of  c-GaN  and  rutile  of 
Ti02  worked  more  effectively  for  the  determination  of  the  growth  orientation  of  c-GaN  on  the 
Ti02  substrate  than  the  advantage  in  the  lattice  mismatch. 


CONCLUSIONS 

We  have  demonstrated  the  growth  of  GaN  on  the  rutile  (001)  Ti02  substrate  by  ECR-MBE. 
For  the  first  time,  c-GaN  with  a  preferential  growth  orientation  was  obtained  on  the  Ti02 
substrate.  Results  from  RHHED  and  XRD  confirmed  that  growth  orientation  of  c-GaN  was  [110] 
of  c-GaN.  CL  emission  was  also  observed  from  c-GaN  grown  on  the  Ti02  substrate  although 
mixture  of  h-GaN  existed. 
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ABSTRACT 

High  quality  cubic  GaN  films  were  successfully  grown  on  an  AlN/GaN  ordered  alloy 
by  RF-MBE.  AlN/GaN  ordered  alloy  is  here  employed  instead  of  a  AlGaN  nucleation  layer 
formed  by  nitridation  of  an  AlGaAs  buffer  layer.  Dominant  cubic  GaN  epilayer  (1.0  pm) 
growth  was  confirmed  by  insitu  RHEED  observations,  AFM,  TEM,  PL  and  X-ray 
diffraction  measurements. 

INTRODUCTION 

Cubic  GaN  (c-GaN)  is  expected  to  have  many  advantages  in  physical  properties  over 
those  of  the  hexagonal  phase  due  to  its  higher  crystallographic  symmetry.  We  earlier 
reported  that  using  an  AlGaN  layer  formed  by  nitridation  of  an  Alo.17Gao.83As  buffer  was  an 
efficient  process  for  ensuring  growth  of  a  highly  pure  c-GaN  film  growth  [1,2].  However, 
there  still  remain  some  problems  regarding  AlGaAs  growth.  The  first  relates  to  fluctuations 
in  A1  concentration,  which  in  turn  significantly  affects  the  purity  of  the  structural  phase  of 
the  epilayer.  The  second  is  the  difficultly  of  maintaining  high  quality  stoichiometric  growth 
for  extend  periods  of  time  due  to  the  careful  control  of  the  beam  fluxes  (Al,  Ga  and  As) 
required. 

To  improve  the  efficiency  of  our  research,  an  AlN/GaN  ordered  alloy  (OA)  was 
employed  instead  of  an  AlGaAs  buffer  layer  for  c-GaN  films  growth.  It  is  expected  that 
uniform  effective  Al  molar  content  can  be  obtained  by  using  an  OA  layer.  Precise  control  of 
the  Al  molar  content  can  be  achieved  by  varying  the  ratio  of  alternate  layer  thickness.  This 
process  makes  it  easy  to  maintain  high  quality  stoichiometric  growth  for  extended  periods 
as  all  constituent  layers  are  binary  materials.  In  our  previous  work,  evidence  for  the 
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presence  of  a  polycrystalline  component  was  confirmed  for  a  c-GaN  film  (0.4  pm)  by  high 
resolution  X-ray  diffraction  (HRXRD)  and  photoluminescence  (PL)  [3,4]. 

In  this  work,  a  significant  improvement  in  the  crystallinity  of  the  c-GaN  epilayer  was 
achieved  by  optimizing  the  nitridation  conditions.  Crystallographic  properties  were 
characterized  by  reflection  high-energy  electron  diffraction  (RHEED),  transmission 
electron  microscopy  (TEM)  and  HRXRD.  Atomic  force  microscopy  (AFM)  and  low 
temperature  PL  measurements  were  carried  out  in  order  to  characterize  the  surface 
morphology  and  optical  properties,  respectively. 

EXPERIMENTAL  DETAILS 

C-GaN  films  were  grown  on  semi-insulating  GaAs  (100)  substrates  by  plasma  assisted 
molecular  beam  epitaxy  (RF-MBE)  using  a  radio  frequency  (13.56  MHz)  plasma  cell 
(Oxford  Applied  Research,  model  MPD21)  to  produce  active  nitrogen.  After  thermal 
annealing  under  As  over  pressure  conditions  (4.0  x  10'6Torr),  a  GaAs  buffer  layer  was 
deposited  at  650°C  (0.2  pm).  The  surface  structure  was  investigated  to  confirm  the  presence 
of  the  (2x4)  reconstruction  pattern  (indicating  the  well  known  As  terminated  surface)  by 
in-situ  RHEED  observation.  Nitridation  was  carried  out  for  5-10  seconds  using  N-plasma 
exposure  at  850  °C  to  form  a  wetting  layer  on  the  GaAs  surface.  Subsequent  to  nitridation, 
an  alternating  supply  of  A1  and  Ga  flux  was  introduced  to  order  to  form  an  (AlN)m(GaN)n 
OA  (m  and  n  represent  the  number  of  monolayers).  As  there  is  a  large  lattice  mismatch 
between  AIN,  GaN  and  GaAs,  it  is  necessary  to  limit  each  layer  to  below  the  critical 
thickness  in  order  to  grow  an  epitaxial,  defect-free  OA  layer.  The  OA  layer  structure, 
therefore,  is  typically  (AlN)i(GaN)4  x  5  periods  (total  layer  thickness  =  0.05  pm).  The 
crystal  quality  of  the  OA  layer  is  strongly  dependent  on  the  ratio  of  constituent  layer 
thickness  (dGilN/dAiN)  and  the  number  of  periods.  The  detailed  characteristics  of  OA  layer 
have  been  reported  elsewhere  [3,4].  The  final  c-GaN  epilayer  (1 .0  pm)  was  grown  at  850 °C. 
RHEED  observations  were  carried  out  during  the  entire  growth  process  in  order  to  confirm 
the  crystallinity  of  the  growing  films.  The  crystallinity  of  epilayer  was  characterized  by  a 
HRXRD  (Philips,  X’pert  MRD  system)  equipped  with  a  hybrid  monochromator  (an 
integrated  multilayer  X-ray  mirror  in  combination  with  a  Ge  220  channel  cut  crystal  and 
double  detector  with  Cu  0. 1  mm  slit).  The  PL  spectra  were  measured  using  the  325  nm  line 
of  a  He-Cd  laser  (10  mW)  as  an  excitation  source  (12  K).  The  surface  morphology  was 
observed  by  AFM  (Digital  Equipments,  Nanoscope  III  a,  Dimension  3100  system). 
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DISCUSSION 


The  key  point  of  this  work  is  the  achievement  of  the  successful  thicker  epitaxial 
growth  of  the  c-GaN  epilayer  (1.0  pm)  with  higher  crystal  quality  than  that  of  our  previous 
work  [3,4]  by  careful  optimization  of  the  nitridation  process.  Figure  1  (a)  and  (b)  show 
RHEED  patterns  and  (c)  an  AFM  image  of  the  nitridation  GaAs  buffer  layer  surface.  The 
nitridation  time  of  the  GaAs  buffer  layer  surface  was  reduced  from  4  minutes  to  10  seconds 
in  order  to  form  a  uniform  wetting  layer  prior  to  OA  layer  growth.  During  the  nitridation 
process,  the  RHEED  pattern  changed  from  streaky  to  spotty  pattern  for  nitridation  times 
over  about  20  seconds.  The  characteristic  (3x3)  reconstruction  pattern  was  observed  for  the 
first  time  in  our  group  for  nitridation  time  between  5-10  seconds.  Zsebok  et  al.  reported  [5] 
the  same  results  in  the  initial  growth  stage  of  GaN  grown  directly  on  GaAs.  They 
concluded  that  the  (3x3)  pattern  indicated  the  formation  of  a  complete  N-terminated 
monolayer  on  the  GaAs  surface  under  stoichiometric  growth  conditions.  The  difference 
between  this  work  and  Zsebok’s  work  is  the  Ga  flux  condition  (slight  Ga  rich  conditions 
were  used  in  this  work).  It  is  speculated  that  the  formation  of  a  complete  N-terminated 
monolayer  in  the  initial  growth  stage  of  GaN  is  essential  in  order  to  obtain  subsequent 
epitaxial  El-nitride  layers.  The  RMS  roughness  value  calculated  from  figure  1  (c)  was  1.01 
nm. 


Figure  1 .  RHEED  patterns  of  (3x3)  reconstruction  on  the  nitridation  GaAs  (a),  (b) 
and  AFM  image(c).  The  incident  electron  beam  direction  was  (a)  [Oil],  (b)  [01 1]. 


Figure  2  shows  XRD  results  using  20-co  scan  along  the  [001]  axis  for  c-GaN  epilayer 
samples.  As  shown  in  this  figure,  c-GaN  diffraction  (FWHM=66.0  arcmin.)  was 
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dominantly  observed  indicating  that  c-GaN  was  successfully  grown.  We  also  carried  out 
XRD  pole  figure  measurement  for  h-GaN  {0002}.  Four  peaks  ((p=54.7°)  with  four-fold 
symmetry  were  observed.  It  is  strongly  suggested  that  these  peaks  can  be  attributed  to  cubic 
(111)  diffraction  because  there  are  no  diffraction  related  h-GaN  crystal  peaks  observed  in  a 
X-ray  reciprocal  space  area  map  measurement. 


Figure  2.  20-co  XRD  scans  for  an  epilayer  sample  (1 .0  pm)  grown  on  an  OA  layer. 

Figure  3  (a)  shows  RHEED  pattern  for  a  c-GaN  epilayer  during  growth,  and  figure  3 
(b)  is  the  simulation  results  reported  by  Balakrishnan  et  al.  [6]  with  c-GaN/GaAs  (001). 
They  reported  that  their  epilayer  included  cubic  (001),  hexagonal  (0002)  or  twinned  cubic 
(111),  cubic  (111)  crystal.  Figure  3  (a)  agrees  very  well  with  figure  3  (b)  so  that,  the 
epilayer  in  this  work  has  a  similar  structural  composition.  These  results  consistent  with 
XRD  measurement  result  previously  described. 


Figure  3.  RHEED  pattern  for  c-GaN  epitaxial  growth. 
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Figure  4  shows  a  bright  field  TEM  micrograph  and  corresponding  diffraction  pattern 
for  the  c-GaN  epilayer  sample.  In  the  micrograph,  thin  lamella  regions  on  the  { 1 1 1 }  planes 
are  noticeable.  The  diffraction  pattern  is  predominantly  c-GaN  but  near  some  reflections, 
satellite  diffraction  spots  and  streaks  along  the  <1 1 1>  directions  were  observed.  These 
results  together  with  XRD  data  suggest  that  the  thin  lamella  regions  correspond  to  the 
remaining  hexagonal  phase.  Reduction  of  these  regions  is  required  to  get  a  perfect  c-GaN 
epilayer. 


Figure  4.  Bright  field  TEM  image  and  transmission  electron  diffraction  (TED)  pattern  for 
GaN  epilayer. 


Figure  5.  Low  temperature  PL  spectra  for  c-GaN  epilayer  on  AlN/GaN  OA  layer  sample. 
The  FWHM  value  of  c-GaN  emission  (3.31  eV)  is  269  meV 
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Figure  5  shows  PL  spectra  for  a  c-GaN  epilayer  on  an  AlN/GaN  OA  layer  sample. 
Near  band  edge  emission  originating  from  cubic  phase  was  observed,  with  a  FWHM  value 
of  269  meV.  A  shoulder  was  observed  on  the  short  wavelength  side  of  the  peak,  indicating 
mixing  of  h-GaN  phase  into  the  epilayer.  Considering  XRD,  TEM,  PL  results,  epilayer 
seems  to  include  high  density  crystal  defects,  but  it  is  expected  that  the  defects  will  reduce 
with  thicker  epilayer  growth  as  shown  in  TEM  photograph  (figure  4). 

CONCLUSIONS 

A  significant  improvement  of  the  crystal  quality  and  growth  stability  of  the  c-GaN 
epilayer  on  AlN/GaN  OA  was  achieved  by  optimization  of  the  nitridation  conditions, 
leading  to  the  realization  of  thicker  epilayer  growth.  Although  it  is  suspected  that  high 
density  defects  including  h-GaN  crystal  remains  from  PL  and  TEM  measurements,  it  is 
thought  that  c-GaN  growth  is  dominant  during  the  entire  growth  process. 
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Abstract 

Halide  vapor  transport  epitaxy  (HVTE)  is  demonstrated  for  growth  of  AIN 
layers  with  thickness  up  to  50  pm  at  deposition  rates  up  to  60  pm/h.  The  HVTE 
process  uses  an  aluminum  chloride  amine  adduct  as  the  aluminum  source  of 
both  aluminum  and  nitrogen.  This  new  technique  eliminates  the  main  difficulties 
of  the  conventional  hydride  VPE  growth,  where  aluminum  oxidation  and  the 
strong  reactivity  of  aluminum  chloride  with  fused  silica  create  the  potential  for 
oxygen  contamination.  This  study  shows  the  effect  of  temperature,  gas  flow 
velocities,  and  reactor  pressure  on  the  growth  rate  and  layer  quality.  It  is  found 
that  the  growth  rate  and  the  layer  quality  strongly  depend  on  the  gas  ratio.  The 
species  of  carrier  gas,  the  flow  rates  and  partial  pressures  can  be  used  as  tools 
to  optimize  growth  rate  and  to  avoid  any  etching  effects  resulting  from  reverse 
chemical  reactions.  The  crystalline  layer  quality  as  determined  by  x-ray  rocking 
curve  measurement  shows  FWHM  of  300-900  and  500-1 300  arc-sec  for  (002) 
and  (102)  planes,  respectively. 

PACS:  8 l.OS.Ea;  81.15.Kk;  68.55.Jk. 


1.  Introduction 

Thick-film  aluminum  nitride  on  sapphire  can  be  used  as  a  substrate  material 
for  a  wide  range  of  optical  and  electronic  applications  from  UV  sensors  to  high 
power  RF  devices.  The  properties  that  make  it  attractive  are  its  high  thermal  and 
low  (insulating)  electrical  conductivity  [1],  high  UV  transparency  [2],  high  acoustic 
wave  velocity  [3],  and  its  excellent  lattice  and  thermal  expansion  match  with  GaN 
[4]- 

The  choice  of  a  VPE  process  for  growth  of  aluminum  nitride  layers  is  dictated 
by  the  possibility  of  high  growth  rates  compared  with  other  methods,  including 
reactive  sputtering  [6],  MBE  [7],  MOCVD  [8]  and  VPE  [9].  Only  VPE  has  a  high 
growth  rate  for  well-oriented  AIN  film  growth.  This  paper  covers  the  most  recent 
results  of  AIN  film  growth  by  the  HVTE  process. 

Our  approach  uses  a  pre-synthesized  aluminum  chloride  adduct  as  the 
source  material.  Several  authors  have  discussed  adduct  preparation  [11,12] 
and  the  adduct  properties  [13,14,15].  The  use  of  the  aluminum  chloride  amine 
adduct  circumvents  the  high  affinity  of  pure  aluminum  for  oxygen  and  the  strong 
reactivity  of  aluminum  chloride  to  the  quartz  reactor  walls.  At  the  same  time,  the 
adduct  contains  within  itself  both  sources  -  of  aluminum  and  nitrogen.  Thus,  the 
deposition  can  be  easily  controlled  by  the  temperature  and  gas  flow  rate.  In  what 
follows,  we  present  the  results  of  AIN  film  growth  by  the  HVTE  process  using  the 
preformed  adduct. 
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2.  Experimental 

The  halide  vapor  transport  epitaxy  (HVTE)  system  for  Ill-nitride  layer  growth 
is  designed  to  include:  1)  3-zone  furnace  with  computer  controlled  independent 
power  supplies  for  each  zone;  2)  quartz  tube  reactor  1200  mm  long  and  50  mm 
in  diameter,  3)  mass  flow  controllers  working  in  the  range  1-850  seem  for  each 
source  of  gas  -  ammonia,  nitrogen  and  hydrogen,  with  the  possibility  for  precise 
gas  mixing  either  outside  or  inside  the  reactor.  At  the  outlet:  4)  an  automatic 
control  butterfly  valve  MKS  type  153;  5)  a  programmable  MKS  pressure  reader 
for  an  accuracy  of  1  Torr  in  the  pressure  range  1-1000  Torr;  6)  a  mechanical 
pump;  and  7)  oil  and  water  air  locks. 

Before  each  run  the  quartz  tube  of  the  reactor  was  evacuated  and  heated  for 
12  h  at  500  °C.  After  that  the  substrate  (sapphire  template  with  1pm  thick 
MOCVD  AIN  or  GaN  layer)  and  the  adduct  boat  were  placed  in  proper  positions 
and  the  system  was  maintained  for  another  12  h  at  100  °C  in  vacuum.  An  RGA 
chemical  test  for  water  vapor,  oxygen,  nitrogen  and  ammonia  contamination 
followed.  When  the  RGA  chemical  analysis  indicated  less  than  1 0'5  Torr  the 
epitaxial  growth  process  was  initiated  in  the  pressure  range  50-760  Torr, 
deposition  temperature  1 000-1 100°C,  adduct  temperature  250-360°C,  and  gas 
flow  ratesl  70-400  seem  for  N2  and  H2  and  5-100  seem  for  NH3. 

For  the  HVTE  process,  adducts  of  the  type  AICI3-xNH3  {x=1-6)  are  produced. 
The  adduct  was  prepared  at  low  temperature,  taking  precautions  against  any 
possible  oxygen  contamination.  The  weights  of  the  initial  chemical  components 
were  recorded,  and  after  each  synthesis  run  the  complex  was  analyzed  by  x-ray 
diffractometer  Philips  APD  3720.  The  equilibrium  vapor  pressure  over  this 
adduct  at  different  temperatures  was  investigated  and  compared  to  the  literature 
(see  Fig.  1).  By  comparison,  the  adduct  partial  pressure  is  considerably  lower 
than  the  vapor  pressure  of  either  AICI3  or  ammonium  chloride  NH4CI. 

T(C) 


450  400  350  300  250  200 


Fig.  1 .  Adduct  partial  pressure  versus  the  adduct  temperature  -  a  comparison  of 
recent  results  with  some  previously  published  data  [10]. 


3.  Results 

Experiments  were  conducted  under  various  growth  conditions  using  GaN  and 
AIN  1pm  thick  MOCVD  templates  on  (0001)  sapphire  substrates.  The  growth 
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temperature,  the  relative  flow  rates  of  gases,  and  the  proximity  of  the  substrate  to 
the  aluminum  source  were  studied  to  determine  the  optimum  growth  conditions. 
AIN  layers  were  grown  up  to  50  \im  thick  with  good  crystal  quality  at  a  growth 
rate  from  5  to  40  pm/h.  The  results  illustrate  the  following  points: 

1.  The  growth  rate  increases  with  substrate  temperature  and  with  proximity  of 
the  substrate  to  the  source.  Figure  2  illustrates  the  point,  showing  thickness 
of  AIN  growth  after  one  hour  vs.  distance  of  the  wafer  from  the  source.  At  a 
furnace  temperature  of  1 1 00°C  the  growth  rate  for  a  wafer  placed  near  the 
furnace  vestibule  was  40pm/hr.  However,  the  goals  of  achieving  higher 
substrate  temperature  and  closer  proximity  to  the  source  are  contradictory. 
There  is  a  steep  thermal  gradient  between  the  source  temperature  and  the 
deposition  temperature.  A  high  wafer  temperature  cannot  be  maintained  as 
the  position  approaches  the  source.  On  the  other  hand,  when  the  wafer  is 
placed  deep  inside  the  hot  zone,  very  little  growth  occurs.  The  adduct 
molecules  decompose  and  deposit  on  the  quartz  chamber  during  prolonged 
exposure  to  the  high  temperature  of  the  hot  zone.  A  high  deposition 
temperature  is  also  favorable  for  AIN  crystalline  quality.  Although  high 
temperature  growth  is  not  appropriate  for  hetero-epitaxial  growth  on  GaN 
templates  because  of  sublimation,  higher  substrate  temperature  is  not  a 
problem  when  AIN  instead  GaN  templates  are  used. 
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Fig.  2.  Thickness  of  AIN  layer  after  1  hour  of  growth  vs.  distance  from  the 

source  boat. 


2.  The  growth  rate  depends  not  only  on  the  adduct  temperature,  but  also  the 
ammonia  overpressure.  The  N2/NH3  ratio  and  the  temperature  of  the  adduct 
control  the  partial  pressure  of  aluminum  over  the  substrate.  The  presence  of 
ammonia  over  the  aluminum-containing  adduct  suppresses  sublimation  (or 
evaporation  if  a  liquid)  at  all  temperatures.  A  pure  nitrogen  atmosphere 
enhances  sublimation  and  increased  growth  rate.  Figure  3  shows  the 
relationship  between  growth  rate  and  the  gas  ratio  for  a  given  set  of  AIN 
growth  conditions.  At  the  limit  where  ammonia  concentration  is  in  balance 
with  nitrogen  pressure,  the  growth  rate  becomes  very  slow.  Slow  growth 
rates  also  correspond  with  improved  crystal  structure  as  measured  by  the  x- 
ray  rocking  curve  FWHM.  At  the  other  extreme,  the  growth  rate  exceeds 
40pm/hr,  but  at  a  sacrifice  of  crystalline  quality. 
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Fig.  3.  Plot  of  growth  rate  vs.  nitrogen-ammonia  ratio  for  several  conditions. 

A  high  resolution  x-ray  rocking  curve  technique  is  employed  to  analyze  the 
crystalline  quality  of  epitaxial  AIN.  The  best  samples  exhibited  an  x-ray  rocking 
curve  FWHM  in  the  range  of  300  and  500  arc-sec  for  reflection  (002)  and  (102), 
respectively  (see  Table  I).  A  significant  improvement  of  the  crystal  quality  in 
comparison  to  the  MOCVD  templates  was  also  observed. 


Run 

GROWTH  CO 

NDITIONS 

RESULTS 

No 

temperatures 

fC] 

pressure 

[Torr] 

flow  rates 
[seem] 

gr.rate 

[pm/h] 

x-ray  RC 
[arc  sec] 

Tdep 

Tadd. 

n2 

NH3 

002 

102 

124 

1050 

360 

777 

300 

50 

4.7 

467 

795 

125 

1050 

360 

oc 

t" 

300 

50 

5 

366 

512 

138 

1125 

255 

19.6 

340 

0 

26 

1503 

2104 

147 

1050 

280 

5.5 

400 

0 

16 

619 

2424 

148 

1050 

250 

5.5 

400 

0 

12 

1151 

2400 

Table  1.  A  series  of  runs  comparing  the  rocking  curves  for  MOCVD-templates 
with  HVPE  layers  grown  upon  them. 


4.  Discussion 

In  order  to  compare  the  efficiency  of  different  growth  methods,  we  need  a 
criterion  that  factors  out  the  deposition  area.  One  possibility  is  to  compare  the 
growth  rate  of  the  material  on  the  substrate  in  units  of  moles  per  unit  time  per  unit 
area  to  the  molar  flow  rate,  essentially  number  of  molecules  flowing  per  unit  time. 
According  to  Chen  etal.  [16],  typical  growth  efficiencies  of  several  thousand 
micrometer  per  mole  indicate  minimal  parasitic  reactions  while  growth 
efficiencies  less  than  several  hundreds  micrometer  per  mole  suggest  parasitic 
reactions.  This  criterion  will  allow  us  to  compare  the  growth  efficiency  of  different 
materials.  By  comparing  the  efficiency,  one  can  get  an  idea  whether  competing 
factors  such  as  gas  phase  nucleation,  deposition  on  the  sidewalls,  and/or 
deposition  downstream  are  important. 
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For  a  bubbler  temperature  of  250°C  (see  Fig.  1 )  and  an  ambient  pressure 
of  4  torr,  the  molar  flow  rate  of  AICI3-NH3  is: 

Molar  Flow  Rate  of  A1C13  NH3  -  22AJm> /mole 

24  1 

wrier  x  ]9  6x  22,400  cm3  /  mole 
-  F carrier  x  5.47x1 0~5  mole /cm2 

Taking  one  of  the  faster  AIN  growth  rates  of  26  pm/hr  from  Table  1 ,  and  a 
carrier  flow  rate  of  340  seem  of  N2  through  the  AICI3-NH3  bubbler,  the  growth 
efficiency  is  calculated, 


Growth  Efficiency  = 


_ 26  jum/ hr _ 

Fca„ier  X  1 .45x1  O'4  Clrf  /  mole 


=  1390  jum  /  mole 

This  value  is  consistent  with  that  achieved  in  other  low  pressure  HVPE 
processes,  such  as  epitaxial  growth  of  GaAs  at  700°C.  Such  a  high  efficiency 
stands  in  stark  contrast  to  previously  reported  HVPE  growth  of  AIN  [16],  where 
the  growth  efficiency  fell  to  zero  as  the  substrate  temperature  was  increased. 
Therefore,  we  can  infer  that  by  using  an  adduct  as  the  aluminum  source,  the 
growth  process  is  relatively  efficient.  That  is,  there  are  few  parasitic  reactions 
occurring  (wall  adsorption,  gas  phase  decomposition,  etc.).  However,  as 
illustrated  in  Fig.3,  a  trade-off  must  be  made  between  growth  efficiency  and 
crystalline  quality.  At  very  high  growth  rates  the  layer  quality  is  degraded,  and 
becomes  polycrystalline.  The  addition  of  ammonia  to  the  carrier  gas  is  one 
means  to  improve  the  layer  quality  while  reducing  the  growth  rate. 

An  optimized  system  for  growth  of  AIN  -  using  the  adduct  AICI3  •  NH3-  is 
designed  to  heat  the  compound  to  its  decomposition  temperature  at  or  near  the 
substrate  surface,  in  order  to  ensure  an  efficient  reaction.  The  advantage  of  such 
a  process  is  that,  using  a  narrow  heater  with  a  sharp  temperature  profile,  one  can 
adjust  the  deposition  conditions  near  the  substrate.  The  rest  of  the  reactor  tube  is 
held  at  a  relatively  low  temperature,  sufficient  to  prevent  adduct  vapor 
condensation  during  the  gas  transport. 

5.  Summary 

High  quality  AIN  layers  with  thickness  up  to  50  pm  have  been  grown  by 
HVTE.  The  deposition  temperature  and  the  total  reactor  pressure  were  in  the 
range  of  1000-1 100°C  and  5  -760  Torr,  respectively.  This  new  technique 
eliminates  the  main  difficulties  of  conventional  HVPE  growth,  where  aluminum 
oxidation  and  the  strong  reactivity  of  aluminum  chloride  with  quartz  create  the 
potential  for  oxygen  contamination. 
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The  layer  quality,  as  determined  by  x-ray  rocking  curve  measurements  (with  a 
high  resolution  Philips  instrument  using  omega  scan),  shows  a  FWHM  of  about 
300  and  500  arc-sec  for  (002)  and  (102)  planes,  respectively.  Trace  element 
impurity  measurements  by  GDMS  depth  profile  analysis  indicate  about  1019/cm3 
oxygen.  Tests  are  under  way  to  evaluate  this  material  as  a  substrate  for  GaN- 
based  devices. 
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ABSTRACT 

Bulk  AIN  crystal  growth  by  Physical  Vapor  Transport  (PVT)  is  studied  both  experimentally 
and  numerically.  This  paper  presents  the  analysis  of  heat  and  mass  transport  mechanisms  in 
closed  and  partially  open  crucible  geometries.  The  heat  transfer  in  the  growth  system  used  at 
North  Carolina  State  University  (NCSU)  is  simulated.  The  computed  temperature  profiles  are 
used  in  the  analysis  of  mass  transport  in  the  growth  cell  to  gain  understanding  of  the  effect  of 
species  exchange  between  the  crucible  and  environment  on  the  AIN  growth  rate.  The  model 
predictions  are  in  reasonable  agreement  with  observations. 


INTRODUCTION 

Bulk  aluminum  nitride,  a  promising  substrate  material  for  nitride-based  high-power 
electronics  and  ultra-violet  optoelectronics,  is  normally  grown  by  the  sublimation  (PVT) 
technique  suggested  by  Slack  and  co-workers  in  the  mid  ‘70s  [1,2].  A  specific  feature  of  the  PVT 
growth  is  that  temperature  distribution  in  a  furnace  controls  the  crystal  growth  rate,  the  shape  of 
the  crystallization  front,  the  stability  of  AIN  powder  source,  the  thermoelastic  stress,  and, 
eventually,  the  quality  of  the  grown  material.  In  the  temperature  range  of  interest  (1800-2300°C), 
it  is  problematic  to  monitor  experimentally  the  thermal  field  inside  the  growth  system. 
Measurements  of  the  temperature  distribution,  obtained  with  the  crucible  removed  from  the  hot 
zone,  do  not  provide  sufficiently  accurate  information  because  the  crucible  considerably  disturbs 
the  thermal  field. 

Another  important  issue  is  the  control  of  the  V/III  ratio  in  the  growth  system.  In  a  tightly 
closed  crucible,  this  ratio  is  nearly  equal  to  unity  due  to  congruent  AIN  powder  sublimation.  The 
V/III  ratio  can  change  due  to  species  exchange  between  the  crucible  and  its  environment, 
occurring  through  narrow  openings.  This,  however,  results  in  additional  material  losses  and  it  is 
unclear  how  critical  the  effect  of  species  exchange  on  the  AIN  growth  is. 

In  this  paper,  we  simulate  the  heat  transfer  in  the  growth  system  used  at  North  Carolina  State 
University  (NCSU)  [3,4].  The  data  on  axial  temperature  distribution  obtained  experimentally  in 
the  system  with  the  crucible  removed  are  used  for  adjustment  of  the  unknown  model  parameters. 
Then,  the  model  is  applied  to  predict  the  temperature  perturbations  due  to  crucible  insertion  into 
the  growth  chamber. 

The  computed  temperature  profiles  are  used  as  a  basis  for  studying  the  mass  transport  in  the 
growth  cavity  with  the  focus  on  the  effect  of  species  exchange  between  the  crucible  and  ambient 
on  the  material  losses  and  the  AIN  growth  rate.  The  theoretical  predictions  are  compared  with 
observations. 


187 


HEAT  TRANSFER  IN  THE  GROWTH  SYSTEM 

We  model  the  global  heat  transfer  in  the  system 
for  bulk  AIN  growth  used  at  NCSU  which  is  shown 
schematically  in  Figure  1.  The  simulations  are 
carried  out  with  dedicated  “Virtual  Reactor” 
software  [5].  The  computations  account  for  the 
anisotropy  of  the  heat  conductivity  in  solid 
components  and  for  both  conductive  and  radiative 
mechanisms  of  heat  transfer  in  the  gas  domains. 
Special  attention  was  given  to  the  evaluation  of 
thermal  conductivity  of  the  graphite  felt-insulation 
that  affects  dramatically  the  thermal  field.  Data  on 
felt  conductivity  were  derived  by  fitting  the  axial, 
experimental  temperature  profiles  which  were 
obtained  in  the  growth  system  using  type  C 
thermocouples  which  could  be  moved  along  the 
vertical  centerline  of  the  growth  chamber.  Three 
temperature  distributions  have  been  measured  for 
different  electric  power  levels  dissipated  in  the 
heater.  In  the  computations,  we  vary  the  felt 
conductivity  as  a  function  of  temperature  to  provide 
best  fitting  with  the  measured  values.  The  resulting 
axial  temperature  distributions  computed  for  the 
empty  container  are  compared  in  Figure  2  with  the 
measurements. 


Radius,  inch 


Figure  1.  Schematic  view  of  the 
growth  system:  (1)  graphite  felt 
insulation,  (2)  container,  (3)  heater, 
(4)  crucible,  (5)  AIN  powder  charge. 
Typical  computational  grid  is  shown 
in  the  right  part. 


Figure  2.  Axial  temperature 
distributions  in  the  NCSU  growth 
system.  Lines  are  computations 
with  adjusted  felt  conductivity. 

Dots  are  measured  values.  Corres¬ 
ponding  heater  powers  are 
indicated  in  the  legend. 

Once  the  felt  conductivity  was 
determined,  we  performed  the 
modeling  of  the  entire  growth  system, 
in  order  to  find  the  changes  in  the 
temperature  distribution  caused  by  the 
crucible  insertion.  The  heat  transfer  in 
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the  AIN  powder  charge  was  simulated  with  the 
advanced  model  of  effective  heat  conductivity  X,efr(T) 
of  the  porous  media  [6,7]  accounting  for  the  heat 
conduction  through  the  granule  contact  spots,  pores 
and  the  granule  bulk.  The  computations  of  A*n(T) 
have  been  made  for  the  following  parameters:  powder 
porosity  of  0.6,  mean  granule  diameter  of  600  pm,  and 
nitrogen  pressure  of  400  Torr. 

The  two-dimensional  temperature  distribution 
around  the  crucible  placed  in  the  highest  position  is 
shown  in  Figure  3.  It  is  seen  that  the  thermal  field  in 
the  crucible  is  remarkably  disturbed  especially  near  its 
bottom  where  the  powder  is  located.  Figure  4 
compares  the  one-dimensional  distributions  obtained 
for  the  growth  system  with  and  without  crucible 
inside.  The  panels  (a),  (b),  (c),  and  (d)  plot  the 
temperature  distributions  across  the  seed  holder  (line 
AB  in  Figure  3),  powder  surface  (line  CD),  powder 
bottom  (line  EF),  and  along  the  crucible  axis  (line 
GHK),  respectively.  These  data  clearly  show  that  the 
crucible  insertion  results  in  a  higher  temperature  of  the 
powder  top  and  in  a  lower  temperature  of  the  powder 
bottom,  thus  increasing  the  axial  temperature  gradient 

in  the  powder.  In  addition,  the  crucible  introduces  considerable  radial  gradients,  which  may 
affect  the  thermoelastic  stress  in  a  growing  AIN  crystal.  A  non-uniform  temperature  distribution 
in  the  powder  is  generally  unfavorable  for  the  source  utilization  efficiency  and  operation 
stability,  as  found  recently  for  SiC  sublimation  growth  [8]. 

Figure  5  presents  the  axial  temperature  drop  in  the  powder  and  in  the  gaseous  gap  between  the 
powder  and  seed,  as  a  function  of  the  crucible  position.  Positive  displacement  corresponds  to  an 
upward  movement  of  the  crucible.  It  can  be  seen  from  the  figure  that  temperature  gradients 
computed/measured  in  the  empty  growth  system  may  considerably  differ  from  those  observed  in 
a  real  growth  process  when  the  crucible  is  inserted  into  the  container.  As  a  result,  temperature 
measurements  performed  in  an  empty  system  can  be  used  only  to  assess  the  temperature  in  the 
growth  zone,  but  they  are  inapplicable  to  evaluate  the  radial  and  axial  temperature  gradients  in 
the  growth  cell. 


Figure  3.  Computed  isotherms  in 
the  crucible  zone.  The  heater  power 
was  adjusted  to  get  T  =  2370K  at 
the  seed  center  (point  K). 


MASS  TRANSPORT  IN  THE  GROWTH  CELL 

The  data  on  temperature  distribution  in  the  growth  cell  discussed  in  the  previous  section  are 
used  in  the  analysis  of  mass  transfer  in  AIN  PVT  growth.  We  consider  two  cases:  (i)  tightly 
closed  crucible,  where  there  is  no  species  exchange  with  the  environment,  and  (ii)  an  open 
crucible,  where  the  species  exchange  is  performed  through  a  circular  opening  1.55T0"3  inch  thick 
located  in  the  gap  between  the  source  and  seed. 
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Figure  4.  Temperature  distribution  along  (a)  the  seed  (AB);  (b)  the  powder  surface  (CD);  (c)  the 
powder  bottom  (CD);  (d)  the  crucible  axis  (GHK).  The  letters  correspond  to  the  points  marked 
in  Figure  3. 

The  AIN  growth,  carried  out  at  400  Torr  and  temperature  varied  between  2050°C  and  2150°C, 
is  simulated  using  the  models  suggested  in  [9-10].  In  accordance  with  the  experimental  setup,  the 
gap  between  the  source  and  seed  is  taken  as  0.59  inch.  Figure  6  compares  the  computed  AIN 
growth  rate  as  a  function  of  temperature  with  measurements  performed  at  NCSU.  The  theory 
predicts  a  significant  reduction  of  the  growth  rate  in  the  open  crucible  as  compared  to  the  closed 
one.  This  is  due  to  considerable  material  losses  through  the  opening  at  high  temperatures.  The 
results  of  the  computations  show  the  same  trend  as  the  experimental  data.  The  use  of  the  open 
crucible  allows  increasing  the  V/III  ratio  in  the  growth  cell  up  to  30  at  21 80  °C  and  even  higher 
values  at  lower  temperatures. 
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Figure  5.  The  axial  temperature  drop  in  the  (a)  powder  ( ATGH )  and  (b)  gas  gap  ( ATHK )  as 
a  function  of  the  crucible  position.  A  displacement  of  2.4  inch  corresponds  to  the  crucible 
position  shown  in  Figure  1. 


Figure  6.Growth  rate  versus  seed 
temperature.  Symbols  are  experimental 
points  for  tightly  closed  (solid  circles  and 
squares)  and  open  (empty  circles  and 
squares)  crucible.  Solid  and  dashed 
curves  are  theoretical  predictions  for  the 
closed  and  open  crucible,  respectively. 
Temperature  drop  in  the  gaseous  gap  is 
AThk  =  30K. 


CONCLUSION 

Growth  of  bulk  AIN  crystals  in  the  growth  system  used  at  NCSU  was  studied  both 
experimentally  and  numerically.  The  heat  transfer  in  the  growth  system  was  analyzed  with  the 
focus  on  the  perturbations  of  the  temperature  distribution  caused  by  the  crucible  insertion  inside 
the  reaction  zone.  It  has  been  found  that  the  crucible  modifies  remarkably  the  temperature 
profiles  in  the  reactor  so  that  the  gradients  measured  in  an  empty  system  cannot  be  used 
straightforwardly  for  estimation  of  the  process  parameters.  The  computed  temperature  profiles 
have  been  used  to  simulate  the  species  transport  in  the  growth  cell  and  to  analyze  the  effect  of  a 
small  opening  in  the  crucible  on  the  AIN  growth  rate  and  V/Ill  ratio.  The  computations  predict  a 
substantial  decrease  of  the  AIN  growth  rate  because  of  the  material  losses  through  the  opening. 
The  theoretical  predictions  agree  well  with  experimental  observations. 
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ABSTRACT 

Photoluminescence  of  the  GaN  layers  grown  both  on  N-face  and  Al-face  bulk  AIN  is  studied 
under  CW  and  pulsed  laser  excitation  in  the  temperature  range  from  8  K  to  300  K.  We  compare 
localization  of  excitons,  residual  strain,  and  activation  energies  for  thermally  activated  transfer  of 
carriers  to  nonradiative  recombination.  At  high  excitation  intensities,  conditions  for  carrier 
heating,  which  is  important  for  the  threshold  of  stimulated  emission,  are  also  investigated. 

INTRODUCTION 

Large  lattice  mismatch  of  GaN  epilayers  with  available  substrate  materials  is  one  of  the  most 
problematic  issues  in  GaN/AlN/InN  based  technology.  Growth  of  GaN  on  c-plane  of  the 
sapphire  substrates  (lattice  mismatch  -15%)  is  made  possible  by  the  deposition  of  AIN  or  low- 
temperature  GaN  buffer  layers  serving  for  nucleation  of  the  subsequent  GaN  epilayer  of 
comparatively  high  structural  quality.  6H  SiC  has  a  smaller  but  still  substantial  lattice  mismatch 
of  3.5%.  The  most  radical  solution  of  the  problem  is  homoepitaxy.  Homoepitaxial  GaN  layers 
deposited  on  bulk  GaN  substrates  exhibit  outstanding  structural  and  optical  quality  [1]  and  allow 
fabrication  of  heterostructures  with  high  mobility  [2].  The  conventional  high-pressure  method  of 
bulk  GaN  growth  [3]  is  still  an  expensive  technology  allowing  production  of  only  small-size 
single  crystals.  Recent  development  of  large  free-standing  GaN  substrates  grown  by  hydride 
vapor  phase  epitaxy  [4]  brought  in  a  new  impact  to  homoepitaxy  of  GaN. 

The  need  for  deep-UV  light  emitters  and  detectors  for  chemical  and  biological  sensing, 
photochemistry,  and  nanotechnology  stimulates  homoepitaxy  on  AIN,  which  has  considerably  a 
much  larger  band  gap  (6.2  eV)  than  that  of  GaN  (3.41  eV).  Passing  more  than  two  decades  of 
stagnation  after  early  development  [5,  6],  the  growth  technology  for  bulk  AIN  recently  advanced 
its  capacity  to  produce  larger-size  single  crystals.  AIN  single  crystals  exceeding  1  cm  size  and 
having  a  density  of  dislocations  less  than  104  cm'2  have  been  produced  [7]  and  utilized  as 
substrates  to  deposit  Alo.5Gao.5N  epilayers  of  high  structural  quality  [8]. 

The  further  development  of  fabrication  of  multilayered  structures  on  bulk  AIN  substrates 
requires  deeper  understanding  of  structural  properties  of  interfaces  and  study  of  optical 
properties  of  layers  deposited  on  this  novel  substrate  material.  The  lattices  of  wurtzite-structure 
AIN  and  GaN  have  the  space  group  P63mc  (C64v)  and  are  compatible  with  a  spontaneous 
polarization  along  the  hexagonal  c-axis,  which  is  usually  the  growth  axis  of  epitaxial  layers  of 
AIN  and  GaN.  The  direction  of  the  spontaneous  polarization  depends  on  polarity  of  the  layers. 
AIN  layers  grown  in  (0001)  direction,  which  are  defined  as  Al-face  or  +c  plane  AIN,  have  the 
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top  surface  composed  of  three  dangling  bonds  of  nitrogen  that  point  up  toward  the  c-plane 
surface,  while  the  (oOOl)  AIN  layers  are  defined  as  N-face  or  -c  plane  AIN  and  has  a  single 
dangling  bond  that  points  upward.  The  polarization  influences  the  surface  morphology  [9], 
causes  different  surface  band  bending  [10]  and  results  in  peculiarities  of  photoluminescence  [11] 

In  this  paper,  we  present  a  photoluminescence  study  of  the  GaN  layers  grown  both  on  N-face 
and  Al-face  bulk  AIN.  CW  and  pulsed  laser  excitation  were  used  to  cover  a  wide  range  of 
excitation  power  densities.  The  temperature  dependence  of  photoluminescence  spectra  and 
intensities  were  also  studied. 

EXPERIMENTAL  DETAILS 

The  GaN  layers,  1  pm  thick,  were  deposited  by  using  low-temperature  Metalorganic 
Chemical  Vapor  Deposition  (MOCVD)  on  substrates  of  Al-face  and  N-face  AIN  single  crystals 
[7]. 

The  luminescence  spectra  were  measured  by  using  TRIAX  550  spectrometer  and  recorded  bj 
a  UV-enhanced  intensified  CCD  camera.  A  closed-cycle  helium  cryostat  cooled  the  samples 
down  to  8  K.  He-Cd  laser  emitting  at  325  nm  was  used  as  a  source  for  CW  excitation.  To  avoid 
the  sample  heating,  high  excitation  intensities  were  applied  in  a  pulsed  mode  by  using  4-ns-long 
pulses  of  the  fourth  harmonic  of  Nd:YAG  laser  radiation  at  266  nm  (4.66  eV). 

RESULTS  AND  DISCUSSION 

Photoluminescence  spectra  of  the  samples  of  GaN  grown  on  N-  and  Al-face  bulk  AIN  under 
weak  CW  excitation  at  8  K  temperature  are  presented  in  figure  1 .  Both  spectra  are  dominated  by 
a  single  band  peaked  at  3.463  eV  and  3.456  eV  for  the  samples  on  Al-face  and  N-face  AIN, 
respectively.  The  absence  of  narrow  lines  usually  observed  in  PL  spectra  of  GaN  at  low 
temperatures  indicates  a  high  free-electron  concentration  [12]. 


Photon  energy  (eV) 

Figure  1.  Normalized  photoluminescence  spectra  of  GaN  layers  on  Al-face  (solid  line)  and 
N-face  (dashed  line)  bulk  AIN  measured  under  CW  excitation  at  8  K  temperature. 
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Figure  2.  Photoluminescence  peak  position  (a)  and  bandwidth  (b)  as  a  function  of  lattice 
temperature  for  the  GaN  layers  on  the  N-face  (triangles)  and  Al-face  (squares)  bulk  AIN. 


Figure  2  shows  the  temperature  dependences  of  the  peak  position  and  width  of  the  bands.  In 
GaN  on  Al-face  AIN,  the  peak  position  of  the  PL  band  at  low  temperatures  corresponds  to  the 
peak  of  the  strongest  PL  line  (due  to  bound  excitons),  which  was  observed  at  3.465  eV  in 
homoepitaxial  Ga-face  GaN  [11].  We  also  observe  a  weak  band  which  emerges  at  -60  K  with 
the  peak  at  3.478  eV  and  merges  with  the  main  band  at  temperatures  above -120  K.  The  position 
of  the  band  corresponds  to  the  PL  line  due  to  free  A  exciton  in  homoepitaxial  GaN  (3.4789  eV) 
[11].  The  bandwidth  of  the  main  peak  (see  figure  2b)  is  constant  up  to  -120  K  and  broadens  at 
elevated  temperatures.  Even  though  the  band  is  pretty  broad,  it  is  reasonable  to  assume  that  the 
PL  observed  in  GaN  on  Al-face  AIN  is  mainly  caused  by  recombination  of  bound  excitons  at  low 
temperature,  while  recombination  of  free  excitons  dominates  in  the  spectrum  at  temperatures 
above  -150  K. 

The  PL  band  in  GaN  grown  on  N-face  AIN  is  redshifted  in  respect  to  that  in  the  sample  with 
Al-face  substrate  and  monotonously  broadens  in  the  entire  temperature  range  from  8  to  300  K. 
This  probably  points  out  to  localization  effects,  which  are  in  line  with  increased  probability  of 
intrinsic  donor  generation  or  easier  donor  incorporation  in  N-face  GaN  [12],  However,  the 
redshift  remains  also  at  high  excitation  intensities  when  all  local  states  should  be  saturated  and 
no  blue  shift  of  PL  band  with  increasing  pump  intensity  is  observed. 

The  temperature  dependence  of  the  PL  intensity  is  usually  governed  by  thermally  activated 
transfer  of  carriers  to  the  centers  of  nonradiative  recombination.  A  semilog  plot  of  the  PL 
intensity  versus  the  reciprocal  temperature  is  presented  in  figure  3.  The  slope  of  the  Arrhenius- 
type  dependence  in  the  high-energy  region  corresponds  to  activation  energies  of  31  meV  and 
46  meV  for  GaN  on  Al-  and  N-face  AIN,  respectively. 

The  luminescence  spectra  measured  at  elevated  pump  intensities  under  pulsed  laser 
excitation  are  presented  in  figure  4a  for  the  sample  with  GaN  on  N-face  AIN  and  in  figure  4b  for 
the  sample  with  GaN  on  Al-face  AIN.  The  spectra  contain  a  single  band  peaked  at  3.395  eV  and 
3.4  eV  at  room  temperature  for  the  two  samples,  respectively.  The  positions  nearly  coincide  with 
the  peaks  under  CW  excitation  (3.39  eV  and  3.4  eV,  respectively). 
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Figure  3.  Photoluminescence  intensity  versus  lattice  temperature  in  a  semilog  plot  and  in  the 
whole  temperature  range  from  8  K  to  300  K  (insert)  for  the  GaN  layers  on  the  N-face  (triangles) 
and  Al-face  (squares)  bulk  AIN. 


Increasing  pump  intensity  causes  formation  of  a  narrow  band  shifted  approximately  by 
80  meV  to  the  long-wavelength  side  from  the  main  peak.  This  narrow  band  corresponds  to 
stimulated  emission.  Though  the  excitation  depth  (~0.1  (im)  is  too  small  for  the  light  propagating 
perpendicularly  to  the  sample  surface  to  be  considerably  amplified  due  to  stimulated  transitions, 
a  part  of  light  amplified  in  the  course  of  propagation  along  the  sample  surface  (diameter  of  the 
spot  was  200  jim)  might  be  easily  scattered  through  the  sample  surface.  Meanwhile,  the  broad 
band  seems  to  be  caused  by  spontaneous  band-to-band  transitions. 

Note  that  the  short- wavelength  slope  of  the  main  broad  band  is  nearly  constant  in  the  spectra 
of  the  sample  on  the  N-face  AIN,  but  decreases  considerably  with  increasing  pump  intensity  in 
the  sample  on  the  Al-face  AIN.  The  slope  is  exponential,  as  it  should  be  expected  for  the 
luminescence  band  caused  by  recombination  in  electron  hole  plasma.  The  slope  is  mainly 
governed  by  carrier  distribution  function  and  its  change  is  most  probably  caused  by  carrier 
heating.  For  parabolic  energy  bands,  the  short-wavelength  side  of  the  luminescence  band  is  fairb 
well  described  by  a  simple  expression: 


Quantum  Energy  (eV) 


Figure  4.  Photoluminescence  spectra  of  the  GaN  layer  on  the  N-face  (a)  and  Al-face  (b)  bulk 
AIN  at  the  room  temperature  under  different  excitation  power  densities:  0.0017,  0.0036,  0.0078, 
0.03, 0.078,  0.26, 0.84,  2  MW/cm2  from  bottom  to  top  for  (a);  0.004, 0.0082,  0.018, 0.042, 0.13, 
0.42, 0.96,  2  MW/cm2  from  bottom  to  top  for  (b). 


196 


Ilum  (to-Eg 


exp 


f 


(1) 


hv~Eg 


Here,  h  v  is  the  energy  of  the  emitted  photon,  Eg  is  the  normalized  band  gap,  kp  is  the 
Boltzmann  constant,  and  the  Boltzmann’s  distribution  of  carriers  is  assumed.  The  weak  pre¬ 
exponent  factor  with  exponent  p,  which  equals  2  or  0.5  for  transitions  without  and  with 
momentum  conservation,  respectively,  has  a  weak  influence  on  practically  exponential  band 
slope  far  from  the  peak.  The  excitation  power  density  dependence  of  the  carrier  temperature  7c, 
which  was  determined  according  to  equation  1,  is  presented  in  figure  5  by  points.  At  moderate 
carrier  densities,  7c  equals  the  quasi-temperature  (Tpi,)  of  nonequilibrium  long-wavelength  LO 
phonons  produced  predominantly  via  their  successive  emission  by  photogenerated  electrons  with 
large  excess  energy  [13].  The  solid  line  in  figure  5  depicts  the  pump  intensity  (Ip)  dependence  of 
the  carrier  temperature  under  assumptions  that  7c  =  Tph  and 

[N(rc)-w(rJ~/,  (2) 

where 

are  the  Bose-Einstein  distribution  functions  for  LO  phonons  (phonon  energy  ho)LO  -  92  meV  for 
GaN  [14])  for  Tc  and  TL  =  300  K.  The  experimentally  determined  electron  temperature  follows 
equation  2  at  moderate  pump  intensities  but  lags  behind  at  elevated  Ip.  The  deviation  correlates 
with  appearance  of  the  band  of  stimulated  emission,  which  indicates  high  density  of 
photogenerated  carriers  and  a  change  in  balance  between  carrier  generation  rate  and  their  decay. 


Figure  5.  Pump  power  density  dependence  of  carrier  temperature  in  GaN  layer  on  Al-face  bulk 
AIN  at  the  room  temperature  (dots)  and  approximation  of  this  dependence  by  using  equation  2; 
Io  =  4kW/cm2. 
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The  carrier  heating  is  an  important  phenomenon  inhibiting  the  stimulated  emission.  Since  the 
intensity  of  stimulated  emission  collected  from  the  surface  of  the  excited  spot  depends  not  only 
on  real  intensity  of  stimulated  luminescence  but  also  on  the  fraction  of  it,  which  is  scattered 
outside,  study  of  photoluminescence  emitted  from  the  edge  of  the  photoexcited  sample  is  under 
way. 


CONCLUSIONS 

GaN  layers  grown  on  Al-  and  N-face  bulk  AIN  substrates  exhibit  certain  specific  features  in 
photoluminescencc.  At  low  excitation  intensities,  PL  spectra  of  GaN  on  Al-face  AIN  are 
dominated  by  bound  exciton  emission,  while  GaN  on  N-face  AIN  have  higher  contribution  of 
free  excitons.  The  samples  have  different  residual  strain  resulting  in  a  5  meV  blue  shift  of 
photoluminescence  bands  in  GaN  on  Al-face  AIN  in  respect  to  GaN  on  N-face  AIN.  Activation 
energies  of  31  meV  and  46  meV  for  GaN  on  Al-  and  N-face  AIN,  respectively,  were  observed 
for  thermally  activated  transfer  of  carriers  to  the  centers  of  nonradiative  recombination  at 
elevated  temperatures.  Different  carrier  heating  and  its  correlation  with  stimulated  emission  were 
demonstrated  at  high  excitation  intensities. 
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ABSTRACT 

Bulk  GaN  crystals  up  to  several  mm  in  size,  grown  by  a  Na/Ga  flux  method,  have  been 
characterized  using  room  and  low  temperature  photoluminescence  (PL)  and  panchromatic 
cathodoluminescence  (CL)  imaging.  Highly  resolved  excitonic  PL  spectra  are  obtained  for 
material  grown  in  a  new,  large-scale  reactor.  The  crystal  polarity  affects  the  incorporation  of 
residual  Zn  and  Mg  or  Si  acceptors  and  the  deep  level  luminescence  bands  in  ooriented  platelets. 
A  Zn  (A°,X)  triplet  structure  with  unusual  thermalization  properties  and  a  highly  resolved 
structural  defect  related  PL  peak  are  observed.  Striations  are  found  in  some  of  the  smaller 
platelets  by  CL  imaging,  but  are  absent  in  the  prismatic  crystals. 

INTRODUCTION 

Heteroepitaxial  GaN  films  grown  on  SiC  or  sapphire  have  large  lattice  and  thermal 
mismatches  with  their  substrates,  which  leads  to  the  formation  of  defects.  These  defects  affect 
the  optical  and  electrical  characteristics  of  the  material  and  of  devices  made  from  it.  In  order  to 
reduce  the  defect  density,  true  bulk  GaN  substrates  of  high  quality  suitable  for  homoepitaxy 
would  be  desirable.  Conventional  GaN  crystals  grown  by  the  high-pressure  solution  method  [1- 
2]  have  attained  maximum  sizes  of  ~15  mm,  but  this  method  requires  very  high  growth 
temperature  (1500  °C)  and  N2  pressures  (~1  GPa).  Recently,  bulk  GaN  platelets  grown  by  the 
Na/Ga  flux  method  have  reached  sizes  up  to  -10  mm  [3-7].  This  method  uses  a  relatively  low 
growth  temperature  of  700  °C  and  a  N2  pressure  of  only  5  MPa.  These  crystals  show  X-ray 
rocking  curves  with  full  width  at  half  maxima  (FWHM’s)  of  45-55  arc-sec  for  the  (0002) 
reflection,  suggesting  good  structural  quality  [3],  Previously,  we  discussed  the  highly  resolved 
(down  to  -0.22  meV  FWHM)  excitonic  photoluminescence  (PL)  properties  and  low  doping 
levels  (mid  10l6-low  1017  cm-3,  determined  by  Raman  scattering)  of  material  grown  in  a 
medium-scale  growth  reactor  [8,9].  We  also  showed  that  different  growth  conditions  produced 
different  crystal  habits,  with  correspondingly  different  PL  spectra. 

Here,  we  extend  this  study  to  include  material  grown  in  a  new,  large-scale  reactor  at  Cornell, 
and  we  perform  more  detailed  studies  of  material  grown  in  both  reactors.  Impurity  and  deep 
level  incorporation  is  shown  to  differ  significantly  on  the  opposite  Ga-polar  or  N-polar  sides  of 
c-axis  platelets  grown  in  both  reactors.  We  study  fine  structure  of  the  Zn  neutral  acceptor-bound 
exciton  (A°,X)  system  and  a  structural  defect-related  peak.  Cathodoluminescence  imaging  is 
used  to  compare  the  uniformity  of  the  luminescence  emission  to  that  of  heteroepitaxial  material. 
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EXPERIMENTAL  PROCEDURE 

Growth  conditions  for  the  bulk  GaN  crystals  grown  in  the  medium  scale  reactor  were 
discussed  in  detail  elsewhere  [8].  The  GaN  platelets  grown  in  the  new,  large-scale  reactor  were 
grown  in  a  50  mm  diameter  BN  crucible  at  700  °C,  using  a  Na  mole  fraction  (/*Na)  of  0.55.  The 
growth  run  in  this  reactor  was  performed  under  5  MPa  of  >99.995%  pure  N2  gas  for  300  hours. 
The  smaller  platelets  from  both  reactors  generally  exhibit  one  rough,  stepped  face  and  one 
smooth  face.  These  faces  were  determined  to  correspond  to  Ga-polar  (0001)  and  N-polar 
(000 T)  planes,  respectively,  using  anomalous  X-ray  dispersion  [10].  Room  and  low  temperatun 
photoluminescence  (PL)  measurements  were  performed  using  about  6  mW  of  tightly  focused 
3.694  eV  UV  excitation  from  an  Ar+  laser  and  a  1.0  m  double  spectrometer.  The  samples  were 
mounted  strain-free  in  superfluid  liquid  He  for  the  low  temperature  measurements.  All  spectra 
are  corrected  for  the  spectral  response  of  the  measurement  system.  The  room  temperature, 
panchromatic  cathodoluminescence  (CL)  was  performed  at  an  accelerating  voltage  of  10  kV. 

RESULTS 

A  low  temperature  excitonic  PL  spectrum  is  shown  in  Figure  1  for  a  bulk  GaN  platelet 
grown  in  the  large-scale  reactor.  The  main  neutral  donor  bound  exciton  (D°,X)„=i  peak  at  3.47 IS 
eV  has  a  full  width  at  half  maximum  (FWHM)  of  0.45  meV.  While  this  is  one  of  the  first  runs  ir 
this  reactor,  this  linewidth  is  already  approaching  the  best  value  (0.22  meV)  observed  to  date  in 
material  grown  in  the  medium-scale  reactor  [8],  showing  that  the  growth  process  can  yield 
comparable  quality  in  different  systems.  The  (D°,X)„=i  position  closely  matches  that  (3.4709  eV 
[  1 1])  in  unstrained  homoepitaxial  material  grown  on  high  pressure  solution  grown-substrates, 
implying  that  there  is  negligible  strain.  The  3.4724  eV  peak  may  be  a  second  (D°,X)„=i  peak  for 
a  shallower  donor,  possibly  the  unidentified  31 .2  meV  donor  discussed  by  Freitas  et  al.  [12].  An 
excited  state  of  the  (D°,X)  complex  is  resolved  at  3.373  eV.  Both  A  and  B  free  exciton  peaks  are 
observed  at  3.4786  and  3.4844  eV  (denoted  as  XA"=,and  XB',=I,  respectively).  The  n=2  excited 
state  of  the  A  free  exciton  (denoted 
as  Xa"=2)  is  present  at  3.3955  eV, 
and  several  bound  n= 2  A  excitons 
(denoted  BX"=2  [13-15])  are  also 
observed.  A  two-electron  replica  of 
the  (D°,X)():=i  peak  is  observed  at 
3.4466  eV,  denoted  (D°,X)„=2,  and 
corresponds  to  an  n= 2  excited  final 
state  of  a  residual  donor  species  with 
a  33.6  meV  binding  energy.  The 
same  donor  species,  which  has  been 
attributed  to  On  [12],  was  observed 
in  material  grown  in  the  medium 
scale  reactor  [11].  We  also  observe 
strong  neutral  acceptor-bound 
exciton  peaks  involving  residual  Mg 
[16,  17]  or  Si  [18]  acceptors  at  3.467 
eV,  and  a  Zn  acceptor  doublet  with 
components  at  3.4545  and  3.4552  eV 


Figure  1.  Low  temperature  ( 1.7  K)  excitonic  PL  spectra 
of  platelet  bulk  GaN  crystals  grown  from  a  Na-Ga  melt  if 
a  new,  large  scale  reactor 
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Large  ptatelet-N 
300  K  PL 


Rough  side 
(Ga  polar) 


2.94  eV  (Zn) 


[16,19].  A  lower  energy  peak  at  3.44 
eV  may  involve  excitons  bound  to 
closely-spaced  pairs  of  Zn  acceptors, 
an  (A°-A°,X)  complex. 

Figure  2  shows  the  room 
temperature  PL  spectra  of  a  c- 
oriented  platelet  grown  in  the 
medium-scale  reactor  on  both  its  Ga- 
polar  (rough,  (0001 ))  and  N-polar 
(smooth,  (000 1  >)  faces.  Marked 
differences  are  observed  in  these 
spectra.  The  residual  Zn 
incorporation  is  very  different  on  the 
opposite  faces.  The  residual  Zn 
acceptor  PL  peaks  are  always 
stronger  in  absolute  intensity  on  the 
Ga-polar  side,  by  factors  ranging 
from  1 .2  to  very  large.  The  overall 
integrated  PL  intensity  is  also  usually 
2-8X  higher  on  the  Ga-polar  side 
compared  to  the  N-polar  side.  The 

band  edge  peak  is  often  sharper  on  the  Ga-polar  side,  suggesting  less  donor  incorporation  there. 
The  true  yellow  (2.2  eV)  band  was  absent  in  most  (but  not  all)  of  these  samples;  instead,  we 
typically  observe  a  band  around  ~2.34  eV  on  the  rough  (Ga-polar)  sides  and  another  band  around 
1.98  eV  on  the  smooth  (N-polar)  sides  at  300  K.  Details  of  this  behavior  will  be  discussed 
elsewhere. 


2.5 

Energy  (eV) 

Figure  2.  Room  temperature  PL  spectra  of  both  Ga-  and 
N-polar  suifaces  of  a  platelet  grown  in  the  medium  scale 
reactor. 


Energy  (eV) 

Figure  3.  Low  temperature  excitonic  PL  spectra  of  both 
Ga  and  N-polar  faces  of  platelets  grown  in  the  large- 
scale  reactor. 


A  similar  polarity  effect  is 
observed  for  platelets  grown  in  the 
large-scale  reactor,  as  shown  in 
Figure  3.  Marked  differences  in  the 
intensities  of  various  bound 
excitons  are  observed  on  the  Ga- 
polar  side  and  N-polar  side.  The 
(D°,X)„=i  peaks  thought  to  involve 
two  different  donor  species  show  a 
reversal  in  their  relative  intensities 
on  the  two  faces.  This  may  be  due 
to  reduced  O  incorporation  on  the 
Ga-polar  face,  as  is  well-known  in 
solution-grown  material  [1],  The 
residual  Mg  or  Si  acceptor  (A°,X) 
peak  is  strong  on  the  Ga-polar  side 
(rough  side)  and  weak  on  the  N- 
polar  side  (smooth  side).  (Note  the 
various  vertical  expansion  factors  in 
Figure  4.)  The  Zn  (A°,X)  peak 
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shows  a  similar  behavior,  and  is  pronounced 
on  the  Ga-polar  side  and  completely  absent  on 
the  N-polar  side.  However,  this  behavior 
differs  in  some  samples,  and  the  (A°,X) 
intensity  does  not  appear  to  vary  the  same 
way  as  that  of  the  corresponding  (D°-A°) 
peaks  in  the  same  samples.  More  extensive 
investigations  are  in  progress  to  clarify  this 
behavior,  and  to  establish  whether  the  Zn- 
bound  exciton  and  (D°-A°)  peak  involve  the 
same  centers. 

A  fully-resolved  Zn  (A°,X)  triplet  and  its 
thermalization  behavior  are  shown  in  Figure 
4.  The  three  components  are  observed  at 
3.4543,  3.4546,  and  3.4556  eV  in  some  of  the 
small  platelets  grown  in  the  medium  scale 
reactor,  as  reported  earlier  [8,9].  The  intensity 
of  the  highest  energy  component  (denoted  A3) 
increases  with  increasing  temperature,  but  the 
Figure  4.  Thermalization  behavior  of  the  Zn  intermediate  component  quenches  relative  to 
(A‘’,X)  triplet  structure  in  a  small  platelet  the  lowest  energy  component  (Aj).  Similar 

grown  from  a  Na-Ga  melt  in  the  medium-scale  behavior  is  observed  as  a  function  of 
reactor.  excitation  intensity  at  low  temperature  (not 

shown).  The  A|  and  A3  components  can  tentatively  be  attributed  to  recombination  from  different 
components  of  the  initial  (A°,X)  complex,  which  must  involve  an  excitation  of  a  hole.  The 
anomalous  quenching  of  the  middle 
component  is  not  yet  understood, 
however. 

Some  of  the  small  platelets 
exhibit  a  PL  band  around  3.40-3.42 
eV  [8].  A  broad,  unstructured 
feature  in  this  region  has  generally 
been  attributed  to  structural  defects, 
namely  stacking  faults  [20,21  ].  In 
the  present  samples,  this  feature 
shows  complex  resolved  fine 
structure,  as  shown  in  Figure  5  for  a 
small  platelet  grown  in  the  medium 
scale  reactor.  Up  to  nine  different 
components  have  been  observed  in 
the  range  from  3.3 19-3.434  eV.  The 
behavior  of  these  features  as  a 
function  of  measurement  conditions 
will  be  discussed  elsewhere,  and  Figure  5.  Low  temperature  PL  spectrum  of  a  small 

appears  to  be  consistent  with  an  platelet  from  Batch  I  in  the  medium-scale  reactor 

assignment  to  polytype  3C  quantum  showing  structural  defect-related  emissions  in  the  range 

from  3  3 1 9-3 .434  eV. 
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wells  in  the  bulk  2H-GaN  matrix. 
Such  wells  are  highly  effective  in 
trapping  electrons  and  holes  from 
the  surrounding  material.  These 
features  are  generally  absent  in 
prismatic  crystals,  which  implies 
that  the  prisms  may  be  of  better 
quality,  perhaps  due  to  a  different 
growth  mode.  These  features  have 
not  been  observed  to  date  in  the 
larger  platelets. 

A  secondary  electron  image 
and  panchromatic  300  K  CL  image 
of  a  small  platelet  sample  are  shown 
in  Figure  6.  Some  dark 
(nonradiative)  areas  are  associated 
with  surface  scratches,  but  in 
addition  striated  bands  are 


observed.  These  bands  form  a  zigzag  pattern  and  may  be  associated  with  growth  striations.  It 
remains  to  be  determined  if  these  have  any  relation  to  the  stacking  fault-related  PL  bands 
discussed  above.  These  features  are  not  observed  in  the  prismatic  crystals,  which  exhibit 
uniform  CL  except  for  certain  types  of  surface  features  (not  shown).  Further  work  is  necessary 
to  understand  and  control  the  origins  of  the  striations. 


CONCLUSIONS 


Optical  characterization  of  bulk  GaN  crystals  grown  from  a  Na-Ga  melt  in  a  new,  large- 
scale  reactor  shows  that  the  material  is  of  high  optical  quality  and  has  low  residual  doping.  The 
main  residual  donor  species  has  a  33.6  meV  binding  energy,  which  may  be  On,  but  a  second, 
shallower  donor  may  be  present.  A  pronounced  polarity  dependence  is  evident  in  the 
incorporation  of  impurities  and  deep  levels  in  c-oriented  platelets.  The  Zn  and  usually  Mg  or  Si 
incorporation  is  much  stronger  on  the  rough  side  (Ga-polar)  than  on  the  smooth  side  (N-Polar). 
Thermalization  of  the  Zn  (A°,X)  triplet  structure  and  fine  structure  in  the  stacking  fault-related 
luminescence  near  3.4-3.42  eV  has  been  studied. 
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ABSTRACT 

Background  impurities  and  the  resulting  electrical  characteristics  were  studied  for  GaN 
wafers  grown  using  hydride  vapor  phase  epitaxy  at  various  growth  conditions.  The  electron 
concentration  was  found  to  decrease  with  increasing  GaN  thickness,  by  orders  of  magnitude  in 
the  first  few  microns  of  growth,  but  continuing  gradually  for  thousands  of  microns.  Physical 
removal  of  the  backside  degenerate  layer  enabled  improved  analysis  of  the  electrical  properties. 
Secondary  ion  mass  spectroscopy  was  used  to  determine  that  the  presence  of  oxygen  and  silicon 
accounted  for  the  electron  concentration  for  unintentionally  «-type  doped  material.  The 
concentration  of  oxygen  was  found  to  vary  more  than  that  of  silicon  and  increased  with 
decreasing  growth  temperature.  The  resistivity  was  measured  to  be  as  high  as  1  ohm-cm, 
corresponding  to  a  carrier  concentration  of  10f6  cm'3.  Iron  was  demonstrated  to  effectively 
compensate  the  residual  donors  and  increased  the  resistivity  to  greater  than  109  ohm-cm  at  room 
temperature  and  greater  than  3xl05  ohm-cm  at  250  °C.  An  activation  energy  for  the  iron-doped 
GaN  was  determined  by  variable  temperature  resistivity  measurements  to  be  0.51  eV. 


INTRODUCTION 

A  promising  pathway  for  improving  the  reliability  of  GaN-based  electronic  devices  is  to 
form  the  device  on  low  defect  density  GaN  substrates,  which  can  be  produced  by  hydride  vapor 
phase  epitaxy  (HVPE).  In  addition  to  low  defect  density  [1,2],  the  HVPE  approach  is  inherently 
scalable  to  very  large  wafer  area.  Early  reports  of  GaN  growth  by  HVPE  [3,4]  produced  material 
that  was  heavily  «-type  with  a  carrier  concentration  in  excess  of  10* 8  cm'3.  Since  that  time,  the 
background  impurities  have  been  reduced.  The  current  state-of-the-art  HVPE  growth  of 
unintentionally  doped  GaN  exhibits  an  electron  concentration  on  the  order  of  1016  cm'3  [5-7]. 
Motoki  [8]  reports  a  background  level  of  5xl0!8  cm'3  due  to  auto-doping  from  the  SiC>2  mask 
used.  \Wiile  the  background  electrical  concentration  has  been  reduced  by  several  orders  of 
magnitude  since  the  1970s,  the  purity  of  the  material  must  be  further  increased  and/or  a  deep 
level  compensating  impurity  must  be  incorporated  to  make  the  material  suitable  for  high 
frequency  electronic  applications.  Kuznetsov  [9]  reported  0.2-0.4  Lim  thick  Zn-doped  GaN 
layers  by  HVPE  and  calculated  a  specific  resistivity  as  high  as  1012  ohm-cm.  Activation  energies 
of  0.18  and  0.7  eV  were  found  in  low  and  high  temperature  regimes,  respectively. 

In  this  work,  we  grew  unintentionally  doped  GaN  under  a  variety  of  growth  conditions  and 
studied  how  the  background  impurity  concentration  changed  with  process  conditions.  Iron 
doping  was  employed  to  compensate  the  residual  donors  to  make  thick,  semi-insulating  GaN 
with  a  room  temperature  resistivity  in  excess  of  109  ohm-cm. 
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EXPERIMENTAL  DETAILS 


The  HVPE  growth  conditions  used  to  make  the  GaN  for  electrical  and  impurity  analysis  are 
detailed  in  Table  I.  While  a  wide  range  of  each  parameter  was  explored,  in  some  cases  cracking 
of  the  GaN  precluded  reliable  electrical  measurements  or  poor  material  quality  limited  the  utility 
of  the  material  for  electrical  applications.  For  instance,  GaN  grown  with  a  growth  temperature 
less  than  950  °C  was  polycrystalline.  The  concentration  of  background  impurities  was 
determined  using  secondary  ion  mass  spectroscopy  (SIMS),  and  in  cases  where  additional 
sensitivity  was  required,  glow  discharge  mass  spectroscopy  (GDMS).  Resistivity  and  Hall  effect 
measurements  were  used  to  assess  carrier  type,  carrier  concentration  and  mobility. 


Interface  region 


As  has  been  reported  previously  for  GaN  Films  grown  by  HVPE  on  sapphire  [7],  the 
electrical  characteristics  of  the  bulk  material  were  confounded  by  a  degenerate  n-type  layer  at  the 
GaN-sapphire  interface.  This  is  understandable  based  on  the  defect  structure  in  the  first  layers 


Figure  1.  Cross-sectional  TEM  image  of  the 
interface  of  an  HVPE  GaN-sapphire  inter¬ 
face,  showing  the  more  than  0.5  pm  thick 
defective  layer. 


closest  to  the  sapphire.  Fig.  1  shows  a  cross- 
section  transmission  electron  microscope 
image  of  a  representative  GaN-sapphire 
interface.  Additional  structural  analysis  of  the 
early  stages  of  HVPE  growth  [10]  shows  that 
island  coalescence  is  not  complete  until  1-2 
pm  into  film  growth.  SIMS  measurements 
indicated  greater  than  102()  cm'3  oxygen  atoms 
at  the  interface,  which  was  reduced  abruptly 
over  1  pm.  The  lack  of  an  increased  A1  signal 
confirms  that  the  oxygen  measurement  does 
not  derive  from  pinholes  to  the  sapphire.  In 
contrast,  Gotz  [7]  reported  an  interface  layer 
only  300  nm  thick.  Nevertheless,  the  thicker 
conductive  interface  layer  in  the  current  work 
provides  a  similar  parallel  conduction  path 
and  prohibits  direct  measurement  of  the 
relatively  low  impurity  bulk  portion  of  the 
material. 
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The  impact  of  the  interface 
layer  on  the  carrier  concentration 
and  mobility  was  measured 
directly.  Figure  2  shows  the 
marked  change  in  Hall  effect 
results  obtained  before  and  after 
removal  of  the  interface  layer  from 
three  typical  300  pm  thick 
freestanding  GaN  samples.  The 
measured  room  temperature 
electron  concentration  decreased 
from  approximately  1018  cm'3  with 
the  interface  present  to  1016  cm'3. 
Correspondingly,  the  room 
temperature  mobility  increased 
from  less  than  100  cm2/V-s  with 
the  degenerate  layer  to  in  excess  of 
500  cm2/V-s  after  removal  of  the 
degenerate  layer.  To  decouple  the 
effects  of  the  degenerate  layer 
from  the  electrical  analysis,  the 
remainder  of  the  work  presented 
here  is  for  freestanding  GaN 
material  that  has  had  the  interface 
layer  removed  by  either 
mechanical  lapping  or  slicing  with 
a  wire  saw  (for  thicker  material). 

Bulk  region 

The  reduction  in  electron 
concentration  was  abrupt  in  the 
first  few  microns  of  growth,  but 
continues  for  much  longer.  Figure 
3  displays  the  Hall  characteristics 
measured  from  subsequent  slices 
fabricated  from  a  ~3  mm  long 
boule.  The  electron  concentration 
clearly  decreased  over  the  length 
of  the  boule,  while  the  mobility 
correspondingly  increased.  This 
trend  was  attributed  to  a  gradual 
reduction  of  impurities  in  the 
growth  ambient. 


0  Before  interface  removal  □  After  interface  removal 

Figure  2.  Room  temperature  Hall  effect  measurements 
taken  before  and  after  removal  of  the  degenerate 
interface  layer.  Electron  concentration  decreased  by  two 
orders  of  magnitude,  while  mobility  increased  more  than 
five-fold. 


l.E+17. 


l.E+16u 


Average  boule  position  (microns) 


Figure  3.  Hall  characteristics  measured  from  subsequent 
slices  fabricated  from  a  GaN  boule. 
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Electron  Concentration  (emM) 


Figure  4.  Electron  concentration  vs.  shallow  impurity  concentrations  (Si,  O,  and  O+Si). 

The  O  concentration  shows  greater  variability. 

The  primary  impurities  present  in  the  GaN  wafers  were  Si,  O,  C,  H,  and  Cl,  depending  on 
growth  conditions.  Of  these  impurities,  Si  and  O  are  known  to  act  as  shallow  donors  in  GaN. 
Figure  4  shows  the  electron  concentration  as  a  function  of  oxygen,  silicon  and  sum  of  oxygen 
and  silicon  concentrations,  as  measured  by  SIMS.  The  films  were  grown  with  varied 
temperature,  pressure  and  V/III  ratio,  as  described  in  Table  I.  The  silicon  concentration  was  low, 
near  the  SIMS  detection  limits  (2-1  Oxl 016  cm'3).  The  oxygen  concentration  varied  the  with 
growth  conditions,  particularly  growth  temperature.  However,  the  oxygen  concentration  also 
varied  from  run  to  run  with  identical  growth  condition.  In  the  low  carrier  concentration  samples 
the  silicon  concentration  was  higher  than  oxygen  concentration,  while  in  the  higher  carrier 
concentration  materials  the  oxygen  concentration  was  higher  and  the  samples  were  typically 
grown  at  temperatures  less  than  1000  °C.  Thus,  variation  in  the  electron  background  may  be 
kinetically  controlled,  consistent  with  the  temperature  dependence.  Likely  sources  of  silicon  and 
oxygen  during  HVPE  growth  include  virtual  leaks,  quartz  reactor  hardware  and  source  materials. 
Further  background  reduction  will  require  controlling  both  the  kinetics  and  impurity  sources. 

Resistivity  increase 

Figure  5a  shows  the  electron  concentration  vs.  electron  mobility  measured  at  room 
temperature  for  a  large  number  of  samples  grown  under  varied  growth  conditions,  including 
samples  intentionally  doped  with  oxygen.  As  expected  from  reduced  ionized  impurity  scattering, 
a  reduction  in  electron  concentration  corresponded  to  increased  mobility.  Electron 
concentrations  as  tow  as  1016  cm'3  corresponded  to  Hall  mobilities  from  600-1000  cm2/V-s. 
Figure  5b  shows  the  room  temperature  resistivity  vs.  carrier  concentration.  The  increased 
mobility  with  reduced  carriers  makes  it  more  difficult  to  make  semi-insulating  material  by 
impurity  reduction  alone.  Several  orders  of  magnitude  more  background  reduction  would  be 
needed  to  achieve  desired  levels  for  an  electronic  device  substrate. 

Based  on  these  results,  iron  doping  was  investigated  as  a  means  of  compensating  residual 
donors  and  increasing  resistivity.  The  iron  was  introduced  into  the  growth  ambient  as  iron 
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Figure  5.  Room  temperature  mobility  (a)  and  resistivity  (b)  as  a  function  of  Hall  carrier 
concentration. 


chloride.  The  growths  were  successfully  completed  and  the  crystal  quality  based  on  x-ray 
rocking  curve  was  consistent  with  that  produced  without  the  iron  present.  Typical  GaN  wafers 
had  full  width  at  half  maximum  (FWHM)  of  100  to  300  arcsec,  and  an  iron  doped  sample  had 
FWHM  of  172  ±  24  arcsec.  To  make  characterization  straightforward,  the  sapphire  template  and 
backside  GaN  layers  were  removed  before  characterization.  One  iron  doped  sample  had  an  iron 
concentration  of  6xl016  cm'3  as  measured  by  SIMS  and  4xl016  cm'3  as  measured  by  GDMS. 

This  level  of  iron  is  sufficient  to  compensate  for  the  residual  oxygen  and  silicon  present  in  the 
sample.  The  resistivity  of  the  GaN:Fe  sample  was  measured  as  a  function  of  temperature  by 
forming  annealed  InSn  contacts.  Figure  6  shows  the  resistivity  data  as  a  function  of  sample 

T  (C) 


250200  150  100 


Figure  6.  Plot  of  resistivity  as  a  function  of  inverse  temperature  for  an  iron-doped  GaN  wafer. 
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temperature.  The  resistivity  at  250  °C  was  3x1 05  ohm-cm  and  the  resistivity  at  room 
temperature  was  determined  by  extrapolation  to  be  2x1 09  ohm-cm.  The  activation  energy  for 
Fe-doped  GaN  was  0.51  eV,  as  shown  in  Figure  6.  The  semi-insulating  behavior  is  promising 
for  application  in  GaN:Fe  substrates. 


CONCLUSIONS 

Oxygen  and  silicon  were  the  major  impurities  in  the  freestanding  HVPE  GaN  wafer, 
resulting  in  the  «-type  conductivity  in  the  unintentionally  doped  materials.  In  the  high  carrier 
concentration  samples  oxygen  was  the  major  impurity  while  in  the  low  carrier  concentration 
samples  silicon  was  the  major  impurity.  The  source  of  impurities  is  less  clear,  but  is  speculated 
that  silicon  is  likely  originated  from  quartz  reactor  hardware  and  oxygen  is  probably  associated 
with  problems  related  to  reactor  seal  and  virtual  leaks.  Introducing  iron  into  HVPE  GaN  was 
found  effective  to  compensate  the  residual  donors  without  crystal  quality  degradation.  Room 
temperature  resistivity  greater  than  109  ohm-cm  was  demonstrated.  The  structural  and  electronic 
properties  of  the  impurity  defects  in  the  semi-insulating  GaN  will  be  further  investigated.  This 
work  offers  a  pathway  for  evaluating  low  defect  density,  semi-insulating  GaN  as  a  substrate  for 
electronic  applications. 
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ABSTRACT 

Low  electron  energy  cathodoluminescence  (LEECL)  was  used  to  examine 
polishing-induced  damage  in  a  bulk  high-pressure  grown  GaN  single-crystal  platelet.  The 
Ga-polarity  face  of  the  platelet  was  mechanically  polished;  chemically-assisted  ion-beam  etching 
(CAIBE)  to  a  depth  of  200  nm  was  performed  on  a  portion  of  this  face.  Low-temperature  (15  K) 
CL  spectra  of  the  polished-only  and  polished+CAIBE  regions  of  the  Ga-face  were  taken  at  2.8 
kV,  5.4  kV,  and  10.6  kV  (corresponding  to  average  electron  penetration  depths  of  19  nm,  56  nm, 
and  170  nm).  The  low-temperature  CL  spectrum  of  the  unpolished,  N-polarity  face  was  taken  at 
10.6  kV.  In  the  near-band-edge  region,  all  the  CL  spectra  from  the  Ga-polarity  face  show  a 
narrow  peak  near  3.47  eV,  ascribed  to  donor-bound  exciton  recombination,  and  several 
overlapping  peaks  at  lower  energy  (3.1  eV  to  3.4  eV),  ascribed  to  defect-related  levels  or  to 
donor-acceptor  pair  recombination.  Functional  curve-fitting  analysis  enabled  deconvolution  of 
the  spectra  into  the  sum  of  an  asymmetric  peak  (the  donor-bound  exciton)  and  several  symmetric 
Gaussian  peaks  (the  lower  energy,  defect-related  or  donor-acceptor  peaks).  The  linewidth  of  the 
donor-bound  exciton  peak  decreased  with  increasing  penetration  depth,  and  also  decreased  on 
going  from  the  polished-only  to  the  polished+CAIBE  region.  The  relative  intensity  of  a 
defect-related  peak  at  ~3.325  eV  showed  a  similar  decreasing  trend  with  increasing  penetration 
depth  or  with  CAIBE  treatment.  The  LEECL  results  suggest  that  the  thickness  of  the  polishing 
damage  layer  is  approximately  400  nm;  the  200  nm  CAIBE  step  is  thus  insufficient  to 
completely  remove  the  damage. 

INTRODUCTION 

Bulk  free-standing  high-pressure  grown  GaN  crystals  are  promising  substrates  for 
homoepitaxial  growth  of  GaN  and  related  alloys.  Particularly  attractive  is  the  reported  absence 
of  threading  dislocations  that  may,  if  present,  propagate  into  epitaxial  films.[l]  However, 
thin-film  growth  on  the  native  {0001 }  faces  of  the  bulk  GaN  crystals  has  proven  problematic 
since  the  faces,  although  atomically  flat  on  a  scale  of  roughly  100  (am,  are  often  textured  on 
longer  length  scales,  with  hillocks  and  terraced  growth.  The  {0001 }  surfaces  must  therefore  be 
prepared  by  mechanical  or  chemical-mechanical  polishing  before  homoepitaxial  growth  can  take 
place.[2,3]  In  the  present  study,  a  bulk  high-pressure  grown  GaN  platelet  was  examined  by  low 
electron  energy  cathodoluminescence  (LEECL)  spectroscopy.  The  LEECL  results  lend  insight 
into  the  nature  and  depth  of  the  subsurface  damage  induced  by  mechanical  polishing. 


213 


EXPERIMENTAL  DETAILS 

The  sample,  designated  #I-JRM-2,  was  provided  by  the  High  Pressure  Research  Center, 
Polish  Academy  of  Sciences.  The  sample  was  in  the  form  of  an  irregular  hexagonal  platelet 
measuring  =0.1  mm  along  [0001]  and  3  mm  to  5  mm  along  [1120].  LEECL  measurements 
were  performed  in  a  scanning  electron  microscope  (SEM)  equipped  with  a  liquid-helium  cold 
stage  and  a  CL  port  (consisting  of  collection  optics,  a  monochromator,  and  an  intensified 
photodiode  array  detector).  In  the  LEECL  experiment,  the  electron  beam  axis  is  vertical,  the  CL 
collection  axis  is  horizontal,  and  the  sample  surface  is  tilted  at  45°  to  the  vertical  axis.  For  these 
measurements,  the  wavelength  resolution  of  the  monochromator  was  approximately  1  nm, 
corresponding  to  a  photon  energy  resolution  of  0.009  eV  at  3.4  eV  (band  gap  of  GaN).  LEECL 
spectra  were  acquired  with  the  sample  cooled  to  15  K,  at  three  electron  beam  voltages,  2.8  kV, 
5.4  kV  and  10.6  kV.  The  calculated  maximum  electron  penetration  depths  into  the  GaN  platelet 
at  these  voltages,  taking  into  account  the  45°  angle  of  incidence  of  the  electron  beam  on  the 
sample  surface,  which  reduces  the  penetration  depth  by  a  cosine  factor,  are  56  nm,  170  nm,  and 
510  nm  respectively.  The  corresponding  calculated  average  penetration  depths,  representing  the 
mean  of  the  electron  energy  dissipation  vs.  depth  distribution  function[4],  are  19  nm,  56  nm,  and 
1 70  nm  respectively.  (Note  that  the  ratio  of  the  maximum  penetration  depth  to  the  average 
penetration  depth  at  each  voltage  is  approximately  equal  to  3.) 

It  should  be  mentioned  that  sample  #I-JRM-2  and  other  GaN  samples  from  the  High 
Pressure  Research  Center  were  also  characterized  by  full-sample,  monochromatic  (8  keV  to  10 
keV)  high -resolution  x-ray  diffraction  imaging  (HRXRDI)  at  the  NIST  topography  station  at  the 
National  Synchrotron  Light  Source,  Brookhaven  National  Laboratory.  The  HRXRDI  results  will 
be  reported  in  another  publication. [5] 

DISCUSSION 

CL  spectra  from  the  mechanically-polished-only  region  of  the  Ga-terminated  face,  taken 
at  the  three  electron  beam  voltages  of  2.8  kV,  5.4  kV  and  10.6  kV,  corresponding  to  mean 
electron  penetration  depths  of  19  nm,  56  nm  and  170  nm  respectively,  are  shown  in  Fig.  1(a), 
and  the  corresponding  CL  spectra  from  the  polished+CAIBE  region  are  shown  in  Fig.  1(b). 

Only  the  near-band-edge  spectral  region,  including  photon  energies  from  2.9  eV  to  3.8  eV,  is 
displayed  in  Fig.  1 .  The  deep-level  CL  spectrum,  at  lower  energies  than  2.9  eV,  was  dominated 
by  the  well-known  “yellow”  luminescence  band[6]  of  GaN  at  =2.2  eV.  The  deep-level  CL  was 
found  to  be  less  sensitive  to  surface  treatment  and  penetration  depth  (incident  electron  energy) 
than  the  near-band-edge  CL,  therefore  our  analysis  is  limited  to  the  near-band-edge  region. 
Arrows  in  Fig.  12  indicate  the  donor-bound  exciton  or  free  exciton  emission  at  =3.475  eV,  and  a 
defect-related  peak  at  =3.325  eV. 

The  10.6  kV  spectrum  of  the  polished+CAIBE  region  (the  Ga-face  spectrum  least 
affected  by  polishing  damage)  is  compared  to  the  10.6  kV  spectrum  of  the  unpolished, 
N-terminated  face  in  Fig.  2.  The  exciton  or  band-edge  peak  is  seen  to  occur  at  3.535  eV  for  the 
N-face,  =0.05  eV  higher  in  energy  than  for  the  Ga-face;  also,  the  full  width  at  half  maximum 
(FWHM)  of  the  peak  is  significantly  larger  for  the  N-face.  These  effects  are  ascribed  to  free 
carrier  conduction  band  filling  induced  by  unintentional  donor  impurities.  In  GaN,  the 
band-edge  emission  energy  has  been  observed  to  shift  upward  with  increasing  carrier 
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Figure  1.  (a)  Low-temperature  CL  spectra  from  the  mechanically-polished-only  region  of  the 
Ga-terminated  face  of  sample  #I-JRM-2,  taken  at  different  electron  beam  voltages  and  mean 
penetration  depths.  Arrows  indicate  the  donor-bound  exciton  or  free  exciton  emission  at 
=3.475  eV,  and  a  defect-related  peak  at  “3.325  eV.  (b)  Low-temperature  CL  spectra  from  the 
polished+CAIBE  region  of  the  Ga-terminated  face. 


photon  energy  (eV) 


Figure  2.  Low-temperature  CL  spectra  of  the 
polished+CAIBE  region  of  the  Ga-terminated 
face  (solid  curve)  and  the  unpolished 
N-terminated  face  (dashed  curve),  taken  at  a 
beam  voltage  of  10.6  kV.  The  arrow 
indicates  the  position  of  the  donor-bound 
exciton  peak[9]  in  pure,  unstrained  GaN 
(3.471  eV). 
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Figure  3.  Curve-fitting  results  for  the  2.8  kV 
spectrum  from  the  polished+CAIBE  region  of 
the  Ga-terminated  face.  Overall  fit  to  data: 
solid  curve,  toward  top  of  figure.  The  five 
components  of  the  fit:  dashed  and  dash-dotted 
curves,  including  asymmetric  bell-shaped 
peak  ascribed  to  donor-bound  exciton  (#1), 
three  symmetric  Gaussian  peaks  (#2,  #3,  and 
#4),  and  exponential  function.  Deviation 
between  overall  fit  and  data:  solid  curve, 
bottom  of  figure. 
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concentration^]  in  the  degenerate  semiconductor  regime  (>1019  cm-3).  Other  studies  of  bulk 
high-pressure  grown  GaN  have  shown  that  this  material  typically  contains  a  very  high  free 
carrier  concentration [8]  (=6x1 019  cm-3),  induced  by  unintentionally  added  donor  impurities  such 
as  oxygen  and  silicon,  and/or  donor-like  point  defects.  It  should  be  pointed  out  that  in 
high-purity,  unstrained  GaN,  the  low-temperature  CL  spectrum  is  usually  dominated  by 
donor-bound  exciton  recombination [9]  at  3.471  eV.  The  shift  of  the  exciton  peak  from  3.471  eV 
to  energies  as  high  as  3.489  eV  on  the  Ga-face  of  sample  #I-JRM-2  may  also  be  caused  by 
free-carrier  band  filling.  From  the  results  of  Fig.  2,  it  appears  that  the  electron  concentration  is 
much  smaller  near  the  Ga-face  than  near  the  N-face  of  the  same  sample. 

It  can  be  seen  in  Fig.  1  (a)  that  the  width  of  the  exciton  emission  peak  increases,  and  the 
intensity  ratio  of  the  exciton  peak  to  the  defect  (=3.325  eV  and  lower  energy)  peaks  decreases, 
with  decreasing  penetration  depth  beneath  the  mechanically  polished  surface.  A  similar  trend  is 
observed  for  the  polished+CAIBE  surface,  Fig.  1(b),  but  the  change  in  the  shape  of  the  spectrum 
from  the  largest  to  the  smallest  penetration  depth  is  less  pronounced  for  the  polished+CAIBE 
surface  than  for  the  polished-only  surface.  This  comparison  indicates  that  the  CAIBE  processing 
was  partially  successful  in  removing  the  polishing-induced  damage  layer. 

The  subsurface  polishing  damage  precluded  HRXRDI  visualization  of  the  native  defect 
structure  of  either  the  polished-only  region  or  the  polished+CAIBE  region.  In  both  regions,  the 
HRXRDI  was  primarily  sensitive  to  the  surface  morphology. [5]  The  diffracted  intensity  was 
greater  from  the  polished+CAIBE  region  than  from  the  polished-only  region,  indicated  partial 
removal  of  the  polishing  damage  by  CAIBE,  in  agreement  with  the  LEECL  results. 

Curve-fitting  to  a  sum  of  bell-shaped  peaks  was  performed  to  analyze  the  CL  spectra  in 
more  detail.  The  exciton  component  was  represented  by  an  asymmetric  (skewed)  bell-shaped 
peak,  with  a  lineshape  intermediate  between  Gaussian  and  Lorentzian2.  The  defect  emission  in 
the  3.0  eV  to  3.4  eV  range  was  represented  by  a  sum  of  three  symmetric  Gaussians,  and  the 
high-energy  tail  of  the  deep-level  emission  (which  is  most  pronounced  in  the  top  spectrum  of 
Fig.  1(a))  was  represented  by  an  exponential  function.  This  multi -component  model  yielded  a 
good  fit  to  the  data.  The  fitting  results  for  the  2.8  kV  spectrum  from  the  polished+CAIBE 
surface  (top  curve  in  Fig.  1(b))  are  illustrated  in  Fig.  3,  including  the  overall  fitting  function,  the 
five  components,  and  the  deviation  between  the  fit  and  the  data.  Table  I  lists  the  values  of 
several  fitting  parameters  for  the  donor-bound  exciton  peak  (component  #1  in  Fig.  3)  and  the 
defect-related  peak  at  =3.325  eV  (component  #2  in  Fig.  3):  the  peak  energy,  FWHM,  and 
fractional  integrated  intensity.  (The  fractional  integrated  intensity  is  defined  as  the  ratio  of  the 
integrated  intensity  of  the  given  peak  to  the  sum  of  the  integrated  intensities  of  all  four  peaks.) 

The  variation  of  the  fitting  parameters  listed  in  Table  I  suggests  some  conclusions  that  are 
not  as  readily  apparent  by  inspection  of  the  spectra  in  Fig.  1.  First,  on  going  from  the  2.8  kV 
spectrum  of  the  polished-only  surface  (most  affected  by  polishing  damage)  to  the  10.6  kV  nm 
spectrum  of  the  polished+CAIBE  surface  (least  affected  by  polishing  damage),  there  is  no 
systematic  variation  of  the  fractional  integrated  intensity  of  the  exciton  peak,  or  the  peak  energy. 
In  other  words,  the  polishing  damage  does  not  appear  to  quench  the  exciton  CL.  Rather,  the 
decrease  in  the  peak  intensity  of  the  exciton  CL  with  polishing  damage  is  a  consequence  of  the 
increase  in  FWHM.  There  is  no  increase  in  the  exciton  FWHM  from  the  10.6  kV  spectrum  to 
the  5.4  kV  spectrum  of  the  polished+CAIBE  surface.  Thus,  the  effect  of  the  polishing  on  the 
exciton  CL  lineshape  is  negligible  at  a  depth  of  more  than  56  nm  from  the  polished+CAIBE 
surface,  or  =260  nm  from  the  polished-only  surface  (the  CAIBE  etching  depth  is  =200  nm). 


216 


Table  I.  Selected  numerical  parameters  obtained  from  curve-fitting  (as  shown  in  Fig.  3)  of  the 
low-temperature  CL  spectra  of  the  Ga-terminated  face  of  sample  #I-JRM-2.  The  stated  2a 
uncertainties  were  obtained  from  a  covariance  analysis  of  the  fitting  parameters,  based  on  the 
magnitude  of  the  deviation  between  the  data  and  the  fitted  function. 


Surface 

treatment 

Beam  voltage 
(kV),  mean 
penetration 
depth  (nm) 

Peak  number 

Peak  energy 
(eV) 

FWHM  of  peak 
(eV) 

Fractional 

integrated 

intensity 

mechanical 

2.8  kV 

1 

3.482 

0.146 

0.333 

polishing 

19  nm 

±0.0012 

±0.009 

±0.107 

mechanical 

5.4  kV 

1 

3.472 

0.124 

0.413 

polishing 

56  nm 

±0.0017 

±0.007 

±0.045 

mechanical 

10.6  kV 

1 

3.475 

0.108 

0.376 

polishing 

170  nm 

±0.0007 

±0.004 

±0.025 

polishing  + 

2.8  kV 

1 

3.480 

0.118 

0.362 

CAIBE 

19  nm 

±0.0007 

±0.003 

±0.014 

polishing  + 

5.4  kV 

1 

3.476 

0.100 

0.333 

CAIBE 

56  nm 

±0.0005 

±0.001 

±0.009 

polishing  + 

10.6  kV 

1 

3.489 

0.101 

0.434 

CAIBE 

170  nm 

±0.0002 

±0.001 

±0.007 

mechanical 

2.8  kV 

2 

3.343 

0.104 

0.196 

polishing 

19  nm 

±0.0070 

±0.017 

±0.125 

mechanical 

5.4  kV 

2 

3.320 

0.093 

0.099 

polishing 

56  nm 

±0.0025 

±0.010 

±0.028 

mechanical 

10.6  kV 

2 

3.325 

0.083 

0.075 

polishing 

170  nm 

±0.0014 

±0.002 

±0.007 

polishing  + 

2.8  kV 

2 

3.326 

0.078 

0.074 

CAIBE 

19  nm 

±0.0012 

±0.003 

±0.007 

polishing  + 

5.4  kV 

2 

3.318 

0.080 

0.059 

CAIBE 

56  nm 

±0.0016 

±0.003 

±0.004 

polishing  + 

10.6  kV 

2 

3.348 

0.057 

0.012 

CAIBE 

170  nm 

±0.0010 

±0.003 

±0.001 
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In  contrast  to  the  exciton  peak,  the  fractional  integrated  intensity  of  the  =3.325  eV  defect 
peak  is  seen  to  increase  dramatically  on  going  from  the  weakest  to  strongest  polishing  damage 
effect  (reading  Table  I  from  bottom  to  top).  Further,  the  FWHM  of  this  peak  increases  with 
increasing  polishing  damage.  The  =3.325  eV  peak  is  barely  observable  in  the  10.6  kV  spectrum 
of  the  polished+CAIBE  surface,  but  the  fractional  integrated  intensity  of  this  peak  increases  by  a 
factor  of  5  when  the  mean  penetration  depth  is  reduced  from  170  nm  to  56  nm  (10.6  kV  to 
5.4  kV).  If  the  =3.325  eV  peak  is  taken  to  be  an  indicator  of  polishing  damage,  it  can  be 
concluded  from  these  observations  that  the  polishing  damage  extends  to  a  depth  of =170  nm 
below  the  polished+CAIBE  surface,  or  =400  nm  below  the  polished-only  surface. 

CONCLUSIONS 

An  increase  in  the  FWHM  of  the  exciton  (=3.475  eV)  emission  peak,  and  the  appearance 
of  a  defect  peak  at  =3.325  eV,  were  found  to  be  indicators  of  polishing  damage  in 
low-temperature  CL  spectroscopy  of  the  Ga-terminated  face  of  a  bulk  high-pressure  grown 
single-crystal  GaN  platelet  designated  #I-JRM-2.  Regions  of  the  Ga-terminated  face  prepared  by 
mechanical  polishing  only,  and  by  mechanical  polishing  +  CAIBE  to  a  depth  of  200  nm,  were 
compared.  The  =3.325  eV  peak  appears  to  be  the  more  sensitive  damage  indicator.  From  the 
variation  of  the  =3.325  eV  peak  intensity  with  electron  penetration  depth  in  the  CL  spectra  of  the 
polished+CAIBE  and  polished-only  surfaces,  the  total  thickness  of  the  polishing  damage  layer 
was  estimated  to  be  400  nm. 
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ABSTRACT 

The  Heat  Exchanger  Method  (HEM)  of  crystal  growing  was  combined  with  the  Fixed 
Abrasive  Slicing  Technology  (FAST)  to  produce  low-cost,  high-quality  sapphire  substrates  for 
deposition  of  the  GaN  family  of  compounds.  Production  quantities  of  2-inch  diameter  blanks 
have  been  supplied,  and  3-inch  diameter  material  has  been  qualified.  Current  technology  can  be 
used  to  prepare  sapphire  blanks  up  to  6-inch  diameter. 

INTRODUCTION 

Gallium  nitride  (GaN)  and  related  compound  semiconductors  are  among  the  most  attractive 
materials  for  blue,  violet  and  ultraviolet  light  emitting  diodes  (LEDs),  laser  diodes  (LDs)  and 
high  speed,  high  power  transistors  [1-3].  Considerable  progress  has  been  made  with  these 
devices  operating  with  long  lifetime  and  high  brightness.  A  key  issue  for  the  growth  of  GaN  has 
been  the  lack  of  a  suitable  substrate,  since  GaN  substrates  are  not  readily  available.  While 
several  new  substrates,  such  as  AIN  [4,5],  LaA103  [6],  LiGa03  [7]  bulk  GaN  or  self-supported 
film  by  ELO  [8]  or  Pendeo  epitaxy  [9],  etc.,  are  being  explored  the  most  common  substrates 
being  used  are  sapphire  (01-AI2O3)  and  single  crystal  silicon  carbide  (SiC).  In  addition  to 
meeting  technical  requirements  to  produce  the  devices,  it  is  important  that  the  components  used 
in  the  manufacture  be  available  in  large  quantities  in  a  manufacturing  environment  so  that  low- 
cost  devices  can  be  produced  and  their  full  potential  realized.  Therefore,  while  novel  substrates 
may  find  niche  applications  the  real  competition  is  between  sapphire  and  SiC  substrates  for  high 
volume,  widespread  use  in  laser  diodes,  LEDs  and  lighting  applications. 

This  paper  discusses  two  unique  technologies  for  the  production  of  high  quality  sapphire 
substrates  in  high  volume  not  only  to  meet  current  requirements,  but  also  to  meet  future 
applications  without  requiring  changes  in  the  basic  technologies.  These  two  key  technologies  are 
the  Heat  Exchanger  Method  (HEM)  of  crystal  growth  and  the  Fixed  Abrasive  Slicing 
Technology  (FAST)  for  wafering  of  sapphire  rods.  The  current  requirement  of  2-inch  diameter 
substrates  is  being  met  in  production.  However,  wafers  up  to  6-inch  diameter  size  can  be 
produced  by  modification  of  production  procedures  without  developing  new  technologies. 

HEAT  EXCHANGER  METHOD 

The  Heat  Exchanger  Method  (HEM™)  is  a  solidification  technique  [10,1 1]  that  has  been 
utilized  for  more  than  30  years  for  growth  of  sapphire  crystals  from  the  melt  by  controlling  the 
heat  input  and  heat  extraction,  as  shown  on  Figure  1.  A  crucible  with  a  single  crystal  seed 
centered  at  the  bottom  is  loaded  with  sapphire  crackle  (meltstock)  and  placed  on  a  high- 
temperature,  helium-cooled  heat  exchanger.  After  evacuation  of  the  heat  zone,  heat  is  applied 
and  the  charge  is  melted.  The  seed  is  prevented  from  melting  by  flowing  helium  gas  through  the 
heat  exchanger. 
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Figure  1.  Schematic  of  a  Heat  Exchanger  Method  (HEM)  furnace. 

After  meltback  of  the  seed  is  achieved,  growth  is  initiated  and  progressed  by  increasing  the 
helium  flow  through  the  heat  exchanger  and/or  decreasing  the  furnace  temperature.  After 
complete  solidification  of  the  charge  is  achieved,  the  furnace  temperature  is  reduced  below  the 
melting  point  of  sapphire  and  the  helium  flow  through  the  heat  exchanger  is  reduced  to  achieve 
in  situ  annealing  of  the  boule.  Thereafter,  the  furnace  temperature  is  reduced  in  a  controlled 
manner  for  cooldown  of  the  boule. 

Growth  during  HEM  is  achieved  under  stabilizing  temperature  gradients  as  the  hot  melt  is 
near  the  top  of  the  crucible  and  the  colder  solid  is  at  the  bottom  of  the  crucible,  thereby 
minimizing  convection.  The  crystal  growth  parameters  have  been  optimized  to  ensure  that  the 
solid-liquid  interface  during  growth  is  submerged  below  the  liquid  during  most  of  the  growth 
cycle.  Under  these  conditions,  the  thermal  and  mechanical  perturbations  are  damped  out  by  the 
surrounding  liquid  before  they  reach  the  interface.  The  submerged  interface  also  produces  low 
temperature  gradients  at  the  growth  site.  This  minimizes  the  propensity  for  spurious  nucleation 
and  growth  under  low  temperature  gradients  and  produces  higher  quality  crystals.  In  HEM 
sapphire  growth,  the  last  material  to  solidify  is  along  the  crucible  wall.  Most  impurities  have  a 
low  segregation  coefficient  and  therefore  are  segregated  near  the  crucible  wall  in  the  last  material 
to  solidify.  The  material  near  the  surface  of  the  boule  containing  a  higher  level  of  impurities  can 
easily  be  removed,  and  the  remainder  of  the  boule  is  significantly  purer  than  the  starting 
meltstock. 

After  HEM  crystal  growth  is  completed,  the  crystal  is  still  in  the  heat  zone  below  the  melt 
temperature  but  under  a  temperature  gradient  and  susceptible  to  cracking.  The  temperature 
gradient  and  stress  on  the  boule  can  be  decreased  by  reducing  the  helium  flow  through  the  heat 
exchanger.  The  unique  feature  of  in  situ  annealing  of  HEM  can  be  utilized  to  reduce  temperature 
gradients  on  the  crystal  and  relieve  solidification  stresses.  The  reduction  in  stresses  aids  in 
achieving  higher  crystal  perfection.  After  annealing,  the  crystal  can  be  cooled  at  a  rate 
preventing  cracking  of  the  boule.  Figure  2  shows  a  typical  34-cm  diameter,  65-kg  production 
sapphire  boule,  and  Figure  3  shows  a  38-cm  diameter,  83-kg  sapphire  boule  in  development. 
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Figure  2.  A  typical  34-cm  diameter,  Figure  3.  A  38-cm  diameter,  83-kg  HEM 

65-kg  production  HEM  sapphire  boule.  sapphire  boule  grown  in  development. 


CHARACTERISTICS  OF  HEM  SAPPHIRE 

The  world’s  largest  sapphire  boules  are  produced  using  HEM  [12].  The  melting  point  of 
sapphire  is  2040°C,  and  HEM  furnaces  are  designed  to  operate  in  excess  of  2200°C  for  extended 
periods.  Crystal  growth  is  carried  out  under  a  vacuum  so  that  the  volatile  impurities  and  reaction 
products  are  removed  from  the  heat  zone,  thereby  reducing  the  probability  of  these  impurities 
being  incorporated  in  the  growing  crystal.  Typical  impurity  analysis  of  HEM  sapphire  is  shown 
in  Table  I.  It  should  be  noted  that  impurities  close  to  the  detection  limits  of  analysis,  and 
impurities,  such  as  titanium,  are  low  for  HEM  sapphire;  titanium  is  usually  observed  when  a 
lower  cost  meltstock  is  used  for  crystal  growth. 

To  achieve  growth  of  high-quality  sapphire  boules,  it  is  essential  that  growth  take  places 
under  low  temperature  gradients.  The  heat  zone  of  the  HEM  furnace  is  designed  with  no  built-in 
temperature  gradients.  Resistive  heating  of  HEM  furnaces  for  sapphire  growth  maintains  low 
temperature  gradients  in  the  heat  zone.  Using  low  enough  temperature  gradients  in  the  liquid  to 
minimize  constitutional  supercooling  and  maintaining  low  temperature  gradients  in  the  solid 
ensure  that  high  quality  sapphire  crystals  are  grown. 

Table  I.  Typical  impurity  analyses  of  different  sapphire  meltstock  and  HEM  sapphire  boules 
using  spark  source  mass  spectroscopy  (SSMS)  and  inductively  coupled  plasma  (ICP)  methods. 


Sample 

Analysis 

Method 

Na 

si 

Fe 

Ca 

Mg 

Ga 

Cr 

Ni 

Ti 

Mn 

Cu 

Mo 

Li 

Zn 

Zr 

Meltstock 

SSMS 

2 

3 

1 

6 

1 

0.7 

0.3 

0.4 

<0.5 

0.1 

0.2 

<0.5 

<1 

1 

0.5 

Meltstock 

SSMS 

5 

20 

2 

5 

1 

0.7 

0.5 

0.3 

<0.5 

0.3 

0.3 

<0.5 

0.1 

0.3 

0.5 

HEM 

Sapphire 

SSMS 

1 

4 

0.6 

2 

2 

2 

0.2 

0.3 

<0.3 

0.5 

0.1 

<0.5 

1 

1 

Meltstock 

ICP 

<4 

9 

2 

3 

<1 

<4 

<1 

<1 

<1 

<1 

<1 

<4 

<1 

<1 

<1 

Meltstock 

ICP 

<4 

7 

1 

3 

<1 

<4 

<1 

<1 

<1 

<1 

<1 

<4 

<1 

<1 

<1 

HEM 

Sapphire 

ICP 

<4 

4 

5 

3 

<1 

<4 

<1 

<1 

<1 

<1 

<1 

<4 

<1 

<1 

2 
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Even  when  sapphire  crystal  growth  is  carried  out  under  low  temperature  gradients,  stresses 
arc  generated  in  the  crystal.  These  stresses  degrade  crystal  quality  unless  they  are  annealed  after 
growth  before  cooldown  to  room  temperature.  The  unique  feature  of  in  situ  annealing  with  HEN 
allows  relieving  of  solidification  stresses  after  growth.  This  can  be  carried  out  to  temperatures 
close  to  the  melting  point  after  growth. 

The  combination  of  large-size  of  HEM  sapphire  crystals  and  low  thermal  conductivity  of 
sapphire  material  requires  that  sapphire  boules  be  cooled  at  a  slow  rate  to  minimize  stresses  and 
defect  density  in  the  boules. 

FIXED  ABRASIVE  SLICING  TECHNOLOGY  (FAST) 

FAST  has  been  developed  as  a  multiwire  slicing  technique  [13,14]  in  which  wires  plated 
with  diamonds  are  used  to  cut  the  workpiece.  It  was  necessary  to  minimize  the  contact  areas 
between  the  wire  and  the  workpiece  so  that  higher  feed  forces  could  be  achieved  at  the  cutting 
edge  of  the  diamonds  on  the  wire.  To  achieve  high  surface  speed  of  wire,  FAST  was  modified  t< 
incorporate  high-speed  rotation  of  the  workpiece,  as  shown  in  Figure  4.  Diamond-plated  wires 
are  held  in  a  multiwire  pack  with  equal  spacing  and  tension.  The  wirepack  is  stretched  to  high 
tension  in  the  bladehead  of  the  sheer.  A  cylindrical  workpiece  is  rotated  at  high  speeds  up  to 
5,000  rpm  and  advanced  at  a  controlled  feed  rate  against  the  wires  which  are  reciprocated. 
Grooved  rollers  are  placed  on  either  side  of  the  workpiece  below  the  wirepack  to  minimize  wire 
wander  and  improve  wafer  accuracy.  High  speed  rotation  results  in  high  surface  speed  and 
minimizes  the  contact  length  between  the  workpiece  and  the  wires.  The  effective  feed  force  on 
the  diamond  tip  against  the  workpiece  is  thereby  increased  and  allows  diamonds  to  plow  into  the 
workpiece  to  achieve  effective  slicing.  In  this  configuration,  slicing  is  achieved  from  the 
circumference  of  the  cylinder  toward  the  interior.  The  diamonds  on  the  side  of  the  wires  are  still 
contacting  the  cut  surface  of  sapphire  resulting  in  a  lapping  action  to  give  smooth  cut  surfaces. 

FAST  slicing  combines  all  the  major  advantages  of  other  slicing  processes.  For  example, 
kerf  was  minimized,  as  with  multiwire  slicing  (MWS),  low  expendable  material  costs  were 
achieved,  as  with  internal  diameter  (ID)  slicing,  and  the  equipment  is  simple,  as  with  outside 
diameter  (OD)  slicing.  In  addition,  thin  slices  are  produced  with  high  wafer  accuracy.  FAST 
slicing  is  carried  out  using  low  feed  forces  to  achieve  high  wafer  quality. 


Figure  4.  Schematic  of  a  FAST  sheer  showing  high-speed  rotation  of  the  workpiece. 
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With  these  improvements,  FAST  slicing  is  three  times  faster  than  MWS  for  slicing  sapphire 
with  one-third  of  the  consumable  cost.  As  the  hardness  of  the  material  increases,  the  rotation 
rates  for  the  crystal  can  be  increased.  The  size  of  the  workpiece  that  can  be  sliced  will  be  limited 
by  the  degradation  of  diamonds  on  the  wirepack.  These  improvements  in  FAST  have  opened  a 
new  era  of  slicing  many  crystals  more  efficiently  and  particularly  large  hard  crystals  that  could 
not  be  sliced  effectively  with  existing  technology. 


PRODUCTION  OF  SAPPHIRE  SUBSTRATES 

Sapphire  has  a  rhombohedral  crystal  structure  that  results  in  anisotropic  properties.  It  is  a 
uniaxial  crystal,  and  this  axis  is  referred  to  as  the  c-axis  or  [0001].  The  properties  of  sapphire 
relative  to  the  c-axis  are  quite  different  from  those  along  the  c-axis.  For  example,  the  o-axis 
[1120]  and  w-axis  [ i  o  f o  ]  are  quite  similar,  but  the  properties  along  the  c-axis  or  [000 1  ]  are  quite 
different.  The  c-axis  is  commonly  referred  to  as  0°  orientation  and  a-  and  m-  axis  as  90° 
orientation.  The  most  common  sapphire  substrates  for  LED  application  are  specified  as  c-axis, 
however,  high  quality  growth  of  sapphire  boules  is  achieved  for  the  90°  orientations.  Therefore, 
HEM  sapphire  boules  are  grown  with  a-  or  m-  axis  orientations,  c-axis  is  located  orthogonal  to  the 
growth  direction  and  rods  of  the  desired  orientation  are  cored  from  the  boules  as  shown  in  Figure  5. 
The  cored  sapphire  rods  are  characterized  and  oriented,  and  appropriate  flats  are  put  on  and 
prepared  for  FAST  slicing.  The  cycle  time  for  slicing  2-inch  diameter  sapphire  rods  is  less  than  8 
hours.  The  following  specifications  are  met  for  FAST-sliced,  HEM  sapphire  blanks: 


Crystal:  HEMCOR  single  crystal  sapphire 
Orientation:  (0001)  c-axis  ±  0.2  degrees 
Diameter:  50.8  +  0.20  mm,  fine  grind  OD 
Thickness:  0.635  ±  0.040  mm 
Primary  Flat:  [1120]  a-axis  ±  0.3  degrees 
Flat  Length:  16.0+  0.8  mm 


Front  Side  Surface:  Ra<1.0pm 
Back  Surface  Roughness:  Ra  <  1.0  pm 
TTV:  <30.0  pm 
Bow:  <  30.0  pm 
Packaging:  Shipped  in  jars  of  50 


These  blanks  have  been  supplied  to  the  industry  on  production  basis  for  over  two  years.  Even 
though  the  bulk  of  shipments  has  been  2-inch  diameter  blanks,  3-inch  diameter  sapphire  blanks 
have  also  been  supplied.  Figure  6  shows  a  representative  sample  of  3-inch  diameter  sapphire  blanks. 


Figure  5.  A  section  of  an  a-axis  HEM 
sapphire  boule;  c-axis  is  located  orthogonal  to 
the  growth  direction,  and  rods  of  desired  size 
are  cored  from  the  section.  A  2-inch  diameter 
as-cored  rod  is  also  shown. 


Figure  6.  A  representative  sample  of  3 -inch 
diameter  sapphire  blanks. 
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CONCLUSIONS 

The  combination  of  two  unique  technologies  -  HEM  for  sapphire  boule  growth  and  FAST 
slicing  -  has  resulted  in  production  of  high  quality  sapphire  substrates  at  low  cost  for  deposition 
of  GaN  family  of  compounds  for  laser  diode  (LD)  and  light  emitting  diode  (LED)  applications. 
Production  quantities  of  2-inch  diameter  blanks  have  been  supplied  to  the  industry,  and  3-inch 
diameter  material  has  been  qualified.  The  large  diameter  HEM  boules  facilitate  multiple  small 
diameter  rod  fabrication  from  the  same  boule.  Present  production  of  sapphire  boules  allow  rods 
larger  than  6-inch  diameter  to  be  fabricated.  While  FAST  slicing  has  been  tested  for  crystals  up 
to  3-inch  diameter,  increasing  the  diameter  of  workpiece  has  not  shown  significant  problems. 
Therefore,  sapphire  blanks  up  to  6-inch  diameter  can  be  produced  using  current  technology  and 
production  practices. 
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ABSTRACT 

On  the  basis  of  both  experimental  and  theoretical  studies,  a  simple  quasi-thermodynamic 
model  of  surface  kinetics  is  suggested  for  Hydride  Vapor  Phase  Epitaxy  (HVPE)  of  GaN,  working 
in  a  wide  range  of  growth  conditions.  Coupled  with  detailed  3D  modeling  of  species  transport  in  a 
horizontal  reactor,  the  model  provides  quantitative  predictions  for  the  GaN  growth  rate  as  a 
function  of  process  parameters.  Significance  of  transport  effects  on  growth  rate  uniformity  is 
demonstrated. 

INTRODUCTION 

The  development  and  production  of  advanced  group-III  nitride  opto-  and  microelectronic 
devices,  UV  light  emitting  diodes  (LEDs)  for  white  solid-state  lightning,  high-brightness  LEDs, 
laser  diodes,  high-power  field-effect  transistors,  etc.,  strongly  require  a  reduced  dislocation 
density  in  the  epitaxial  heterostructures.  Due  to  the  lack  of  commercially  available  GaN  and  AIN 
homoepitaxial  substrates,  alternative  approaches  based  on  the  growth  of  these  quasi-bulk  wafers 
by  HVPE  have  been  widely  employed  [1],  Much  progress  has  been  recently  made  in  fabrication 
of  the  quasi-bulk  wafers  by  using  the  epitaxial  lateral  overgrowth  technique  [2-6].  However, 
despite  this  progress,  the  basic  mechanisms  underlying  GaN  HVPE  are  still  obscure.  In  [7],  a  first 
kinetic  model  of  surface  chemistry  was  suggested,  giving  a  qualitative  interpretation  of  the  effects 
of  carrier  gas  (hydrogen  versus  hellium)  and  temperature  on  the  GaN  growth  rate.  A 
thermodynamic  analysis  of  GaN  HVPE  neglecting  N2  production  due  to  surface  reactions  was 
performed  in  [8]  in  order  to  provide  an  equilibrium  vapor  composition  at  the  growth  surface  and 
to  estimate  the  thermodynamic  driving  force  for  growth.  An  elaborated  kinetic  model  of 
heterogeneous  processes  was  suggested  by  Cadoret  et  al.  (see  [9]  and  references  therein)  where 
two  distinct  growth  mechanisms  were  presented  to  explain  the  data  of  Ref.[7].  The  quasi¬ 
thermodynamic  approach  to  surface  chemistry  combined  with  3D  simulations  of  GaN  HVPE  in  a 
reactor  of  realistic  geometry  has  revealed  the  essential  effects  of  gas  dynamics  and  species 
transport  on  the  growth  rate  and  V/III  ratio  distribution  across  the  wafer  [10].  However,  the  lack 
of  systematic  data  at  that  time  did  not  allow  developing  of  a  quantitative  HVPE  model  workable 
in  a  wide  range  of  growth  conditions. 

This  paper  reports  on  a  coupled  experimental  and  theoretical  study  of  GaN  HVPE  in  a  hori¬ 
zontal  tube  reactor  aimed  at  further  understanding  the  basic  growth  mechanisms.  We  suggest  here 
a  simple  quasi-thermodynamic  model  of  surface  chemistry  providing  quantitative  predictions  of 


the  growth  rate  as  a  function  of  process  parameters.  The  transport  effects  on  the  GaN  growth  rate 
and  V/III  ratio  near  the  growth  surface  are  discussed  on  the  basis  of  3D  simulations. 

EXPERIMENT 

The  horizontal  reactor  and  growth  procedure  used  in  the  experiments  were  described  in  detail 
in  [2,3]-  Growth  was  performed  on  a  sapphire  (0001 )  substrate  at  atmospheric  pressure  with  a 
N2/H2  mixture  as  carrier  gas.  For  the  data  reported  here,  (NH3  +  N2)  is  supplied  by  two  quartz 
injector  tubes  placed  on  each  side  of  the  substrate  holder  with  their  outlets  oriented  towards  the 
substrate,  while  the  (GaCl  +  N2)  outlet  is  situated  just  upstream  and  slightly  above  the  substrate. 
The  total  area  of  the  reactor  tube  cross-section  is  about  145  cm2.  The  substrate  rotation  rate  was 
maintained  at  30  rpm  and  the  growth  temperature  was  varied  between  1010°C  and  1080°C.  A 
wide-range  variation  of  NH3 ,  H2 .  and  HC1  flow  rates  was  used  for  parametric  study  of  HVPE. 
The  GaN  growth  rate  at  the  center  of  the  wafer  was  monitored  by  a  laser  reflectometer  operating 
at  670  nm  [1 1]. 

THEORY 

Detailed  3D  modeling  considers  both  diffusive  and  convective  species  transport  in  the  reac¬ 
tor.  According  to  the  mass-spectrometry  data  [12]  and  thermodynamic  analysis  [8],  we  select  five 
species  essential  for  growth  -  GaCl,  NH3,  H2.  HC1,  and  N2 .  The  HC1  introduced  into  the  source 
chamber  containing  a  boat  of  liquid  Ga  transforms  almost  totally  into  GaCl  and  H2 .  Thus,  the  HC 
observed  in  the  reactor  is  largely  produced  by  surface  reactions  involved  in  the  GaN  growth. 
Ammonia  gas-phase  decomposition  is  negligible  under  the  HVPE  conditions  employed  here  [13] 
and  GaCI3  formation  from  GaCl  and  HC1  is  found  to  be  thermodynamically  unfavorable.  Hence, 
gas-phase  reactions  between  the  selected  species  can  be  entirely  neglected  in  the  HVPE  model. 

Consider  now  the  surface  reactions.  It  was  shown  in  [  14,15]  that  the  reactions  involving 
molecular  nitrogen  (for  instance.  NH3  decomposition  into  N2  and  H2 )  are  essentially  suppressed 
because  of  a  low  probability  of  N2  sticking  on  a  GaN  surface.  The  sticking  probability  can  be 
additionally  reduced  in  a  reactive  gaseous  environment  [16]  due  to  formation  of  a  protective 
adsorption  layer.  We  suppose,  that  this  is  the  case  in  HVPE  where  chlorine  adsorbed  on  the  Ga 
sites  of  the  GaN  surface  may  affect  the  N2  adsorption  and  desorption  rates.  This  assumption  is,  in 
part,  confirmed  by  the  fact  that  GaN  decomposition  into  gaseous  Ga  and  N2  is  insignificant  under 
typical  HVPE  conditions,  in  contrast  to  high-temperature  growth  of  GaN  by  other  techniques 
[14,15],  Indeed,  the  principal  channel  of  Ga  removal  from  the  growth  surface  is  GaCl  desorption, 
while  no  atomic  Ga  is  produced  in  HVPE,  according  to  the  observations  [12]  and  thermodynamic 
analysis  [8].  All  this  allows  us  to  consider  molecular  nitrogen  as  a  nearly  inert  gas,  neglecting  its 
chemical  reactions  with  the  other  species.  Taking  this  into  account,  we  can  conclude  that  the  only 
surface  reaction  occurring  on  the  growth  surface  is 

GaCl  +  NH3  4-4  GaN  Sl,lki  +  HC1  +  H:  (1) 

In  this  paper,  we  use  the  quasi-thermodynamic  model  of  surface  kinetics  described  in  detail  it 
[15].  The  model  is  based  on  the  Hertz-Knudsen  equations 

./,  )  ,  /  =  GaCl,  NH3,H2,  and  HC1  (2) 
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relating  the  normal  projections  Jj  of  the  species  fluxes  to  their  partial  pressures  P,  at  the  growth 
surface  and  to  their  thermodynamic  pressures  P*  ,  the  mass  balance  equations 


J  GaCI  =  (  Pg-jN  I  ^GaN  ) 

^NHj  =  (  PghN  / ^GaN  ) 

^GaCl  +  ^HOl  =  0 

3Jm3  2JHl  +  J HCI  =:  0 

and  the  mass  action  law  equation  for  reaction  (1) 

PguCI  '  PnHj  =  K GaN  '  ^HCl  ’ 


(3a) 

(3b) 

(3c) 

(3d) 


(4) 


Here,  /?,  is  the  Hertz-Knudsen  factor  of  the  /- th  species,  Vg  is  the  growth  rate,  /fca n  and  Mg&n 
are  the  density  and  molar  mass  of  GaN,  respectively,  and  Kgzk  is  the  equilibrium  constant  of  the 
reaction  (1)  computed  from  the  thermochemical  properties  of  the  relevant  species  [17].  The  sum 
of  the  species  partial  pressures,  including  N2 ,  is  equal  to  the  total  gas  pressure  in  the  reactor. 

Eqs.(2)-(4)  serve  as  boundary  conditions  for  the  mass  transport  equations  set  on  the  wafer  and 
reactor  walls  covered  with  parasitic  deposits.  It  is  important  to  note  that  the  model  does  not  use 
any  fitting  parameters. 

PARAMETRIC  STUDY  ON  GaN  HVPE 

First  of  all,  we  have  performed  the  parametric  study  of  the  GaN  growth.  In  Fig.l,  the  experi¬ 
mental  data  are  compared  with  3D  computations  accounting  for  the  actual  reactor  geometry.  We 
do  not  consider  here  the  parasitic  deposition  of  polycrystalline  GaN  on  the  quartz  reactor  walls, 
which  is  found  experimentally  to  be  rather  low  and  located  entirely  downstream  from  the 
substrate  holder. 

It  is  seen  that  the  GaN  growth  rate  weakly  decreases  with  temperature  (Fig. la),  indicating 
surface  kinetic  effects  to  be  insignificant  in  the  temperature  range  of  interest.  The  growth  rate  is 
proportional  to  the  HCI  flow  rate  through  the  GaCI  source  (Fig. lb).  However,  this  is  not  the  evi¬ 
dence  for  mass  transport-limited  (MTL)  growth  because  the  slope  of  the  curve  depends  on  the 
V/m  ratio  at  the  GaN  surface.  This  conclusion  is  also  confirmed  by  the  distinct  sublinear  growth 
rate  dependence  on  the  NH3  flow  rate,  shown  in  Fig.lc  (under  MTL  conditions  and  V/m  >  1  the 
growth  rate  would  be  nearly  independent  of  ammonia  supply).  To  understand  this  behavior,  we 
mention  that  for  MTL  growth,  the  adsorption  of  a  growth  rate  limiting  species,  here  GaCI, 
dominates  over  its  desorption,  i.e.  PGaC1  »  P^a  in  Eq.(2).  In  HVPE,  PGaC]  is  typically 
comparable  with  PGaCi  .  Therefore,  the  growth  rate  dependence  both  on  the  HCI  and  NH3  flow 
rates  is  controlled  by  the  interplay  of  the  thermodynamic  pressures  of  these  species,  in  accordance 
with  the  mass  action  law  (4).  This  situation  is  similar,  for  instance,  to  high-temperature  metal- 
organic  vapor  phase  epitaxy  of  GaN  where  the  growth  rate  is  controlled  by  Ga  desorption  from 
the  surface,  which,  in  turn,  primarily  depends  on  V/III  ratio  [15]. 

By  the  same  reason,  the  GaN  HVPE  becomes  sensitive  to  the  H2  flow  rate.  According  to  the 
mass  action  law  (4),  the  GaCI  thermodynamic  pressure  may  be  expected  to  increase 
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monotonically  with  an  increase  in  the  H2  pressure.  Hence,  a  higher  H2  flow  rate  generally  results 
in  a  lower  growth  rate  (Fig. Id).  At  the  moment,  we  are  not  able  to  interprete  the  non-monotonic 
behavior  of  the  growth  rate  observed  experimentally  at  low  H2  flow  rates,  which  needs  further 
investigations.  Nevertheless,  it  is  generally  seen  that  the  computations  are  quantitatively 
consistent  with  the  experimental  data.  This  indicates  the  basic  chemical  and  transport  mechanism? 
of  HVPE  to  be  properly  accounted  for  in  the  model. 


NH3  flow  rate  (seem)  H2  flow  rate  (seem) 

Figure  1.  Growth  rate  as  a  function  of  (a)  temperature,  (b)  HC1  flow  rate,  (c)  NH3  flow  rate, 
and  (d)  H2  flow  rate.  Symbols  are  experimental  points,  lines  are  computations,  temperature  is 
1050  °C  in  b-d,  •  and  A  correspond  to  1 .55  and  1 .65  slm  of  the  carrier  N2  in  c. 

TRANSPORT  EFFECT  ON  GROWTH  RATE 

A  specific  feature  of  GaN  HVPE  is  that  the  growth  is  strongly  affected  by  the  species 
transport  in  the  reactor  [10],  First,  due  to  high  flow  rates,  the  precursors,  NH3  and  GaCl,  are 
injected  in  the  form  of  jets  which  do  not  relax  completely  before  reaching  the  substrate.  Second, 
the  computations  show  that  a  complex  vortex-like  gas  motion  is  generated  near  the  susceptor  due 
to  natural  concentration  convection.  This  effect  originates  from  the  considerable  difference  in  the 
species  partial  densities.  Third,  due  to  a  relatively  high  pressure,  the  distribution  of  species 
concentrations  is  controlled  not  only  by  their  diffusion  but  also  by  the  convective  gas  flow.  Fig.2 


shows  that  GaCl  and  NH3  supplied  through  different  injectors  are  non-uniformly  distributed  over 
the  substrate,  reflecting  the  positions  of  the  gas  injectors.  A  slow  substrate  rotation  makes  their 
distributions  somewhat  asymmetric.  The  drop  of  the  precursor  concentrations  near  the  circular  slit 
seen  in  Fig.2  is  due  to  the  N2  injection  through  the  slit,  necessary  for  the  wafer  rotation.  The  N2 
flow,  however,  is  rather  weak  here  and  does  not  normally  affect  the  species  transport  over  the 
wafer. 
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Figure  2.  Distributions  of  the  GaCl  (a)  and  NH3  (b)  molar  fractions  in  the  horizontal  plane 
located  at  the  substrate  height  (the  rotation  rate  is  30  rpm). 


Distance  (mm) 

Figure  3.  Instantaneous  growth  rate  distribution  across  the  wafer  (a)  and  the  radial  angle- 
averaged  growth  rate  and  V/ni  ratio  distributions  (b)  (the  rotation  rate  is  30  rpm). 

The  non-uniformity  in  the  precursor  supply  produces  a  non-uniform  instantaneous  growth 
rate  distribution  on  the  rotating  surface,  shown  in  Fig.3a.  Since  both  GaCl  and  NH3  determine  the 
GaN  growth  rate,  its  distribution  does  not  follow  that  of  each  precursor.  The  substrate  rotation 
makes  the  mean  growth  rate  much  more  uniform  due  to  the  angle  averaging  (Fig.3b).  Here,  the 
sharp  upstream  maximum  in  the  instantaneous  growth  rate  is  compensated  by  its  minimum  on  the 
periphery  and,  therefore,  does  not  manifest  itself  in  the  average  growth  rate. 

Comparison  of  the  NH3  and  GaCl  molar  fraction  distributions  in  Fig.2  shows  the  values  of  the 
V/III  ratio  in  the  upstream  and  downstream  regions  to  be  significantly  different.  Hence,  far  from 
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the  center  of  the  wafer,  GaN  actually  grows  under  modulated  GaCl  and  NH3  flows,  in  contrast  to 
the  material  growing  near  the  center.  This  may  induce  a  radial  variation  of  GaN  surface  morpho¬ 
logy. 

CONCLUSIONS 

In  this  paper,  basic  mechanisms  of  GaN  HVPE  have  been  studied  both  experimentally  and  theore¬ 
tically.  The  simple  surface  chemistry  model  without  fitting  parameters,  coupled  with  a  detailed  3E 
modeling  of  species  transport  in  a  horizontal  reactor  provides  quantitative  predictions  for  the  GaN 
growth  rate  in  a  wide  range  of  operating  conditions.  The  model  interprets  the  particular  growth 
rate  dependence  on  GaCl  and  NH3  flow  rates  observed  in  experiment  and,  generally,  the  growth 
rate  variation  with  other  parameters.  Further  efforts  are  still  necessary  to  understand  in  more  detai 
the  hydrogen  effect  on  the  growth  rate.  The  computations  have  demonstrated  the  importance  of 
species  transport  phenomena  for  growth  rate  uniformity. 

REFERENCES 

1.  R.J.  Molnar,  W.  Gotz.  L.T.  Romano,  and  N.M.  Johnson,/.  Cryst.  Growth  178,  147  (1997). 

2.  O.  Parillaud,  V.  Wagner,  H.I.  Buehlmann.  and  M.  Ilegems,  Internet  J.  Nitride  Semicond.  Res. 
3,40(1998). 

3.  V.  Wagner,  O.  Parillaud,  H.J.  Buhimann,  M.  Ilegems,  S.  Gradecak,  P.  Stadelmann,  T. 
Riemann,  and  J.  Christen,/.  Appl.  Phys.  92,  1307  (2002). 

4.  M.K.  Kelly,  R.P.  Vaudo,  V.M.  Phanse,  L.  Gorgens,  O.  Ambacher,  and  M.  Stutzmann,  Jpn.  J. 
Appl.  Phys.  38.  L2 1 7  ( 1 999 ). 

5.  O.  Oda,  T.  Inoue,  Y.  Seki,  K.  Kainosho,  S.  Yaegashi,  A.  Wakahara,  A.  Yoshida,  S.  Kurai,  Y. 
Yamada,  and  T.  Taguchi.  Phys.  Stat.  Solidi  (a)  180,  51  (2000). 

6.  S.S.  Park,  I.-W.  Park,  and  S.H.  Choh,  Jpn.  J.  Appl.  Phys.  39,  LI  141  (2000). 

7.  W.  Seifert,  G.  Fitzl  and  E.  Butter, ./.  Cryst.  Growth  52,  257  (1981). 

8.  A.  Koukitu,  Sh.  Hama,  T.  Taki  and  H.  Seki,  Jpn.  J.  Appl.  Phys.  37,  762  (1998). 

9.  R.  Cadoret  and  A.  Trassoudaine,  J.  Phys.:  Condens.  Matter  13,  6893  (2001). 

10.  S.Yu.  Karpov,  D.V.  Zimina,  Yu.N.  Makarov,  B.  Beaumont,  G.  Nataf,  P.  Gibart,  M.  Heuken, 
H.  Jurgensen  and  A.  Krishnan,  Phys.  Stat.  Sol.  (a)  176,  439  (1999). 

1 1.  D.  Martin,  J.  F.  Carlin,  V.  Wagner,  H.  J.  BUhlmann,  and  M.  Ilegems,  Phys.  Stat.  Sol.  ( b ) 
(2002)  (in  press). 

12.  V.  Ban,/.  Electrochem.  Soc.  119.  761  (1972). 

13.  S.S.  Liu  and  D.A.  Stevenson, ./.  Electrochem.  Soc.  125,  1161  (1978). 

14.  S.Yu.  Karpov,  Yu.N.  Makarov,  and  M.S.  Ramm,  Internet  J.  Nitride  Semicond.  Res.  2,  45 
(1997). 

15.  S.Yu.  Karpov,  V.G.  Prokofyev.  E.V.  Yakovlev,  R.A.  Talalaev,  and  Yu.N.  Makarov,  Internet 
J.  Nitride  Semicond.  Res.  4,  4  (1999). 

16.  N.  Grandjean,  J.  Massies,  F.  Semond,  S.Yu.  Karpov,  and  R.A.  Talalaev,  Appl.  Phys.  Lett.  74, 
1854(1999). 

17. 1.N.  Przhevalskii,  S.Yu.  Karpov,  and  Yu.N.  Makarov,  Internet  J.  Nitride  Semicond.  Res.  3,  30 
(1998). 


BEST  AVAILABLE  COPY 


230 


Mat.  Res.  Soc.  Symp.  Proc.  Vol.  743  ©  2003  Materials  Research  Society 


L3.41 


Lattice  constant  variation  in  GaN:Si  layers  grown  by  HVPE 

A.  Usikov,  O.V.  Kovalenkov,  M.M.  Mastro,  D.V.  Tsvetkov,  A.I.  Pechnikov,  V.A.  Soukhoveev, 
Y.V.  Shapovalova,  G.H.  Gainer 

Technologies  and  Devices  International,  Inc.,  12214  Plum  Orchard  Dr., 

Silver  Spring,  MD  20904,  USA 

ABSTRACT 

The  structural,  optical,  and  electrical  properties  of  HVPE-grown  GaN-on-sapphire  templates 
were  studied.  The  c  and  a  lattice  constants  of  the  GaN  layers  were  measured  by  x-ray  diffraction. 
It  was  observed  that  the  c  and  a  lattice  constants  vary  non-monotonically  with  Si-doping.  The 
proper  selection  of  Si-doping  level  and  growth  conditions  resulted  in  controllable  strain 
relaxation,  and  thus,  influenced  defect  formation  in  GaN-on-sapphire  templates.  It  was  also 
observed  that  HVPE  homoepitaxial  GaN  layers  grown  on  the  templates  have  better  crystal 
quality  and  surface  morphology  than  the  initial  templates. 

INTRODUCTION 

One  of  the  challenges  remaining  in  the  epitaxial  growth  of  m-N  materials  is  the  absence  of  a 
suitable  lattice-matched  substrate.  Currently,  sapphire  and  SiC  substrates  are  widely  used  in 
nitride-based  technology  [1,2].  Device  quality  El-nitride  materials  are  commonly  grown  on 
sapphire  by  metal  organic  chemical  vapor  deposition  (MOCVD).  Blue,  green  and  white  light 
emitting  diodes  (LEDs),  violet  laser  diodes  (LDs),  field  effect  transistors,  and  ultraviolet 
photodiodes  have  been  developed.  These  structures,  however,  suffer  from  a  high  density  of 
threading  dislocations  and  strain-induced  problems  that  strongly  affect  device  performance.  GaN 
grown  on  sapphire  with  a  low  temperature  nucleation  layer  still  has  a  dislocation  density  as  high 
as  109  to  10™  cm'2.  These  dislocations  are  a  major  cause  of  device  degradation,  particularly  for 
LDs,  which  operate  at  high  current  density  [3]. 

Due  its  high  growth  rate  and  high  material  quality,  hydride  vapor  phase  epitaxy  (HVPE)  is 
the  method  of  choice  for  fabricating  GaN  quasi-bulk  material  and  GaN  templates  for  use  as 
substrates  for  HI-N  device  structure  growth. 

The  homoepitaxial  growth  of  GaN-based  device  structures  on  GaN  templates  can  improve 
the  crystal  quality,  and  thus,  device  performance.  Other  benefits  of  GaN  and  AlGaN  templates 
are  reduced  growth  time  and  precursor  consumption,  reduced  downtime  and  maintenance,  and 
increased  productivity  of  the  MOCVD  reactors.  The  purpose  of  this  work  is  to  study  the  optical 
and  structural  properties  of  HVPE-grown  GaN-on-sapphire  templates  and  HVPE  GaN  layers 
grown  homoepitaxially  on  the  templates.  The  influence  of  Si-doping  on  the  structural  properties 
of  GaN  templates  was  also  studied.  This  is  important  because  structural  defects  can  penetrate 
from  the  template  to  the  upper  growth  structure. 

EXPERIMENTAL  DETAILS 

Details  of  the  HVPE  technique  for  fabricating  GaN-on-sapphire  templates  were  previously 
reported  [4].  The  GaN-on-sapphire  templates  consist  of  a  2.5  to  30  pm-thick  GaN  layer  grown 
on  c-plane  2”  diameter  sapphire  substrates  at  1000  to  1100  fiC  at  atmospheric  pressure.  The  flow 
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rates  of  GaCl  and  ammonia  were  controlled  to  establish  a  growth  rate  of  20  to  30  pm/h.  A  silane 
mixture  consisting  of  30  ppm  silane  in  argon  was  used  for  n-type  doping.  As  measured  by  a 
mercury  probe  on  satellite  wafers,  the  Nd-Na  concentration  varied  from  3  x  1016  cm'3  to  3  x  1018 
cm'3  for  different  templates.  All  samples  were  crack-free. 

Template  structural  properties  were  studied  with  a  Rigaku  ATX-E  x-ray  diffractometer. 
Lattice  constant  measurements  were  performed  in  a  double  crystal  geometry  using  the  Bond 
method  with  an  accuracy  of  ±0.0001  A.  Lattice  constant  c  was  measured  using  the  symmetric 
refl.  (00.6),  and  the  constant  a  was  evaluated  using  the  asymmetric  refl.  (20.5). 

Optical,  structural  and  electrical  properties  of  the  templates  were  also  studied  by  means  of 
SEM,  photoluminescence  (PL)  and  C-V  mercury  probe.  An  optical  microscope  was  used  for 
surface  morphology  evaluation. 

Homoepitaxial  GaN  layers  with  a  thickness  of  0. 1  to  1 .7  pm  were  grown  in  a  standard  HVPE 
growth  system  on  GaN-on-sapphire  templates.  After  loading  the  template  into  the  reactor,  the 
procedure  for  homoepitaxial  HVPE  growth  included  two  steps.  The  first  step  was  template 
surface  cleaning  inside  HVPE  growth  machine  and  second  was  the  homoepitaxial  growth  step. 

RESULTS  AND  DISCUSSION 

It  was  observed  for  thick  GaN  films  grown  by  HVPE  that  most  of  the  strain  relaxation  occurs 
within  the  first  five  microns  of  growth  [5].  The  remainder  of  the  GaN  has  a  nearly  constant 
strain.  During  MBE  growth,  it  was  observed  that  Si  incorporation  disturbs  the  GaN  layer 
stoichiometry  and  decreases  the  c  lattice  constant  [6]. 

Figure  1  shows  the  full  width  at  half  maximum  (FWHM)  of  the  X-ray  rocking  curve  (co-scan, 
(00,2)  reflection)  as  a  function  of  the  GaN  thickness  and  the  Si -doping  level.  The  FWHM  is  a 
figure  of  merit  for  crystal  quality.  The  template  structural  quality  improves  with  increasing  layer 
thickness  and  decreasing  Si  doping.  A  hyperbola-like  dependence  is  seen  in  Figure  1.  For  GaN 


Layer  thickness  (pm) 


Figure  1.  Variation  of  the  FWHM  of  the  x-ray  (00.2)  reflection  with  GaN  layer 
thickness  for  no  Si-doping  (O'),  and  Si -doping  with  a  silane  mixture  flow  of  350  seem  (A) 
and  150  seem  (O).  The  dotted  line  is  a  guide  for  the  eye. 
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layers  in  the  range  from  4  jxm  to  than  6  or  thinner,  small  changes  in  layer  thickness  (due  to 
unexpected  variation  in  growth  conditions,  for  example)  result  in  noticeable  variation  of  co-scan 
FWHM.  This  leads  to  non-reproducibility  and  scatter  of  structural  properties  of  the  grown  layers. 
Also,  template  bending  for  GaN  layers  thicker  than  10  pm  influences  the  reliability  of  XRD  data. 
For  all  other  measurement  conditions  being  the  same  (slit  width,  reflection  used,  measurement 
pointetc.),  the  bending  can  effectively  increases  the  sample  region  where  x-ray  diffraction  takes 
place,  leading  to  variations  in  rocking  curve  parameters.  This  explains  the  data  scatter  in  Figure  1 
beyond  normal  error  due  to  instability  in  growth  conditions,  particularly  for  layer  thickness 
greater  than  10  pm. 

The  critical  thickness  for  crack  formation  is  reduced  from  30  pm  for  undoped  GaN  to  2  to  4 
pm  for  heavily  Si-doped  GaN  with  a  Nd-Na  concentration  higher  than  3x1 01*  cm'3.  This  is  due 
to  the  influence  of  Si  doping  level  on  strain  in  HVPE-grown  GaN  layers.  To  clarify  the  influence 
Si-doping,  c  and  a  lattice  constants  were  measured  in  GaN  layers  with  a  thickness  in  the  range 
from  2  to  7  pm.  No  noticeable  relation  between  lattice  constants  and  total  layer  thickness  was 
observed. 

Figure  2  shows  the  relation  between  the  c  and  a  lattice  constants  for  both  undoped  and  doped 
GaN  layers.  Experimental  data  agrees  well  with  a  linear  approximation.  Moreover,  it  was  found 
that  the  c/a  ratio  deviates  little  from  the  average  value  of  1.629.  This  is  indicative  that  these 
layers  have  a  volume  conserving  distortion  of  the  unit  cell  and  is  mainly  under  biaxial 
compressive  stress.  Some  scatter,  however,  was  found  in  the  experimental  data  as  can  be 
observed  in  Figure  2.  It  was  more  pronounced  for  undoped  GaN  layers  with  larger  c-  and  lower 
a-  parameters.  These  deviations  can  be  attributed  to  the  presence  of  a  hydrostatic  stress 
component  in  the  form  of  point  defects  (for  undoped  GaN  layers)  and  dopant  (for  Si-doped  GaN 
layers).  The  dashed-line  in  Figure  2  denotes  the  c  lattice  constant  for  bulk  GaN  (typically, 
c=5.1864  A  and  #=3.189  A)  [7].  It  is  seen  that  biaxial  stress  can  reverse  sign  in  heavily  Si  doped 
GaN  layers  (Nd-Na  >6  1017  cm'3).  This  fact  can  explain  the  low  critical  thickness  for  crack 
formation  in  Si-doped  layers. 

The  relationship  for  c  lattice  constant  to  silane  mixture  flow  is  given  in  Figure  3,  A 
non-monotonic  or  kink-like  behavior  is  seen.  As  in  Figure  2,  noticeable  scattering  of 
experimental  data  is  observed  for  undoped  and  lightly  Si  doped  GaN  layers.  Si  doping  decreases 
the  c  parameter  and  increases  the  a  parameter.  At  silane  mixture  flow  greater  than  100  seem 


Figure  2.  Relation  between  a  and  c  lattice  constants.  Dotted  line  is  linear  fit.  Dashed  lines 
intersection  point  corresponds  to  the  c  and  a  parameters  for  bulk  GaN  [7].  Silane  mixture 
flow:  •  -  0  seem,  0  -  50  seem,  +-  75  seem,  ■  -  100  seem,  o  -  160  seem,  A  -  300  seem. 
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Figure  3.  Variation  of  c  lattice  constant  with  doping  level  of  Si-doped  GaN  layers.  Dotted 

lines  are  linear  fits  in  the  range  of  silane  flow  from  0  to  50  seem  and  from  70  to  170  seem. 

(Nd-Na  ~6x1017  cm'3),  the  c  parameter  is  less  than  bulk  material  indicating  a  change  in  the  sign 
of  the  stress.  Proper  selection  of  Si-doping  concentration  and  growth  conditions  is  useful  for 
strain  engineering  and  defect  minimization  in  GaN:Si  templates. 

Based  on  results  in  Figures  1 , 2  and  3,  it  is  concluded  that  the  optimal  thickness  of  crack-free 
GaN  on  sapphire  template  in  terms  of  reliability  and  reproducibility  in  structural  properties  lies 
in  the  range  from  5  to  10  pm.  By  proper  selection  of  initial  growth  conditions,  this  range  can  be 
expanded  toward  larger  thickness.  To  grow  heavily  Si  doped  GaN  layers  on  sapphire  substrates 
with  improved  structural  properties,  one  can  combine  a  thick  undoped  GaN  layer  with  a  thinner 
GaN  cap  layer  doped  with  Si. 

Figure  4  shows  typical  PL  spectra  measured  for  a  GaN-on-sapphire  template.  The  PL 
spectrum  contains  two  peaks  in  the  360  to  380  nm  wavelength  range.  A  peak  at  approximately 


32S-6  478.9  630  2  780.5  830.8  1006.8 
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Figure  4.  PL  spectrum  of  Si-doped  GaN-on-sapphire  template  at  300  K. 
Nd-Na  ~  3x10  7  cm'3. 


364  nm  corresponds  to  neutral-donor-bound  exciton  recombination  (the  FWHM  for  this  peak  is 
50  to  56  meV  at  300  K),  whereas  the  peak  approximately  371  nm  can  be  attributed  to  Si-donor 
bound-exciton  transitions.  Depending  on  the  doping  level,  the  intensity  of  this  peak  varies.  For 
heavily  doped  templates  (Nd-Na  ~(1.8-2)  x  10™cm'3),  this  transition  with  a  FWHM  of 
approximately  83  meV  became  dominant  over  the  near-band  edge  emission.  Si-doped  templates 
do  not  exhibit  noticeable  yellow  defect  luminescence  but  they  do  show  a  weak  blue  defect  band 
at  420  to  430  nm. 

Hexagonal-pyramids  with  dimensions  in  the  tens  of  microns  are  clearly  observed  by  optical 
microscopy  on  the  surface  of  moderately  Si-doped  templates  (Nd-Na  ~  3x1 017  cm'3).  These 
growth  features  become  noticeably  smaller  in  size  for  heavily  doped  templates 
(Nd-Na  >  1.8xl018  cm'3). 

A  similar  tendency  was  observed  for  GaN  homoepitaxy  by  HVPE  on  GaN  templates.  Growth 
on  heavily  doped  templates  resulted  in  hexagonal-pyramids  on  the  surface  of  the  GaN 
homoepitaxial  layer  similar  to  that  observed  on  the  undoped  template  surface.  Growth  on 
moderately  doped  templates  resulted  in  a  homoepitaxial  GaN  undoped  layer  with  less  dense  but 
larger  size  hexagonal-pyramids.  In  general,  a  1  to  3  pm  thick  undoped  HVPE  homoepitaxial 
layer  improves  the  morphology  of  the  template.  In  some  cases,  however,  large  size 
morphological  defects  were  still  observed  on  the  homoepitaxial  layer  surfaces.  The  nature  of 
these  defects  and  mechanism  of  their  formation  are  still  unclear. 

PL  spectra  of  undoped  homoepitaxial  layers  are  similar  to  that  of  undoped  GaN  templates,  hi 
addition  to  the  intensive  exciton-related  near  band-edge  emission  at  approximately  364  nm  (the 
FWHM  is  approximately  43  meV  at  300  K)  and  Si-related  emission  at  approximately  370  nm,  a 
wide  yellow  band  with  a  peak  at  630  to  650  nm  is  seen  in  the  PL  spectrum.  This  yellow  band 
was  not  observed  in  the  PL  spectra  of  a  doped  GaN:Si  templates  layer. 

Figure  5  shows  comparative  results  of  the  x-ray  rocking  curve  FWHM  for  GaN  templates 
and  GaN  homoepitaxial  layers  grown  on  templates.  It  was  observed  that  the  FWHM  values  for 
homoepitaxial  structures  of  a  certain  total  thickness  are  narrower  than  the  FWHM  values 
measured  for  GaN  layers  with  the  same  thickness  grown  in  a  single  epitaxial  run.  This  implies 
that  the  HVPE  homoepitaxial  process  improves  the  structure  crystal  quality  of  grown  GaN. 


2  4  6  8  10 

Thickness  (pm) 

Figure  5.  Variation  of  FWHM  of  the  (00.2)  reflection  with  total  GaN  thickness  for: 

(•)  GaN-on-sapphire  templates;  (+)  homoepitaxial  GaN  layer  grown  on  template.  Dotted 
and  solid  lines  are  guided  for  eye. 
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However,  defect  formation  and  material  contamination  during  GaN  homoepitaxial  growth  mu 
be  further  investigated. 

CONCLUSIONS 

In  this  work,  X-ray  diffraction  studies  revealed  that  c-  and  a -  lattice  constants  in  GaN  layei 
vary  non-monotonically  with  Si-doping.  In  heavily  Si  doped  GaN  layers  (Nd-Na  >6x10  cm 
biaxial  stress  can  reverse  sign. 

Optimal  thickness  of  a  crack-free  GaN-on-sapphire  template  in  terms  of  reliability  and 
reproducibility  in  structural  properties  lies  in  the  range  from  5  to  10  pm.  By  proper  selection  of 
the  initial  growth  conditions,  this  range  can  be  extended  toward  larger  thickness. 

HVPE  homoepitaxial  growth  of  undoped  GaN  layers  on  GaN-on-sapphire  templates 
improves  the  structural  crystal  quality  and  surface  morphology.  To  grow  heavily  Si-doped  GaN 
layers  on  sapphire  substrates  with  improved  structural  properties,  a  thick  undoped  GaN  layer  cai 
be  combined  with  the  thin  GaN  cap  layer  doped  with  Si 
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ABSTRACT 

Epitaxial  layers  of  GaN  contain  a  very  high  density  of  threading  dislocations.  In  the 
first  stage  of  growth  they  may  form  low  and  high  angle  grain  boundaries.  Energetic 
calculations  of  <0001  >  tilt  grain  boundaries  have  been  performed  with  the  Stillinger-Weber 
potential  modified  to  take  into  account  the  wrong  bonds  Ga-Ga  and  N-N.  The  variation  of  the 
energy  has  been  calculated  as  a  function  of  the  rotation  angle.  Two  minima  exist  with  special 
atomic  structures  based  on  a  limited  number  of  structural  units.  They  are  used  to  describe  the 
other  misorientations  in  terms  of  dislocation  cores. 


INTRODUCTION 


The  III-V  nitride  semiconductors  have  known  a  very  fast  evolution  for  the  last  decade  with 
the  fabrication  of  LED’s  and  LDs  [1].  These  semiconductors,  GaN,  AIN  and  InN  are 
characterised  by  direct  band  gaps  ranging  from  less  than  1.0  eV  for  InN,  to  6.2  eV  for  AIN.  They 
are  highly  promising  in  devices  active  from  infrared  to  the  ultraviolet  range.  They  are  grown  by 
heteroepitaxy  due  to  the  lack  of  suitable  bulk  crystals  for  substrates.  The  layers  contain  large 
densities  of  threading  dislocations  which  can  reach  1010  cm'2.  Other  crystallographic  defects  such 
as  prismatic  stacking  faults,  inversion  domain  boundaries,  nanopipes  are  also  present.  The  origin 
of  this  very  high  density  of  threading  dislocations  is  connected  to  the  growth  process  resulting  in 
a  mosaic  structure  of  slightly  misoriented  grains  [2].  Thus,  low-angle  and  high-angle  grain 
boundaries  may  form  and  their  atomic  structures  have  been  analysed  by  high  resolution 
transmission  electron  microscopy  (HREM)  [3].  Energetic  calculations  have  been  performed  on 
special  grain  boundaries  described  in  terms  of  the  coincidence  site  lattice  concept  [4].  In  the  case 
of  wurtzite  structure,  high  resolution  electron  microscopy  analysis  of  special  grain  boundaries 
was  performed  in  zinc  oxide  [5]  and  gallium  nitride  [3].  It  was  shown  that  the  atomic  structure  of 
<000 1>  tilt  grain  boundaries  in  gallium  nitride  is  based  on  periodic  structure  involving  different 
cores  of  the  1/3<1 120  >  edge  dislocations.  Atomistic  simulation  of  these  dislocation  cores  [6,7] 
and  of  some  coincidence  grain  boundaries  was  undertaken  to  determine  their  relative  stability 
[8,9].  The  aim  of  this  study  is  the  systematic  calculation  of  the  energy  of  <0001  >  tilt  grain 
boundaries  in  the  0°-60°  range. 
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INTERATOMIC  POTENTIAL 

The  energetic  calculations  in  nitride  semiconductors  dealt  with  the  core  structure  of  edge 
and  screw  threading  dislocations  by  using  ab  initio  local-  density  functional  cluster  method  or  a 
density  functional  based  on  tight  binding  method  [10,1 1]  and  density-functional-pseudopotential 
approach  for  stacking  faults  [12,13].  These  methods  give  very  precise  and  reliable  results  but 
they  use  cells  containing  less  than  one  hundred  atoms,  which  is  not  enough  to  analyse  extended 
defects  such  as  grain  boundaries.  For  the  later,  cells  containing  a  large  number  of  atoms,  500  to 
6000,  are  necessary  due  to  the  length  of  the  period  of  the  coincidence  cell  unit,  and  empirical 
potentials  are  still  the  most  appropriate. 

The  treatment  of  compound  semiconductors  rises  the  problem  of  the  wrong  bonds,  which 
form  in  the  crystallographic  defects.  Among  available  empirical  potentials  used  to  calculate  the 
potential  energy  of  defects  and  grain  boundaries  in  semiconductors  [14-17],  the  Stillinger- 
Weber  [16]  and  Tersoff  [17]  potentials  accept  any  atomic  surrounding.  We  have  defined  a  new 
parameterisation  of  the  Stillinger-Weber  potential  in  order  to  allow  a  complete  calculation  of  any 
atomic  configuration,  dangling  bonds,  wrong  bonds  and  excess  bonds  [18].  The  optimisation  of 
the  parameters  was  carried  out  for  the  Ga-N  bonds  on  the  elastic  constants  to  fit  with  the 
experimental  data  obtained  by  Polian  et  al  [19].  For  the  wrong  bonds,  the  interaction  parameters 
were  obtained  after  fitting  with  the  ab  initio  calculation  of  inversion  domain  boundaries  (IDB) 
involving  wrong  bonds,  Holt  model  [20].  The  final  set  is  reported  in  table  1  [  1 8] . 

Table  1:  Parameters  of  Stillinger-Weber  potential  adapted  to  GaN 


Parameters 

Ga-N 

Ga-Ga 

N-N 

e(eV) 

mmwm 

0.665 

CT(nm) 

gifig 

0.2038 

0.1302 

X 

32.5 

26.76 

26.76 

A 

7.9  r 

7 

B 

0.72( 

) 

a 

1.8 

In  fact,  three  sets  are  used  according  to  the  type  of  bonds.  In  these  conditions,  the  values 
obtained  with  the  Stillinger-Weber  potential  are  acceptable  by  comparison  with  those  deduced 
from  ab  initio  calculation  (table  2). 

Table  2:  Energy  values  (  mJ/m2  ) 


Ab  initio  [21] 

This 

work 

IDB  with 
wrong  bonds 

2663 

2361 

IDB  without 
wrong  bonds 

400 

567 
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Although  the  capacities  of  empirical  potentials  are  limited,  it  was  previously  shown  that  the 
hierarchy  and  understanding  of  the  energy  behaviour  for  grain  boundaries  versus  the  rotation 
angle  are  correct  [22].  The  relaxation  was  performed  with  the  Verlet  molecular  dynamic  scheme 
[23]  and  the  energy  was  calculated  as  an  excess  of  energy  with  respect  to  the  energy  of  the  bulk 
crystal  and  by  subtracting  the  energy  of  each  bond  in  the  perfect  crystal.  Each  super-cell 
contains  two  identical  grain  boundaries  and  the  periodic  condition  is  applied  in  the  three 
directions.  The  size  of  the  cells  varies  from  416  atoms  to  more  than  5500  atoms. 

COINCIDENCE  GRAIN  BOUNDARIES 


Two  adjacent  grains  may  be  described  by  a  geometrical  transformation  such  as  a  rotation. 
For  specific  values,  common  site  lattices  (CSL)  are  formed.  They  are  characterised  by  an  index  E 
corresponding  to  the  ratio  of  the  unit  cells  of  the  crystal  and  CSL.  Knowing  the  orientation 
relationship  describing  two  adjacent  grains ,  the  dichromatic  complex  may  be  drawn  [24].  For 
the  wurtzite  structure,  the  space  group  is  P6j  me  and  the  space  group  of  the  dichromatic 
complexes  corresponding  to  coincidence  orientations  around  [0001]  is  P6j/nV.  The  final  step  of 
the  construction  of  the  bicrystal  consists  in  introducing  the  boundary  plane  in  the  dichromatic 
complex  before  deleting  one  half  of  each  crystal.  The  introduction  of  the  boundary  plane  needs 
some  care  because  the  wurtzite  structure  exhibits  corrugated  planes  that  have  two  spacings,  the 
interface  can  thus  be  located  in  the  shuffle  a,  glide  position  b ,  or  a  combination  of  both. 
Therefore,  three  atomic  configurations  must  be  built:  ala,  bib  and  alb  [25]. 

The  lowest  energy  configuration  was  calculated  by  considering  the  y  surface  taking  into 
account  the  translations  parallel  and  normal  to  the  grain  boundary  plane  [26].  These  translations 
are  limited  to  the  Wigner-Seitz  cell  of  the  Displacement  Shift  Lattice  equivalent  to  the  cell  of 
non-identical  displacements  [27].  The  translations  were  carried  out  along  Ox,  in  the  boundary 
plane  and  along  Oz,  parallel  to  [0001].  The  steps  were  0.1  ao,  ao=  0.318  nm  and  0.1c,  c  = 
0.519nm,  respectively.  In  the  third  direction,  Oy  normal  to  the  boundary  plane,  the  configuration 
is  relaxed. 

RESULTS 

Atomic  configuration  of  the  grain  boundaries 

In  the  range,  0°  <  0  <  21°79,  six  coincidence  grain  boundaries  have  been  analysed.  All  of 
them  from  E  =  91  (0  =  6.01°)  to  E  =  19  (0  =  13.17°),  except  E  =  7,  may  be  regarded  as  low- 
angle  grain  boundaries  formed  by  the  introduction  of  one  57  core  of  the  edge  dislocation 
1/3[1 120]  or  aj.  The  next  coincidence  orientation,  E  =  49  (0  =  16.43°),  needs  two  edge 
dislocations  per  period,  57576,  thus  the  Burgers  vector  of  this  period  is  b  =  2ai  instead  of  b  =  ai 
for  the  previous  Es.  For  E  =  7,  the  grain  boundary  is  built  up  with  the  same  57  atom  ring.  Its 
period  is  the  shortest,  0.83  lnm  and  the  interaction  between  the  cores  due  to  their  overlapping  is 
expected.  The  result  is  that  the  energy  of  the  grain  boundary  is  no  longer  described  by  the 


239 


continuum  elastic  theory,  its  energy  (Ep  =  820  mJ/m2 )  is  lower  than  that  of  E  =  49.  If  we 
consider  that  6  is  the  basic  structural  unit  for  the  perfect  crystal  and  57  that  for  X  =  7,  the 
intermediate  coincidence  grain  boundaries  may  be  described  by  a  combination  of  these  two  basic 
units  with  the  lowest  energies  ,  0  and  820  mJ/m2,  respectively.  These  grain  boundaries  are 
symmetric  with  respect  to  the  grain  boundary  plane. 


Figurel.  Atomic  configuration  of  X  =  7 

Beyond  E  =  7,  21  °79  <  0  <  32°20,  we  deal  with  a  new  configuration  based  on  two 
classical  57  atom  rings,  one  shifted  with  respect  to  the  other  by  dhkii  *  the  reticular  distance  of  the 
grain  boundary  plane,  leading  to  a  zig-zag  configuration,  (57/57).  These  grain  boundaries  are  no 
more  symmetric.  The  E  =  79  and  97  are  a  mixture  of  the  previous  core,  57,  and  of  this  new  unit, 
(57/57).  The  Burgers  vector  is  the  same  for  both  cores  of  this  new  unit,  and  thus  its  total  Burgers 
vector  is  2a i.  The  period  contents  are  4ai  and  5aj  forE  =  79  and  97,  respectively.  For  the  32.20° 
tilt  angle,  E  =  13,  a  second  minima  energy  configuration  appears,  753  mJ/m2.  It  is  only  made  by 
the  new  structural  unit  (57/57).  If  a  c/2  component  is  added  a  new  configuration  is  obtained: 
(57+57‘).  The  main  difference  with  the  previous  one  is  the  occurrence  of  Ga-Ga  and  N-N  wrong 
bonds  in  the  same  c  plane.  Its  energy  is  about  the  same:  764mJ/m2.  Each  atom  ring,  57+  and  57  , 
is  characterized  by  a  different  Burgers  vector,  -ai  and  a2,  which  are  not  normal  to  the  grain 
boundary  plane,  and  the  total  Burgers  vector  is  [0110  ]  with  magnitude  a(3)l/2.  The  Burgers 
vectors  b  of  both  units,  (57/57)  and  (57+57  )  are  2a  and  a(3)1/2,  respectively  .  Since  the  length  of 
the  period  is  the  same  for  the  two  descriptions,  d  =  0.1 136nm,  by  using  the  equation  2sin(0/2)  = 
b/d,  b/d  is  equal  to  0.561  and  0.486  whereas  the  first  term  is  0.480,  thus  the  second  atomic 
ring,  (57+57‘),  fits  best  the  rotation  and  may  be  used  to  describe  E  =  13  (Figure  2). 


Figure  2.  Atomic  configuration  of  E  =  13:  (57/57),  left,  and  (57+57  ),  right. 

The  last  range,  32°20  <  0  <  60°, is  characterized  by  the  systematic  introduction  of  the 
component  Az  =  0.5  which  gives  rise  to  the  structural  unit  (57+57').  The  next  boundary,  E  =  67, 
is  based  on  two  units  of  E  =  13  plus  one  6  atom  ring,  so  the  magnitude  of  the  associated 
Burgers  vector  is  still  2a(3 )l/2.  The  other  configurations  up  to  60°  are  described  by  the 
introduction  of  a  variable  number  of  6  atom  rings  leading  to  configurations  of  the  type:  (57+  x6 
5T  y6  )  with  x  and  y  in  the  range  1  -  3  depending  on  the  E  value.  Since  only  one  unit  (57+57  ) 
is  involved  for  each  E,  all  Burgers  vectors  are  [1010]  with  the  magnitude  a(3)t/2.  These  grain 
boundaries  may  be  considered  as  low-angle  grain  boundaries  with  respect  to  E  =  1  (0  =  60°). 
The  60°  rotation  also  needs  the  addition  of  the  c/2  component  to  restore  the  perfect  crystal  of 
the  wurtzite  structure  which  is  connected  to  E  =  1  (0  =  60°)  by  a  rotoinversion  . 
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Boundary  energy 


The  variation  of  the  energy  as  a  function  of  the  rotation  angle  presents  two  well- 
pronounced  minima  or  energy  cups  corresponding  to  E  =  7  (  0  =  21  °78  )  and  1 3  (0  =  32°20)  as 
shown  in  figure  3.  For  the  angles  close  to  0°  and  60°  the  continuum  elasticity  theory  may  be  used 
to  calculate  the  boundary  energy.  A  good  agreement  is  obtained  in  the  ranges  0°-18°  and  42°-60° 
which  correspond  to  the  formation  of  low-angle  grain  boundaries  with  respect  to  the  perfect 
crystal,  0°,  and  to  a  perfect  crystal  after  a  rotation  of  60°.  The  formation  of  energy  cups 
corresponds  to  well-defined  atomic  structures  of  the  grain  boundaries  with  the  shortest  period. 


Figure  3.  Variation  of  the  energy  as  a  function  of  the  rotation  angle. 

In  these  cases,  the  atomic  structure  of  the  grain  boundary  is  well  ordered  and  its 
coherence  is  highest.  The  overlapping  of  the  cores  leads  to  the  minimization  of  the  dislocation 
strain  fields. 

DISCUSSION  AND  CONCLUSION 

Using  an  adapted  Stillinger-  Weber  empirical  potential,  it  is  shown  that  the  atomic 
structure  of  [0001]  tilt  grain  boundaries  can  be  described  by  a  limited  number  of  structural 
units  corresponding  to  the  core  of  l/3<  1120  >  edge  dislocations.  The  reconstruction  of  the 
atomic  structure  of  the  grain  boundaries  was  carried  out  by  using  the  57  configuration,  in 
combination  with  the  6  atom  ring  of  the  hexagonal  unit.  Until  E  =  7  (22°71),  it  is  shown  that 
linear  combinations  of  the  two  atom  cycles  leads  to  stable  configurations.  Beyond  E  =  7, 
the  configurations  of  minimum  energy  are  shown  to  have  a  zigzag  structure,  with  no 
translation  along  the  c  axis.  In  this  case,  the  total  Burgers  vector  of  the  CSL  depends  on 
the  number  of  these  structural  units.  The  turning  point  is  hit  with  E  =  13.  Above,  the 
reconstruction  of  the  boundaries  needs  the  introduction  of  a  c/2  translation  and  two  variants 
(57+  and  57-)  are  found  to  lead  to  minimum  energy  configurations.  It  is  then  shown  that  in 
wurtzite  GaN,  the  potential  energy  of  [0001]  tilt  grain  boundaries  exhibits  a  similar  behavior 
that  in  cubic  semiconductors  [4]  with  two  cups  in  energy  for  E  =  7  and  13.  This  is  in  contrast  to 
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the  results  which  were  very  recently  reported  following  a  rather  similar  procedure,  in  which 
no  energy  cups  was  found  in  particular  for  £  =  7[28]. 
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ABSTRACT 

Transmission  Electron  Microscopy  was  applied  to  study  HVPE  template  and  MBE  over¬ 
layers  in  plan-view  and  cross-section.  It  was  observed  that  screw  dislocations  in  the  HVPE  layers 
are  decorated  by  small  voids  arranged  along  the  screw  axis.  However,  no  voids  were  observed 
along  screw  dislocations  in  MBE  overlayers  grown  with  excess  Ga,  despite  the  fact  that  Ga 
droplets  were  observed  on  the  layer  surface  as  well  as  imbedded  in  the  layer.  By  applying  a 
direct  reconstruction  of  the  phase  and  amplitude  of  the  scattered  electron  wave  from  a  focal 
series  of  high-resolution  images,  the  core  structures  of  screw  dislocations  in  both  materials  have 
been  studied  and  show  that  all  screw  dislocations  have  filled  cores.  Dislocation  cores  in  MBE 
samples  grown  Ga-rich  and  N-rich  show  no  substantial  differences  and  no  stoichiometric  change 
compared  to  the  matrix.  However,  in  HVPE  materials,  single  atomic  columns  show  substantial 
differences  in  intensities  and  indicate  the  possibility  of  Ga  presence.  These  Ga-rich  cores  might 
be  responsible  for  the  attraction  impurities  forming  voids  in  their  close  vicinity. 

INTRODUCTION 

Epitaxial  growth  of  (0001)  GaN  on  A1203  leads  to  high  concentrations  (typically  109-10n 
cm'2)  of  threading  edge,  screw  and  mixed  dislocations  which  propagate  vertically  from  the 
GaN/Al203  interface  to  the  GaN  surface  [1-2].  Despite  this  high  density  of  dislocations,  a  high 
emitting  efficiency  has  been  achieved  for  optical  devices  such  as  light-emitting  diodes  (LEDs) 
and  laser  diodes  (LDs)  [3],  This  behavior  may  be  contrasted  with  that  of  Ga  As-based  LDs  where 
a  value  of  dislocation  density  of  about  104  cm'2  is  usually  sufficient  to  prevent  laser  action  [4]. 
The  most  common  explanation  for  this  phenomenon  is  that  the  threading  dislocations  in  GaN  do 
not  have  electronic  states  in  the  band  gap.  However,  this  is  still  a  controversial  issue,  and  there  is 
no  agreement  on  this  subject  between  different  scientific  groups  [5-8]. 

Density  functional  theoretical  calculations  [8]  and  early  experimental  work  [4]  suggested 
that  threading  dislocations  in  GaN  are  not  non-radiative  recombination  centers.  However,  the 
increase  in  optical  properties  that  is  achieved  [3]  by  reducing  the  threading  dislocation  density  by 
use  of  the  epitaxial  lateral  overgrowth  method  [9]  provides  circumstantial  evidence  that 
dislocations  do  have  some  deleterious  effect.  Atomic  force  microscopy  (AFM)  combined  with 
cathodoluminescence  (CL)  [10],  and  plan-view  transmission  electron  microscopy  (TEM) 
combined  with  CL  [11],  clearly  show  threading  dislocations  to  be  related  to  dark  spots  in  band 
edge  emission  CL  images.  This  effect  is  consistent  with  theoretical  calculations  suggesting  that 
dislocations  can  be  charged  depending  on  doping  and  growth  conditions  [12]. 

Look  and  Sizelove  [13]  developed  a  model  for  charged  dislocation  scattering  in  GaN,  and 
have  applied  it  to  temperature-dependent  mobility  and  electron-concentration  data  for  two 
samples  grown  by  MBE,  with  low  and  high  dislocation  densities,  respectively.  The  model  fits  the 
data  very  well  over  the  full  temperature  range  for  both  samples. 
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There  are  also  discrepancies  concerning  the  nature  of  dislocation  cores  in  GaN.  Some 
investigators  claim  that  GaN  dislocations  have  open  cores  [14],  but  the  work  of  Arslan  and 
Browning  suggests  that  screw  dislocations  have  full  cores  [15].  Our  experimental  observations 
show  that  other  void-type  detects  exist  in  GaN:  nanotubes  and  pinholes  [16-17].  The  density  of 
these  defects  was  estimated  to  be  in  the  range  of  105  -107  cm’2  and  their  radii  in  the  range  3—1500 
nm.  We  suggested  [16-17]  that  these  two  types  of  defects  are  related  to  the  impurity  presence  in 
the  material,  supporting  theoretical  work  by  Eisner  et  al  [6],  who  showed  that  O  and  O-related 
defect  complexes  can  be  formed  on  the  walls  of  nanopipes  in  GaN.  Chems  [18]  suggested  that 
nanopipes  form  under  non-equilibrium  conditions  and  are  influenced  by  growth  factors. 

Scanning  current-voltage  microscopy  (STVM)  studies  showed  leakage  spots  at 
screw/mixed  dislocations  but  not  at  pure  edge  dislocations.  The  authors  [19]  concluded  that  the 
reverse  bias  current  in  GaN  was  carried  by  dislocations  with  a  screw  component,  with  Ga 
accumulated  at  or  near  screw  dislocations  and  that  Ga  affects  the  dislocation  electrical  activity. 
These  experimental  studies  were  in  agreement  with  the  work  of  Northrup  [20,21],  indicating  the 
Ga-filled  screw  dislocation  core  to  be  stable  in  Ga-rich  growth  conditions  using  first-principles 
total  energy  calculations.  The  aim  of  this  work  was  to  find  if  screw  dislocations  have  full  or 
empty  core  and  determine  the  core  stoichiometry  in  the  case  of  full  core. 

EXPERIMENTAL 

Two  sets  of  samples  were  grown  by  two  different  growth  methods:  Hydride  Vapor  Phase 
Epitaxy  (HVPE)  and  Molecular  Beam  Epitaxy  (MBE).  MBE  samples  were  grown  using  Ga  rich 
and  N  rich  conditions,  as  in  earlier  experiments  [19].  Transmission  Electron  Microscopy  (TEM) 
has  been  applied  to  study  these  layers  in  electron-transparent  samples  in  plan-view  and  cross- 
section.  Determination  of  dislocation  core  structure  from  plan-view  samples  was  carried  out 
using  a  modified  300keV  field  emission  Philips  electron  microscope  (0AM)  to  obtain  high 
resolution  focal  series  with  a  constant  defocus  step.  The  electron  exit  wave  from  the  crystal 
structure  was  obtained  by  numerical  reconstruction  [22]  from  the  full  focal  series  of  20  images. 

RESULTS  AND  DISCUSSION 


Samples  grown  by  two  different  growth  methods  (HVPE  and  MBE)  were  studied  in 
cross-section.  Under  g.b=0  diffraction  conditions,  for  which  screw  dislocations  are  out  of 
contrast,  small  voids  along  dislocation  lines  were  observed  for  HVPE  grown  samples  (Fig.  la,b). 
These  voids  were  not  observed  for  edge  dislocations  in  the  same  material  and  not  at  all  in  the 
MBE  (Figs.  lc,d)  or  MOCVD  (Fig.  le,f)  overlayer  samples  grown  on  top  of  the  HVPE  template. 

In  order  to  obtain  information  about  dislocation  core  structures,  observations  were 
performed  in  plan-view  configuration.  No  displacement  vector  can  be  observed  around  screw 
dislocations  in  plan-view  configuration;  this  result  is  expected  for  screw  dislocations  since  the 
displacement  vector  is  along  the  c-axis.  (Fig. 2a, b)  shows  that  indeed  this  applies  for  dislocations 
in  both  HVPE  and  MBE  samples.  When  a  high-resolution  image  is  taken  at  Scherzer  defocus,  it 
can  be  seen  that  only  part  of  the  image  has  an  on-axis  orientation  (Fig.-2a-right  hand  side).  The 
remaining  part  of  the  image  has  some  tilt,  which  is  caused  by  the  tilted  lattice  planes  surrounding 
the  screw  dislocation.  This  tilt  makes  this  study  experimentally  very  demanding. 
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Fig.  1 .  Cross-section  images  show  screw  dislocations  in  HVPE-grown  material;  (a)-dislocation 
in  contrast  for  g=(0002)  and  (b)-out  of  contrast  for  g=(l  120)).  Note  voids  stacked  vertically.  The 
inset  in  (b)  shows  that  voids  with  pyramidal  shape  can  have  their  tips  slightly  shifted  from  the 
dislocation  line.  (c,d)  Screw  dislocations  in  the  MBE  overlayer  sample  grown  on  top  of  the 
HVPE  material.  Note  lack  of  voids  and  the  dark  spot  representing  a  Ga  droplet  imbedded  in  the 
layer.  (e,f)  Area  near  the  interface  between  HVPE  template  and  the  MOCVD  overlayer.  Note 
voids  along  screw  dislocation  in  the  HVPE  material  and  lack  of  them  in  the  MOCVD  material. 


Fig.  2.  Plan  view  images  of  screw  dislocations  in  MBE  (a)  and  HVPE  (b)  GaN.  Burgers  circuits 
have  no  displacement,  as  expected.  Note  tilted  c-planes  around  dislocation  in  (a)  and  void  in  (b). 

As  expected  from  the  cross-sectioned  samples,  voids  are  observed  surrounding  the 
dislocation  in  the  HVPE  sample.  These  voids  have  a  hexagonal  shape  (lighter  contrast  in  the 
central  part  of  Fig.  2b).  To  obtain  structural  information  at  higher  resolution,  20  micrographs 
were  obtained  from  each  screw  dislocation  at  large  values  of  defocus  and  the  complex  electron 
wave  reconstructed  numerically  [22].  An  image  of  the  phase  of  the  exit-surface  wave  gives 
information  on  the  distribution  of  atomic  columns.  Usually  additional  micrographs  were  taken  at 
Scherzer  defocus  before  the  series  of  20  images  and  after,  to  check  on  image  drift  during  this 
long  exposure  time.  Only  low-drift  images  were  further  interpreted. 
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We  looked  for  missing  atomic  columns  expected  for  the  empty  core  model  (Fig.  3a)  and 
for  changes  in  intensity  of  particular  columns  to  indicate  the  possibly  of  a  nonstoichiometric 
core.  Calculations  show  that  atomic  column  intensity  can  change  with  specimen  tilt  and 
stoichiometry.  For  the  perfectly  aligned  stoichiometric  sample,  each  atomic  column  has  the  same 
intensity  and  the  pattern  has  six-fold  symmetry.  Small  specimen  tilts  (4  milliradian)  can  change 
the  relative  intensity  of  two  adjacent  atomic  columns  by  up  to  4%,  but  this  can  be  easily  detected 
since  pattern  symmetry  then  changes  to  two-fold.  Larger  tilts  change  the  image  pattern  so 
drastically  that  they  are  easy  to  recognize  visually  without  column  intensity  measurement. 

Primary  and  diffracted  beam  intensities  forming  the  image  change  with  sample  thickness 
as  well  as  with  stoichiometry.  To  avoid  partially-reversed  image  contrast,  sample  thickness  must 
be  such  that  all  contributing  beams  have  the  same  sign  of  phase.  This  is  particularly  important 
where  different  dislocation  core  stoichiometry  is  considered.  Calculations  (not  shown  for  lack  of 
space)  of  images  from  the  Ga-rich  dislocation  core  model  of  Northrup  [20,21]  with  no  N  atoms 
at  the  core  (6:0  model),  show  the  ranges  of  thickness  within  which  the  distinction  between  a 
stoichiometric  and  a  Ga-rich  core  is  clearly  possible  using  our  approach. 


Fig.  3.  (a)  Model  of  open  core  screw  dislocation  (after  Eisner  et  al  [8]).  (b)  Full  core  of  screw 
dislocation  in  Ga-rich  MBE  grown  GaN  and  (c)  in  the  N-rich  GaN.  Lack  of  difference  in  atomic 
column  intensity  between  center  image  and  surrounding  matrix  indicates  stoichiometric  cores. 


The  focal-series  reconstruction  technique  described  above  was  applied  to  Ga-rich  MBE 
grown  samples  in  [0001]  projection  where  atomic  columns  are  separated  by  1.84 A.  No  change 
in  intensity  between  atomic  columns  can  be  observed  for  the  Ga  rich  or  N  rich  samples  (Fig.  3b 
and  c),  suggesting  that  dislocation  cores  studied  in  these  samples  were  stoichiometric  and  also 
have  full  cores.  This  result  is  in  agreement  with  early  work  [15]. 


Similar  focal-series  reconstructions  were  obtained  for  [0001]  projections  of  screw 
dislocations  accompanied  by  voids  in  HVPE  samples  (Fig.  4a).  In  the  dislocation  core  area,  one 
atomic  column  appears  to  be  very  weak  (Fig.  4a-  column  circled  in  the  upper-left  corner)  and 
another  column  very  bright  (Fig.  4a-  column  circled  in  the  center).  These  columns  are  not 
adjacent  to  one  other,  but  separated  by  8  A,  a  distance  comparable  to  that  between  a  dislocation 
line  and  the  tip  of  the  pyramidal  voids  observed  in  cross-section  samples.  The  intensities  of  the 
highest-intensity  and  lowest-intensity  atomic  columns  lie  more  than  three  standard  deviations 
from  the  mean  atomic  column  peak  intensity  in  the  matrix  (Fig.  4b).  Therefore,  the  intensity 
difference  between  the  highest-intensity  and  lowest-intensity  atomic  columns  is  about  six 
standard  deviations.  The  observed  change  in  intensity  between  the  highest-intensity  and  lowest- 
intensity  atomic  columns  cannot  be  obtained  simply  by  sample  tilt,  therefore  this  difference  in 
their  intensity  can  be  assigned  only  to  the  stoichiometry  of  the  particular  columns.  It  also  does 
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not  appear  that  this  large  intensity  fluctuation  (6  standard  deviations)  could  be  an  artifact  of 
electron  beam  damage,  since  such  fluctuations  were  not  observed  in  the  matrix  or  at  the 
dislocation  cores  in  the  samples  grown  by  MBE. 


Fig.  4.  (a)  Image  reconstruction  of  screw  dislocation  in  HVPE  sample,  (b)  Intensity  profiles 
show  reduced  (A)  and  enhanced  (B)  image  intensity,  indicating  Ga  excess  and  deficiency. 

Observation  of  all  the  atomic  columns  in  the  HVPE  samples  revealed  that  the  screw 
dislocations  in  these  samples  are  also  full-core  dislocations  but  they  are  decorated  by  voids.  The 
column  with  the  lowest  intensity  can  be  attributed  to  the  tip  of  the  void  since  the  small  sample 
thickness  and  possibility  of  the  light  atom  presence  would  be  expected,  as  suggested  earlier  [16]. 
The  highest  intensity  column  with  the  significant  change  of  intensity  could  be  assigned  to  the 
stoichiometry  change  and  the  excess  of  Ga  atoms.  Based  on  comparison  with  cross-section 
images  it  is  clear  that  location  of  the  tip  of  the  void  does  not  need  to  overlap  with  a  dislocation 
line,  but  intensity  difference  with  the  surrounding  matrix  suggests  that  the  dislocation  core  might 
have  more  Ga  atoms  as  suggested  by  Northrup  [21].  It  is  possible  that  not  only  strain  at 
dislocation  but  also  an  excess  of  Ga  within  the  core  may  attract  the  impurities  (light  elements) 
giving  the  reason  for  formation  of  voids  close  to  the  dislocation  line. 

CONCLUSIONS 

High-resolution  reconstructions  of  the  phase  and  amplitude  of  the  complex  electron  exit 
wave  scattered  from  HVPE  and  MBE  grown  sample  were  carried  out  using  focal  series 
consisting  of  20  under-focused  images.  The  reconstructed  phase  images  showed  that  screw 
dislocations  in  GaN  grown  by  these  two  methods  are  different.  The  main  difference  appears  in 
the  formation  of  voids  with  pyramidal  shape  stacked  on  top  of  each  other  along  a  dislocation 
line.  These  voids  are  never  observed  in  MBE  grown  material  even  when  MBE  samples  were 
grown  directly  on  HVPE  substrates.  They  were  never  observed  along  edge  dislocations.  All 
observed  screw  dislocations  had  full  cores  independent  of  the  growth  method.  In  MBE  grown 
materials  dislocation  cores  appear  to  be  stoichiometric.  However,  in  the  HVPE  grown  material 
some  high  intensity  columns  were  observed  within  the  dislocation  core.  Based  on  the  comparison 
with  image  calculations  from  model  structures,  it  was  concluded  that  Ga  presence  could  be 
assigned  to  these  atomic  positions.  Another  column  associated  with  the  tip  of  the  pyramidal  void 
had  very  low  intensity  suggesting  the  possibility  of  the  presence  of  light  atoms  and  much  lower 
sample  thickness.  It  is  speculated  that  Ga-rich  atomic  columns  along  screw  dislocations  can 
attract  impurities  present  in  the  sample.  From  comparison  between  the  samples  grown  by 
different  methods  it  was  clear  that  MBE  method  (and  machine  used  for  this  growth)  is  much 
cleaner  and  not  so  many  impurities  are  introduced  in  comparison  with  the  HVPE  grown  samples. 
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ABSTRACT 

Optical  Impedence  Spectroscopy  of  GaN/AlGaN  high  electron  mobility  transistor  structures 
(HEMTs)  using  photoreflectance  exhibit  a  photoreflectance  lags  -  the  component  of  the 
modulated  reflectance  out  of  phase  with  the  chopper  -  ranging  from  0.1  to  0.5.  Photoreflectance 
was  performed  using  below  gap  pumping  on  various  samples.  Samples  that  do  exhibit 
appreciable  photoreflectance  lag  for  above  gap  pumping  show  significantly  enhanced 
photoreflectance  signals  for  below  gap  pumping.  Yet,  samples  that  do  not  exhibit  appreciable 
photoreflectance  lag  for  above  gap  pumping  do  not  exhibit  a  signal  for  below  gap  pumping.  This 
implies  that  the  photoreflectance  phase  lag  is  due  to  mid-gap  trap  states.  At  least  2  types  of  traps 
are  found,  above  and  below  about  2.5  eV.  This  result  means  that  that  photoreflectance  can  be 
used  as  a  probe  of  HEMT  device  quality. 


INTRODUCTION 

GaN  and  its  alloys  are  of  great  interest  for  RF-based  devices  because  of  desirable 
electronic  transport  and  thermal  dissipation  properties  inherent  to  these  material  systems.  [1] 
Currently,  investigations  have  focused  on  devices  made  from  high  electron  mobility  transitors 
(HEMT).  It  has  been  found  in  this  laboratory,  and  others  that  HEMT  device  performance  is 
often  associated  with  defects  in  the  GaN  and  AlGaN  layers.  These  defects  may  be  due  to  a 
combination  of  factors  such  as  substrate  lattice  mismatch,  nucleation  layer  formation  and  growth 
parameters.  For  example,  the  commonly  referred-to  yellow  band  photoluminescence  in  GaN 
may  be  due  to  more  than  one  type  of  defect  and  it  has  been  demonstrated  that  the  intensity  of  the 
yellow  band  can  be  controlled  during  the  epitaxial  layer  synthesis. 

In  this  paper,  we  use  photoreflectance  (PR)  as  an  optical  impedence  spectroscopy  to 
probe  the  material  properties  of  GaN/AlGaN  HEMT  structures.  The  photoreflectance  signal 
consists  of  two  portions,  that  portion  of  the  change  in  reflectance  which  is  in-phase  with  the 
chopped  pump  light  and  the  portion  that  is  out-of-phase  with  the  chopped  pump.  The  out-of- 
phase  portion  contains  information  about  how  the  sample  responds  to  the  pump  light.  [2]  Sample 
doping  geometry  and  electron  barriers  and  traps  all  affect  the  out-of-phase  portion  of  the  PR 
signal. 
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THEORETICAL  CONSIDERATIONS 

The  photoreflectance  technique  has  traditionally  been  used  to  study  interband  transitions 
in  various  semiconductors.  The  technique  produces  derivative  like  line  shapes  for  transitions  at 
various  critical  points  in  the  Brilloun  zone.  The  derivative  nature  of  PR  comes  from  the  Franz- 
Keldysh  effect,  which  results  in  the  reflectivity  and  absorption  of  a  material  being  dependent  on 
an  applied  or  built-in  electric  field.  In  general,  the  relationship  between  the  electric  field,  F,  its 
modulation  (through  a  change  in  surface  potential,  AV)  and  the  optical  reflectivity,  R,  can  be 
expressed  in  a  simple  manner: 

^  =  +  (1) 

R  Rl  K  ’  J  R  dF  dV 

In  the  case  of  photoreflectance,  the  surface  potential  modulation,  AV,  is  through  a  photovoltage, 
AVP.  This  shows  that  the  intensity  of  measured  PR  signal  will  be  directly  proportional  to  the 
modulation  of  the  electric  field. 

In  addition,  because  the  reflectivity  is  a  function  of  band  gap  of  the  material  being 
probed,  Eg,  the  broadening  parameter,  T,  and  the  photon  energy,  E,  of  the  probe  light,  we  can 
rewrite  Eq.  (1)  in  a  more  familiar  form: 

^-  =  V„(n, „)AL(E,  Ee,T)  (2) 

where  A  is  a  constant,  L  is  a  spectral  line  shape  function,  which  defines  the  observed  spectral 
feature.  In  Eq.  (2),  we  have  assumed  that  the  field  or  surface  potential  modulation  is  produced 
by  a  photovoltage,  Vp(fim)  that  is  induced  by  a  monochromatic  pump  beam  that  illuminates  the 
surface  with  frequency  Qm.  The  reflectivity  which  is  measured  by  a  second  probe  light  and 
contains  in  it  a  component  with  frequency,  Qm,  which  is  just  the  derivative-like  photoreflectance 
signal  of  Eq.(2)  As  can  be  seen  from  Eq.(2),  the  intensity  of  this  component  is  proportional  to 
the  photovoltage,  Vp(Qm).  Because  Vp(C2m)  can  have  both  in-phase  and  out-of-phase  (often 
termed  quadrature)  components  it  will  strongly  depend  on  the  presence  of  defects  in  the  region 
where  light  is  absorbed. 

Consider  the  PR  optical  impedence  spectroscopic  investigation  of  an  undoped  layer 
between  two  doped  layers  of  opposite  sign.  The  reflectance  is  found  to  have  an  exponential  rise 
and  fall  time  with  time  constant  consistent  with  the  RC  time  constant  of  the  layer  structure.  It 
can  be  shown  that  the  ratio  of  the  out-of-phase  component  to  the  in-phase  components  of  the  PR 
signal,  called  the  photoreflectance  lag,  is  directly  related  to  the  RC  time  constant  by, 

PR  Lag  =  27iQmx,  (3) 

where  Qm  is  the  frequency  that  the  pump  beam  is  chopped.  [3]  It  is  interpreted  that  the  time 
constant,  t,  is  the  characteristic  time  of  charge  currents  that  arise  in  the  sample  to  return  it  to 
equilibrium  when  the  pump  light  is  incident  upon  the  sample  and  also  then  subsequently  when  it 
is  turned  off.  The  time  responses  of  these  currents  are  dominated  by  capacitive  charging  time  of 
the  depleted  region. 
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Figure  1  Photoreflectance  spectra  of  HEMT  samples  A  and  B  using  351  nm 
pump.  Sample  A  has  the  photoreflectance  lag  of  the  two. 


For  the  case  of  (electron)  traps  in  a  semiconductor  structure  the  response  of  the  sample  is 
more  complex.  The  photoreflectance  lag  will  depend  up  the  probabilty  of  electron  trapping,  that 
is  the  electron  capture  cross  section,  as  well  as  the  diffusion  of  holes  to  the  physical  location  of 
the  trap  for  recombination  to  take  place.  The  characteristic  time  for  this  process  is  not,  in 
general,  a  simple  exponential.  But  the  PR  signal  amplitude,  proportional  to  the  photovoltage, 
should  be  approximately  proportional  to  the  number  of  electrons  trapped. 


EXPERIMENTAL  DETAILS 


Figure  2  The  photoreflectance  spectra  obtained  from  Samples  A  and  B  using  488.0 
nm  pump  with  intensity  72  mW. 

The  photoreflectance  apparatus  used  has  been  described  previously.  [4]  An  Ar+-ion  laser 
was  used  as  the  pump  source  having  wavelengths  of  351, 459.9, 476.5,  488.0,  501.7,  and  514.5 
nm.  The  laser  power  of  the  uv-line  was  about  5  mW  and  the  powers  of  the  other  lines  are  noted 
in  the  text.  A  HeNe  laser  was  also  used  for  some  measurements  with  emission  at  632.8  nm  with 
intensity  of  about  5  mW.  The  probe  beam  originated  from  a  Xe  arc  lamp  passed  through  a 
0.25m  SPEX  spectrometer  with  0.5  mm  entrance  and  exit  slits. 


251 


Samples  were  grown  by  organometallic  vapor  phase  epitaxy  on  sapphire  or  4H-SiC 
wafers.  After  the  nucleation  layer  was  deposited,  an  undoped,  high  resistivity  GaN  layer  was 
grown  with  thickness  1-2  jLtm.  This  was  followed  by  a  100-200  A  AlGaN  layer  having  a  nominal 
bandgap  of  4  eV. 

For  the  samples  investigated,  the  photoreflectance  lag  was  found  to  range  from  about  0.1 
to  0.5.  Figure  1  shows  the  PR  signal  near  the  fundamental  gap  for  above  gap  pump  illumination 
for  two  samples,  A  and  B.  Both  samples  have  the  same  structure  but  were  grown  in  different 
locations  of  a  multi-wafer  platter.  Both  samples  exhibit  a  fundamental  gap  shifted  about  20  meV 
above  bulk  values.  The  reasons  for  this  shift  are  unclear  at  this  time.  Sample  A  and  B  exhibit  a 


photoreflectance  lag  of  0.25  and  0.32,  respectively.  The  difference  in  photoreflectance  lag 
between  the  two  samples  is  considered  experimentally  significant  as  repeated  measurements  of 
these  samples  indicate  an  experimental  uncertainty  is  about  5%. 

If  the  photoreflectance  lag  were  due  to  mid¬ 


gap  trapping  states,  PR  performed  using  below  gap 
pumping  should  yield  a  signal.  Figure  2  shows  the 
PR  signal  obtained  from  samples  A  and  B  where 
488.0  nm  pump  light  was  used  with  intensity  72 
mW.  Note  that  the  out-of-phase  (quadrature) 
components  of  the  spectra  in  Fig.  2  are  very  large 
compared  to  the  in-phase  components.  The 
photoreflectance  lags  for  A  and  B  are  2.5  and  4.1, 
respectively.  It  is  noted  that  samples  having  small 
(~0. 1 )  photoreflectance  lag  under  uv-pumping  did 


not  have  a  PR  signal  when  below  gap  pump 


Rjmp  Intensity  (rrWty 


illumination  was  used.  Figure  3  shows  the  PR  Figure  3  The  photoreflectance  intensity  as 

intensity  dependence  as  a  function  of  488.0  pump  a  function  of  488  0  nm  pump  intensity, 

power  for  samples  A  and  B.  Note  that  sample  B 
has  the  steeper  slope  than  sample  A. 

Figure  4  shows  the  photoreflectance  lag  for  sample  B  for  different  pump  photon  energies 
where  the  pump  intensity  was  held  constant  at  36  mW.  Note  that  the  photoreflectance  lag 
abruptly  changes  from  values  near  3  to  values  above  4.5  above  2.55  eV. 

The  photoreflectance  lag  for  sample  B  starts  out  at  values  near  3  for  low  pump  intensities 
and  becomes  approximately  constant  and  equal  to 
4.3  for  488.0  nm  pump  powers  of  ranging  from  100 
to  250  mW,  as  shown  in  Figure  5.  But  for  sample 
A,  the  photoreflectance  lag  was  found  to  be 
approximately  constant  at  2.3  for  the  same  range  of 
pump  powers. 

DISCUSSION 


For  sample  B,  the  data  in  Figure  4  imply 
that  at  least  two  traps  are  present,  above  and  below 
2.55  eV,  since  the  photoreflectance  lag  is 
significantly  different  for  the  two  ranges  of  pump 
wavelength.  The  difference  probably  lies  in 


Photon  Energy  (eV) 

Figure  4  The  photoreflectance  lag 
for  different  pump  photon  energies. 


252 


differing  capture  cross  sections  for  the  two  traps.  Sample  A  has  the  least  number  of  traps  since 
the  PR  intensity  dependence  on  pump  power  has  the  shallowest  slope  as  shown  in  Figure  3  and  is 
dominated  by  the  low  energy  trap.  Sample  B 
has  a  larger  number  of  traps,  as  seen  by  both  the 
higher  slope  in  Figure  3  and  that  both  high  and 
low  energy  trap  are  present,  as  shown  in  Figure 
4. 

Klein  et  al  using  photoionization  energy 
spectroscopy  have  previously  observed  two  traps 
in  GAN  HEMT  structures.  [5]  The  two  traps 
had  absorption  edge  onsets  of  1 .8  and  2.85  eV. 

That  work  showed  that  trap  concentrations  were 
dependent  upon  growth  conditions,  suggesting 
that  carbon  impurities  were  responsible  for  the  Figure  5  Photoreflectance  lag  as  a 

higher  energy  trap  and  that  extended  defects  function  of  pump  photon  energy, 

were  responsible  for  the  lower  energy  trap. 

Since  the  photoreflectance  lag  is  a 

measure  of  the  trap  concentration  in  HEMT  structures,  this  technique  may  find  utility  in  non- 
destructively  probing  HEMT  wafers  before  fabrication  of  device  structures;  to  “weed  out” 
potentially  poor  performing  devices.  Recently,  we  have  observed  a  correlation  between  samples 
having  large  photoreflectance  lag  using  uv-pump  illumination  and  gate  lag  in  fabricated  devices. 
Although  additional  work  to  investigate  this  correlation  is  needed,  based  upon  the  results 
presented  herein,  it  is  suggested  that  below  gap  pumping  would  be  the  most  sensitive  way  of 
performing  these  measurements. 
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ABSTRACT 

The  microstructural  evolution  of  AlxGa].xN  films  grown  by  metalorganic  vapor  phase 
epitaxy  on  6H-SiC  (0001)  was  studied  by  means  of  X-ray  diffraction,  atomic  force  microscopy 
and  transmission  electron  microscopy  in  conjunction  with  energy  dispersive  X-ray  spectroscopy. 
A  significant  spatial  variation  of  composition  was  found  in  100  nm  thick  layers  the  nature  of 
which  could  be  traced  back  to  the  initial  stage  of  film  formation.  Upon  nucleation  two  phases 
are  formed:  a  wetting  layer  and  isolated  islands  of  high  and  low  aluminum  content,  respectively. 
The  observed  results  are  discussed  in  terms  of  strain  and  growth  rates. 

INTRODUCTION 

In  contrast  to  GaN,  AlGaN  reasonably  wets  SiC  and  can  be  used  as  a  buffer  layer  for  the 
epitaxial  growth  of  group-IH  nitrides  on  SiC  substrates.  If  the  A1  mole  fraction  of  the  AlGaN 
stays  low,  the  buffer  can  be  sufficiently  doped  such  that  vertical  devices  on  conductive  SiC 
substrates  can  be  made  [1-3].  However,  AlGaN  harbors  a  number  of  difficulties  regarding  the 
nucleation  process  on  SiC  as  it  does  not  grow  in  a  two-dimensional  mode  from  the  very 
beginning,  and  it  shows  chemical  fluctuations  [4,5].  In  this  work  the  focus  is  set  on  the 
nucleation  and  evolution  of  AlGaN  layers  on  6H-SiC  (0001)  substrates  via  the  investigation  of 
the  microstructure  and  the  chemical  composition  of  such  films.  A  comprehensive  study  of  these 
properties  was  performed  on  AlGaN  layers  with  thicknesses  between  20  nm  and  1  pm. 

EXPERIMENTAL  DETAILS 

AlxGa^xN  layers  with  a  nominal  aluminum  mole  fraction  of  -0.15  and  nominal 
thicknesses  of  20  nm,  60  nm,  100  nm  and  1  pm  were  grown  on  6H-SiC  (0001)  substrates  using 
metal  organic  vapor  phase  epitaxy  (MOVPE).  The  growth  temperature  and  the  V/in  ratio  were 
1010  °C  and  4600,  respectively.  The  chosen  growth  conditions  led  to  a  growth  rate  of  -0.6 
pm/h.  It  is  noted  that  if  100  nm  thick  AlGaN  layers  grown  in  this  way  were  used  as  buffer  layers 
for  subsequent  growth  of  GaN,  state-of-the-art  GaN  layers  with  atomically  smooth  surfaces 
could  be  obtained.  The  microstructure  and  the  chemical  composition  of  the  AlGaN  films  were 
studied  by  a  variety  of  tools.  Atomic  force  microscopy  (AFM)  was  used  to  study  the  topology. 
High  resolution  X-ray  diffraction  (XRD)  was  performed  in  to  investigate  the  composition  and 
strain.  Transmission  electron  microscopy  (TEM)  in  conjunction  with  energy-dispersive  X-ray 
spectroscopy  (EDS)  served  to  examine  the  microstructure  in  high  resolution  as  well  as  the 
chemical  composition. 
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DISCUSSION 


Figure  I  shows  AFM  images  taken  from  the  AlxGai_xN  films  of  varying  thickness.  The 
20  and  60  nm  thick  layers  consist  of  three-dimensional  islands  which  are  of  low  density  and 
well-separated  for  the  first  case  but  of  higher  density  and  partially  coalesced  for  the  second  case. 
At  a  film  thickness  of -100  nm  trench  like  features  can  be  observed,  which  disappear  during 
further  growth  and  are  rarely  visible  for  the  1000  nm  thick  layer. 


Figure  1:  AFM  images  of  AlGaN  layers  having  a  nominal  thickness  of  (a)  20  nm,  (b)  60  nm,  (c) 
100  nm  and  (d)  1000  nm,  respectively. 

To  study  the  microstructure  of  the  trench  evolution  TEM  analysis  was  performed  on  the  20  nm 
layer.  A  high  resolution  TEM  image  taken  along  the  [1010]  zone  axis  is  shown  in  figure  2.  A 
large  three-dimensional  island  with  a  stepped  edge  can  be  seen  on  the  left  side  of  the  image, 
whereas  an  -10  nm  thick  layer  is  found  on  its  right  side,  both  separated  by  a  trench.  A  "wetting 
layer"  of  the  latter  type  was  already  reported  by  others  [5].  The  authors  found  this  layer  to 
consist  of  nearly  pure  AIN,  which  tends  to  grow  in  a  two-dimensional  mode  due  to  its  low  lattice 
mismatch  to  SiC  whereas  the  islands  were  claimed  to  be  almost  pure  GaN. 
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Figure  2:  High  resolution  TEM  image  of  the  nominally  20  nm  thick  AlGaN  layer  showing  a 
three  dimensional  island  on  the  left  and  the  "wetting"  layer  on  the  right  side. 

The  EDS  mapping  of  the  GaKa  signal,  shown  in  figure  3,  reveals  that  both  the  island  and  the 
wetting  layer  contain  gallium,  i.e.  there  is  no  phase  separation  into  nearly  pure  GaN  and  AIN  as 
was  previously  reported  [5].  A  quantitative  evaluation  of  EDS  point  analysis  for  the  AlKa  signal 
reveals  A1  mole  fractions  of  ~3.5%  and  18  %  for  the  island  and  the  wetting  layer,  respectively. 
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Figure  3:  EDS  map  taken  from  the  20  nm  thick  AlGaN  layer  using  the  GaKa  signal  for  the  area 
indicated  by  a  rectangle  in  figure  2. 

An  evaluation  of  the  average  composition  and  strain  in  the  100  nm  thick  layer  was  performed  by 
XRD.  Figure  4  shows  the  reciprocal  space  map  containing  the  AlxGai.xN  (105)  and  SiC  (1015) 
reflections.  At  least  two  peaks  are  found  for  the  AlxGai.xN  indicating  phases  of  different 
composition  in  the  layer.  Based  on  literature  values  for  the  lattice  constants  and  stiffness 
constants  of  both  GaN  and  AIN,  the  A1  mole  fractions  of  the  two  phases  can  be  estimated  to  x  = 
0.10  and  x  =  0.18,  respectively  [6],  The  tail  structures  toward  lower  and  higher  values  of  the  out- 
of-plane  component  qz  of  the  scattering  vector  could  possibly  arise  from  areas  of  even  lower  or 
higher  A1  contents,  respectively.  Since  the  AlxGai_xN  peaks  in  figure  4  all  have  the  same  in¬ 
plane  component  qx  of  the  scattering  vector,  the  phases  are  fully  strained  with  respect  to  each 
other.  In  average,  however,  the  AlxGai_xN  is  not  significantly  strained  by  the  SiC  substrate  as  the 
peaks  are  close  to  the  positions  of  fully  relaxed  AlxGaj.xN. 
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Figure  4:  Reciprocal  space  map  of  the  nominally  100  nm  thick  AlxGaj.xN  film  showing  two 
distinct  maxima  for  the  AlGaN  (105)  reflection  corresponding  to  values  of  x  =  0.10  and  0.18. 
The  dashed  lines  correspond  to  the  expected  position  of  the  AlGaN  (105)  reflection  for  fully 
relaxed  AlGaN  of  varying  composition  and  for  AlGaN  with  x  =  0.10  and  x  =  0.1 8  of  variable 
biaxial  strain. 


The  EDS  maps  for  the  100  nm  thick  film  are  shown  in  figure  5  together  with  the  scanning  TEM 
image  of  the  analyzed  region  containing  a  trench.  Aluminum-rich  regions  can  be  identified  at 
the  layer/substrate  interface  as  well  as  close  to  the  surface  of  the  film.  These  domains  appear  to 
alternate  with  respect  to  each  other.  It  is  assumed  that  the  aluminum-rich  areas  close  to  the  SiC 
in  figure  5  coincide  with  the  “wetting”  layer  in  figure  3,  whereas  the  aluminum-poor  regions  are 
attributed  to  the  three-dimensional  islands.  The  trench  seen  in  the  images  is  found  close  to  the 
edge  of  an  aluminum-rich  region  leading  to  the  conclusion  that  it  was  formed  between  the 
"wetting"  layer  and  the  island  upon  nucleation.  The  appearance  of  a  second  layer  of  aluminum- 
rich  regions  at  a  film  thickness  of -100  nm  is  not  yet  understood  and  needs  further 
investigations.  However,  AFM  images  show  that  at  film  thickness  of  ~60  nm  the  film  is  not  yet 
fully  coalesced  such  that  the  formation  of  aluminum-rich  regions  could  be  connected  with  the 
coalescence  process  and  local  strain  variations  during  this  stage  of  growth. 
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Figure  5:  (a)  Scanning  TEM  image  and  corresponding  gray  scale  maps  of  the  (b)  GaKa  and  (c) 
AIKa  signal  intensities.  The  scans  were  performed  in  a  trench  region. 

Based  on  the  data  gained  from  the  microstructural  and  chemical  characterization  it  is  concluded 
that  the  trench  formation  takes  place  during  the  initial  stage  of  growth  upon  nucleation.  A  phase 
separation  occurs,  which  leads  to  areas  of  significantly  different  aluminum  content.  The 
aluminum-poor  islands  grow  faster  in  vertical  direction  than  the  aluminum-rich  phase  up  to  a 
critical  thickness  when  they  start  to  laterally  overgrow  the  latter  phase.  This  growth  mechanism 
leads  to  the  formation  of  aluminum-rich  and  aluminum-poor  domains  close  to  the  substrate 
interface. 

CONCLUSIONS 

The  microstructural  and  chemical  analysis  of  AlxGa^N  layers  grown  on  SiC  reveals  that 
the  phase  separation  between  Al-rich  and  Al-poor  areas  leads  to  the  formation  of  trenches,  which 
are  gradually  overgrown  upon  further  deposition.  Two  layers  of  alternating  A1  rich  regions  are 
found  at  the  interface  with  the  SiC  and  between  at  60  nm  and  100  nm  film  thickness,  which  is 
possibly  connected  with  local  strain  variations  during  coalescence.  The  different  phases  are 
found  to  be  pseudomorphic  with  respect  to  each  other  and  relaxed  with  respect  to  the  SiC 
substrate. 
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ABSTRACT 

This  paper  described  observation  of  cathodoluminescence  (CL)  of  microcrystalline  InGaN 
bulk  crystals  under  a  scanning  electron  microscope  (SEM)  with  a  h i gh- spati al-resolution  (HR) 
CL  measuring  apparatus.  HR-CL  spectra  from  facets  of  InGaN  crystals  vary  from  facet  to  facet 
and  are  single  peaked.  Histogram  analysis  of  the  CL  peak  positions  of  HR  spectra  from  the  facets 
of  the  crystals  in  the  area  scanned  during  a  low-resolution  CL  measurement  shows  a  two-peaked 
form  with  comparable  peak  wavelengths.  The  diffusion  length  of  a  generated  electron- hole  pair 
or  an  exciton  from  the  recombination  centers  with  a  higher-energy  level  state  to  that  with  a  lower 
state  is  estimated  to  be  500  nm  at  the  longest  by  the  comparison  of  two  monochromatic  HR-CL 
images  of  adjoining  facets. 

INTRODUCTION 

InGaN  active  layers  play  an  important  role  in  a  high  efficiency  light  emitting  diode  ranging 
from  violet  to  amber,  however,  its  microscopic  structure  of  luminescence  center  is  not  well 
understood  yet  [1,2].  Because  almost  all  the  samples  studied  are  epilayers  grown  by  metal 
organic  chemical  vapor  deposition  stresses  within  them  caused  by  the  large  lattice  misfit  between 
an  epilayer  and  a  substrate  modulate  luminescence  properties  through  piezoelectric  field  or  band 
gap  modulation.  As  we  synthesize  free  standing  and  stress  free  microcrystalline  InGaN  [3],  we 
study  luminescence  properties  of  InGaN  without  a  nuisance  of  stresses  or  piezoelectric  field. 

When  we  measure  photoluminescence  we  often  observed  two  peaked  spectra.  As  we  use  a 
laser  the  excitation  beam  diameter  cf  the  laser  is  1  mm  a  measured  emission  band  is  an 
integration  of  each  emission  band  of  the  crystals  under  excitation.  The  intensity  profile  of  the 
band  may  be  explained  by  a  summation  of  the  product  of  the  bulk  density  of  the  crystals  showing 
a  certain  emission  band  in  the  observed  area  and  the  intensity  of  the  band.  As  we  can  probe  with 
an  electron  beam  with  a  diameter  of  subnanometers  for  CL  measurement,  we  observe  CL 
properties  for  GaN  microcrystals. 

From  HR-CL  images  dark  lines  running  in  the  <1 1  -20>  or  <1-100>  directions  from  a  (0001) 
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basal  plane  of  GaN  microcrystals  are  observed  [4].  The  dark  lines  terminated  on  the  surface  of 
{ 1  l-2x}  or  { 1  -lOy }  facets  as  dark  spots.  Although  there  is  few  report  which  associated  the  CL 
dark  lines  with  threading  dislocations  [5],  these  dark  lines  are  assigned  to  threading  dislocations 
in  GaN  crystals,  because  their  crystallographic  orientation  have  the  feature  of  the  threading 
dislocation  and  density  of  the  dark  spots  is  comparable  to  that  of  the  threading  dislocation  [4]. 

This  paper  describes  the  CL  spectra  from  each  facet  of  InGaN  microcrystals  and  CL  mapping 
images  studied  under  the  HR- CL  SEM  at  room  temperature. 

EXPERIMENT 

InGaN  micorcrystals  were  grown  by  a  two-step  method  described  in  Ref.  3.  In  the  first  step, 
GaN  microcrystals  were  synthesized  by  the  nitridation  of  Ga2S3  with  ammonia  at  1 120°C;  in  the 
second  step  InGaN  microcrystals  were  synthesized  by  the  nitridation  of  a  mixture  of  obtained 
GaN  microcrystals  and  ground  In2S3  with  ammonia  at  850  -  950  °C.  The  size  of  InGaN  crystals 
ranged  from  1  to  20  pm. 

HR-CL  was  observed  under  an  in- lens  scanning  electron  microscope  (Topcon  DS130S) 
equipped  with  a  monochromator  directly  coupled  to  an  optical  port.  Detail  of  the  equipment  is 
described  in  Ref.  4.  HR-CL  measurement  conditions  are  as  follows:  A  beam  diameter  of  10  nm 
and  an  accelerating  voltage  of  5  kV.  Low-spatial-resolution  CL  (LR-CL)  spectra  to  compare 
with  HR-CL  spectra  were  measured  under  an  electron  probe  micro  analyzer  (Shimazu  EPMA 
8705)  with  an  electron  beam  of  1  pm  in  diameter. 

RESULTS  AND  DISCUSSIONS 

A  nanoscale  CL  image  of  nonradiative  defects  are  observed  with  a  HR-CL  apparatus.  Dark 
lines  with  a  width  of  30  nm  and  dark  spots  with  a  diameter  of  30  nm  are  observed  in  a 
monochromatic  image  at  390  nm  from  a  (0001)  basal  plane  of  an  InGaN  microcrystal  synthesized 
at  950  °C  as  shown  in  Fig.  1 .  Dark  lines  stretching  in  <ll-20>  or  <1  -100>  directions  through 
the  c-plane  are  observed.  We  assign  dark  lines  and  dark  spots  to  threading  dislocations  as  is  the 
case  with  GaN  microcrystals,  although  the  dark  spots  on  the  c-plane  were  not  observed  for  GaN 
samples  [4]. 

Emission  spectra  from  an  area  with  sides  of  several  tens  nanometers  can  be  observed  in 
HR-CL  measurement.  The  CL  spectra  from  each  facet  of  an  InGaN  crystal  in  Fig.  2  are 
summarized  in  Fig.  3.  Areas  marked  in  Fig.  2  are  selected  to  minimize  the  mixing  of  emission 
from  the  adjoining  facets.  The  alphabetic  order  of  the  spectrum  in  Fig.  3  corresponds  to  the 
ordinal  number  of  the  scanned  area.  Most  of  the  HR-CL  spectra  are  single  peaked.  When  there  is 
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Figure  1.  Dark  spots  and  lines  on  (0001)  plain 
of  InGaN  in  a  monochromatic  CL  image  at 
390  nm. 


Figure  2.  SEM  image  of  an  InGaN  crystal 


a  small  hump  in  the  HR-CL  spectra,  the  location  of  the  hump  is 
near  the  peak  position  of  the  adjacent  facet,  see  the  spectra  in  Fig. 
3  (b)  and  (e).  Peak  positions  of  CL  spectra  range  from  420  to  460 
nm.  The  facet  where  the  area  1  is  located  is  a  (0001)  basal  plane 
and  the  peak  position  of  the  c-plane  is  in  a  group  with  the  shortest 
peak  wavelength.  By  the  CL  peak  position  the  In  content  x  of 
Ii\Gai-xN  for  each  facet  is  estimated  if  we  apply  the  relationship 
equation  between  the  PL  peak  energy  and  the  In  content  in  Ref.6. 
Estimated  In  contents  in  the  facet  range  from  0.07  to  0.15  for  the 
InGaN  ciystal  in  Fig.  3.  The  reason  why  the  In  concentration 
varies  so  abruptly  from  facet  to  facet  is  still  under  investigation. 

By  the  comparison  of  SEM  images  in  Fig.  2  and 
monochromatic  HR-CL  images  at  420  and  460  nm  in  Figs.  4  (a) 
and  (b),  the  diffusion  distance  of  a  generated  electron- hole  pair  or 
an  exciton  before  recombination  at  the  center  assigned  to  the 
emission  band  at  420  nm  in  a  facet  to  that  at  460  nm  in  the 
adjoining  facet  is  estimated.  The  diffusion  length  is  estimated  to 
be  in  the  range  from  300  to  500  nm  at  the  longest,  which  is  twice 
as  large  as  that  of  MOCVD  grown  GaN  [7].  No  reverse  diffusion 
process  occurred  from  the  lower  state  to  the  higher  state. 

In  LR-CL  measurement  a  two-peaked  emission  spectrum  was 
sometimes  observed  from  the  area  with  a  side  of  few 
micrometers  of  InGaN  microciystals,  as  shown  in  Fig.  5. 
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Figure  3.  HR-CL 
spectra  of  the  facets  of  an 
InGaN  crystal  (a)  scanned 
at  the  area  1,  (b)  2,  (c)  3, 
(d)  4,  (e)  5,  (f)  6,  and  (g) 
7. 


(a)  at  420  nm  (b)  at  460nm 

Figure  4.  Monochromatic  HR -CL  images  (a)  at  420  nm  and  (b)  at  460  nm.  The  width  from  the 
edge  of  a  bright  band  in  the  circle  labeled  A  of  Fig.  4  (b)  is  500  nm  and  that  in  the  circle  B  is  300 
nm.  The  diffusion  length  of  an  electron-hole  pair  or  an  exciton  from  the  higher -energy  state  to  the 
lower-energy  state  of  In  recombination  centers  is  estimated  to  be  300  to  500  nm.  The  width  of  a 
dark  band  in  the  circle  A  in  Fig.  4  (a)  is  200  nm  and  that  is  in  definable  in  the  circle  B.  The 
obsen>ation  indicates  that  no  reverse  diffusion  of  an  electron-hole  pair  or  an  exciton  occured 
from  the  lower  energy  state  to  the  higher  state. 


Histogram  of  the  HR-CL  peak  position  of  obtained  spectra  shows  two  peaks  at  420  and  450  nm 
classes,  as  shown  in  Fig.  6,  which  agrees  well  to  the  CL  peaks  in  Fig.  5.  The  spectrum  profile  of 
LR-CL  is  an  integration  of  HR-CL  spectra  from  all  the  facets  in  the  LR-CL  scanning  area.  A 
single-peaked  spectrum  or  single-peaked  one  with  a  shoulder  or  hump  measured  in  a  HR-CL 
spectrum  is  another  cause  of  a  two-peaked  emission  spectrum. 
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Figure  5.  LR-CL  spectrum  of  an  InGaN  Figure  6.  Histogram  of  the  peak  positions  of 

crystal.  the  HR-CL  spectrum  for  facet  of  InGaN. 
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CONCLUSION 

High- spatial  resolution  CL  measurements  showed  that  a  CL  spectrum  varies  for  each  facet  of  a 
InGaN  crystal.  Peak  positions  of  CL  spectra  from  facets  range  from  420  to  460  nm.  Estimated 
In  contents  from  the  HR-CL  peak  positions  range  from  0.07  to  0.15.  The  excitation  energy 
transfer  from  the  higher  energy  level  state  to  the  lower  energy  level  state  of  the  In  luminescence 
center  is  observed.  The  estimated  diffusion  length  of  an  excited  electron-hole  pair  or  an 
exciton  is  500  nm  at  the  longest. 
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ABSTRACT 

We  present  a  comparative  study  of  the  effects  of  low  power  reactive  ion  etching  (RIE)  on  GaN 
and  InN.  This  new,  highly  chemical,  dry  etching,  using  CF4  and  Ar,  has  been  developed  for  thin 
nitride  films  grown  at  low  temperature  in  our  laboratories.  GaN  films  were  grown  by  remote 
plasma  enhanccd-laser  induced  chemical  vapor  deposition  and  InN  films  were  grown  by  radio¬ 
frequency  RF  reactive  sputtering.  Commercial  GaN  samples  were  also  examined.  Optical  and 
electrical  characteristics  of  the  films  are  reported  before  and  after  removing  100  to  200  nm  of  the 
film  surface  by  RIE.  We  have  previously  shown  that  the  GaN  films,  although  polycrystallinc  after 
growth,  may  be  re-crystallized  below  the  growth  temperature.  Removal  of  the  surface  oxide  has 
been  found  to  be  imperative  since  a  polycrystalline  residue  remains  on  the  surface  after  re- 
ciystallization. 


INTRODUCTION 

III-V  nitrides  have  some  unique  properties,  such  as  wide  band  gap,  high  thermal  conductivity  and 
chemical  stability,  which  make  them  ideal  materials  for  optoelectronic  and  high  power  devices. 
III-V  nitrides  have  high  bond  energies  compared  to  conventional  III-V  semiconductors  and  are 
therefore  more  difficult  to  process  for  device  applications.  Dry  etching  of  nitrides  has  been 
extensively  investigated  using  numerous  plasma-based  machines  and  sourcesfl].  However,  only  a 
few  studies  on  etching  damage  have  been  published.  A  large  number  of  high-density  plasma  dry 
etch  processes  have  been  developed  to  obtain  vertical  and  smooth  sidewall  profiles  for  nitride 
optoelectronics  devices[2].  In  addition  to  etch  anisotropy,  an  important  consideration  for  device 
fabrication  is  the  elimination  of  ion  damage.  Achieving  high  anisotropy  generally  requires  high, 
ion  assisted  etch  rates.  In  this  work  we  report  on  the  RIE  of  our  thin  nitride  films  performed 
using  CF4/Ar  chemistries.  These  thin  GaN  and  InN  films  are  grown  in  our  lab  at  low  temperature. 
We  investigate  the  effect  of  the  rf  plasma  power  as  a  function  of  etch  rate  and  surface 
contamination.  We  also  present  the  results  of  an  investigation  into  the  cause  of  etch-induced 
damage  for  this  chemistry.  The  GaN  and  InN  films  exposed  to  RIE  were  examined  electrically, 
chemically  and  optically  to  identify  the  effects  of  various  treatments. 

EXPERIMENTAL  DETAILS 

GaN  films  were  grown  by  remote  plasma  enhanced-laser  induced  chemical  vapor  deposition  at 
550-600  °C  on  Si  (100)  and  Sapphire  substrates.  Although  the  GaN  was  polycrystallinc  after 
growth,  it  may  be  re-crystallized  below  the  growth  temperature[3],  InN  films  were  grown  by 
radio-frequency  reactive  sputtering  at  80  °C  on  borosilicate  glass,  sapphire  and  Si(100) 
substrates. 
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The  RIE  was  performed  in  a  conventional  RF -power  reactor.  Ar  gas  was  added  in  order  to 
stabilize  the  plasma  and  enhance  the  physical  etching  process.  The  total  pressure  was  held  at  10 
Pa  with  partial  pressures  of  2  Pa  and  8  Pa  for  Ar  and  CF4  respectively.  Microwave  powers  of  15- 
200  W  were  used.  Silastic  as  well  as  metals  were  used  for  masking.  All  etch  experiments  were 
performed  at  room  temperature.  The  etch  depth  was  measured  with  an  Apha-step  Tencor  surface 
profiler. 

The  surface  morphology  of  the  unprocessed  and  processed  samples  was  examined  by  scanning 
electron  microscopy  (SEM)  and  atomic  force  microscopy  (AFM).  AFM  was  performed  in  one  by 
one  micron  scans  using  a  silicon  tip  in  the  contact  mode. 

The  structural  morphology  of  GaN  and  InN  were  investigated  using  X-ray  diffraction  after 
sequential  surface  removal  of  layers  200  nm  thick  by  low  power  RIE. 

Some  individual  samples  were  cut  into  0.4  by  0.4  cm2  samples  and  evaluated  using  Hall 
measurements,  this  was  done  with  or  without  RIE.  Thermally  evaporated  Ti/Al/Au  alloy  and  Au 
contacts  were  deposited  at  the  comers  of  GaN  and  InN  un-etchcd  and  etched  samples  to  serve  as 
ohmic  contacts.  The  Hall  measurements  were  collected  at  room  temperature.  For  Hall 
measurements  on  GaN,  commercial  samples  were  used. 

A  Cary  UV-Vis  double  beam  transmission  spectrophotometer  was  used  to  collect  optical 
transmission  spectra  for  band-gap  measurements  of  the  etched  and  un-etched  samples. 

Chemical  information  of  the  un-etched  and  etched  surfaces  was  obtain  by  secondary  ion  mass 
microscopy  (SIMS)  and  X-ray  photoclcctron  microscopy  (XPS). 


RESULTS  AND  DISCUSSION 

Figure  1  shows  the  results  of  the  etch  rate  of  GaN  and  InN  in  CF4/Ar  as  a  function  of  the  power 
of  the  rf  plasma.  The  etch  rate  of  GaN  increases  linearly  with  the  power  of  the  rf  plasma.  This  is 
twice  the  etch  rate  of  GaN  presented  by  H.  Lee  et  al  with  CHF3/Ar  chemistries[4].  The  etch  rate 
of  the  InN  increases  linearly  and  follows  closely  the  GaN  etch  rates  up  to  70  W  then  decreases 
and  saturates  at  180  W.  The  most  straightforward  explanation  for  such  an  observation  is  to 
assume  that  there  is  an  incomplete  chemical  reaction  with  partial  creation  of  the  volatile  species 
where  the  F  radicals  are  incorporated  in  the  InN  surface  by  implantation  before  they  have  a 
chance  to  react.  Similar  dependences  have  been  noticed  when  etching  SiGe  with  CF4/Ar 
chemistries  where  the  etch  rates  increase  linearly  and  then  decrease  and  saturate^].  Figure  2 
shows  the  AFM  measurements  on  the  InN  before  and  after  etching  200  nm  down  at  a  RIE  power 
of  70  W. 
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Figure  1.  Etch  rates  of  the  nitrides  as  a  function  of  RIE  power. 
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a)  b) 

Figure  2.  Taping-mode  AFM  1  pm2  images  of  InN  sample  surfaces,  (a)  Unprocessed  and  (b)  200 

nm  removed  by  RIE  at  70  W 


Figure  3.  SEM  cross-section  of  GaN  film  that 
has  been  re-crystallized.  A  residue  of  100-200 
nm  is  also  visible  near  the  top  of  the  film. 


The  surface  morphologies  show  that  the  size  of  the  InN  crystals  decreases  from  a  root-mean- 
square  surface  roughness  of  4  nm  to  3.2  nm  with  RIE  treatment.  AFM  for  the  GaN  reveals  that 
the  crystal  sizes  at  the  surface  before  and  after  etching  were  very  similar;  the  only  variation 
noticed  was  sample  related  as  previously  noted  for  GaN  samples  grown  at  different 
temperature[6].  SEM  cross-sectional  micrographs  reveal  that  smoother  etched  surfaces  and 
sharper  edges  were  obtain  for  a  RIE  power  of  70  W.  Figure  3  is  the  cross  sectional  image  of  a 
GaN  film,  grown  on  (100)Si,  that  has  undergone  re-crystallization  processing.  XRD  were  taken 
for  this  sample  before  any  etching  and  then  after  removing  200  nm  of  the  top  layer  where  there  is 
a  polycrystalline  residue  remaining  at  the  surface  after  re-crystallization.  Figure  4  presents  the 
XRD  results  on  GaN,  before  and  after  two  steps  of  RIE.  We  note  a  change  in  the  orientation  of 
the  crystal  along  the  etch.  At  the  surface  (graph  1),  there  are  3  prominent  peaks  20  =  32.4  °,  35  0 
and  36.96  0  indicating  polycrystalline  material  with  multiple  orientation  which  can  be  GaN 

(10 1 0),  Ga203  (1 11)  and  GaN  (1011)  orientations  respectively.  After  removing  200  nm  from  top 
surface  (graph  2)  the  middle  peak  corresponding  to  Ga203  is  gone  and  the  GaN  peaks  decreased. 
After  removing  300nm  more  from  top  surface  (graph  3),  a  single  strong  peak  is  evident  at  20= 
34.6  which  is  a  GaN  (0002)  reflection.  The  presence  of  this  reflection  indicates  predominantly 
(0001)  oriented  material  with  the  hexagonal  structure  c-axis  aligned  normal  to  the  (100)  cubic 
silicon  surface.  The  XRD  measurements  on  InN  films  un-etched  and  etched  show  the  same 
characteristics,  with  a  preferred  (0001)  orientation  indicating  again  the  c-axis  of  the  hexagonal 
InN  structure  perpendicular  to  the  substrate.  Figure  5  shows  a  typical  XRD  of  an  InN  film,  well 
oriented  with  all  crystallites  having  (0002)  and  (0004)  planes  parallel  to  the  growth  surface. 

The  influence  of  various  etch  conditions  on  the  electrical  properties  are  summarized  in  Table  I. 
The  resistivity,  carrier  concentration  and  mobility  are  given  before  any  etch  (un-etched  samples: 
pu,  nu,  p„)  and  after  plasma  etching  (etched  samples:  pe,  ne,  p,.). 


Figure  4.  XRD  measurements  of  GaN  film 
Graph  1:  on  surface 
Graph  2:  after  removing  200  nm  film 
Graph  3:  after  removing  300  nm  more  of 
the  surface. 


For  the  InN  samples,  the  deposited  contacts  were  good  for  etched  and  un-etched,  the  mobility 
decreases  when  using  a  RIE  power  of  140  W,  and  remains  nearly  the  same  as  the  un-etched 
sample  when  using  a  RIE  power  of  70  W.  For  the  GaN  samples,  a  dead  layer  was  evident  for  the 
deposited  contacts  on  etched  surfaces  and  a  current  of  2  mA  and  3  mA  had  to  be  applied  on  the 
140  W  etched  sample  and  200  W  etched  sample  respectively  to  break  through  the  dead  layer  and 
allow  the  Hall  measurements.  The  mobility  decreases  slightly  as  the  RIE  power  used  on  the 
sample  increases.  C.R.  Eddy,  et  al  observed  similar  decreases  in  mobility  on  GaN  using  different 
plasma  chemistries[7].  However,  the  same  sample  and  same  ohmic  contacts  were  used  before  and 
after  etching. 


Table  I.  Room  temperature  Hall  measurements  on  un-etched  samples  (resistivity:  pu,  carrier 
_ concentration:  nu,  mobility:  p„)  and  etched  samples(pc,  ne,  pc). 


Sample 


RIE 

Power 

(W) 


Etch 

time 

(min) 


Pu 

(fi.cm) 


n0 

(cm'3) 


Mt. 

(cm  2/V 

A. 


pc  (Q.cm) 


4.05  x  I  O'2 


(cm'3) 


H* 

(cm2/V. 

_ s) _ 


GaN 


70 


5.04  x  10 


7T 


4.8  x  101 


259.4 


6  x  IQ17 
8.66  x  1017 


254.7 


GaN 


140 


5.04  x  10' 


7T 


4.8  x  10 


TT 


259.4 


2.88  x  IQ'2 


4.6  x  lO'2 


TT 


249.5 


GaN 


200 


1.5 


5.04  x  lO’" 


4.8  x  IQ1' 
4  x  10l§ 


259.4 


5.8  x  10 


3!T 


234 


InN 


140 


3.1  x  10 


7T 


43 


3.07x  1QJ 
4.63  x  1 04 


2.7  x  10 


InN 


70 


4.2  x  10'3 


2.07  x  10 


^r 


7.3 


1.94  x  10 


6.9 


There  were  no  significant  changes  of  band-gap  measurements  on  InN  and  GaN  un-etched  and 
etched  samples.  The  InN  is  highly  degenerate  with  band-gap  values  within  2.0-2. 1  eV  and  the 
GaN  has  a  band-gap  of  3.4  eV. 

XPS  has  been  performed  to  determine  the  surface  composition  of  all  the  samples  un-etched  and 
etched  at  different  rf  power.  Table  II  shows  atomic  concentration  ratio  of  F/Ga  for  GaN  samples 
and  F/In  for  InN  samples  from  XPS  analysis.  In  general  these  ratios  increase  when  increasing  the 
power  of  the  RIE  and  more  dramatically  for  GaN  samples  than  for  InN  samples. 
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Table  IL  Atomic  concentration  ratio  of  F(ls)  /  Ga(2p3/2)  and  F(ls)  /  In(3ds),  determined  by  XPS 


GaN  samples 

InN  samples 

Un-etched 

30  W 

70  W 

RIE  power 

Un-etched 

HOW 

F/Ga  ratio 

0 

1.38 

2.16 

F/In  ratio 

0 

0.5 

0.52 

SIMS  measurements  show  that  the  F  radicals  get  deeper  into  InN  samples  than  GaN  samples. 
SIMS  results  were  only  regarded  as  qualitative.  Figure  6  shows  the  F  radical  penetration  in  InN 
and  GaN  samples  for  RIE  power  of  140  W  and  200  W.  For  the  InN  samples,  the  F  gets  deeper 
into  the  etched  surface  (around  30  nm)  and  is  in  strong  concentration.  In  GaN  samples,  there  is 
not  much  difference  between  samples  etched  at  140  W  and  200  W  and  the  presence  of  F  is  seen 
only  in  nm  at  the  surface. 


CONCLUSION 

This  work  is  an  investigation  of  a  new  reactive  ion  etching  using  CF4  and  Ar  chemistries  for  our 
GaN  and  InN  thin  films  grown  at  low  temperatures.  We  noticed  that  the  etch  rate  increases 
linearly  with  the  RIE  power  and  RIE  powers  below  70  W  have  less  damaging  effects  than  higher 
powers.  In  InN  case,  the  etch  rate  decreased  dramatically  when  the  power  is  higher  than  70  W 
and  saturated  around  140  W.  The  role  of  ion  bombardment  docs  not  play  the  only  role  in  creating 
etch-induced  damage  in  InN.  There  is  evidence  of  fluorine  incorporation  on  the  InN  surface 
exposed  to  this  plasma.  SIMS  measurements  were  in  accordance  with  this  result  showing  high 
concentration  of  fluorine  in  the  first  30  nm  of  the  treated  surface.  Furthermore  this  saturation  of 
the  etching  rate  in  InN  compared  to  GaN  at  high  RIE  power  can  be  used  for  selective  etching, 
however  the  strong  incorporation  of  F  in  the  InN  films  should  be  taken  into  consideration. 

The  surface  morphology  of  the  treated  surfaces  analyzed  by  AFM  and  SEM  were  similar  when 
using  RIE  power  up  to  70  W.  Less  etch-induced  damages  were  seen  beyond  RIE  power  of  70  W. 
The  effect  of  plasma  etching  on  the  electrical  properties  was  demonstrated  with  Hall  effect 
measurements.  In  the  GaN  samples,  small  variation  of  the  mobilities  and  carrier  concentrations 
were  reported,  with  small  decrease  of  the  mobility  as  the  RIE  power  increases.  However  a  dead 
layer  was  remarked  when  contacting  on  etched  GaN  surfaces.  This  dead  layer  can  be  explain  with 
XPS  results  showing  a  stronger  F/Ga  ratio  at  the  surface  and  SIMS  results  showing  that  the 
presence  of  F  as  a  function  of  depth  profile  is  just  in  the  first  few  nm  of  the  GaN  treated  surface. 
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Figure  6.  SIMS  measurements  showing  the  F  contamination  along  the  depth  of  GaN  and  InN 
treated  at  different  RIE  power. 


Further  work  is  being  undertaken  to  find  out  a  technique  to  remove  this  dead  layer  at  the  surface 
of  GaN  by  changing  the  gas  ratio  in  the  RIE  chamber  and  doing  a  quick  etch  in  situ  after  RIE. 
Other  possible  techniques  for  removing  the  influence  of  the  dead  layer  could  be  to  use  different 
alloy  techniques  for  contacting  just  after  RIE  treatment.  SIMS  and  XPS  measurements  on  InN 
showed  that  there  is  more  F  incorporation  within  the  InN  and  less  F  at  the  surface.  Also,  as  InN  is 
highly  conductive,  very  good  contacts  were  also  possible  on  the  RIE  treated  surfaces. 

A  gentle  RIE  at  power  of  40-70  W  was  successful  for  removing  the  residual  polycrystalline  film 
at  the  surface  of  the  re-crystallized  GaN  without  damaging  the  crystal. 

This  study  has  also  shown  that  the  most  effective  ion-assisted  etching  using  this  chemistry  is  for 
RIE  power  of  70  W  or  lower  on  both  GaN  and  InN  films.  As  the  F  incorporation  is  very  strong  in 
InN  films,  a  chlorine-based  discharge  should  be  considered. 
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ABSTRACT 

Photoreflectance  (PR)  is  used  to  detect  and  characterize  the  electronic  effects  etch-induced 
defects  in  GaN  that  is  exposed  to  an  Ar  or  Ar/Cl  inductively  coupled  plasma  (ICP).  Because  of 
the  sensitivity  of  PR  we  can  follow  the  formation  of  etch-induced  defects  as  a  function  of  ion 
energies  and  densities.  We  show  that  at  low  RF  powers,  below  100W,  the  surface  improves  in 
electronic  quality,  but  as  the  power  is  increased  beyond  200W,  etch-induced  defects,  are  formed. 
The  use  of  an  Ar/Cl  mixture  plays  a  critical  role  in  control  of  etch-induced  defects. 


INTRODUCTION 

GaN  and  its  alloys  are  of  great  interest  because  of  desirable  electronic  transport 
properties  inherent  to  these  material  systems  as  well  as  their  good  thermal  dissipation 
characteristics.  Devices  that  are  made  from  GaN  based  materials  often  involve  the  formation  of 
recessed  gates,  which  are  formed  through  dry  etch  removal  of  material.[l]  The  etching  scheme 
of  choice  is  inductively  coupled  plasma  etching,  which  utilizes  an  inert  species  such  as  Ar  to 
provide  directional  sputtering  and  a  reactive  species  such  as  CL  to  enhance  the  etch  rate  and  in 
many  cases  control  the  effects  of  etch-induced  damage.  A  trade-off  occurs  because  the  energetic 
ions  can  penetrate  well  below  the  surface  and  create  defects  such  as  vacancies  or  interstitials.  In 
GaAs,  it  was  found  that  a  careful  balance  of  ion  energy  and  reactive  gas  pressure  can  control  the 
process-induced  defects,  and  in-situ  post  etch  treatments  could  be  used  to  remove  any  other 
residual  defects. [2]  In  the  case  of  GaN,  however,  such  control  over  defects  in  processing  does 
not  exist,  and  the  only  recourse  for  defect  removal  is  post-etch  annealing,  which  is  found  to  be 
incomplete. 

Previous  studies  of  GaN  based  devices  that  were  exposed  to  a  ICP  plasma  have  shown 
that  the  etch  damage  can  have  a  deleterious  effect  on  device  performance.[l]  This  included 
reduced  Schottky  barrier  heights  as  well  as  motion  of  the  Fermi  energy  at  the  surfaces  of  GaN 
toward  mid  gap.  [3]  These  results  suggest  significant  changes  to  the  surface  electronic  properties 
of  GaN  that  is  exposed  to  a  plasma. 

In  this  paper,  we  take  advantage  of  the  fact  the  photoreflectance  spectroscopy  (PR)  is 
based  on  the  ability  to  photomodulate  the  built-in  surface  electric  field.  This  ties  in  directly  into 
the  fact  that  the  photomodulation  is  just  a  photovoltage.  The  AC  nature  of  the  modulation  allows 
us  to  explore  in  a  contactless  manner  the  response  of  the  surface  states  that  pin  the  Fermi-level. 
Thus  changes  in  the  surface  potential  will  directly  lead  to  changes  in  the  PR  signal.  In  addition, 
the  surface  photovoltage  will  also  be  sensitive  to  formation  of  subsurface  defects.  We  show  that 


273 


we  can  follow  the  formation  of  defects  that  are  induced  by  ICP  etching  of  GaN  from  the  initial 
changes  to  the  surface  potential  to  the  formation  of  subsurface  defects  that  act  as  trap  centers. 


THEORETICAL  CONSIDERATIONS 

The  photoreflectance  technique  has  traditionally  been  used  to  study  interband  transitions 
in  various  semiconductors.  The  technique  produces  derivative  like  line  shapes  for  transitions  at 
various  critical  points  in  the  Brillouin  zone.  The  derivative  nature  of  PR  comes  from  the  Franz- 
Keldysh  effect,  which  results  in  the  reflectivity  and  absorption  of  a  material  being  dependent  on 
an  applied  or  built-in  electric  field.[4]  In  general,  the  relationship  between  the  electric  field,  F, 
its  modulation  (through  a  change  in  surface  potential,  AV)  and  the  optical  reflectivity,  R,  can  be 
expressed  in  a  simple  manner: 


AR 

R 


-[R(F  +  SF)-R(F)]~ 

R 


I  JR(F)dF 

- — - AV 

R  dF  dV 


(i) 


This  shows  that  the  intensity  ol  measured  PR  signal  will  be  directly  proportional  to  the 
modulation  of  the  electric  field.  In  the  case  of  photoreflectance,  the  surface  potential 
modulation,  AV,  is  through  a  photovoltage,  AVP. 

In  addition,  because  the  reflectivity  is  a  function  of  band  gap  of  the  material  being 
probed,  Eg,  the  broadening  parameter,  V.  and  the  photon  energy,  E,  of  the  probe  light,  we  can 
rewrite  Eq.  ( 1 )  in  a  more  familiar  form: 

\R 

—  =  V, ,{QjAL(E,E  .D  (2) 

where  A  is  a  constant.  L  is  a  spectral  line  shape  function,  which  defines  the  observed  spectral 
feature.  In  Eq.  (2),  we  have  assumed  that  the  field  or  surface  potential  modulation  is  produced 
by  a  photovoltage,  Vp(Qm)  which  is  induced  by  a  monochromatic  pump  beam  that  illuminates 
the  surface.  The  reflectivity  which  is  measured  by  a  second  probe  light  and  contains  in  it  a 
component  with  frequency,  Qm,  which  is  just  the  derivative-like  photoreflectance  signal  of 
Eq.(2)  As  can  be  seen  from  Eq.(2).  the  intensity  of  this  component  is  proportional  to  the 
photovoltage,  Vp(£2m).  Because  Vp(Qm)  can  have  both  in-phase  and  quadrature  components  it 
will  depend  strongly  on  the  presence  of  detects  in  the  near  surface  region.  Thus,  the  intensity  of 
the  photoreflectance  signal  becomes  a  contactless  optical  probe  of  the  surface  photovoltage. 
Therefore,  any  change  in  surface  state  density  and  pinning  position  will  manifest  themselves 
through  concomitant  changes  in  the  PR  intensity. 

In  general,  Vp  will  have  real  and  imaginary  components  (  Vp  =  Vp>re  +  iVpJm),  whose  ratio 
we  define  as  the  PR  lag  (  =  VP!jm  /Vpre).  This  is  equivalent  to  the  complex  impedance  analysis  of 
a  simple  RC  network,  in  which  one  measures  a  complex  response,  whose  phase  angle  is  directly 
related  to  the  capacitance  in  the  network  [tan(tp)  =  R  C  Qm].  Thus,  one  can  view  the  PR  lag  a 
direct  measure  of  the  capacitance  of  semiconductor  surfaces  or  interfaces. 

Finally,  it  is  important  to  note  that  any  photovoltage  depends  on  an  induced  photocurrent, 
which  requires  the  presence  of  either  an  applied  or  built-in  electric  field.  Thus,  Vp  will  follow 
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the  photovoltaic  behavior  in  which  Vp  ~  A  ln[  B  Io  exp(-qVf/kT)  +  1].[5,6]  Here,  Vf  is  the 
position  of  the  Fermi-level  at  the  surface,  I0  is  the  incident  photon  flux  and  B  is  a  term  containing 
the  Richardson  constant  and  the  arial  density  of  surface  states. 


EXPERIMENTAL  DETAILS 


The  samples  that  were  used  in  these  experiments  were  1 .5  um  thick  MBE  grown  p-GaN 
and  commercially  purchased  from  SVT.  Unfortunately,  the  surfaces  of  the  pre-etch  GaN  samples 
can  vary  significantly  between  one  growth  run  and  another.  Shown  in  Figure  1  are  two  atomic 
force  microscopy  (AFM)  images  of  such  a  variation  in  sequentially  grown  MBE  wafers.  Wafer 
(a)  is  smoother  and  shows  small  spherical  features,  while  wafer  (b)  is  characterized  by  V-defects. 
Between  the  V-defects  of  sample  (b),  the  surface  is  much  smoother.  In  our  experiments,  we  used 
mostly  wafer  (a),  as  it  was  the  one  that  was  most  readily  available.  In  addition,  all  of  our  samples 
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Figure  1.  AFM  images  of  two  different  MBE  grown  p-GaN  samples.  The  surface  of  wafer 
(a)  has  a  puffy  texture,  while  wafer  (b)  is  riddled  with  defects  that  show  up  as  holes. 


were  screened  using  AFM  to  ensure  that  only  one  type  was  etched. 

Prior  to  etching,  the  samples  were  water  rinsed  and  blown  dry  in  filtered  N2.  The 
samples  were  then  etched  in  a  300  W ICP  system  that  had  a  flow  rate  of  15  seem,  with  a  mixture 
of  10  seem  of  Cl2  and  5  seem  of  Ar  the  process  pressure  was  5  mTorr.  The  ion  energies  were 
varied  from  40  V  to  400  V  by  changing  the  RF  power  to  the  sample  chuck  from  40  W  to  300  W. 
The  etch  times  were  1  minute  for  each  samples.  This  led  to  etch  depths  varying  from  40  nm  for 
Ar/Cl2  to  lOnm  for  Ar  only.  It  is  important  to  note  that  while  for  flow  rates,  gas  mixtures  and 
microwave  power  contribute  to  the  etch  rates  it  is  the  RF  power  that  is  variable  and  produces 
energetic  ions  which  will  produce  damage. 

The  photoreflectance  measurements  were  performed  using  the  typical  apparatus 
described  in  the  literature.  In  this  case,  however,  we  used  the  351nm  line  of  the  Ar  ion  laser  as 
our  pump  for  producing  the  photovoltaic  modulation.  The  laser  was  mechanically  chopped  at  a 
frequency  of  390Hz.  The  reflectivity  was  measured  with  a  150W  Xenon  lamp  that  was  dispersed 
through  a  Spex  Va  monochromator  and  the  reflected  light  was  detected  with  a  UV  enhanced  Si 
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photodiode.  The  PR  signal  was  extracted  from  the  reflectivity  with  a  lock-in  amplifier  tuned  to 
390Hz. 


RESULTS  AN  DISCUSSION 


Shown  in  Figure  2,  are  a  series  of  photoreflectance  spectra  for  GaN  that  was  exposed  to 
an  Ar/Cl2  ICP  plasma.  Both  the  in-phase  and  quadrature  components  of  the  PR  signal  are 
shown.  The  first  thing  to  note  about  the  spectra  is  the  variation  in  signal  intensity.  The  control 
sample  had  a  very  small  signal  compared  to  the  etched  samples,  which  were  about  50  times  more 
intense.  The  initial  etch  with  40  W  RF  power  dramatically  increases  the  PR  signal  intensity. 
Subsequent  etching  with  200  W  RF  power  is  seen  to  reduce  the  PR  intensity.  In  addition  to  the 
effects  of  etching  on  the  PR  intensity,  we  also  see  that  there  are  significant  changes  in  the  ratio  of 
the  in-phase  and  quadrature  PR  components  (PR  lag).  The  control  sample  has  a  quadrature 

signal  that  is  54%  of  the  in-phase 
signal,  while  the  etched  samples 
have  lower  values  near  30%. 

In  addition  to  changes  in 
the  signal  intensity  and  the  PR 
lag,  it  is  evident  that  the  line 
shape  is  also  effected  by  the  etch 
process.  The  control  sample  has 
a  veiy  low  PR  intensity  and  also 
has  a  simple  line  shape  near  3.4 
eV.  The  oscillations  below  3.4 
eV  are  due  to  optical  interference 
between  light  reflected  from  the 
surface  of  the  sample  and  the 
substrate/epitaxial  interface. 
They  are  small  and  only  seen 
when  the  PR  signal  is  very  weak. 

The  structure  between 
3.35  and  3.5  eV  comprises  the  PR 
signal.  For  the  sample  that  was 
etched  at  40  W,  the  PR  lines 
increase  in  intensity,  broaden  and 
we  see  additional  oscillations 
above  the  gap.  These  oscillations 
are  due  to  the  Franz-Keldysh 
effect  and  are  known  as  the 
Franz-Keldysh  Oscillations 
(FKO).  The  period  of  the  FKO  is 
a  direct  measure  of  the  built-in 
electric  field.  Clearly,  the  period 
of  the  FKO  in  Fig.  2b  is  much 
larger  than  that  of  Fig.  2a 


Figure  2.  Photoreflectance  spectra  for  a)  the 
control  p-GaN  sample  and  for  samples  etched 
with  b)  40  Wand  c)  200  W  of  RF  power.  The 
in-phase  (solid)  and  quadrature  (dotted) 
components  of  the  PR  signal  are  shown. 
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indicating  that  the  etching  increased  the  electric  field.  This  behavior  is  consistent  with  a  shift  of 
the  Fermi-level  from  near  the  valence  band  to  mid  gap.  Further  etching  at  200  W  of  RF  power, 
reduces  the  period  of  the  FKO  indicating  a  decreased  the  electric  field. 

The  results  for  the  Ar  etching  are  similar  to  those  obtained  for  the  Ar/Cl2  case,  with  one 
exception.  The  increases  in  the  PR  intensity  at  low  RF  powers  are  a  factor  of  4  smaller  than  for 

the  Ar/Cl2  case.  In  addition,  the 


RF  power  (W) 


period  of  the  FKO  from  those 
samples  indicates  a  smaller 
electric  field,  one  similar  to  that  of 
the  200  W  ArCl2. 

The  results  for  the  PR 
intensity  and  PR  lag  for  both 
etching  scenarios  are  summarized 
in  Figures  3  and  4.  We  will  use 
this  information  below  to  form  a 
picture  of  the  effects  of  ICP 
etching  on  the  electronic 
properties  of  the  GaN  surfaces. 

The  initial  surfaces  of  the 
GaN  are  heavily  pinned  near  the 
valence  band.  This  is  indicated  by 


Figure  3.  Photoreflectance  intensity  as  a 
function  of  RF  power  for  Ar  (open  circles) 
and  Ar/C12  etches.  The  intensity  was 
obtained  from  the  extrema  near  3.4  eV. 


RF  power  (W) 

Figure  4.  Photoreflectance  lag  as  a 
function  of  RF  power  for  Ar  (open 
circles)  and  Ar/Cl2  etches. 


the  small  PR  intensity  and  the 
large  PR  lag  of  0.54  as  shown  in 
Fig.4.  Any  initial  exposure  to 
either  a  reactive  (with  Cl2)  or 
non  reactive  plasma  at  low  ion 
energies  improves  the  surface  by 
removing  the  defects  responsible 
for  the  initial  pinning.  This  is 
indicated  by  the  fact  that  both 
types  of  etching  reduce  the  PR 
lag. 

The  FKO’s  and  PR 
intensity  indicate  different  pinning 
sites  for  the  Ar  and  Ar/Cl2  etches, 
with  the  Fermi-level  moving 
toward  mid  gap.  In  the  case  of  Ar, 
the  new  pinning  position  is  closer 
to  the  valence  band,  while  for  the 
case  of  an  Ar/Cl2  plasma,  it  is 
much  closer  to  mid  gap. 

Etching  at  higher  RF 
powers  reduces  the  PR  intensity 
(Fig.  3)  and  the  FKO  period  for 
Ar/Cl2  and  has  no  major  effect  on 
the  Ar  etched  samples.  In 
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addition,  in  both  cases  etching  beyond  200  W  significantly  increases  the  PR  lag,  despite  no 
changes  in  PR  intensity  or  electric  field. 

The  results  for  higher  powers  can  be  understood  in  terms  of  the  onset  of  subsurface 
damage.  At  higher  RF  powers,  ions  (rom  the  Ar  only  plasma  not  only  sputter  surface  atoms,  but 
also  penetrate  below  the  surface,  where  collisions  with  lattice  atoms  produces  a  variety  of  point 
defects.  In  the  Ar  plasma,  there  is  no  effective  method  of  removing  theses  defects,  since 
increased  ion  energies  only  leads  to  deeper  penetration  into  the  lattice.  In  the  case  of  the  Ar/Cl2 
plasma,  the  chemical  reactivity  of  Cl2  increases  the  etch  rate  and  allows  for  effective  removal  of 
the  defects.  In  addition,  in  GaAs  work  it  has  been  shown  that  Cl2  may  also  have  a  passivating 
effect  on  defects  that  are  formed. 

At  some  increased  ion  energy,  however,  the  sputtering  and  deep  penetration  outpaces  the 
chemical  removal  and  the  detects  begin  to  form.  This  is  the  case  in  our  experiments  for  200  W 
and  above.  At  this  point,  the  PR  lag  increases  significantly  indicating  the  formation  of  slow 
subsurface  traps,  which  act  as  an  added  capacitance  to  that  of  the  surface  field.  Because  of  this, 
our  results  suggest  that  damage  free  etching  occurs  below  200W  of  RF  power.  These  results  are 
consistent  with  previous  work  for  ECR  of  GaAs  in  an  Ar/Cl2  plasma. [2,7]  In  that  case, 
subsurface  damage  was  observed  at  ion  energies  of  200  V  compared  to  300  V  in  our  case  for 
GaN. 

In  conclusion,  we  have  used  photoreflectance  spectroscopy  to  study  the  effects  of  ICP 
etching  on  the  electronic  properties  ol  GaN  surfaces.  We  have  shown  that  important  information 
can  be  obtain  about  the  effects  of  etching  and  in  a  contactless  manner. 
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ABSTRACT 

We  have  performed  electroreflectance  and  photoreflectance  studies  of  Pt/GaN  Schottky 
diodes  with  Ga-  and  N-face  polarity  as  well  as  AlGaN/GaN  based  transistor  heterostructures. 

The  experimental  data  were  analyzed  using  electric  field-dependent  dielectric  functions  of  GaN 
and  AlGaN.  Inhomogeneities  in  the  electric  fields  were  taken  into  account  by  application  of  a 
multi-layer  formalism.  We  observed  an  increase  of  the  electric  field  strength  underneath  the 
Schottky  contact  and  in  the  AlGaN  barrier  with  increasing  temperature.  The  results  are  explained 
in  terms  of  temperature  dependent  densities  of  ionized  impurities  and  surface  charges. 


INTRODUCTION 

A  detailed  investigation  of  electric  fields  caused  by  Schottky  contacts  as  well  as  the 
piezoelectric  and  spontaneous  polarization  of  wurtzite  group  III  nitrides  is  crucial  to  understand 
the  performance  of  GaN  based  devices.  Among  the  methods  suitable  for  a  direct  measurement  of 
the  electric  field  strength,  electroreflectance  (ER)  and  photoreflectance  (PR)  have  proven  their 
high  sensitivity  and  usefulness  [1].  These  methods  utilize  the  dependence  of  the  dielectric 
function  (DF)  of  a  material  on  the  electric  field  strength  F.  However,  investigations  of  particular 
mechanisms  of  electro-optical  response  and  systematic  applications  of  ER  and  PR  methods  to 
nitrides  are  rare  up  to  date.  In  most  cases,  Franz-Keldysh  oscillations  (FKO)  are  employed  for 
optical  determination  of  the  electric  field  strength  [2-4].  It  should  be  noted  that  strong  excitonic 
effects  are  characteristic  of  nitrides  which  are  not  included  into  the  one-electron  FKO  picture.  A 
more  general  approach  must  be  used  which  takes  into  account  the  electric  field-dependent 
contributions  of  discrete  excitons  and  excitonic  continuum  to  the  DF  [5-9].  Quenching  of 
discrete  excitons  in  high  electric  fields  leads  to  the  formation  of  an  exciton  dead  layer  (EDL). 
Recently  [9]  it  has  been  shown  that  the  resulting  spatial  changes  of  optical  constants  along  a 
depletion  region  determine  the  shape  of  ER  spectra  for  GaN  Schottky  diodes  leading  to  so-called 
“rotation”  ER  spectra.  In  addition,  the  linear  electro-optic  (LEO)  effect  has  been  found  to 
dominate  below  the  band  gap  [10].  In  this  paper,  we  focus  on  the  determination  of  electric  fields 
in  Pt/GaN  Schottky  diodes  and  in  barriers  of  AlGaN/GaN  heterostructures  using  the  electric 
field-dependent  DF. 
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SAMPLES  AND  EXPERIMENTAL  DETAILS 


The  diodes  were  formed  on  1 .5  jun  Si-doped  GaN  layers  grown  on  c-plane  sapphire 
substrates  by  plasma-induced  molecular-beam  epitaxy  (PIMBE).  The  layers  of  Ga-  and  N-face 
polarity  were  obtained  with  and  without  deposition  of  a  10  nm  AIN  nucleation  layer, 
respectively,  before  the  GaN  layer  growth.  For  semi-transparent  Schottky  gates,  Pt  was  electron- 
beam  evaporated  with  a  thickness  of  5  nm  on  a  circular  contact  area  with  a  diameter  of  800  pm. 
Ohmic  contacts  were  processed  by  evaporation  of  Ti/Al  (30/70  nm)  and  subsequent  annealing  at 
800°C  for  1  min  under  vacuum.  For  AlGaN/GaN  high  electron  mobility  transistor  (HEMT) 
heterostructures,  first  a  2  pm  thick  unintentionally  doped  GaN  layer  was  grown  on  (0001) 
sapphire  substrates  by  metal  organic  chemical  vapour  deposition.  Then  a  250  nm  thick  GaN 
channel  layer  and  an  AlxGa|.xN  barrier  with  a  thickness  of  about  20  nm  were  deposited  by 
PIMBE.  TTie  samples  were  of  Ga-face  polarity.  Further  details  can  be  found  elsewhere  [11,  12]. 

ER  and  PR  were  investigated  under  nearly  normal  incidence  of  the  probe  beam  which  was 
provided  by  the  emission  of  a  100  W  xenon  arc  lamp  dispersed  with  a  2  m  focal  length  grating 
monochromator.  ER  spectra  were  studied  as  a  function  of  the  dc  bias  voltage  U^c-  To  modulate 
the  internal  electric  fields  in  the  samples,  either  a  square  wave  modulation  voltage  with  a  peak- 
to-peak  amplitude  of  (/mod  =  0.2  V  at  a  frequency  of  1 80  Hz  or  a  325  nm  line  of  a  HeCd  laser 
with  a  power  of  100  pW  were  used  for  ER  and  PR  measurements,  respectively.  The  resulting 
reflectance  change  was  detected  by  standard  lock-in  technique. 


RESULTS  AND  DISCUSSION 
Pt/GaN  Schottky  diodes 

Figure  1  shows  low-temperature  (left)  and  room-temperature  (right)  ER  spectra  of  a  Ga-face 
diode  for  a  range  of  bias  voltages.  In  the  low-temperature  ER,  sharp  structures  around  3.5  eV  due 
to  the  free  A,  B,  and  C  excitons  are  well  resolved  while  the  features  resembling  FKOs  are 
observed  above  3.55  eV.  It  indicates  that  all  parts  of  the  depletion  region  contribute  to  the  ER 
signal,  i.e.  deeper  lying  low-field  parts  with  relatively  weakly  perturbed  discrete  excitons  and 
shallower  lying  higher-field  parts  where  discrete  exciton  states  are  significantly  broadened 
(intermediate  fields)  or  quenched  (EDL)  by  the  electric  field.  This  is  why  the  ER  spectra  are 
strongly  dependent  on  the  bias  voltage  as  it  changes  the  electric  field  strength  and  the  width  of 
the  depletion  region.  Examples  of  such  data  are  shown  in  figure  2  (“rotation”  ER  spectra).  At 
elevated  temperatures  excitons  become  weaker  pronounced  (figure  1,  right)  due  to  the  phonon 
broadening.  For  instance,  the  magnitude  of  excitonic  ER  at  295  K  is  about  20  times  smaller  than 
that  for  5  K.  Just  below  the  excitonic  band  gap  we  observe  an  ER  signal  which  originates  from 
the  absorption  by  the  band  tail  states  and  the  LEO  effect,  with  the  latter  being  dominant  in  the 
transparent  region  (insets  of  figure  1).  The  spectral  modulation  is  due  to  interference  fringes  in 
the  reflectance.  The  signal  size  is  approximately  independent  of  the  temperature  and  relatively 
weak,  more  than  two  order  smaller  than  the  excitonic  ER  at  5  K.  Like  the  excitonic  ER,  it  also 
demonstrates  the  “rotation”  in  dependence  upon  the  bias  voltage. 

The  experimental  data  were  analyzed  using  a  Schottky  model  (inset  of  figure  2)  and  a  multi¬ 
layer  formalism.  The  electric  field-dependent  DF  was  obtained  by  parameterization  of  numerical 
data  for  Wannier  excitons  and  excitonic  continuum  [5-7].  The  characteristic  field  unit  for  these 
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Figure  1.  Electroreflectance  spectra  of  a  Ga-face  diode.  The  arrows  indicate  the  exciton  energies 
for  the  zero-field  limit.  Insets  show  ER  spectra  in  the  transparent  spectral  region  (£/dc  =  -0.1  V). 


Figure  2.  “Rotation”  electroreflectance  spectra  of  a  Ga-face  diode  at  the  photon  energy  of 
the  A  exciton  for  5  K  (squares)  and  295  K  (circles).  The  solid  lines  represent  fits  to  the 
experimental  data.  The  inset  shows  the  electric  field  profiles  underneath  the  gate  for  zero 
bias  (1)  and  negative  bias  (2)  voltage. 
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calculations  is  the  exciton  ionization  field  F,  Using  £  =  9.5  as  the  static  dielectric  constant  and 
the  electron  and  hole  effective  masses  of  0.19  and  1.19  [13],  respectively,  we  obtained  F,  =  81 
kV/cm  for  GaN.  The  Rydberg  energy  and  the  oscillator  strength  ratio  for  A,  B,  and  Gexcitons 
were  set  to  25  meV  [13,  14]  and  1 :0.8:0.2  [15],  respectively.  The  LEO  effect  was  included  by  an 

expression  [10] 

«- - - — y  (1) 

(1  +  tirnFf 

where  n  is  the  electric  field-dependent  refractive  index,  n0  is  the  zero-field  ordinary  refractive 
index  and  r»  is  the  LEO  coefficient.  Two  sets  of  spectra,  ER  versus  photon  energy  and  ER 
versus  bias  voltage  (“rotation”  ER  spectra)  were  calculated  and  compared  with  the  corresponding 
experimental  data.  The  adjusted  parameters  were  the  surface  band  bending  Vb  and  the  ionized 
impurity  concentration  Nh  as  well  as  the  exciton  energies  and  the  broadening  parameter  for  the 
zero-field  limit.  Examples  and  results  of  fits  are  shown  in  figure  2  and  table  I,  respectively.  We 
found  that  electric  fields  increase  with  increasing  temperature  which  is  mainly  due  to  the 
increasing  ionized  impurity  concentration.  Such  behavior  qualitatively  agrees  with  results  of  Hall 
measurements  on  GaN  doped  with  Si  [16].  In  addition,  our  studies  revealed  differences  in 
ionized  impurity  concentration,  surface  band  bending,  electric  field  strength  and  their 
temperature  dependence  for  diodes  with  different  polarity  while  elastic  recoil  detection  and 
secondary  ion  mass  spectroscopy  yielded  approximately  equal  Si-concentrations  of  about  8x10 
cm’3  for  both  samples.  Note,  however,  that  ER  probes  only  a  thin  region  close  to  the  sample 
surface  (the  width  of  the  space  charge  region  varied  in  a  range  of  25-70  nm  for  our  experimental 
conditions).  It  means  that  the  impurity  incorporation  in  the  vicinity  of  the  surface  and  the  density 
of  surface  charges  are  different  for  Ga-  and  N-face  polarity.  These  effects  can  be  related  to  an 
opposite  sign  of  the  spontaneous  polarization  and  differences  in  the  microstructure  of  samples 
with  Ga-  and  N-face  polarity  which,  for  example,  can  influence  the  electric  field-induced  or  loca 
strain-induced  impurity  diffusion. 

Table  I.  Ionized  impurity  concentration,  surface  band  bending,  and  zero  bias  surface  electric 
field  strength  Fs  for  Pt/GaN  Schottky  diodes  with  different  polarity. 


Polarity 

5  K 

295  K 

AFS 

(kV/cm) 

Ni 

(1017  cm'3) 

vb 

(eV) 

Fs 

(kV/cm) 

Ni 

(1017cm'3) 

vb 

(eV) 

Fs 

(kV/cm) 

G  a- face 

8.3 

1.78 

750 

11 

1.45 

780 

30 

N-face 

6.2 

0.93 

469 

8.4 

0.95 

554 

85 

AlGaN/GaN  heterostructures 

Figure  3  shows  PR  spectra  at  5  K  and  295  K  for  a  heterostructure  with  A1  content  of  the 
barrir  of  x=0  06.  Contributions  at  lower  photon  energies  and  at  higher  ones  are  clearly  resolved 
which  arise  from  the  MBE  grown  GaN  layer  and  the  AlGaN  barrier  layer,  respectively.  The 
latter  signal  is  related  to  the  Franz-Keldysh  effect  allowing  for  the  determination  of  the  barrier 
field  strength  FB  using  the  asymptotic  expression  [17] 
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Figure  3.  Photoreflectance  spectra  for  a  Ga-face  Al0.06Ga0.94N/GaN  HEMT  heterostructure. 
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where  E  is  the  photon  energy,  Eg  is  the  band  gap  of  AlGaN,  T  is  the  broadening  energy, 

( JiO)^  =  FBeh/(2mr  Y ,  mr  is  the  electron-hole  reduced  effective  mass,  and  (p  is  a  phase  angle. 

As  it  can  be  seen  from  figure  3,  the  splitting  between  adjacent  extrema  of  the  FKOs  decreases 
with  temperature  indicating  a  lowering  of  the  field  strength.  Such  behavior  has  been  verified  in  a 
temperature  range  from  150  K  to  295  K  for  all  heterostructures.  At  low  temperatures,  the 
analysis  based  on  equation  (2)  was  possible  not  for  all  samples  because  of  the  observed  strong 
damping  of  FKOs.  The  results  are  summarized  in  table  II.  We  found  significantly  larger  changes 
of  electric  fields  in  the  barriers  of  AlGaN/GaN  heterostructures  compared  to  the  diodes.  This  is 
related  to  a  strong  temperature  dependence  of  piezoelectric  induced  surface  charges  because  the 
strains  in  the  GaN  buffer  layer  and  the  AlGaN  barrier  layer  are  temperature  dependent  as 
indicated  by  energetic  positions  of  free  exciton  lines  [18], 


Table  II.  Sheet  carrier  density,  mobility,  barrier  thickness,  and  barrier  electric  field  strength  for 
AlGaN/GaN  heterostructures. 


AI  content 

ns 

FB  (kV/cm) 

AF[ib) 

(10u  cm"2) 

(cmVV1) 

(nm) 

5  K 

295  K 

(kV/cm) 

0.06 

TF1 

8900 c) 

16 

205 

335 

130 

0.09 

3.7 c) 

9100c) 

30 

- 

260 

- 

0.10 

17200c) 

18 

- 

305 

- 

0.10 

2.25d) 

25660  dr" 

23 

- 

255 

- 

a)  Data  of  spectroscopic  ellipsometry  study 

c)  Change  of  barrier  electric  field  between  room  and  helium  temperature 

b)  Hall  effect  measurements  at  T  =  77  K 

c)  Hall  effect  measurements  at  T  =  330  mK 
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In  conclusion,  we  have  demonstrated  that  three  mechanisms  of  electro-optical  response,  (a) 
electric  field-dependent  contribution  of  discrete  excitons  and  excitonic  continuum  to  the  DF,  (b) 
LEO  effect,  and  (c)  Franz-Keldysh  effect  (in  the  high-field  regime)  determine  the  ER  and  PR  of 
Pt/GaN  Schottky  diodes  and  AlGaN/GaN  HEMT  heterostructures.  Analysis  of  experimental  data 
in  dependence  on  photon  energy  and  bias  voltage  using  the  electric  field-dependent  DF  provides 
the  possibility  to  determine  the  electric  field  strength  and  parameters  of  the  depletion  region, 
such  as  ionized  impurity  concentration  and  surface  band  bending.  The  electric  fields  in  the 
diodes  and  barriers  of  the  heterostructures  were  found  to  increase  with  temperature  which  is 
related  to  temperature  dependent  densities  of  ionized  impurities  and  surface  charges. 
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ABSTRACT 

The  effect  of  oxygen  pressure  on  MgO  grown  by  RF  plasma  assisted  gas-source 
molecular  beam  epitaxy  was  investigated.  Increasing  oxygen  pressure  was  found  to  decrease  the 
growth  rate,  improve  the  morphology  and  reduce  the  Mg/O  ratio  to  near  that  obtained  from  bulk 
single  crystal  MgO.  By  contrast,  the  electrical  characteristics  of  MgO/GaN  diodes  showed 
continual  improvement  in  breakdown  field  and  interface  state  density  as  the  pressure  was 
decreased.  The  lowest  pressure  tested,  lxlO'5Torr,  produced  the  lowest  Djt,  3x10’ 1  eV'cm'2,  and 
the  highest  Vbd,  4.4  MV/cm.  Cross  sectional  transmission  electron  microscopy  of  the  MgO 
grown  at  the  lowest  pressure  showed  the  initial  40  monolayers  to  be  epitaxial,  with  the  remainder 
of  the  layer  appearing  to  be  fine  grained  poly-crystal.  Comparisons  with  films  grown  using  an 
electron  cyclotron  resonance  (ECR)  plasma  suggest  that  higher  ion  energies  are  desirable  for 
obtaining  the  best  electrical  characteristics. 

INTRODUCTION 

MgO  is  a  rock  salt  dielectric  which  has  been  explored  as  an  intermediate  buffer  layer  for 
growth  of  ferroelectric  materials  on  semiconductors  [1,2]  or  as  a  potential  gate  dielectric  for 
GaAs  [3,4]  or  Si.[2]  While  MgO  deposition  by  MBE  has  been  successfully  demonstrated  by  a 
number  of  groups,  the  crystal  quality  of  the  films  deposited  on  GaAs  and  Si  has  been  poor  due  to 
the  large  lattice  mismatch  between  the  MgO  and  the  semiconductor  substrate.  GaN  has  a  smaller 
lattice  constant  than  GaAs  and  is  thus  a  much  closer  match  to  MgO.  [5,6]  An  additional 
advantage  of  this  system  is  the  large  bandgap  and  thus  large  band  offsets  that  are  expected 
relative  to  either  an  n-  or  p-type  semiconductor.  Further,  the  dielectric  constant  for  MgO,  9.8,  is 
substantially  higher  than  for  Si02.  We  have  previously  reported  on  the  feasibility  of  using  MgO 
as  a  gate  dielectric  for  GaN  [7,8]  and  as  a  field  passivation  dielectric  for  GaN  HFET  power 
devices  [9],  In  this  paper  we  will  discuss  the  optimization  of  the  plasma  conditions  for  growth  of 
MgO  dielectrics  on  GaN. 

EXPERIMENTAL 

MgO  films  were  deposited  using  a  RIBER  2300  MBE  equipped  with  a  reflection  high- 
energy  electron  diffraction  (RHEED)  system  and  an  Oxford  radio  frequency  (RF)  oxygen  plasma 
source  operating  at  13.56  MHz.  The  RF  power  was  set  at  300W.  For  comparison,  some  films 
were  also  grown  with  a  Wavemat  MPDR  electron  cyclotron  resonance  (ECR)  oxygen  plasma 
source.  In  all  cases,  two-micron  thick  GaN  layers  grown  on  sapphire  (0001)  by  MOCVD  were 
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used  as  substrates.  Elemental  Mg  from  a  standard  effusion  cell  at  380°C  supplied  the  Mg.  Film' 
were  grown  using  a  variety  of  oxygen  pressures,  1  xlO'5  -  lxl O'4  Torr,  in  order  to  evaluate  the 
effect  of  oxygen  pressure.  The  substrate  temperature  was  measured  using  a  backside 
thermocouple.  All  MgO  layers  were  grown  with  a  substrate  temperature  of  100°C.  The  MgO 
layers  grow  with  a  (1 1 1 )  orientation  relative  to  the  GaN  basal  plane  as  determined  by  both 
RHEED  and  XRD. 

The  GaN  substrate  preparation  began  with  a  wet  chemical  etch  of  HCkF^O  (1 :1)  for  3 
minutes,  followed  by  a  DI  rinse,  for  an  initial  cleaning  of  the  substrate  surface.  Next,  a  UV- 
ozone  exposure  for  25  minutes  in  a  UV  Cleaner  model  42-220  was  used  to  assist  in  the  removal 
of  the  carbon  contamination.  Finally  a  dip  in  buffered  oxide  etch  (6:1,  ammonium  fluoride: 
hydrofluoric  acid)  for  5  minutes  was  used  to  remove  most  of  the  surface  oxide.  At  room 
temperature,  the  surfaces  of  the  substrates  were  polycrystalline  according  to  RHEED  images. 
Upon  heating  the  GaN  to  700°C,  a  streaky  (1x3)  pattern  appears.  This  was  the  starting  surface 
for  all  the  films  grown  in  this  study.  Structural  and  chemical  characterization  of  the  MgO  was 
obtained  using  reflection  high-energy  electron  diffraction  (RHEED),  scanning  electron 
microscopy  (SEM),  cross-sectional  transmission  electron  microscopy  (XTEM),  atomic  force 
microscopy  (AFM)  and  depth  profiling  Auger  electron  spectroscopy  (AES).  Electrical 
characterization  consisted  of  I-V  and  C-V  analysis  of  80  micron  diodes  fabricated  using 
Ti/Al/Pt/Au  (20nm/70nm/40nm/100nm)  Ohmic  contacts  and  Pt/Au  (20nm/100nm)  Schottky 
gate  contacts. 

RESULTS  AND  DISCUSSION 

To  study  the  effect  of  oxygen  pressure  on  the  properties  of  the  MgO,  several  different 
pressures,  lxl  O'5,  3x1  O'5, 7xl0'5  and  lxl  O'4  Torr  as  measured  by  the  beam  flux  gauge,  were 
investigated.  The  higher  pressures  produced  a  decrease  in  the  growth  rate,  as  shown  in  Figure  1. 
From  AES,  the  films  were  shown  to  contain  only  Mg  and  oxygen,  with  the  Mg/O  ratio 
decreasing  from  0.72  to  0.63  as  the  pressure  was  increased.  By  comparison,  the  ratio  of  Mg/O 
peak  heights  of  a  standard  single  crystalline  sample  of  MgO  was  measured  and  showed  the  ratio 
to  be  0.60.  The  reduction  in  growth  rates  at  higher  pressures  may  be  an  indication  of  a  lack  of 
reactive  oxygen  species  at  the  surface  or  of  site  blocking  due  to  the  higher  concentration  of 
oxygen  absorbed  on  the  surface.  Both  would  result  in  a  reduction  in  the  Mg  sticking  coefficient. 
The  lower  Mg/O  ratio  at  the  higher  pressures  would  seem  to  favor  the  site  blocking  explanation. 


Figure  1.  Dependance  of  growth  rate  on  oxygen  pressure. 
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Figure  2.  Mg/O  ratio  as  determined  by  AES  as  a  function  of  oxygen  pressure. 

AFM  analysis,  shown  in  Figure  3,  indicated  that  as  the  pressure  was  increased  the  surface 
morphology  became  smoother,  as  evidenced  by  the  decrease  in  RMS  roughness  from  0.998nm  at 
a  pressure  of  lxlO'5  Torr  to  0.247  nm  at  lxlO4  Torr.  All  of  the  films  appeared  smooth  when 
examined  by  SEM.  XTEM  of  the  MgO  grown  at  the  lowest  pressure  showed  the  initial  40 
monolayers  to  be  epitaxial,  with  the  remainder  of  the  layer  appearing  to  be  fine-grained  poly¬ 
crystal.  The  precise  microstructure  of  the  films  grown  at  higher  pressures  is  not  yet  known.  It  is 
quite  likely  that  given  the  superior  morphology  these  films  retained  their  single  crystal  nature  for 
a  greater  percentage  of  their  thickness  before  becoming  poly-crystalline. 

From  the  structural  and  compositional  analysis  it  would  appear  that  higher  oxygen 
pressures  are  beneficial  to  the  growth  of  the  MgO  layers.  However,  electrical  characterization  of 
MgO/GaN  diodes  suggests  the  opposite.  As  shown  in  Table  I,  the  breakdown  field,  Vbd,  and 
interface  state  density,  Dit,  improve  with  decreasing  oxygen  pressure.  It  was  also  found  that  the 
fixed  oxide  charge  decreases  with  decreasing  pressure.  Ironically,  the  reduction  in  dielectric 
strength  may  be  due  to  superior  microstructure  in  the  films  grown  at  higher  pressures.  Previous 
work  with  other  dielectrics  such  as  Gd203  has  shown  that  if  the  layer  does  not  contain  a 
substantial  poly-crystalline  region,  then  the  breakdown  field  will  be  substantially  lowered  due  to 
leakage  through  the  defects,  which  propagate  through  the  layer.  The  presence  of  a 
nanocrystalline  layer  on  top  of  the  single  crystal  material  at  the  interface  appears  to  improve  the 
breakdown  strength  of  the  layer  in  spite  of  the  presence  of  numerous  grain  boundaries. 
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Figure  3.  AFM  scans  of  MgO  grown  at  100C  using  an  oxygen  pressure  of  (at  left)  lxlO'5  Torr, 
or  (at  right)  1  xlO  4  Torr.  The  RMS  roughnesses  were  0.998  nm  and  0.247  nm  respectively.  An 
SEM  image  (10,000x)  of  the  MgO  layer  grown  at  lxl  0  5  Torr  is  shown  at  bottom  left  and  an 
XTEM  image  of  the  same  layer  is  shown  at  bottom  right. 

The  effect  of  pressure  on  interface  and  bulk  charge  densities  suggests  that  the  electrical 
behavior  of  the  layer  is  enhanced  by  the  presence  of  higher  ion  energy  species  at  the  surface. 
Since  the  total  power  to  the  plasma  is  fixed,  increasing  the  oxygen  flow  will  decrease  the  average 
energy  per  ion,  and  possibly  the  concentration  of  ionized  species  as  well.  Studies  with  electron 
cyclotron  resonance  (ECR)  plasmas  suggest  that  the  average  ion  energy  is  a  critical  parameter. 
ECR  plasmas  typically  exhibit  very  low  ion  energies.  MgO  films  grown  using  an  ECR  plasma 
with  similar  oxygen  pressures  to  those  used  in  the  RF  grown  films  exhibit  breakdown  fields 
which  are  up  to  four  times  lower  than  those  obtained  with  RF  plasmas.  Work  is  in  progress  to 
further  explore  the  role  of  ion  energy  by  depositing  layers  at  fixed  oxygen  pressure  with  a  variety 
of  RF  powers.  It  is  likely  that  at  as  the  ion  energy  is  increased,  damage  of  the  interface  will 
eventually  become  a  factor  and  begin  to  increase  the  interface  state  density.  Clearly,  however, 
this  does  not  occur  at  standard  pressures  and  powers  making  RF  plasmas  the  optimum  choice  for 
deposition  of  MgO  dielectrics  on  GaN. 
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Table  I.  Electrical  characterization  of  MgO/GaN  diodes.  Vbd  was  the  applied  voltage,  which 
produced  a  leakage  current  of  1  m  A/cm2.  Dit  was  the  defect  value  at  0.4eV  below  the  conduction 
band  calculated  using  the  Terman  method.  The  diode  grown  at  1  xlO'4  Torr  was  too  leaky  to  be 
measured. 


Oxygen  Pressure 

Vbd 

Dit 

(Torr) 

(MV/cm) 

(eV'lcm'2) 

lxlO'5 

4.4 

3.4xl0n 

3x1 0'5 

4 

7.1xl0u 

7xl0'5 

1.2 

1.8xl012 

CONCLUSION 

Increasing  the  oxygen  pressure  during  growth  of  MgO  was  found  to  improve  the 
morphology  and  produced  an  Mg/O  closer  to  that  obtained  for  single  crystal  MgO.  By  contrast, 
electrical  characterization  of  MgO/GaN  diodes  showed  the  best  breakdown  field  and  interface 
state  density  in  films  grown  at  lower  oxygen  pressures.  It  is  believed  that  the  superior  electrical 
behavior  at  lower  oxygen  pressures  is  due  to  the  higher  ion  energy  obtained  at  the  lower 
pressures.  This  is  in  agreement  with  the  poorer  electrical  characteristics  obtained  using  ECR 
oxygen  plasmas,  which  produce  significantly  lower  ion  energies  than  RF  plasmas.  Further  work 
investigating  the  role  of  ion  energy  at  fixed  oxygen  pressure  is  in  progress. 
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ABSTRACT 

M-plane  GaN(lIOO)  is  grown  by  plasma  assisted  molecular  beam  epitaxy  on  ZnO(lTOO) 
substrates.  A  low-temperature  GaN  buffer  layer  is  found  to  be  necessary  to  obtain  good 
structural  quality  of  the  films.  Well  oriented  (1 1 00)  GaN  films  are  obtained,  with  a  slate  like 
surface  morphology.  On  the  GaN(l  1  00)  surfaces,  reconstructions  with  symmetry  of  c(2x2)  and 
approximate  "4x5”  are  found  under  N-  and  Ga-rich  conditions,  respectively.  We  propose  a 
model  for  Ga-rich  conditions  with  the  ”4x5"  structure  consisting  of  >  2  monolayers  of  Ga 
terminating  the  GaN  surface. 

INTRODUCTION 

Wurtzite  GaN  heteroepitaxy  and  surface  reconstructions  have  been  extensively  studied  in  the 
past  5-10  years  [1,2].  It  is  well  known  that  GaN  films  with  (0001)  and  (OOOl)  surface 
orientations  have  pyroelectric  and  piezoelectric  properties  [3,4],  leading  to  strong  electric  fields 
along  the  crystal  c-axis  which  have  useful  device  applications  such  as  the  formation  of  a  two- 
dimensional  electron  gas  near  a  heterointerface.  However  these  strong  electric  fields  also 
produce  a  shift  in  the  wavelength  of  emission  lines  and  reduced  quantum  efficiency  because  of 
the  spatial  separation  of  electrons  and  holes  in  quantum  wells.  Thus,  several  growth  studies  of 
(llOO)  oriented  (m-plane)  GaN  have  been  performed,  since  for  this  orientation  the  crystal 
symmetry  precludes  pyroelectric  and  piezoelectric  effects  (at  least  in  the  absence  of  shear 
stresses  in  die  growth  plane)  [5-7]. 

In  this  work  we  have  used  plasma  assisted  molecular  beam  epitaxy  (PAMBE)  to  grow  GaN  films 
on  ZnO(l  1 00)  substrates.  We  find  that  a  low  temperature  (~500°C)  buffer  layer  is  needed  to 
obtain  smooth  morphology.  Several  reconstructions  on  the  GaN(l  1  00)  surfaces  are  observed  for 
both  Ga-  and  N-rich  conditions.  The  most  dominant  of  these  occurs  under  Ga-rich  conditions 
and  it  has  an  approximate  surface  unit  cell  of  4x5.  We  propose  a  model  for  this  structure  in 
which  it  consists  of  a  contracted  and  distorted  arrangement  of  a  Ga  bilayer  on  the  surface. 

EXPERIMENTAL 

ZnO(l  1  00)  substrates  were  obtained  from  Cermet,  Inc.  The  substrates  were  prepared  by 
mechanical  polishing;  atomic  force  microscopy  (AFM)  revealed  many  scratches  and  polishing 
marks  on  the  substrate  surfaces.  The  MBE  growth  and  subsequent  scanning  tunneling 
microscopy  (STM)  were  performed  using  a  system  previously  described  [1,2].  The  ZnO 
substrates  were  cleaned  inside  the  growth  chamber  prior  to  growth  simply  by  heating  them  to 
about  550°C  for  20  min.  Growth  was  initiated  by  exposing  the  ZnO  surface  simultaneously  to 
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incident  Ga  and  N  fluxes.  A  =20  nm  thick  GaN  layer  is  grown  at  a  relatively  low  temperature  of 
about  500°C,  and  subsequent  growth  was  performed  at  about  700— 750°C.  If  growth  is  performed 
in  the  absence  of  the  low  temperature  buffer  layer,  a  very  spotty  RHEED  pattern  forms  during 
the  initial  stages  of  growth,  indicating  a  rough  morphology.  Similar  spotty  RHEED  patterns  are 
obtained  whenever  the  ZnO  is  exposed  to  the  Ga  beam  at  a  temperature  of  >550°C  (i.e.  in  the 
absence  of  the  low  temperature  buffer),  possibly  indicating  a  reaction  between  Ga  atoms  and  O 
atoms  leading  to  the  dissociation  of  ZnO.  Although  we  do  not  know  the  detailed  chemical 
reactions  occurring  on  the  substrate,  the  low  temperature  (~500°C)  growth  certainly  results  in  a 
significant  improvement  of  surface  morphology.  During  and  following  the  growth  the  surface  is 
characterized  by  reflection  high  energy  electron  diffraction  (RHEED).  After  the  growth  the 
samples  were  cooled  and  transferred  under  ultra  high  vacuum  to  an  adjoining  analysis  chamber 
for  STM  study. 

RESULTS  &  DISCUSSION 
Experiment 


Figure  1(a)  shows  a  typical  surface  morphology  for  our  m-plane  GaN  films,  grown  with 
thicknesses  of  about  0.5  pm  grown  and  generally  under  similar  Ga-rich  growth  conditions  as 
used  for  our  c-plane  growth  [8].  RHEED  study  reveals  that  the  films  have  the  same  in-plane 
orientation  as  the  substrate,  i.e.  with  GaN(0001)/VZnO(0001)  and  GaN(l  1  2 0)//ZnO(l  1  20), 
thereby  demonstrating  the  (1  1  00)  orientation  of  the  films.  The  substrates  have  an  unintentional 
miscut  of  several  degrees  oriented  primarily  towards  the  [0001]  direction,  thus  producing  the 
steps  seen  extending  vertically  in  the  image.  In  Fig  1(a),  large  flat  GaN(lIOO)  terraces  are 
found.  The  terraces  tend  to  be  elongated  in  the  [112  0]  direction,  forming  a  slate  like 
morphology.  The  surface  morphology  and  the  lattice  constants  obtained  from  RHEED  are 
similar  to  that  reported  by  Waltereit  et  al.  [5].  RHEED  patterns  of  the  films  are  streaky,  as  shown 
in  Fig.  1(b),  consistent  with  the  flat  terraces  observed  in  the  morphology.  The  RHEED  shows  a 
streaky  lxl  pattern  throughout  the  entire  growth  sequence  when  Ga-rich  conditions  are  used. 
Consistent  with  our  prior  c-plane  GaN  growth  on  SiC  [8],  growth  under  N-rich  conditions  results 


FIG  1  (a)  STM 
image  of  GaN 
film  grown  on 
ZnO  ( 1  T  00) 
substrate.  (b) 
and  (c)  RHEED 
patterns  (with 
electron  beam 
along  [1120]) 
acquired  under 
Ga-rich  and  N- 
rich  conditions, 
respectively. 
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FIG  2  (a)  STM  image  of  Ga-rich  GaN(l  1  00)  surface.  The  image  was  acquired  with  a 
sample  voltage  of  -2.0  V  and  is  displayed  with  a  gray  scale  range  of  8.5  A.  (b)  STM  image  of 
nitrided  surface  showing  reconstruction  with  c(2x2)  unit  cell.  The  image  was  acquired  with  a 
sample  voltage  of -1.0  V  and  is  displayed  with  a  gray  scale  range  of  3.0  A. 

in  spotty  RHEED  patterns  indicative  of  3-dimensional  growth  as  shown  in  Fig.  1(c).  For  thicker 
films  the  RHEED  patterns  display  a  clear  evidence  of  facetting,  as  described  elsewhere  [7]. 

We  have  observed  several  reconstructions  on  the  GaN(l  1  00)  terraces,  with  our  clearest 
observations  being  for  films  grown  under  Ga-rich  conditions  as  pictured  in  Fig.  2(a).  Terraces 
extending  in  the  [1 1 2  0]  direction  are  seen  there  separated  by  narrow  trenches  and/or  raised  rows 
of  atoms.  The  triangular  shape  of  step  edges  seen  in  Fig.  2(a)  are  often  observed.  We  note  that 
the  elongation  along  the  [1120]  direction  is  the  same  as  recently  reported  for  films  grown  by 
metal-organic  chemical  vapor  deposition.  [8].  This  anisotropic  morphology  may  arise  from  an 
anisotropy  in  the  migration  lengths  of  adatoms.  A  reconstruction  of  the  surface  is  visible  in  Fig. 
2(a);  the  slightly  brighter  rows  of  atoms  seen  there  extend  at  angles  of  ±22°  away  from  the 
[1120]  direction  (these  angles  are  slightly  distorted  in  Fig.  2(a),  due  to  drift).  A  unit  cell  is 
indicated  in  the  image.  As  discussed  in  the  following  section,  and  described  in  detail  elsewhere 
[7],  the  basis  vectors  for  this  unit  cell  are  4a+lc  and  -la+5c,  where  a  and  c  span  the  lxl  surface 
unit  cell.  The  structure  thus  contains  21  lxl  cells.  This  surface  unit  cell  can  be  constructed  from 
a  4ax5c  cell  by  slightly  rotating  and  shearing  it,  and  so  for  a  shorthand  notation  we  refer  to  our 
observed  structure  as  "4x5"  (including  quotation  marks  to  indicate  an  approximate  symmetry). 
This  surface  appears  to  be  metallic  since  relatively  little  difference  is  found  between  the  empty 
and  filled  states  images,  and  imaging  at  low  voltages  of  ±0.1  V  is  found  to  be  possible  [7]. 

Figure  2(b)  shows  an  STM  image  obtained  from  the  surface  which  had  been  nitrided  for  1  min 
following  growth.  A  different  reconstruction  is  observed  here  than  in  Fig.  2(a).  We  find  a 
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c(2x2)  unit  cell  as  indicated  in  the  image.  RULED  patterns  for  this  film  display  weak  2x  streaks 
for  both  the  [0001]  and  [112  0]  azimuths.  This  type  of  structure  has  been  observed  reproducibly 
on  surfaces  prepared  under  N-rich  conditions,  but  we  have  not  investigated  in  detail  its  voltage 
dependence  nor  the  underlying  geometric  arrangement  of  atoms. 

Theory 


Theoretical  studies  on  GaN(llOO)  surfaces  have  been  reported  in  previous  studies  [7,9]. 
Initially,  the  focus  was  on  structural  models  similar  to  those  found  on  cubic  III-V  (110)  surfaces, 
i.e.,  models  which  have  a  lxl  surface  unit  cell  and  obey  electron  counting  [9].  These  structures 
are  characterized  by  two  threefold  coordinated  surface  atoms  in  each  lxl  cell.  In  the 
stoichiometric  case  the  two  atoms  are  a  Ga  and  a  N  atom,  and  the  surface  is  stabilized  by  a 
charge  transfer  from  the  cation  to  the  anion  dangling  bond  and  a  subsequent  rehybridization 
causing  the  N  to  move  slightly  outward  and  the  Ga  to  move  slightly  inward.  This  surface,  which 
would  be  expected  to  be  present  following  cleavage  or  cracking,  has  been  found  to  be 
energetically  favorable  over  a  large  range  of  the  thermodynamically  allowed  chemical  potentials. 
However,  when  going  to  rather  Ga-rich  conditions  (i.e.,  to  conditions  realized  in  the  experiments 
described  here)  structures  with  excess  Ga  atoms  become  more  stable  [7,9].  These  structures  are 
formed  from  the  stoichiometric  structure  by  (i)  replacing  the  N  surface  atom  in  the  lxl  surface 
cell  by  a  Ga  atom  and/or  (ii)  by  adding  two  monolayers  (ML,  defined  as  one  atom  per  lxl  cell) 
Ga  on  top  of  this  surface.  Since  the  Ga-Ga  spacing  in  the  Ga  adlayer  is  slightly  larger  than  in  Ga 
bulk,  an  additional  lowering  of  the  surface  energy  might  be  achieved  by  compressing  the  Ga 
atoms  in  the  top  layer  such  that  their  density  approaches  something  close  to  that  of  Ga  bulk.  In 
Ref.  [7]  we  have  briefly  discussed  the  energetics  of  such  a  structure  without  giving  details 
regarding  the  calculational  approach,  geometry  or  construction  of  the  surface.  Below  we  provide 
this  additional  information. 

To  set  up  the  structure  we  combined  the  structural  information  from  the  STM  data  regarding 
size,  symmetry  and  orientation  of  the  surface  unit  cell  and  with  the  energetical  considerations 
from  the  ah  initio  calculations.  Specifically,  we  constructed  a  surface  which  has  the 
experimentally  observed  ''4x5"  unit  cell  and  in  which  the  rows  of  Ga  atoms  in  the  adlayer  follow 
the  outline  of  this  cell.  The  structure  is  pictured  in  Fig.  3.  It  consists  of  the  stoichiometric  surface 
containing  21  Ga-N  dimers,  on  top  of  which  is  placed  a  compressed  Ga  adlayer  consisting  of  45 
atoms  (see  Fig.  3(a)).  The  adlayer  thus  corresponds  to  a  Ga  coverage  of  45/21=2.14  ML. 

A  direct  calculation  of  this  structure  using  the  same  pseudopotentials  (LDA  Troullier  Martins 
pseudopotentials  with  Ga  3<7  in  the  valence),  plane  wave  energy  cutoff  (60  Ry),  and  slab 
thickness  (4  layers)  as  for  the  lxl  structures  [9]  turned  out  to  be  computationally  too  expensive. 
We  have  therefore  performed  careful  convergence  checks  to  identify  a  parameter  set  which 
minimizes  the  computational  effort  but  still  allows  to  obtain  accurate  surface  geometries  and 
energies.  Based  on  these  results  we  found  that  using  PBE-GGA  Troullier  Martins 
pseudopotentials  where  the  Ga  3 d  orbitals  are  treated  in  the  non-linear  core  approximation,  an 
energy  cutoff  of  30  Ry  and  a  slab  thickness  of  2  GaN  layers  plus  the  Ga  adlayer  are  sufficient  tc 
describe  the  surface  energy  with  an  accuracy  of  better  than  0.005  eV/A“,  and  the  surface 
geometry  better  than  0.027  A .for  Ga-rich  surface  structures.  We  note  that  e.g.  for  stoichiometric 
surface  structures  significantly  larger  error  bars  result.  To  be  more  specific,  let  us  consider  the 
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FIG  3  (color)  Schematic  view  of  the  reconstructed  and  compressed  Ga  adlayer  GaN(l  1  00) 
surface,  (a)  top  view  with  "4x5"  cell  shown  by  the  dashed  line,  (b)  side  view  and  (c) 
perspective  view.  In  (a),  large  black  or  small  gray  filled  circles  mark  the  Ga  or  N  atoms, 
respectively,  in  the  top  surface  layer.  The  large  green  (or  grey,  if  not  viewed  in  color)  filled 
circles  mark  the  positions  of  the  Ga  atoms  in  the  Ga  adlayer,  as  indicated. 

convergence  of  the  surface  energy  with  respect  to  the  slab  thickness  for  the  stoichimetric  (SD) 
and  the  adlayer  (SD+2)  structure  (SD  indicates  here  a  single  GaN  dimer,  +2  stands  for  adding  2 
ML  of  Ga).  We  find  that  the  energy  of  the  stoichiometric  surface  significantly  increases  when 
going  from  a  two  to  a  four  layer  slab  (by  more  than  0.025  eV/A2)  while  it  changes  less  than 
0.005  eV/A2  for  the  adlayer  structure.  An  analysis  showed  that  the  origin  of  the  different 
convergence  behavior  lies  in  the  presence/absence  of  nitrogen  dangling  bond  states.  The 
presence  of  N  dangling  bond  states  causes  (as  described  above)  charge  transfer,  rehybridization 
and  eventually  a  rather  strong  atomic  relaxation  of  the  N  bond.  Since  the  N  forms  stiff  bonds 
with  the  neighboring  Ga  atoms  this  effect  causes  considerable  strain  in  the  lattice  which  decays 
only  slowly  with  increasing  slab  thickness.  On  the  other  hand,  adding  a  Ga  adlayer  prevents  the 
formation  of  N  dangling  bonds  and  the  N  atoms  stay  close  to  their  bulk  positions.  In  this  case 
strain  effects  in  the  GaN  layer  turn  out  to  be  negligible. 

Using  the  above  described  parameter  set  we  have  performed  a  geometry  optimization  for  the 
structure.  To  destroy  the  initially  high  symmetry  of  the  surface  we  adsorbed  a  single  adatom  and 
removed  it  after  performing  a  few  atomic  steps.  The  resulting  equilibrium  geometry  is  shown  in 
Figs.  3(a-c).  As  can  be  seen  the  Ga  adlayer  buckles  and  forms  a  low  symmetry  structure.  The 
underlying  Ga-N  layer,  however,  is  virtually  not  affected  and  the  atoms  are  close  to  their 
corresponding  bulk  positions.  A  closer  analysis  showed  that  the  low  symmetry  of  the  Ga  adlayer 
and  the  large  buckling  (~  0.8  A)  is  related  to  the  fact  that  the  Ga  atoms  in  the  Ga  adlayer  are  out 
of  registry  to  the  underlying  Ga-N  surface  layer. 

The  out  of  registry  arrangement  of  the  Ga  adlayer  also  affects  the  stability  of  this  surface:  While 
the  compression  of  the  Ga  adlayer  is  expected  to  strengthen  the  Ga-Ga  bonds  and  thus  the 
stability  of  the  surface,  the  out  of  registry  arrangement  weakens  the  Ga-N  bonds.  Our  total 
energy  calculations  show  that  the  two  effects  almost  cancel  each  other  -  the  energy  of  the 
compressed  Ga-adlayer  structure  under  very  Ga-rich  conditions  is  practically  the  same  as  the 
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energy  of  the  uncompressed  2  ML  (ia  adlayer  structures  considered  previously  [7].  It  is  possible 
that  further  optimization  of  the  geometry  (i.e.  considering  other  arrangements  and/or  other 
densities  of  the  adlayer)  may  produce  a  reduction  in  energy.  In  any  case,  judging  from  the 
experimental  STM  images,  the  arrangement  of  the  adlayer  must  indeed  be  a  rather  complicated 
one.  The  investigation  described  here  establishes  the  energetic  feasibility  of  such  structures 

containing  >2  ML  of  Ga,  and  further  work  is  required  to  definitively  determine  the  complete 
structural  arrangement. 

CONCLUSION 

|tn  conclusion,  we  have  grown  ( I  T 00)  oriented  GaN  films  on  ZnO.  Under  Ga  rich  conditions  a 
"4x5"  reconstruction  is  observed.  Experimentally  this  structure  appears  to  be  metallic,  indicating 
that  it  consists  of  an  adlayer  of  Ga  on  the  surface,  in  analogy  with  the  known  structures  of 
(000  1  )  and  (0001 )  surfaces  [1,2],  Theoretical  computations  indicate  that  >  2  monolayers  of  Ga 
terminating  the  GaN  crystal  is  energetically  favorable,  under  Ga-rich  conditions.  We  have 
investigated  in  detail  a  distorted,  compressed  adlayer  structure  containing  2.14  ML  of  Ga,  and 
find  that  its  energy  is  nearly  the  same  as  that  of  the  uncompressed  2  ML  adlayer. 
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Abstract 

We  report  on  the  homoepitaxial  growth  of  GaN  on  freestanding  [1 1 00]  oriented 
GaN  substrates  using  metalorganic  chemical  vapor  deposition.  A  proper  pretreatment  of 
the  substrates  was  found  to  be  essential  for  the  GaN  homoepitaxy.  The  influence  of 
growth  conditions  such  as  V/III  molar-ratio  and  temperature  on  the  surface  morphology 
and  optical  properties  of  epilayers  was  investigated.  Optimized  pretreatment  and  growth 
conditions  led  to  high  quality  [llOO]  oriented  GaN  epilayers  with  a  smooth  surface 
morphology  and  strong  band-edge  emission.  These  layers  also  exhibited  strong  room 
temperature  stimulated  emission  under  high  intensity  pulsed  optical  pumping.  Based  on 
these  GaN  epilayer,  AIGaN/GaN  multiple  quantum  wells  have  been  grown  on  the 
freestanding  M-plane  GaN.  Photoluminescence  data  confirm  that  built-in  electric  field  for 
M-plane  structures  is  very  weak,  and  this  situation  results  in  a  stronger  PL  intensity  in 
comparison  with  C-plane  multiple  quantum  wells  in  tests  at  low  excitation  level. 

Introduction 

Recently  excellent  progress  has  been  made  in  the  development  of  high-quality  III- 
nitride  optoelectronic  and  electronic  devices.1,2  Nearly  all  the  reported  light  emitting 
diodes  (LEDs),  laser  diodes  and  high  temperature  and  high  power  transistors  employed 
IH-nitride  heterojunctions,  which  were  deposited  on  the  C-plane  (0001)  sapphire,  6H  or 
4H-SiC,  or  free-standing  GaN  substrates.  All  of  these  deposited  (El-nitride)  films  and 
heterostructures  feature  the  polar  (0001)  orientation,  and  hence  they  exhibit  strong 
piezoelectric  and  spontaneous  polarization  induced  fields.3,4  These  polarization  fields 
give  rise  to  a  significant  band  bending  and  thus  reduce  the  overlap  of  the  electron-hole 
wave  functions.  This  situation  significantly  reduces  the  optical  emission  from  quantum 
wells.  To  avoid  these  polarization  effects,  R-plane  sapphire  substrates  have  been  used  for 
Ill-nitride  optical  devices.5,6  Heteroepitaxy  on  sapphire,  however,  results  in  a  large 
number  (>  108/cm2)  of  threading  dislocations,  which  counteract  the  beneficial  effect  of 
polarization  field  reduction  on  the  optical  emission  intensity.  Homoepitaxy  of  GaN  and 
Ill-nitride  heterostructures  on  non-polar  M:p!ane  [1 1 00]  oriented  bulk  GaN  substrates 
should  in  principle  eliminate  these  problems.7'9  This  serves  as  the  motivation  for  our 
work  reported  here. 
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Experiment 

Boules  of  LiA102  up  to  200  mm  long  were  pulled  from  the  melt  by  the 
Czochralski  method.  GaN  bulk  crystals  with  (lfoo)  surface  (M-plane)  were  grown  by 
halide  vapor  phase  epitaxy  (HVPE) 10  at  B75  °C  on  the  closely  lattice  matched  (100)  plane 
of  LiA102  wafers  sawed  from  these  boules.  No  buffer  layers  were  employed  on  the 
chemically  polished  wafer  surfaces,  but  pre-growth  nitriding  in  ammonia  was  used.  After 
depositing  about  350  pm-thick  GaN,  the  LiA102  substrate  was  removed  with  wet  acid 
etching.  Thus  freestanding  [llOO]  oriented  GaN  templates  were  obtained,  which  served 
as  the  starting  substrates  for  our  study.  The  phase  purity  of  the  GaN  templates  was 
examined  by  X-ray  diffraction  (XRD).  The  20-to  XRD  scans  exhibit  only  two  sharp  GaN 
(llOO)  and  (2200)  peaks. 

The  growth  of  GaN  layers  and  AlGaN/GaN  multiple  quantum  wells  (MQWs) 
were  carried  out  by  low-pressure  metalorganic  chemical  vapor  deposition  (MOCVD). 
Triethylgallium  (TEG),  Triethylaluminum  (TEA)  and  NH3  were  used  as  the  precursors 
for  Ga,  A1  and  N,  respectively.  The  six  period  AlGaN/GaN  MQWs  were  simultaneously 
deposited  on  the  M-plane  GaN  homoepitaxial  layers  and  thick  C-plane  GaN  epilayers 
under  identical  conditions  for  comparison.  TEA  has  been  chosen  as  the  A1  source  to 
obtain  a  sharp  interface  because  of  the  small  vapor  pressure.  During  the  growth,  the 
reactor  pressure  and  temperature  were  kept  at  76  Torr  and  1000  °C  and  H2  was  used  as 
carrier  gas.  The  GaN  homoepilayers  were  grown  with  thicknesses  ranging  from  2  to  4 
pm.  The  AlGaN/GaN  MQWs  have  a  well  width  Lw=  5  nm  and  a  barrier  width  Lb  =  10 
nm,  respectively.  The  surface  morphologies  of  these  samples  were  studied  using  a 
Nomarsky  optical  microscope,  scanning  electron  microscopy  (SEM)  and  an  atomic  force 
microscope  (AFM).  The  room  and  low-temperature  (10  K)  PL  spectra  were  measured 
using  a  CW  He-Cd  laser  (operating  at  325  nm)  as  a  low-intensity  excitation  source  and  a 
pulsed  (x  =  0.4  ns)  nitrogen  laser  (at  337  nm)  for  a  high-excitation  intensity  source. 

Results  and  Discussion 

For  the  GaN  homoepitaxy,  the  pretreatment  before  growth  was  found  to  be 
essential  and  have  been  reported  by  several  groups  for  [1000]  oriented  GaN  substrate. 


Fig.l  Plane-view  SEM  images  of  homoepitaxial  layers  on  GaN  templates  with 
different  pretreatment  procedures:  (a)  heat  treatment  after  polishing;  (b)  chemical 
and  heat  treatment  after  polishing. 
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Similarly,  for  the  homoepitaxy  on 
[l  1  ooj  oriented  GaN,  a  proper 
pretreatment  is  an  important 
starting  point.  Since  the  surfaces  of 
the  M-plane  GaN  substrates  were 
rough,  the  freestanding  GaN 
templates  were  polished  with 
diamond  paste  until  the  RMS 
roughness  was  as  low  as  2  nm. 

Although  we  obtained  reasonable 
smooth  surfaces  after  polishing,  a 
thin  layer  under  the  surface  has 
been  already  damaged  by  the 
mechanical  polish  procedure.  We 
used  a  chemical  treatment  process 
by  H3PO4  etching  at  150  °C  to 
remove  this  damaged  thin  layer.11 
Fig.  1  shows  the  top-view  SEM 
images  of  the  homoepitaxial  GaN 
layers  grown  on  the  GaN  templates 
by  two  different  treatments:  (a) 
heat  treatment  after  polishing  (b) 
chemical  and  heat  treatment  after 
polishing.  The  GaN  layers  grown 
on  as-polished  or  only  heat  treatment  after  polish  GaN  substrates  have  very  rough 
surfaces.  However,  the  surface  was  greatly  improved  and  shows  a  smooth  morphology  by 
the  addition  of  chemical  treatment  procedure.  It  indicates  that  the  damage  layer  during 
polishing  was  removed  by  chemical  etching. 

The  crystal  orientation  of  GaN  homoepitaxial  layer  was  studied  by  electron 
backscattered-diffraction  technique  (EBSD).12  Using  an  accelerating  voltage  of  20  kV 
and  a  sample  tilt  of  70  degrees,  assures  the  EBSD-signal  to  originate  from  the  top  1  pm 
of  the  examined  sample.  Since  the  thickness  of  the  homoepitaxial  GaN  epilayers  were 
larger  than  2  pm,  there  is  no  contribution  to  the  EBSD-signal  from  the  GaN  substrate 
templates.  Therefore  a  careful  indexing  of  all  Kikuchi  lines  using  the  commercial  Opal 
Inc.  software  allows  a  precise  identification  of  our  sample  surface  orientation.  Fig.  2 
shows  a  typical  diffraction  pattern  obtained  from  the  epilayer  where  the  numbers  indicate 
crystallographic  directions.  Taking  into  account  the  sample  tilt  angle  70  degrees,  one  can 
find  that  normal  direction  to  the  sample  surface  will  exactly  coincide  with  [l  Too].  Thus 
surface  orientation  was  determined  to  be  (1T00).  On  the  XRD  data  we  also  only  observed 
(1T00)  and  (2200)  peaks,  which  confirm  the  [l  Too]  orientation  of  the  GaN  epilayers. 

The  surface  morphology  of  GaN  homoepitaxial  layers  were  also  affected  by  the 
V/m  molar-ratio  and  temperatures.  At  a  growth  temperature  of  1000°C,  we  found  that 
the  root-mean-squares  (RMS)  roughness  increases  with  increasing  the  V/m  molar-ratio. 


Fig.2  EBSD  pattern  obtaind  from  GaN 
homoepitaxial  epilayers.  Inset  shows  the  {1T00} 
pole-figure.  Black  square  on  the  pole-figure 
indicates  the  layer  surface  orientation,  which  is 
exactly  (1T00). 
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Fig.  3  shows  the  surface  AFM  scans  for  4  pm  thick  homoepitaxial  GaN  epilayers  grown 
using  V/III  ratios  of  2500  and  5000.  At  the  lower  ratio,  the  layers  exhibited  a  relatively 
smoother  surface  with  RMS  value  around  0.7  nm.  At  the  higher  ratio,  the  RMS  roughness 
increases  to  about  2.0  nm.  On  the  other  hand,  we  also  note  that  the  RMS  value  increases 
with  increasing  growth  temperatures  from  1000  to  1050°C  for  a  fixed  V/III  ratio.  AFM 
scans  of  Fig.  3  reveal  stripe-like  growth  features  aligned  along  the  [l  1 20J  direction. 
These  stripe  features  may  result  from  the  different  migration  lengths  of  adatoms  along 
[OOOl]  and  [ll2o]  directions. 


Fig.  3  AFM  images  of  (lloo)  oriented  GaN  homoepitaxial  layers.  The  stripes  in 
images  run  along  [l  1 20]  direction.  The  films  were  grown  at  V/III  molar  ratios  of  (a): 
2500  and  (b):  5000. 

The  influence  of  V/III  molar  ratio  and  growth  temperature  on  the  luminescent 
properties  of  the  homoepitaxial  GaN  films  was  also  studied.  The  data  for  the  two  films  of 
Fig.  3  are  shown  in  Fig.  4.  In  addition  to  the  band-edge  emission  peak  at  3.4  eV,  a  strong 
yellow  band  around  2.1  eV  is  also  observed.  This  yellow  emission  band  decreases  with 
increasing  the  V/III  molar  ratio  or  growth  temperature.  In  inset  to  Fig.3  we  include  the 
near  band-edge  luminescence  at  (10  K)  from  the  M-plane  GaN  film.  As  seen,  the  low 
temperature  PL  spectra  exhibits  an  emission  structure  arising  from  the  free  and  bound 
excitons.  This  behavior  is  similar  to  what  is  typically  observed  for  the  high  quality  GaN 
grown  over  C-plane  oriented  substrates.13  To  further  establish  the  high  optical  quality  of 
the  homoepitaxial  [llooj  oriented  GaN  epilayers,  PL  excited  by  a  pulsed  nitrogen  laser 
was  measured  at  room  temperature.  At  the  low  excitation  levels,  the  PL  is  dominated  by  a 
broad  band,  presumably  arising  from  an  electron-hole  plasma  emission.  At  high  pump 
excitations,  a  strong  and  narrow  stimulated  emission  line  at  3.34  eV  appears  on  the 
spectrum.  This  behavior  is  very  similar  to  that  for  high  quality  C-plane  deposited  GaN 
films.14 

We  now  turn  to  one  of  the  most  interesting  properties  predicted  from  this  [lloo] 
orientation:  the  absence  of  polarization  effect  along  the  growth  direction.  The  six  period 
AlGaN/GaN  MQWs  were  deposited  on  top  of  the  [l  1 00J  GaN  homoepitaxial  layers  and 
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[000 1]  GaN  epilayers  in  order  to 
investigate  the  influence  of 
polarization  effect  on  the  PL 
emission.  As  we  know,  for 
MQWs  grown  on  [0001]  oriented 
GaN,  the  strong  polarization 
induced  electrostatic  field  bends 
energy  bands  of  quantum  wells 
and  then  results  in  quantum 
confined  stark  effect  (QCSE). 
The  QCSE  is  undesirable  in 
LEDs  because  this  build-in  field 
Photon  Energy  (eV)  gives  rise  to  a  spatial  separation 

of  electrons  and  holes  and  a 
Fig.  4  PL  spectra  of  M-plane  GaN  epilayers  under  significant  reduction  of  emission 
different  V/III  molar  ratios.  The  inset  shows  the  intensity  For  MqWs  groWn  on 
near  band-edge  emission  at  10  K.  non-polar  [1T00]  oriented  GaN 

epilayers,  the  polarization  effect  could  be  avoided  since  the  M-planes  contain  an  equal 
number  of  Ga  and  N  atoms.  From  the  PL  measurements,  we  observed,  at  the  low  laser 
excitation  level  of  lkW/cm2,  PL  intensity  for  M-plane  MQWs  was  found  to  be  30  times 
higher  than  that  for  C-plane  MQWs.  Also,  due  to  QCSE,  C-plane  MQWs  have  a  PL  peak 
position  around  3.28  eV  which  is  lower  than  the  bangap  of  GaN  (3.4  eV).  For  M-plane 
MQWs,  PL  peak  position  situates  at  3.42  eV. 


Dependence  of  peak  position  of  the  PL  spectra  on  excitation  power  density  has  been 
measured  for  C-  and  M-plane  AlGaN/GaN  MQWs.  Strong  PL  peak  blueshifts  (up  to  140 
meV)  were  observed  for  C-plane  MQWs  whereas  no  shifts  were  observed  for  M-plane 
MQWs.  The  excitation -induced  blueshift  of  the  PL  peaks  is  due  to  the  screening  of  the 

polarization  electric  field  by 
photoinjected  carriers.  This  also 
confirms  that  the  polarization  field 
for  C-plane  structures  is  much 
stronger  that  that  for  M-plane 
MQWs.  The  effect  of  the 
electrostatic  fields  on  the  electron- 
hole  overlap  is  also  evident  from 
time-resolved  photoluminescence 
measurement  at  9  K.  The  striking 
different  between  the  decay  times 
for  M-plane  (0.48ns)  and  C-plane 
(3.64ns)  wells  is  a  direct  evidence 
of  the  presence  of  electrostatic 
fields  in  the  later  wells.  At  the  low 


Fig.5  PL  decay  profiles  measured  at  9  K  for 
AlGaN/GaN  MQWs  grown  on  C-  and  M-plane 
GaN  layers. 


temperature,  the  decay  time 
corresponds  to  the  value  for  the 
radiative  lifetime,  which  is 
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inversely  proportional  to  the  wavefunction  overlap  integral. 8 

Summary 


We  report  low-pressure  MOCVD  growth  of  GaN  epilayers  and  AlGaN/GaN 
MQWs  on  [lloo]  oriented  freestanding  HVPE  grown  GaN  substrates.  Data  is  presented 
showing  the  effect  of  growth  conditions  such  as  V/ITI  molar  ratio  and  temperature  on 
their  surface  morphology  and  optical  properties.  Room  temperature  stimulated  emission 
under  pulsed  optical  pumping  confirms  the  high  optical  quality.  High  quality 
AlGaN/GaN  MQWs  can  be  grown  on  these  homoepitaxial  M-plane  GaN  films  which 
contain  very  weak  built-in  electric  fields.  Therefore,  the  quantum  efficiency  of 
AlGaN/GaN  MQWs  can  be  improved  by  using  [l  Too]  ciystal  orientation. 
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ABSTRACT 

Epitaxial  growth  of  quaternary  AlGalnN  compounds  by  plasma-assisted  molecular  beam 
epitaxy  has  been  demonstrated.  Two-dimensional  growth  is  achieved  under  In  excess,  with  a 
monolayer  of  In  segregating  at  the  growth  front.  The  maximum  In  incorporation  is  significantly 
affected  by  the  substrate  temperature  and  the  A1  mole  fraction  of  the  alloy.  This  behavior  has 
been  attributed  to  the  enhancement  of  In  segregation  due  to  the  high  binding  energy  of  AIN 
compared  to  InN  and  GaN. 

INTRODUCTION 

Quaternary  AlGalnN  compounds  have  meant  a  breakthrough  in  research  towards  Ill-nitride 
based  deep-UV  emitters.  Their  use  as  emitting  medium  reduces  the  strain  and  the  electric  field  in 
the  heterostructure,  and  enhances  radiative  efficiency  in  comparison  to  the  AlGaN/GaN  system 
[1,2].  Furthermore,  the  controlled  growth  of  AlGalnN  should  make  possible  to  vary 
independently  the  lattice  constant  and  the  bandgap,  which  is  interesting  to  tailor  the  strong 
piezoelectric  and  spontaneous  polarization  present  in  Ill-nitride  heterostructures. 

Growth  of  quaternary  AlGalnN  is  a  challenge  due  to  the  different  binding  energy  of  the 
binary  compounds,  and  the  different  mobility  and  desorption  temperature  of  the  growing  species. 
The  feasibility  of  AlGalnN  has  been  demonstrated  [3-6]  by  sophisticated  growth  procedures 
using  metalorganic  vapor  phase  epitaxy  (MOVPE).  The  capability  of  molecular  beam  epitaxy 
(MBE)  for  low  temperature  growth  opens  new  possibilities  for  the  fabrication  of  quaternary- 
based  heterostructures  in  a  wide  composition  range  [7].  In  this  work  we  demonstrate  the 
controlled  growth  of  quaternary  AlxGai.x-yInyN  by  plasma-assisted  MBE,  and  we  study  the 
incorporation  of  In  as  a  function  of  metal  fluxes  and  substrate  temperature. 

EXPERIMENTAL 

AlGalnN  epilayers  (0.5-0.7  pm  thick)  were  grown  on  GaN  templates  grown  on  c-sapphire  by 
MOVPE.  After  chemical  degreasing  and  acid  cleaning,  the  substrates  were  introduced  in  a  Meca 
2000  MBE  chamber  equipped  with  standard  effusion  cells  for  Ga  and  In.  A  water-cooled-tip  cell 
from  Addon  was  used  for  Al.  Active  nitrogen  was  supplied  by  a  radio-frequency  plasma  cell. 
The  mass  fluxes  in  monolayers  per  second  (ML/s)  were  deduced  from  the  growth  rate  of  GaN, 
AIN  and  InN  measured  at  low  temperature,  to  prevent  a  possible  overestimation  due  to  metal 
desorption.  Prior  to  AlGalnN  growth,  a  thin  (~10  nm)  GaN  buffer  layer  was  deposited  at  730°C. 
Quaternary  compounds  were  grown  in  the  range  of  substrate  temperatures  between  650°C  and 
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61 0°C.  Growth  rate  was  fixed  at  0.20  ML/s. 

The  composition  of  the  alloys  was  determined  by  Rutherford  Backscattering  Spectrometry 
(RBS).  The  growth  kinetics  and  the  structure  of  the  layers  were  analyzed  by  reflection  high- 
energy  electron  diffraction  (RHEED),  atomic  force  microscopy  (AFM),  and  high  resolution  X- 
ray  diffraction  (HRXRD).  Photoluminescence  (PL)  was  measured  by  exciting  with  the  fourth 
frequency  of  a  pulsed  Nd-YAG  laser  (266  nm)  with  a  peak  power  of  500  kW/cm2  and  a  mean 
power  of  10  mW. 

RESULTS  AND  DISCUSSION 

The  determination  of  the  growth  conditions  of  quaternary  nitrides  consists  of  the  delimiting 
the  adequate  range  of  substrate  temperatures  and  metal  fluxes.  In  our  case,  the  nitrogen  flux 
remains  constant  and  determines  the  growth  rate.  The  proper  definition  of  these  parameters 
requires  to  gain  in-depth  in  the  growth  kinetics  of  AlGalnN. 

The  growth  of  111-nitrides  should  be  performed  at  the  highest  possible  temperature,  to 
maintain  sufficient  diffusion  length  of  A1  and  Ga  species  during  epitaxy.  The  maximum  growth 
temperature  for  AlxGaj-x-yInyN  is  determined  by  the  incorporation  limit  of  In  in  AlGaN  (Ts  < 
650°C). 

At  the  low  substrate  temperatures  required  to  achieve  a  significant  In  incorporation,  A1  and 
Ga  re-evaporation  is  negligible,  i.e.  the  sticking  coefficients  of  Ga  and  Al  are  unity.  In  contrast, 
In  shows  a  high  desorption  rate  for  temperatures  higher  than  530°C,  and  a  tendency  to  segregate 
on  the  growing  surface.  Thus,  to  incorporate  In  in  the  alloy,  it  is  necessary  that  the  sum  of  Ga 
and  Al  fluxes,  0Gn  +  <I>ai,  remains  lower  that  the  nitrogen  flux,  <bN,  and  growth  must  proceed  in 
presence  of  an  excess  of  In  at  the  surface.  In  summary,  metal  fluxes  must  satisfy  the  relations: 

X^Cia+^AI  and 

More  precisely.  In  flux  should  be  high  enough  to  generate  an  In  layer  on  the  growing  surface, 
which  guarantees  In-rich  growth,  but  low  enough  to  prevent  In  accumulation  and  droplet 
formation.  For  compounds  with  low  In  contents,  we  can  determine  the  adequate  growth 
conditions  by  studying  the  wetting  of  the  AlGaN  surface  with  In.  In  a  previous  work  [8],  we 
demonstrated  the  existence  of  two  self-regulated  regimes  in  which  an  In  film  is  dynamically- 
stable  on  GaN,  corresponding  to  an  In  coverage  of  1  ML  and  2  ML,  in  agreement  with  first- 
principle  calculations  [9].  On  AlGaN,  the  presence  of  Al  modifies  the  growth  kinetics  so  that  the 
<1  ML  to  1  ML  boundary  shifts  to  higher  In  fluxes,  while  the  1  ML  to  2  ML  boundary  remains 
approximately  unchanged  [8].  Based  on  this  remark,  the  1  ML  /  2  ML  boundary  can  be 
considered  as  an  upper  limit  of  the  In  flux  required  for  AlGalnN  growth  in  the  610-650°C  range, 
in  order  to  maintain  In-rich  growth  and  prevent  In  accumulation.  These  conditions  correspond  to 
In  fluxes  in  the  0.03-0.06  ML/s  range. 

Information  about  growth  kinetics  can  be  extracted  by  analyzing  the  RHEED  pattern.  Figure 
1  shows  the  variation  of  the  RHEED  specular  intensity  when  starting  the  growth  of  AlGalnN  and 
AlGaN  at  the  same  substrate  temperature  and  with  the  same  N,  Ga  and  Al  fluxes.  In  the  case  of 
the  quaternary  alloy,  we  observe  some  transient  oscillations  that  correspond  to  the  formation  of 
the  In  film  at  the  surface.  Then,  metals  and  N  diffuse  through  this  film  and  growth  proceeds  layer 
by  layer,  as  demonstrated  by  the  presence  of  RHEED  oscillations.  After  growth,  the  adsorbed  In 
film  is  removed  by  keeping  the  sample  under  vacuum  for  about  one  minute  at  a  substrate 
temperature  of  650°C. 
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Figure  1.  Evolution  of  the  RHEED  intensity  when  starting  the  growth  of  ternary  and  quaternary 
alloys  at  a  substrate  temperature  Ts  =  640°C,  using  the  same  Al,  Ga  and  N  fluxes. 


Figure  2.  Measured  and  simulated  (solid  line)  RBS  spectrum  of  an  AlGalnN  sample  grown  on 
GaN/sapphire  at  a  substrate  temperature  of  630°C.  The  surface  channels  are  marked  by  the 
corresponding  element. 
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The  homogeneity  of  the  alloy  was  checked  by  RBS,  as  shown  in  Figure  2  for  an 
Alo.36Gao.53lno.nN  layer.  The  simulation  fits  accurately  the  experimental  data.  In  addition,  the 
structural  quality  of  the  layers  was  analyzed  by  HRXRD.  The  full  width  at  half  maximum 
(FWHM)  of  symmetric  (002)  co-scans  of  AlxGai.x.yInyN  samples  (0  <  x  <  0.50,  0  <  y  <  0.15)  lies 
in  the  range  from  300  arcsec  to  700  arcsec,  whereas  the  FWHM  of  asymmetric  (-102)  co-scans 
remains  in  the  600-750  arcsec  range.  The  surface  roughness  measured  by  AFM  increases  with  In 
content  from  0.7  nm  to  2  nm  (rms),  in  samples  with  an  A1  content  of  about  40%. 


Figure  3.  Photoluminescence  spectra  of  AIGalnN  layers  with  x  =  0.23,  and  y  =  0,  0.07,  and  0. 14. 


Figure  3  shows  the  room  temperature  photoluminescence  spectra  of  quaternary  samples  with 
the  same  A1  content  and  different  In  mole  fraction.  Together  with  the  strong  red-shift, 
characteristic  of  In  incorporation,  we  observe  a  broadening  of  the  main  line. 


Figure  4.  Maximum  In  incorporation  in  the  quaternary  compound  as  a  function  of  the  substrate 
temperature  and  the  0  =  A1/(A1  +  Ga)  ratio. 
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Previous  experimental  results  demonstrate  that  In  incorporation  in  InGaN  [9,10]  and  AlGalnN 
[7]  depends  on  substrate  temperature,  although  the  physical  origin  of  that  dependence  is  still 
under  debate.  In  Figure  4,  we  present  an  study  of  the  In  incorporation  limit  as  a  function  of 
substrate  temperature  and  A1  mole  fraction.  In  order  to  determine  this  limit,  the  Ga  flux  is 
reduced  until  observing  a  reduction  of  the  growth  rate,  evidenced  in  situ  by  RHEED  oscillations. 
Under  these  conditions,  there  is  an  excess  of  In  at  the  layer  surface,  which  manifests  in  a  diffuse 
RHEED  pattern  that  recovers  brightness  when  stopping  the  In  flux.  However,  this  excess 
segregates  at  the  surface,  and  only  a  limited  amount  of  In  contributes  to  the  growth.  Higher  In 
fluxes  result  in  a  darker  RHEED  pattern  that  evidences  the  accumulation  of  In  on  the  surface,  but 
the  growth  rate  does  not  increase  and  the  growth  front  remains  rough.Experimental  results  in 
Figure  4  indicate  that,  apart  from  the  effect  of  (A1  +  Ga)  /  N  ratio,  there  is  a  second  limit  to  In 
incorporation,  which  is  a  function  not  only  of  the  substrate  temperature,  but  also  of  the  A1  mole 
fraction  of  the  alloy. 

From  our  experiments  we  can  assert  the  mechanism  that  limits  In  incorporation  is  not  the  re¬ 
evaporation  of  adsorbed  In  atoms,  since  the  In  flux  was  adjusted  to  guarantee  In-rich  conditions 
in  all  the  temperature  range.  The  predicted  immiscibility  of  InN  and  GaN  should  neither  be  the 
origin  of  this  phenomenon,  since  it  should  be  attenuated  by  temperature,  in  contrast  with  our 
observations.  In  contrast.  In  loss  should  be  due  to  the  thermal  decomposition  of  In-N  bonds, 
which  is  supported  by  the  measurement  of  an  InN  decomposition  temperature  of  530°C  in  our 
MBE  chamber.  Above  this  temperature,  In-N  bonds  are  thermally  unstable,  and  the  In  mole 
fraction  of  the  alloy  is  thus  determined  by  growth  kinetics.  At  the  growing  surface,  the  exchange 
of  In  atoms  with  Ga  or  A1  is  energetically  favorable,  due  to  the  different  binding  energies  of  InN, 
GaN  and  AIN.  Thus,  In  tends  to  segregate  at  the  growth  front,  and  the  higher  binding  energy  of 
AIN  in  comparison  to  GaN  is  most  likely  the  origin  of  the  segregation  enhancement  for  higher  A1 
mole  fractions. 

CONCLUSION 

Controlled  growth  of  quaternary  AlGalnN  compounds  by  PAMBE  has  been  demonstrated, 
achieving  homogeneous  layers  with  good  structural  and  optical  properties.  It  has  been  shown  for 
the  first  time  that  the  maximum  incorporation  of  In  is  significantly  affected  by  the  A1  mole 
fraction.  This  behavior  is  attributed  to  the  enhancement  of  In  segregation  due  to  the  high  binding 
energy  of  AIN  compared  to  InN  and  GaN. 
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ABSTRACT 

The  effects  of  SiC  surface  treatment  on  the  lattice  relaxation  of  AIN  buffer  layers  and  the 
crystalline  quality  of  GaN  layers  grown  on  the  buffer  layers  were  studied.  AIN  buffer  layers  and 
GaN  main  layers  were  grown  by  plasma-assisted  molecular-beam  epitaxy  on  on-axis  6H-SiC 
(0001)si  substrates.  High-temperature  HCl-gas  etching  resulted  in  an  atomically  flat  SiC  surface 
with  (V3xV3)R30°  surface  reconstruction,  while  HCl-gas  etching  followed  by  HF  chemical 
treatment  resulted  in  an  atomically  flat  surface  with  (lxl)  structure.  The  AIN  layer  grown  on  the 
(lxl)  surface  showed  slower  lattice  relaxation.  GaN  grown  on  the  AIN  buffer  layer  exhibited  a 
(0002)  X-ray  rocking  curve  of  70  arcsec  and  107  cm'2  of  screw-type  dislocation  density,  which 
was  superior  than  that  of  GaN  grown  on  (V3xV3)R30°  surface. 


INTRODUCTION 

Growth  of  high-quality  GaN  on  SiC  is  one  of  key  issues  to  realize  high-frequency 
high-power  transistors.  We  have  reported  molecular-beam  epitaxial  (MBE)  growth  of  AIN  on 
6H-SiC  (0001)si  substrates  pretreated  by  high-temperature  HCl-gas  etching  [1,2].  HCl-gas 
etching  resulted  in  an  atomically  flat  SiC  surface  [3].  The  crystalline  quality  and  surface 
roughness  of  AIN  grown  layers  were  greatly  improved  compared  to  AIN  grown  on  an  as-received 
SiC  substrate,  suggesting  that  HCl-gas  etching  is  an  effective  pretreatment  to  grow  high-quality 
AIN.  In  this  study,  the  AIN  layer  was  used  as  a  buffer  layer  for  GaN  growth.  We  discuss  the 
correlation  between  the  lattice  relaxation  process  of  AIN  buffer,  which  depends  on  surface 
reconstruction  of  SiC  substrates,  and  the  quality  of  GaN  layer  grown  on  the  AIN  buffer.  It  was 
revealed  that  surface  reconstruction  of  6H-SiC  has  strong  effects  on  the  lattice  relaxation  process 
of  AIN  buffer  layers  and  the  crystalline  quality  of  GaN. 
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EXPERIMENTAL  DETAILS 


AIN  and  GaN  layers  were  grown  by  plasma-assisted  MBE  using  elemental  Ga  and  Al,  and 
active  nitrogen  (N*)  generated  by  an  EPI  Unibulb  radio-frequency  plasma  cell.  Commercially 
available  on-axis  6H-SiC  (000 1  )Si  substrates  were  used. 

In  this  study,  three  different  pretreatments  for  6H-SiC  substrates  were  investigated.  They 
were  combinations  of  two  methods,  a  wet  chemical  process  and  high-temperature  HCl-gas 
etching.  First,  all  substrates  were  cleaned  by  a  wet  chemical  process:  dipping  into  aqua  regia, 
HC1  solution  and  HF  solution  for  removal  of  contamination  and  natural  oxide.  These  substrates 
were  referred  as  as-received  substrates.  As  shown  in  figure  1(a),  many  polishing  scratches  were 
observed  by  AFM  on  the  as-received  substrate.  Second,  some  of  the  substrates  were  etched  by 
HC1/H2  gas  at  1300°C  to  remove  the  damaged  layer  caused  by  polishing,  which  were  referred  as 
HCl-treated  substrates.  The  surface  exhibited  clear  step-and-terrace  structure  without  scratches  as 
shown  in  figure  1(b).  Most  of  the  steps  had  6  monolayer  (ML)  height  [3],  The  terrace  widths 
were  200-600  nm,  corresponding  to  a  misorientation  of  0. 1-0.4°.  Finally,  some  of  the  HCl-treated 
substrates  were  successively  cleaned  by  the  same  wet  chemical  process  as  described  above  for 
surface  modification.  The  substrates  were  referred  as  HF/HCl-treated  substrates.  As  shown  in 
figure  1(c),  the  step-and-terrace  structure  was  also  observed  on  the  substrate,  indicating  that  the 
wet  chemical  process  doesn’t  affect  surface  flatness. 

After  surface  pretreatment  described  above,  the  substrate  was  loaded  into  the  MBE  system. 
Thermal  cleaning  at  1000°C  for  30  min  in  an  ultra  high  vacuum  was  followed  by  growth  of 
60-nm-thick  AIN  at  1000°C  under  a  nearly  stoichiometric  condition,  which  resulted  in  a  smooth 
grown  surface.  And  then,  1-pm-thick  GaN  was  grown  at  850°C  under  a  slightly  Ga-rich 
condition.  The  growth  rates  of  AIN  and  GaN  were  0.36  pm/h  and  0.5  pm/h,  respectively.  The 
growth  process  of  AIN  buffer  layer  was  studied  by  in  situ  reflection  high-energy  electron 
diffraction  (RHEED)  observation  and  the  quality  of  GaN  grown  layer  was  characterized  by 
atomic  force  microscope  (AFM)  and  X-ray  diffraction  (XRD)  measurements. 


DISCUSSION 

In  figure  1,  RHEED  patterns  are  shown  for  the  three  6H~SiC  substrates  after  thermal 
cleaning.  A  diffused  streak  pattern  was  observed  on  the  as-received  substrate  (figure  1(a)),  while 
sharp  and  intense  streak  patterns  with  clear  Kikuchi  lines  were  observed  on  the  HCl-treated  and 
HF/HCl-treated  substrates  (figures  1(b)  and  1(c)).  The  as-received  substrate  exhibited  (lxl) 


BEST  AVAILABLE  COPY 


structure.  On  the  HCl-treated  substrate,  (V3xV3)R30°  surface  reconstruction  was  evident.  On  the 
other  hand,  (lxl)  structure  was  observed  on  the  HF/HCl-treated  substrate. 


(1x1)  (V3  x  V3)R30° 


(1x1) 


Polishing  damage  Atomically  flat  Atomically  flat 
Figure  1.  AFM  images  and  RHEED  patterns  of  6H-SiC  substrates  after  thermal  cleaning,  (a) 
as-received  substrate,  (b)  HCl-treated  substrate  and  (c)  HF/HCl-treated  substrate. 


AIN  buffer  layers  were  grown  on  these  surfaces.  Just  after  the  growth  of  AIN,  the  RHEED 
pattern  became  faint.  Then,  a  streak  pattern  appeared  gradually.  The  evolution  of  a-axis  lattice 
constant  calculated  from  the  spacing  of  streaks  is  shown  in  figure  2.  Two  dashed  lines  indicate 
the  a-axis  lattice  constants  of  bulk  AIN  and  SiC,  corresponding  to  fully  relaxed  and  coherent 
growth  of  AIN  on  SiC,  respectively.  During  the  initial  stage  of  growth,  the  lattice  constant  could 
not  be  calculated  because  of  the  faint  RHEED  pattern.  In  all  cases,  lattice  relaxation  due  to  the 
1%  lattice  mismatch  between  AIN  and  SiC  was  observed,  but  the  relaxation  processes  were 
different.  On  the  as-received  substrate,  the  lattice  constant  increases  slowly.  Even  after  600  s 
growth  (60  nm),  the  lattice  constant  still  remained  at  the  middle  of  fully  relaxed  and  coherent 
conditions,  indicating  that  the  AIN  layer  has  a  compressive  strain  (the  a-axis  lattice  constant  of 
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grown  layer  is  smaller  than  that  of  bulk  AIN).  On  the  other  hand,  the  lattice  constant  on  the 
HCl-treated  substrate  approaches  that  of  fully  relaxed  AIN  within  200  s  growth  (20  nm).  The 
evolution  of  lattice  constant  on  the  HF/HCl-treated  substrate  was  similar  to  that  observed  on  the 
as-received  substrates,  but  the  AIN  layer  has  a  larger  compressive  strain.  These  results  clearly 
indicate  that  the  strain  relaxation  process  of  AIN  was  strongly  affected  by  6H  SiC  substrate 
pretreatment.  It  is  thought  that  the  SiC  initial  surface  with  (V3xV3)R30°  resulted  in  fast 
relaxation  of  AIN  layer. 
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Figure  2.  Evolution  ol  a-axis  lattice  constant  during  AIN  buffer  layer  growth  on  three  different 
substrates;  (a)  as-received  substrate,  (b)  HCl-trcated  substrate  and  (c)  HF/HCl-treated  substrate. 


A  1-pm-thick  GaN  main  layer  was  grown  alter  the  growth  ol  AIN  buffer  layer.  During  and 
after  the  growth  of  GaN,  RHEED  exhibited  a  streak  pattern  for  all  samples.  The  X-ray  rocking 
curves  (XRCs)  of  GaN  (0002)  are  shown  in  figures  3(a)-(c).  GaN  grown  on  the  as-received 
substrate  exhibits  relatively  good  full  width  at  half  maximum  (FWHM)  value,  272  arcsec.  As 
clearly  seen,  the  FWHM  value  on  the  HCl-treated  substrate  is  977  arcsec,  significantly  larger 
than  those  on  the  other  two  substrates,  indicating  poor  crystalline  quality  of  GaN.  On  the 
HF/HCl-treated  substrates.  149  arcsec  (the  best  value  of  70  arcsec)  was  obtained,  which  is  a 
considerably  small  value  for  MBE-grown  GaN  on  SiC  [4,5 1. 

Figures  3(d)-(f)  show  AFM  images  of  GaN  layers.  On  the  as-received  substrate,  a  lot  of 
spiral  hillocks  were  observed  as  shown  in  figure  3(d).  These  hillocks  originate  from  spiral 
growth  at  screw-type  (pure  screw  or  mixed)  dislocations  [6],  The  density  of  hillocks  was  ~109 
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cm'2.  On  the  HCl-treated  substrate,  irregular  steps  and  many  small  holes  were  observed  as  shown 
in  figure  3(e),  showing  the  poor  crystalline  quality  of  GaN.  On  the  HF/HCl-treated  substrate, 
hillocks  were  also  observed  with  a  large  scan  range  (not  shown  here),  but  its  density  was  ~107 
cm'2,  two  orders  of  magnitude  smaller  than  that  on  the  as-received  substrate.  Between  hillocks,  a 
clear  step-and-terrace  structure  was  observed  as  shown  in  figure  3(f).  These  results  suggest  that 
HF/HCl-treatment  resulted  in  a  remarkable  reduction  of  screw-type  dislocations  in  GaN  grown 
layers.  However,  the  presence  of  dark  spots  (pits)  in  the  AFM  image  may  indicate  the  presence  of 
other  defects  such  as  pure-edge  dislocations.  The  total  density  of  dislocations  should  be 
confirmed  by  transmission  electron  microscopy  in  future. 

Although  both  of  HCl-treated  and  HF/HCl-treated  SiC  substrates  have  a  very  flat  surface, 
the  crystalline  quality  of  GaN  grown  on  these  substrates  was  very  different  as  discussed  above. 
These  two  SiC  substrates  have  different  surface  reconstruction  (or  surface  chemical  composition), 
which  resulted  in  the  different  relaxation  process  of  AIN  buffer  layer.  Detailed  studies  on 
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Figure  3.  X-ray  rocking  curves  for  (0002)  diffraction  and  AFM  imges  from  GaN  layers  grown 
on  6H-SiC  substrates  with  three  different  pretreatments;  (a),(d)  as-received  substrate,  (b),(e) 
HCl-treated  substrate  and  (c),(f)  HF/HCl-treated  substrate. 
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quality  of  the  AIN  buffer  layer  will  be  a  key  to  understand  why  the  quality  of  GaN  is  so  different. 
It  is  also  expected  that  precise  control  of  SiC  surface  will  result  in  further  improvement  ol 
crystalline  quality  of  GaN. 


CONCLUSIONS 

We  proposed  high-temperature  HCl-gas  etching  followed  by  chemical  treatment  as  a  new 
SiC  substrate  pretreatment,  which  resulted  in  (1x1)  structure  with  an  atomically  flat  surface.  On 
the  surface-pretreated  SiC  substrate,  the  AIN  layer  exhibited  slow  lattice  relaxation.  AIN  had  a 
compressive  strain  even  after  60  nm-thick  growth.  GaN  layers  grown  on  the  AIN  buffer  layei 
exhibited  a  XRC  (0002)  diffraction  of  70  arcsec  and  107  cm'2  of  screw-type  dislocation  density 
which  is  two  orders  of  magnitude  smaller  than  that  of  GaN  grown  on  as-received  substrates. 
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ABSTRACT 

In  this  study,  InN  films  with  thickness  up  to  7.5  micron  were  prepared  by  molecular 
beam  epitaxy  (MBE)  on  (0001)  sapphire  and  quasi-bulk  GaN  templates.  Previously  it  has  been 
challenging  to  grow  InN  film  much  beyond  1  micron  because  the  growing  surface  tended  to 
become  rough.  Techniques  to  overcome  this  limit  have  been  developed.  Various  buffer 
techniques  were  used  and  compared  to  optimize  the  epitaxial  growth.  It  was  found  that  with 
increasing  film  thickness,  Hall  mobility  will  monotonically  increase,  while  carrier  concentration 
decreases.  Hall  mobility  beyond  2100  cm2/Vs  with  carrier  concentration  close  to  3xl017  cm'3 
was  obtained  at  room  temperature.  Compared  with  the  lowest  carrier  concentration  ~2xl018  cm'3 
obtained  on  thin  InN  films  grown  at  the  same  condition,  the  conclusion  is  that  impurities  from 
the  growth  environment  are  not  responsible  for  the  high  background  doping  of  InN.  Instead, 
some  structural  defects  or  substrate/buffer  impurities  may  be  the  major  source  of  the 
unintentional  doping,  which  can  be  reduced  by  growing  thicker  films. 

Some  results  on  Mg  and  Be  doping  of  InN  will  be  reported  as  well.  To  date,  all  Mg  and 
Be  doping  attempts  have  resulted  in  n-type  material. 


INTRODUCTION 

Indium  nitride,  as  an  essential  component  in  the  Ill-nitride  system,  has  attracted  much 
attention  recently.  Knowing  more  about  this  material  is  very  helpful  to  the  design  of  novel  Di- 
nitride  devices  based  on  the  concept  of  band-gap  and  strain  engineering.  During  the  past  few 
years,  many  important  improvements  on  the  research  of  this  material  have  been  achieved.  InN 
films  with  room  temperature  Hall  mobility  more  than  1000  cm2/Vs  and  carrier  concentration  in 
the  order  of  1018  cm'3  have  been  produced  by  several  groups  in  the  world.  [1,2]  What  more 
significant  is  the  successful  demonstration  of  the  narrow  bandgap  (0.7  eV)  of  InN.  [3-5]  This 
discovery  has  two  important  implications.  First,  many  theoretical  studies  and  experimental 
explanations  based  on  the  predominantly  reported  bandgap  (1.9  eV)  of  InN  have  to  be  updated. 
Second,  InN  and  its  related  In-rich  nitrides  can  be  utilized  in  a  new  domain  of  applications.  In 
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the  field  of  opto-electronics,  ITI-nitride-based  light  emitters  can  be  made  over  a  broader 
wavelength  range  from  infrared  to  ultraviolet. 

In  our  previous  study,  it  was  found  that  by  increasing  InN  film  thickness,  the  electrical 
properties  of  InN  can  be  improved.fi]  However,  at  the  same  time,  it  was  also  found  that  it  is 
quite  challenging  to  grow  InN  film  much  beyond  1  micron  because  the  growing  surface  tends  to 
become  rough  near  1  micron  of  thickness.  As  a  result  of  the  rough  surface,  the  electrical 
properties  of  InN  can  not  be  improved  further  and  even  degrade.  Since  there  is  an  urgent  need  to 
synthesize  high  quality  InN  for  the  extraction  of  its  fundamental  parameters,  in  this  study  we 
focused  on  the  optimization  of  the  InN  growth  conditions.  Techniques  to  overcome  the  smooth 
surface  thickness  limit  of  InN  have  been  developed.  InN  films  with  thickness  up  to  7.5  micron 
and  smooth  surface  morphology  were  prepared  on  (0001 )  sapphire  and  quasi-bulk  GaN 
templates.  Hall  mobility  beyond  2100  cm2/Vs  with  carrier  concentration  close  to  3x10  cm' 
was  obtained  at  room  temperature.  It  is  determined  that  impurities  from  the  growth  environment 
are  not  responsible  for  the  high  background  doping  of  InN.  Instead,  some  structural  defects  or 
substrate/buffer  impurities  may  be  the  major  source  of  the  unintentional  doping.  In  this  paper, 
some  results  on  Mg  and  Be  doping  of  InN  will  be  reported  as  well. 


EXPERIMENTAL 

A  Varian  GEN-II  remote  RF-plasma  MBE  system  was  used  for  the  growth  of  InN.  The 
details  of  the  system  have  been  described  elsewhere.fi]  The  substrates  used  were  (0001) 
sapphire  and  HVPE  GaN:Zn  quasi-bulk  templates  on  sapphire.  The  backsides  of  the  substrates 
were  sputter-coated  by  TiW  alloy  for  efficient  heat  absorption  during  the  growth.  For  InN  films 
grown  on  sapphire,  an  AIN  or  GaN  layer  was  grown  prior  to  InN  growth  to  serve  as  a  buffer 
layer.  Unless  specified,  the  whole  growth  process  can  be  separated  into  three  steps.  In  the  first 
step,  (0001)  sapphire  wafer  was  nitridated  by  nitrogen  plasma;  then  an  AIN  or  GaN  buffer  layer 
was  deposited  at  high  temperature  by  the  conventional  MBE  technique.  Finally,  the  substrate 
was  cooled  down  slowly  to  the  desired  temperature  and  then  InN  growth  began.  For  InN  films 
grown  on  HVPE  GaN,  the  substrate  was  directly  heated  to  the  InN  growth  temperature  and  then 
the  growth  was  started.  The  HVPE  GaN  template  has  been  compensated  with  Zn  introduced 
during  growth  to  suppress  unintentional  n-type  conductivity.  Its  thickness  is  around  16  pm  with 
300K  resistivity  up  to  109  Q.cm  and  dislocation  density  around  5xl08  cm"2.  [6] 

All  InN  films  were  grown  by  the  conventional  MBE  technique  in  this  study.  The  growth 
rate  is  about  0.7  pm/h.  Previously  the  main  challenge  for  growing  thick  InN  was  the  degradatior 
of  surface  morphology.  Two  possible  reasons  may  lead  to  the  degradation.  One  is  over-heating 
of  the  InN  film.  Due  to  the  narrow  bandgap  of  InN,  the  film  will  absorb  black  body  radiation 
from  the  furnace  and  RF  plasma  efficiently.  As  a  result,  even  though  a  constant  power  is 
supplied  to  the  substrate  heater,  the  actual  film  temperature  may  go  up  as  the  film  thickness 
increases.  Since  the  optimum  temperature  we  used  to  grow  InN  is  close  to  the  dissociation 
temperature  of  InN  to  maximize  the  surface  mobility  of  group-III  atoms,  the  absorption  heating 
effect  may  increase  the  actual  film  temperature  up  to  the  dissociation  temperature,  which  leads  t< 
the  degradation.  The  other  reason  is  the  deviation  from  the  optimum  III/V  ratio.  It  has  been 
found  that  the  optimum  III/V  ratio  for  InN  growth  lies  close  to  the  In-stable  region.  During  the 
InN  growth,  the  N2  Plasma  density  is  relatively  stable  while  the  In  flux  will  decrease  at  the  same 
furnace  temperature  for  prolonged  growth  due  to  the  depletion  of  In  charge.  If  this  continues,  the 
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growth  condition  may  shift  from  near  In-stable  region  to  N-stable  region.  Growth  of  InN  in  the 
N-rich  condition  is  unfavorable  which  usually  results  in  poor  surface  morphology  and  high 
carrier  density. 

Precise  control  to  maintain  an  optimum  growth  condition  is  critical  for  growing  thick 
InN.  In  this  study,  we  modified  and  computerized  our  growth  system.  Various  parameters,  such 
as  substrate  temperature  and  furnace  temperature,  were  measured  and  adjusted  by  computer  in  a 
feedback  mode  throughout  the  growth.  InN  films  with  thickness  up  to  7.5  pm  have  been 
successfully  produced.  The  growth  conditions  of  Mg  or  Be  doped  InN  are  similar  to  those  of 
undoped  InN.  The  Mg  or  Be  shutter  was  opened  directly  after  the  InN  growth  began. 

The  electrical  properties  were  determined  by  Hall  measurements  with  Van  der  Pauw 
geometry  using  In  contacts.  To  improve  the  precision  of  Hall  measurements,  standard  Hall 
patterns  defined  by  optical  lithography  and  plasma  etching  were  used. 


RESULTS  AND  DISCUSSIONS 
Electrical  properties  of  thick  InN  films 

Figure  1  shows  a  summary  of  electrical  properties  of  many  epitaxial  InN  growths.  The 
InN  samples  were  prepared  by  either  MEE  [7]  or  conventional  MBE.  Various  buffer  techniques 
and  growth  temperatures  have  been  tried.  The  progress  in  our  InN  study  is  clearly  shown  in  this 
figure.  Before  year  2001,  the  thickest  InN  we  could  produce  was  about  1  pm.  Accordingly  the 
highest  room  temperature  Hall  mobility  obtained  was  about  1300  cm2/Vs  with  carrier  density 
around  2x1 018  cm'3.  With  the  development  of  our  growth  technique,  much  better  electrical 
properties  were  achieved  in  our  thick  InN  films.  The  highest  300K  Hall  mobility  obtained  until 
today  is  2160  cm2/Vs  with  carrier  density  3.15xl017  cm"3.  These  are  the  highest  mobility  and 
lowest  electron  density  reported  in  single  crystal  InN  to  date. 


Figure  1.  A  summary  of  electrical 
properties  of  many  InN  growths.  The 
InN  samples  were  either  prepared  by 
MEE  or  conventional  MBE  with 
different  buffer  techniques  and 
growth  temperatures. 
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The  effeel  of  film  thickness  on  the  electrical  properties  of  InN  was  studied  by  preparing  a 
senes  of  InN  films  with  different  film  thickness.  Figure  2  shows  the  evolution  of  their  300K  Hall 
mobility  and  carrier  density  as  a  function  of  film  thickness.  It  is  found  that  with  increasing  film 
thickness,  the  Hall  mobility  of  InN  films  will  continuously  increase  while  carrier  concentration 
decreases.  The  enhancement  of  Hall  mobility  can  be  explained  by  the  reduced  defect  density 
away  from  the  lattice-mismatched  buffer.  Since  the  lattice  mismatch  between  InN  and  GaN 
buffer  is  still  more  than  11%,  high  densities  of  dislocations  are  expected.  Based  on  our  previous 
TCMstudyzOnthin  InN  film,  the  dislocation  density  near  the  InN/buffer  interface  is  on  the  order 
of  10  cm  .  [8]  At  this  dislocation  density  level,  charged  dislocation  scattering  should  be  one  of 
the  major  scattering  mechanisms.  With  increasing  film  thickness,  dislocation  annihilation  occurs, 
w  ich  results  in  an  enhanced  Hall  mobility.  Here  it  is  worth  noting  that  for  a  thick  InN  film,  the 
Hall  mobility  obtained  is  a  weighted  average  value  of  the  whole  film.  The  actual  Hall  mobility  of 
he  upper  layer  of  the  trim  should  be  higher  than  the  average,  which  raises  the  expectation  that 
nN  can  achieve  a  mobility  suitable  for  high-speed  electronics. 

From  the  same  figure,  it  is  surprising  to  observe  that  the  carrier  concentration  of  InN 
lms  decreases, at  the  same  time.  Such  effect  does  not  strongly  occur  for  growing  undoped  GaN. 
which  is  partially  due  to  the  fact  that  dislocations  are  acceptor-like  in  GaN.  [9]  Since  the  film 
was  prepared  at  the  same  growth  environment  throughout  the  growth,  this  result  means  that 
impunties  from  the  growth  environment  are  not  responsible  for  the  high  background  doping  of 
InN.  Instead,  some  structural  defects  or  substrate/buffer  impurities  may  be  the  major  source  of 
the  unintentional  doping,  which  can  be  reduced  by  growing  thicker  films. 


Figure  2.  Room 
temperature  Hall  mobility 
and  electron 
concentration  of  InN 
films  as  a  function  of  film 
thickness.  InN  samples 
were  grown  under  the 
same  conditions  on 
220nm  GaN  buffers. 


We  also  prepared  thick  InN  films  on  HVPE  GaN  templates.  The  purpose  for  this 
experiment  is  to  determine  whether  a  high  quality  GaN  buffer  improves  InN  growth.  The  normal 
dislocation  density  m  our  thin  MBE-grown  GaN  buffer  layers  is  on  the  order  of  high  1 09  cm'2 
Meanwhile,  the  dislocation  density  of  the  HVPE  GaN  templates  is  around  5xl08  cm  2  The 
surface  moipholog.es  of  both  kinds  of  GaN  films  are  similar.  Figure  3  shows  the  electrical 
properties  of  InN  films  grown  on  HVPE  GaN  as  a  function  of  film  thickness.  The  300K  Hall 
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mobility  and  carrier  concentration  show  similar  trends  as  what  observed  in  InN  films  grown  on 
MBE  GaN  buffers,  which  again  confirms  that  impurities  from  the  growth  environment  are  not 
responsible  for  the  high  background  doping.  By  comparing  fig.2  and  fig.3,  it  is  found  that  at  the 
same  film  thickness,  Hall  mobility  and  carrier  concentration  of  InN  films  on  both  buffers  are 
quite  similar,  which  means  that  lower  dislocation  HVPE  GaN  buffer  does  not  significantly 
improve  InN  growth.  It  is  further  suggested  that  lattice  mismatch  is  the  dominant  factor  in 
controlling  the  following  InN  quality.  A  graded  composition  buffer  might  improve  InN  growth. 


t 

'■§ 


InN  film  thickness  (urn) 


Electrical  properties  of  Mg  and  Be  doped  InN 


Figure  3.  Room  temperature  Hall 
mobility  and  electron  concentration 
of  InN  films  as  a  function  of  film 
thickness.  These  samples  were 
prepared  on  HVPE  GaN  templates. 


Developing  insulating  and  p-type  InN  is  critical  for  InN-based  device  applications.  Mg 
and  Be  atoms  might  be  acceptors  in  InN  if  they  can  occupy  the  right  lattice  sites.  By  doping  InN 
by  Mg  or  Be,  we  hope  that  we  can  further  reduce  the  carrier  concentration,  or  produce  p-type 
InN.  Our  previous  attempt  on  Mg-doping  of  InN  resulted  in  higher  electron  concentration  than 
undoped  materials,  which  was  explained  by  the  structural  degradation.  [10]  In  this  study,  we 
prepared  Mg  and  Be  doped  InN  under  our  optimized  growth  conditions.  However,  to  date,  all 
Mg  and  Be  doping  attempts  still  resulted  in  n-type  material. 


Figure  4.  A  summary  of  electrical 
properties  of  Mg  and  Be  doped  InN. 
Some  data  on  undoped  and  Si 
doped  InN  are  also  shown  in  this 
figure  for  comparison. 
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Figure  4  summarizes  the  electrical  properties  of  Mg  and  Be-doped  InN.  Some  results  on 
undoped  and  Si-doped  InN  are  also  shown  in  this  figure  for  comparison.  The  thickness  of  these 
Mg  and  Be  doped  InN  film  range  from  20()  nm  to  1  pm.  Different  Mg  and  Be  doping  levels  have 
been  attempted.  Fig. 4  shows  that  for  a  given  Hall  mobility,  Mg  or  Be  doped  InN  usually  has 
lower  electron  concentration  than  undoped  samples.  This  observation  might  be  explained  by  the 
partial  compensation  of  background  electrons  by  ionized  Mg  or  Be  dopants.  The  Hall 
measurements  of  Mg  and  Be  doped  samples  vary  much  more  widely  than  undoped  or  Si  doped 
InN  which,  to  date,  makes  interpretation  of  electrical  activity  unreliable. 

SUMMARY 

Thick  InN  films  with  high  purity  and  mobility  have  been  made  by  MBE  under  optimized 
growth  conditions.  It  is  found  that  with  increasing  the  film  thickness,  the  Hall  mobility  will 
monotonically  increase  while  carrier  concentration  decreases.  Hall  mobility  beyond  2100cm7Vs 
with  carrier  concentration  close  to  3x1 01  cm  1  was  obtained  at  room  temperature.  It  is 
determined  that  impurities  from  the  growth  environment  are  not  responsible  for  the  high 
background  doping  of  InN.  Some  results  on  Mg  and  Be  doping  ol  InN  were  also  reported. 
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ABSTRACT 

The  thick  films  of  GaN  were  investigated  using  X-ray  diffraction,  micro-Raman 
spectroscopy  and  photoluminescence  spectroscopy.  The  thick  films  of  GaN  were 
prepared  on  (0001)  sapphire  using  high  rate  magnetron  sputter  epitaxy  with  growth  rates 
as  high  as  10-60  pm/mi n.  The  width  of  the  X-ray  rocking  curve  ((0002)  reflection)  for 
the  sample  produced  by  this  method  is  -300  arc-sec.  Only  the  allowed  modes  were 
observed  in  the  polarized  Raman  spectra.  The  background  electron  concentration  is 
lower  than  3xl016  cm'3,  which  was  determined  from  the  Raman  spectra.  The  phonon 
lifetime  determined  from  Raman  E2(2)  mode  was  1.6  ps,  which  is  comparable  to  that  of 
bulk  single  crystal  GaN  grown  by  sublimation  (1 .4  ps).  The  full-width-at-half-maximum 
of  the  near  band-edge  photoluminescence  peak  obtained  at  77K  is  -100  meV. 

INTRODUCTION 

Wide  band  gap  III-V  nitrides  semiconductors  such  as  gallium  nitride  (GaN)  are 
important  materials  for  optoelectronic  applications  in  the  short-wavelength  spectral 
region.  GaN  can  be  prepared  using  a  variety  of  techniques  such  as  organometallic  vapor 
phase  epitaxy  (OMVPE)  and  molecular  beam  epitaxy  (MBE).  It  can  also  be  produced 
using  sputtering,  but  the  sputtering  process  has  not  been  considered  as  a  method  to 
produce  high  quality  epitaxial  films  of  GaN.  After  the  sputtered  GaN  was  synthesized  by 
Hovel  and  Cuomo  [1],  only  a  few  worker  have  reported  on  sputter  epitaxy  of  GaN  [2- 

n 

Recently,  we  have  demonstrated  that  high  quality  GaN  films  can  be  grown  using 
sputtering,  and  the  full-width-at-half-maximum  of  X-ray  rocking-curve  for  this  sample  is 
-300  arc-sec.  The  smallest  value  reported  until  now  was  620  arc-sec,  which  was 
produced  by  Webb  et  al.  using  magnetron  sputter  epitaxy  [7].  Values  for  the  FWHM  of 
(0002)  rocking  curves  for  thin  GaN  films  grown  via  HVPE  directly  on  sapphire  have 
been  previously  reported  in  the  range  of  200  to  600  arc-sec  [8,  9, 10].  Note  that  FWHM 
for  GaN  grown  by  OMVPE  can  be  as  low  as  -30  arc-sec  [11]. 

In  the  present  investigation,  we  have  used  X-ray  diffraction,  micro-Raman  scattering, 
and  photoluminescence  spectroscopy  to  assess  the  crystal  quality  of  the  sputtered  GaN. 
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EXPERIMENTAL 


Thick  films  of  GaN  were  prepared  on  sapphire  substrates  using  high-rate  DC  reactive 
magnetron  sputter  epitaxy.  As  a  target,  pure  gallium  (99.9999%)  was  contained  in  a 
large  area  stainless  steel  cup  (6  in.).  This  sputtering  technique  allows  the  growth  of  high 
quality  GaN  layers  on  large  area  substrates  (up  to  4  in.)  with  growth  rates  as  high  as  10- 
60  pm/min.  The  deposition  chamber  was  pumped  to  a  pressure  of  1x10'  Torr  and 
backfilled  with  a  gas  mixture  of  argon  and  nitrogen.  The  GaN  layers  were  deposited  on 
single  crystal  (0001)  sapphire  substrates  (2  in.)  that  were  heated  up  to  1200  SC  using  a 
graphite  filament.  The  layers  were  grown  under  a  variety  of  conditions  of  sputtering 
atmosphere  and  substrate  temperature.  The  thickness  of  the  film  is  20  pm. 

X-ray  rocking  curve  measurements  were  carried  out  using  the  Bede  200  double 
crystal  X-ray  diffractometer.  Micro-Raman  spectroscopy  was  performed  at  room 
temperature  using  backscattering  geometry  with  the  514.5  nm  line  of  an  Ar+  laser  and  an 
ISA  U-1000  scanning  double  monochromator  to  disperse  the  Stokes  Raman  scattering 
spectra.  The  excitation  laser  beam  was  focused  to  a  small  spot  (2  pm  in  diameter)  with  a 
microscope  objective,  and  the  power  of  the  laser  was  fixed  to  140  mW.  The  frequency- 
tripled  output  of  a  pulsed  Ti:  Sapphire  laser  (280  nm  and  250  fs  at  76  MHz)  was  used  as 
the  UV  excitation  source  for  photoluminescence  spectroscopy.  The  sample  was  mounted 
on  an  oxygen-free  highly  conductive  copper  plug  and  placed  on  the  cold  finger  of  a  liquid 
nitrogen  dewar.  The  photoluminescence  (PL)  signal  was  collected,  collimated  and 
focused  on  to  the  entrance  slits  of  a  0.32  m  spectrometer,  and  the  emission  was  detected 
using  a  cooled  GaAs  photomultiplier  dc  coupled  to  an  electrometer. 

RESULTS  AND  DISCUSSION 


Omega  (arc-sec)  Raman  Shift  (cm'1) 

FIGURE  1.  X-ray  rocking  curve  from  FIGURE  2.  Raman  spectrum  of  sputtered 
(0002)  reflection  GaN 

Figure  1  presents  an  X-ray  rocking-curve  for  GaN  film  deposited  on  (0001)  sapphire. 
The  FWHM  of  the  (0002)  rocking  curve  for  the  sample  which  was  used  for  this 
investigation  is  ~300  arc-sec.  Hexagonal  GaN  has  a  wurtzite  structure  which  belongs  to 
the  Cev4  space  group.  According  to  group  theory,  Aj(z)  +  2Bi  +  E|(x,y)  +  2E2 optical 
modes  occur  at  the  T  point  of  the  Brillouin  zone  of  GaN  [17].  Among  these  optical 
modes,  the  two  E2  modes  are  Raman  active,  the  Aj  and  Ei  modes  are  both  Raman  and 
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infrared  active,  and  the  two  Bi  modes  are  neither  Raman  nor  infrared  active.  The  Ai  and 
Ei  modes  split  into  longitudinal  optical  (LO)  and  transverse  optical  (TO)  components  due 
to  their  polar  nature.  Only  the  E2  ,  E2(2),  and  Ai(LO)  modes  are  allowed  with  the  z(x,-)z 
scattering  geometry  of  our  experiment.  Figure  2  shows  polarized  Raman  spectra  of  the 
GaN  grown  on  sapphire.  As  can  be  seen  from  the  figure,  only  the  allowed  phonon  modes 
were  observed.  A  high-resolution  spectrum  of  the  E2(2)mode  is  shown  in  Figure  3(a). 
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FIGURE  3(a).  High  resolution  Raman 
spectrum  of  E2<2)  mode. 


FIGURE  3(b).  High  resolution  Raman 
spectrum  of  Aj(LO)  mode. 


A  longitudinal  optical  (LO)  phonon  couples  with  a  plasmon  through  the  macroscopic 
electric  field  in  the  case  of  polar  semiconductors  such  as  GaAs  and  GaN  [12].  The 
coupling  is  via  the  macroscopic  electric  fields  of  the  phonons  and  plamons.  The  coupling 
between  the  plasmons  and  the  LO  phonon  generates  two  coupled  LO  phonon-plasmon 
(LPP)  modes,  which  are  referred  to  as  ©+  (LPP+)  and  ©.  (LPP  )  [13].  The  frequency  of 
these  coupled  modes  varies  as  a  function  of  the  free  carrier  concentration.  This  effect 
was  suggested  by  Varga  [14],  and  first  experimentally  observed  in  GaAs  by  Mooradian 
and  Wright  [13].  In  the  case  of  GaN  where  plasmon  damping  is  substantial,  the  coupling 
will  be  manifested  as  a  shift  of  the  LO  phonon  mode.  The  plasma  frequency  can  be 
obtained  by  fitting  the  coupled  mode  to  the  following  formula  [15]; 

I A  =  Constant  •  a(o))» Im{-  l/e (ty)}  ,  (2) 

where  ©  is  the  Raman  shift,  e(©)  is  the  dielectric  function  which  has  a  phonon  and  a 
plasmon  contribution,  and  A(©)  is  the  interference  term  which  contains  Faust-Henry 
coefficient.  The  A(©)  is  expressed  as 


where 


A{co) = 1  +  2C  ^2-  [col  vWro  “  )-  co2r(co2  +y2  -coj )] 

+c2{a>Ml»L  -«4)+r(«>J  -  2m7 )]+  <a*rV  +  f 

A  =  a>2prla>r)2  +  (<,  -  CO 2 )2 }+  co2r (a2  +  f  \a2L0  -a20), 


(3) 


(4) 


and  C  is  the  Faust-Henry  coefficient  [16],  ©p  is  the  plasma  frequency,  ©to  and  ©lo  are 
the  TO  and  LO  phonon  frequencies,  respectively,  and  T  and  y  are  the  phonon  and 
plasmon  damping  constants,  respectively.  The  parameter  ©p,  T,  y,  and  C  can  be  obtained 
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from  least-square  fitting.  Finally,  the  free  carrier  concentration  is  calculated  from  the 
plasma  frequency  by  using 


(5) 


where  n  is  the  free  carrier  concentration  and  m*  is  the  effective  mass  of  the  free  carriers. 

Figure  3(b)  shows  the  high  resolution  Raman  spectrum  of  the  coupled  Ai(LO)- 
plasmon  mode.  Note  that  the  spectrum  from  sapphire  was  removed  by  collecting  Raman 
spectrum  from  the  backside  of  the  sample,  followed  by  spectral  subtraction.  By  fitting 
the  spectrum  with  eq.  (2),  a  plasma  frequency  of  cop=50.6  cm'1  was  obtained.  By  using 
eq.  (5),  the  calculated  free  carrier  concentration  of  the  sputtered  GaN  is  <3x10  cm  . 
This  value  is  considered  as  maximum  since  this  is  the  detection  limit  for  this  method. 
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FIGURE  4.  Raman  spectrum 
of  E2(2)  mode  as  a  function  of  the 
monochromator  slit  width. 


Slit  Width  (micron) 

FIGURE  5.  The  plot  of 
FWHM  of  the  E2{i)  mode 
vs.  slit  width. 


Slit  Width  (micron) 

FIGURE  6.  The  plot  of 
FWHM  of  the  Ai(LO) 
mode  vs.  slit  width. 


Figure  4  shows  the  Raman  spectra  of  the  E2  mode  as  a  function  of  the  spectrometer 
slit  width.  The  plot  of  FWHM  vs.  spectrometer  slit  width  is  shown  in  Figure  5.  The 
“zero-slit  width”  of  3.4  cm'1  was  determined  using  the  method  used  by  Bergman  et  al., 
and  the  detailed  procedure  can  be  found  elsewhere  [17].  According  to  the  uncertainty 
relation, 

AE  •  x  ~  h  (6) 

where  x  is  the  phonon  lifetime,  and  AE  is  the  Raman  line  width.  The  phonon  lifetime  of 
the  sputtered  GaN  can  be  calculated  using  eq.  (6)  [18].  The  phonon  lifetime  of  the 
sputtered  GaN  (1.6  ps)  is  comparable  to  that  of  single  crystal  GaN  grown  by  sublimation 
(1 .4  ps)  [15].  It  is  well  recognized  that  incorporation  of  impurities  and  point  defects 
substantially  reduces  phonon  lifetimes,  broadening  the  Raman  peak.  Note  that  the 
Raman  E2  mode  in  GaN  is  not  affected  by  variation  in  the  free  carrier  concentration. 
Similarly,  phonon  lifetime  of  Aj(LO)  mode  was  determined  to  be  0.7  ps  (Figure  6). 
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FIGURE  7.  X-ray  rocking  curve  width  and 
FWHM  of  E2<2)  mode  collected  from 
different  region  of  the  GaN  film. 
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FIGURE  8.  Photoluminescence  spectrum  of 
the  sputtered  GaN. 


Figure  7  shows  the  X-ray  rocking  curve  width  and  FWHM  of  the  Raman  E2(2)  peak 
for  different  regions  on  the  sputtered  GaN  films.  No  substantial  variation  in  X-ray 
rocking  curve  width  or  FWHM  of  the  Raman  peak  was  found,  which  implies  that  the 
quality  of  the  film  was  uniform  across  the  wafer.  Figure  8  shows  the  photoluminescence 
spectrum  of  the  same  film.  The  “yellow  luminescence”  peak  was  not  detected  from  the 
spectrum.  The  FWHM  of  the  near  band-edge  photoluminescence  peak  obtained  at  77K  is 
-100  meV.  For  comparison,  the  FWHM  of  the  PL  peak  for  samples  grown  by  OMVPE 
is  -40  meV. 


CONCULSIONS 

The  thick  films  of  GaN  were  investigated  using  X-ray  diffraction,  micro-Raman 
spectroscopy  and  photoluminescence  spectroscopy.  The  thick  films  of  GaN  were 
prepared  on  (0001)  sapphire  using  high  rate  magnetron  sputter  epitaxy  with  growth  rates 
as  high  as  10-60  pm/min.  The  width  of  the  X-ray  rocking  curve  ((0002)  reflection)  for 
the  sample  produced  by  this  method  is  -300  arc-sec.  Only  the  allowed  modes  were 
observed  in  the  polarized  Raman  spectra.  The  background  electron  concentration  is 
lower  than  3xl016  cm'3,  which  was  determined  from  the  Raman  spectra.  The  phonon 
lifetime  determined  from  Raman  E2<2)  mode  was  1 .6  ps,  which  is  comparable  to  that  of 
bulk  single  crystal  GaN  grown  by  sublimation  (1.4  ps).  The  full-width-at-half-maximum 
of  the  near  band-edge  photoluminescence  peak  obtained  at  77K  is  -100  meV. 
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ABSTRACT 

The  comparative  study  of  photoluminescence  (PL)  dynamics  of  wurtzite-type 
GaN/AlGaN  multiple  quantum  wells  (MQWs)  fabricated  using  low-pressure 
metalorganic  chemical  vapor  deposition  technique  over  GaN  coated  [0001]-sapphire  (C- 
plane)  and  single  crystalline  [1  1 00] -oriented  freestanding  GaN  (M-plane)  substrates  is 
presented.  The  MQWs  on  C-plane  sapphire  at  low  excitation  exhibited  much  lower  (~30 
times)  PL  intensity  in  comparison  with  M-plane  samples.  The  C-plane  MQWs  showed  a 
strong  excitation  intensity-induced  PL  spectrum  line  blueshift  (up  to  140  meV). 
Meanwhile  identical  MQW  structures  on  M-plane  substrates  demonstrated  no  PL  peak 
shifts  indicating  an  absence  of  polarization  fields.  At  higher  excitation  (>50  kW/cm2)  the 
PL  intensity  and  spectra  peak  positions  for  both  the  C-  and  the  M-plane  MQWs  become 
nearly  the  same  and  do  not  differ  with  subsequent  increase  of  pumping.  Theoretical 
analysis  and  comparison  with  PL  experimental  data  revealed  strong  (up  to  .2-1.3 
MV/cm)  built-in  electrostatic  fields  in  the  C-plane  structures  whereas  M-plane  structures 
are  almost  non-polar. 

INTRODUCTION 

Thin  films  of  N-based  wurtzite  (WZ)  compounds  grown  along  the  c-axis  ([0001] 
direction)  usually  have  strong  built-in  electrostatic  field  as  a  result  of  spontaneous  and 
piezo-elelectric  polarization,  due  to  the  noncentrosymmetric  nature  of  WZ  C-plane 
oriented  layersfl].  In  quantum  wells,  these  electrostatic  fields  tend  to  bend  the  energy 
bands,  and  electrons  and  holes  typically  become  situated  in  nearly  triangular  potential 
wells.  The  modulation  of  the  conduction  and  valence  band  edges  due  to  large  internal 
electrostatic  fields  leads  to  the  Quantum  Confined  Stark  Effect  (QCSE)  which  is 
undesirable  in  light-emitting  devices  because  the  fields  across  the  individual  quantum 
wells  give  rise  to  a  spatial  separation  of  electrons  and  holes  [2],  This  results  in  a  reduced 
oscillator  strength  and  lower  quantum  efficiency  for  radiative  transitions.  Furthermore,  in 
multiple  quantum  well  (MQW)  structures  designed  for  deep  UV  emission,  QCSE  causes 
an  undesirable  red  shift  in  the  emission  spectra  [3]. 

A  useful  approach  for  reducing  the  deleterious  effects  of  built-in  fields  is  to 
fabricate  GaN-based  structures  along  non-polar  directions,  e.g.,  to  grow  [1 1 00] -oriented 
M-plane  films  since  these  surfaces  contain  equal  number  of  Ga  and  N  atoms  and 
therefore  are  non-polar  [4]. 
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In  the  present  study,  we  demonstrate  fabrication  of  non-polar  N-based  WZ  layers 
and  analyze  the  dynamics  of  photoluminescence  (PL)  in  highly  excited  GaN/AlGaN 
MQWs  with  C-  and  M-plane  surfaces,  seeking  to  gain  control  over  the  built-in 
electrostatic  field  and  while  determining  the  properties  of  quantum  structures. 

EXPERIMENTAL  DETAILS 

The  six-period  of  GaN/AlGaN  MQWs  were  deposited  simultaneously  on  the  two 
types  of  substrates  using  low-pressure  metalorganic  chemical  vapor  deposition.  The 
[1  TOO] -oriented  M-plane  GaN  templates  were  grown  by  halide  vapor  phase  epitaxy 
(HVPE)  on  the  closely  lattice  matched  (100)  plane  of  LiA102.  After  depositing  a  350- 
pm-thick  layer  of  GaN,  the  original  LiA102  substrate  was  removed  with  wet  acid  etching. 
Thus  freestanding  [llOO] -oriented  GaN  templates  were  obtained,  which  served  as  the 
starting  substrates  for  our  study.  The  [0001] -oriented  C-plane  AlGaN/GaN  MQWs  were 
grown  on  3-pm-thick  GaN  layers  which  were  deposited  on  C-plane  sapphire  substrates. 
The  quality  and  parameters  of  MQWs  was  checked  by  X-Ray  measurements,  as  well  as 
Nomarsky  optical  microscopy  and  scanning  electron  microscopy.  The  barrier  alloy 
contained  1 8%  of  Al.  The  quantum  well  and  barrier  widths  were  Lw  =  5  nm  and  Lb  =  10 
nm,  respectively.  The  PL  spectra  were  measured  using  excitation  from  a  pulsed  ArF 
excimer  laser  (A  =  193  nm,  r=  8  ns,/rcp  =10-100  Hz).  The  laser  beam  was  focused  on  the 
surface  of  the  samples  to  a  spot  of  about  0.2  mm  diameter.  A  maximum  pump  power 
density  of  ~2  MW/cm2  could  thus  be  reached.  Excitation  intensity  could  be  reduced  by  a 
set  of  neutral  density  filters.  Luminescence  was  measured  in  a  back-scattering  geometry 
using  a  TRIAX550  monochromator  with  a  UV-enhanced  charge-coupled  device  array. 

DISCUSSION 

Figure  1  illustrates  room  temperature  PL  experimental  results  in  the  two  types  of 
GaN/AlGaN  MQWs  under  different  excitation  levels.  In  both  cases  [figure  l(b),(c)],  the 


Photon  Energy  (eV) 

Figure  1.  Crystallographic  orientation  of  WZ  films  (a)  and  PL  spectra  for  C-plane  (b) 
and  M-plane  (c)  GaN/Al0.i8Gao.82N  MQWs  as  a  function  of  excitation  power  density:  1  - 
3,  2  -  10,  3  -  30, 4  -  80,  5  -  190,  and  6  -  640  kW/cm2,  respectively. 
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near  band-edge  emission  spectrum  consists  of  one  band;  however,  for  the  C-plane 
sample  the  peak  undergoes  a  blueshift  with  excitation  intensity  whereas  for  M-plane  its 
position  remains  unchanged.  The  experimental  points  in  figure  2  show  the  peak  energies 
of  the  PL  spectra  as  a  function  of  excitation  power  density  P  with  more  detail. 


Figure  2.  PL  spectra  maximum  position  as  a  function  of  excitation  power  density. 
Symbols  correspond  to  experimental  data  and  solid  curves  show  theoretical 
dependencies.  Arrow  Eg  shows  the  forbidden  gap  position  of  bulk  well  material. 

Note  that  for  P  >  50  kW/cm2,  PL  spectral  positions  in  both  cases  become  very  close  and 
remain  nearly  the  same  with  further  increases  in  excitation  intensity.  The  observed  PL 
dependencies  may  be  explained  taking  into  account  the  built-in  electrostatic  field,  the 
strength  of  which  is  reduced  with  increasing  excitation,  due  to  field  screening  by  the 
carriers.  In  order  to  evaluate  the  magnitude  of  the  electrostatic  field  in  the  MQWs,  we 
applied  a  simple  model  based  on  a  triangular  potential  well  resulting  from  the  presence  of 
both  the  total  built-in  field  as  well  as  the  photo-generated  carriers  with  carrier  density  n. 
We  assumed  that  those  carriers  accumulate  at  GaN/AlGaN  interfaces,  thereby  reducing 
the  field  Fw,  which  can  be  approximately  evaluated  as  [5] 

Fw{n)  =  F0  - neLbLw  l[£0(Lweh  +  Lhew)]  (1) 


Here  Fo  is  built-in  electrostatic  field  strength  in  unexcited  wells.  All  the  parameters  used 
in  our  calculations  are  taken  from  the  literature  [1,6-8].  Since  the  position  of  the  PL  peak 
energy  h  vw  for  near  band-edge  emission  (electron-hole  band-to-band  and/or  excitonic 
recombination)  is  determined  by  the  ground  level  energy,  we  can  obtain  [9] 


hv 


max 


~eFw{ri)Lw  + 


9  ehFw(n) 

2/3 

f_Lf  + 

1/3" 

16^2 

U.'J 

(2) 


Her  Eg  is  carrier  density-dependent  forbidden  gap  due  to  many-body  effects  in  high- 
density  carrier  system  [10]. 
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Electrostatic  field  strength  F0  (MV/cm) 


Figure  3.  Ground  level  position  of  GaN/Al(uRGao.R2N  quantum  well  as  a  function  of 
electrostatic  field  strength  for  different  well  widths  (a),  and  carrier  density  for  different 
electrostatic  field  strength  (b).  In  (a),  light  lines  correspond  to  carrier  concentration 
5xlOf8cm'3,  whereas  black  ones  correspond  to  1016  cm'3.  Arrows  Eg  show  the  forbidden 
gap  position  of  unexcited  bulk  material. 


Figure  3  illustrates  ground  level  position  calculation  as  a  function  of  built-in  electrostatic 
field  (a)  and  photo-injected  carrier  concentration  (b)  for  several  parameters.  Note,  that 
our  triangular  potential  model  is  valid  for  total  built-in  fields  which  are  stronger  than  ~ 
0.3  MV/cm.  As  can  be  seen,  there  is  a  considerable  ground  state  shift  due  to  QCSE, 
especially  for  wells  with  larger  widths  [more  than  ~4  nm,  see  figure  3(a)].  On  the  other 
hand  in  our  quantum  structures,  effective  screening  of  the  built-in  fields  just  starts  at 
carrier  densities  exceeding  ~1018  cm'3  [see  figure  3(b)]. 

In  order  to  compare  our  experimental  PL  results  with  calculations,  we  have  to 
express  ft  M,™  as  a  function  of  excitation  power  density  P.  We  have  used  two  approaches: 
(i)  assuming  constant  carrier  lifetime  ^  (this  situation  is  expected  for  lower  carrier 
injection  level),  or  (ii)  assuming  predominantly  bimolecular  recombination  (higher 
excitation).  In  the  former  case,  the  carrier  density  n  -  aPz/hVi as,  whereas  in  the  latter  case 

I  Dry 

n  -  - .  Here  oris  the  absorption  coefficient  for  the  laser  emission  at  ft  Mas  and  jds 

\hvlasy 

the  bimolecular  recombination  coefficient.  The  results  of  calculations  are  shown  in  figure 
2.  It  can  be  seen  that  our  model  can  be  rather  successfully  applied  for  C-plane  MQWs 
assuming  the  built-in  electrostatic  field  is  around  1 .23  MV/cm,  whereas  for  M-plane 
MQWs  the  initial  field  values  need  to  be  much  lower  (<  300  kV/cm).  We  can  also 
confirm  that  the  constant  lifetime  approach  describes  experiment  results  better  for  lower 
excitation  levels  (curve  1),  while  bimolecular  recombination  presumably  starts  to  appear 
at  P  >  10  -  20  kW/cm2  (curve  2). 

We  have  evaluated  the  built-in  electrostatic  field  F0  in  the  case  of  spontaneous 
and  piezoelectric  polarization  in  GaN/Alo.isGao.^N  MQWs  (C-plane  orientation) 
independently,  just  taking  into  account  the  material  parameters  relevant  to  those  quantum 
structures  [5]: 


f0  =(p;-K  vj] 


(3) 
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In  this  model,  we  have  neglected  piezo-polarization  in  the  wells  since  the  well  material  is 
GaN  and  is  free  from  in-plane  deformation  due  to  the  thick  (therefore  relaxed)  GaN 
buffer  layer  included  in  the  structures.  However,  the  Alo.1sGao.82N  barrier  is  under  the 
tension  <3[\  due  to  in-plane  mismatch  with  GaN,  and  hence  barrier  piezoelectric  charge  can 
be  calculated  as  P*e  =  ~2a^{e^Cu  /C33  -e3l),  where  e%  and  Cy  are  piezoelectric  tensor 

components  and  the  elastic  constants  [1,5],  respectively.  The  field  value  evaluated 
according  to  (3)  for  C-plane  MQWs  is  found  to  be  1 .27  MV/cm.  It  agrees  well  with  the 
value  1 .23  MV/cm  obtained  from  our  earlier  theoretical  and  experimental  PL  data  fitting 
in  figure  2. 

In  addition,  we  have  analyzed  the  PL  integrated  intensity  dependence  on 
excitation  for  both  M-  and  C-plane  MQWs  over  a  wide  range  of  intensities.  Figure  4 
shows  integrated  PL  intensity  as  a  function  of  excitation  power  density. 


Figure  4.  Integrated  PL  intensity  versus  excitation  power  density  in  M-  and  C-oriented 
GaN/AlGaN  MQWs. 

Note  that  under  higher  excitation  levels  ( P  >  50  kW/cm2),  absolute  PL  intensity  is  very 
close  for  both  C-  and  M-plane  MQWs  and  then  increases  linearly  with  excitation  (/  ~  P), 
whereas  at  low  excitation  levels  the  situation  is  quite  different.  At  low  excitation  the  PL 
intensity  for  C-plane  MQWs  increases  strongly  superlinearly  (/  ~  P22),  whereas  for  M- 
plane  MQWs  the  dependence  is  weaker  (/  ~  P1'45).  At  the  excitation  level  of  ~  1  kW/cm2 
the  PL  intensity  from  MQWs  with  M-plane  orientation  is  about  30  times  higher  in 
comparison  to  those  with  C-plane  orientation.  A  similar  difference  in  PL  intensities  was 
reported  recently  in  quantum  well  structures  with  R-plane  orientation  using  CW  laser 
excitation  [1 1].  These  observations  can  be  understood  by  taking  into  account  the  strong 
built-in  electrostatic  field  in  C-plane  MQWs  in  contrast  to  M-plane  MQWs  which  exhibit 
much  lower  field  strength.  Indeed,  spatial  separation  of  carriers  in  triangular  wells  due  to 
the  QCSE  in  C-plane  MQWs  with  the  characteristic  strong  built-in  fields,  which  exist  at 
low  excitation  intensities,  leads  to  poor  overlapping  of  the  wave  functions  of  electrons 
and  holes.  This  process  leads  to  the  major  reduction  of  electron-hole  radiative 
recombination  traffic  as  compared  to  M-plane  MQWs  under  these  conditions.  Typically, 
when  nonradiative  channels  predominate  (low  excitation  and  constant  lifetime  regime), 
the  band-to-band  or  excitonic  radiative  recombination  rate  is  expected  to  change  with 
excitation  as  I  ~P2.  There  will  be  a  transformation  to  /  ~  P  when  nonradiative  channels 
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saturate  and  radiative  recombination  predominates  at  elevated  excitation  (high  excitation 
and  bimolecular  recombination  regime).  A  power  index  2.2  for  C-plane  MQWs  indicates 
that  there  must  be  some  additional  reason  for  a  steeper  PL  intensity  dependence  on 
excitation.  We  suggest  that  the  reason  is  based  on  screening  of  the  built-in  electrostatic 
field  by  injected  carriers  at  elevated  excitation  levels,  whereby  the  reduction  of  the  field 
strength  leads  to  stronger  overlap  of  the  carrier  wave  functions  and  consequently  an 
additional  increase  of  PL  intensity. 

CONCLUSIONS 

The  comparative  study  of  PL  for  C-  and  M-  plane  GaN/AlGaN  MQWs  showed 
strong  differences  in  excitation-induced  behavior  of  PL  in  these  quantum  structures.  The 
PL  spectrum  peak  position  of  C-plane  MQWs  undergoes  a  strong  blueshift  with 
increasing  excitation  intensity,  whereas  that  of  M-plane  MQWs  remains  unchanged.  We 
observed  much  weaker  PL  intensity  for  C-plane  MQWs  in  comparison  to  M-plane 
MQWs  at  low  excitation  levels.  These  results  indicate  the  existence  of  much  stronger 
built-in  electrostatic  fields  in  C-plane  quantum  structures  in  comparison  with  M-plane 
MQWs.  Analysis  of  the  experimental  results  along  with  theoretical  data  fitting  shows  that 
the  electrostatic  field  strength  in  C-plane  MQWs  reaches  the  value  of  1.2- 1.3  MV/cm. 
Clearly,  the  growth  of  GaN/AlGaN  MQWs  with  a  non-polar  orientation  can  lead  to  a 
significant  increase  in  the  quantum  efficiency  of  these  nitride-based  emitters,  especially 
at  low  and  medium  excitation  levels  (e.g.  for  light  emitting  diodes). 
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ABSTRACT 

Cubic  phase  GaN/AlxGa].xN  Multi  Quantum  Well  structures  were  grown  by  rf-plasma  assisted 
molecular  beam  epitaxy  (MBE)  on  GaAs  (001)  substrates.  X-ray  measurements  showed  a  high 
phase  purity  of  the  epilayers  and  revealed  an  Aluminum  incorporation  between  9  %  and  49  %, 
respectively.  The  QW  luminescence  was  tuned  between  3.25  eV  and  3.4  eV  by  means  of  the 
variation  of  QW  barrier  Aluminum  content  and  QW  width.  Strong  Cathodoluminescence  (CL) 
from  the  GaN  QWs  and  the  underlying  cubic  AlxGai-xN  bulk  material  was  observed  at  room 
temperature.  The  spatial  localization  of  the  QW  emission  was  unambiguously  determined  by 
depth-resolved  CL  measurements.  Combined  with  a  model  of  energy-dependent  penetration, 
diffusion,  and  recombination,  these  variations  indicate  a  value  of  about  20  nm  for  the  minority 
carrier  diffusion  length  within  the  AlxGa].xN  confinement  layer.  The  assignment  of  AlxGai.xN 
bulk  and  GaN  luminescence  was  further  supported  by  employing  a  simple  effective-mass 
quantum  mechanical  model. 


INTRODUCTION 

In  optoelectronic  and  microelectronic  applications  of  group-III  nitrides,  heterostructures 
incorporating  AlxGai_xN  and  GaN  epilayers  are  important  ingredients  in,  e.g.  lasers,  LEDs  and 
high  electron  mobility  transistors  (HEMTs).  However,  the  commonly  used  hexagonal 
AlxGai_xN/GaN  heterostructures  show  an  inherently  strong  spontaneous  polarisation  oriented 
along  the  hexagonal  c-axis  as  well  as  strain  induced  piezoelectric  polarization.  Such  polarization 
induced  electric  fields  have  a  detrimental  effect  on  the  electrical  and  optical  characteristics  of 
GaN-based  quantum  well  (QW)  devices  with  wurtzite  lattice  configuration  and  increases  the 
threshold  current  and  redshifts  the  emission  wavelength  in  laser  diodes  [1-3]  .The  absence  of 
built-in  field  in  these  structures  will  improve  the  performance  and  will  significantly  simplify  the 
design  of  such  devices.  The  metastable  cubic  phase  of  group  m  nitrides  offers  the  possibility  to 
avoid  these  problems  by  growing  the  samples  on  (001)  oriented  substrates. 

In  this  contribution  we  report  on  the  optical  properties  of  cubic  AlxGai.xN/GaN  multi 
quantum  well  (MQW)  structures.  The  samples  were  grown  by  radio-frequency  plasma-assisted 
molecular  beam  epitaxy  (MBE)  on  GaAs  (001)  substrates  and  depth  resolved 
cathodoluminescence  (CL)  was  used  for  optical  characterization.  The  spatial  localization  of  the 
QW  emission  as  well  as  the  minority  diffusion  length  were  unambiguously  determined  by  depth- 
resolved  CL  measurements. 
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EXPERIMENTAL 


Multi  Quantum  Weil  (MQW)  structures  of  cubic  phase  AlxGa,.xN  barriers  and  GaN  wells  were 
grown  on  GaAs  (001)  substrates  in  a  Riber  32  MBE  system  using  a  RF  plasma-assisted  Nitrogen 
source.  Solid  source  Knudsen  cells  were  used  in  order  to  supply  A1  and  Ga  in  elemental  form. 

The  epilayers  were  deposited  at  a  substrate 
temperature  TS=720°C.  During  growth,  the 
process  was  continuously  controlled  by  means 
of  reflection  high-energy  electron  diffraction 
(RHEED).  Details  of  the  growth  procedure 
have  been  published  elsewhere  [4]. 

A  sketch  of  the  vertical  structure  of  the 
investigated  MQWs  is  scematically  shown  in 
Fig.  1 .  The  sample  consisted  of  a  300  nm 
GaN  buffer  layer  on  a  GaAs  (001)  substrate, 
followed  by  a  350  nm  AlxGai  xN  layer,  whose 
thickness  was  chosen  such  as  to  ensure  that  it 
was  relaxed  [5].  On  top  of  this  structure, 
MQWs  consisting  of  5  GaN  wells  with 
AlxGai.xN  barriers  of  the  same  A1  content  x 
were  grown.  Finally,  a  cap  layer  of  about 
70  nm  AlxGai-xN  was  deposited.  The  well 
width  was  varied  between  2  nm,  5  nm,  and  10 
nm  and  the  Aluminum  content  was  changed  between  x=0.09,  x  =  0.25  and  0.49,  respectively. 

The  cubic  nature,  the  phase  purity  and  crystalline  quality  of  the  c-AlxGai-xN/GaN  layers  were 
verified  by  high-resolution  X-ray  diffraction  (HRXRD)  experiments  and  transmission  electron 
microscopy  (TEM).  Cross-section  TEM  images  showed  well  resolved,  abrupt  interfaces  and  an 
excellent  periodicity  of  the  quantum  well  structures  [6].  The  thickness  variation  in  the  lateral 
direction  was  estimated  to  be  a  few  monolayers.  However,  at  the  coalescence  of  submicron-size 
grains  a  wavy  structure  was  observed  in  TEM.  A  severe  broadening  of  the  XRD  reflection  was 
observed  due  to  the  high  dislocation  density  in  cubic  Til  nitrides  and  superlattice  satellite  peaks 
were  only  weakly  indicated. 

CL  experiments  were  performed  in  a  Zeiss  DSM  950  scanning  electron  microscope  (SEM) 
equipped  with  an  Oxford  CL  sample  stage.  The  light  emitted  from  the  sample  was  collected  by  an 
elliptical  mirror  and  focused  onto  a  UV-transparent  glass  fiber.  The  light  was  analyzed  spectrally 
by  a  0.5  m  Spex  monochromator  and  detected  by  a  1P28  photomultiplier  operating  in  photon 
counting  mode  [7 J .  Depth-resolved  CL  measurements  were  performed  by  varying  the  electron 
acceleration  voltage  between  1  kV  and  15  kV.  The  spectral  resolution  was  2  nm. 


AlxGai  cap  layer 


Al  Ga  N/GaN  MQW 

//  X  lx 


AI^Gai  buffer  layer 
GaN  template 


Figure  1.  Scematic  structure  of  the  cubic  AKiaN  CmN 
MQWs 


RESULTS  AND  DISCUSSION 

Strong  luminescence  from  the  GaN  QWs  and  the  cubic  Ald.25Gao.75N  bulk  material  is  measured 
by  Cathodoluminescence  at  room  temperature,  hi  Fig.  2  spectra  of  a  fivefold  GaN  QW  with  a 
well  width  of  5  nm  and  a  barrier  width  of  10  nm  are  shown  at  different  electron  beam 
acceleration  voltages.  The  energy  of  the  e-beam  has  been  varied  between  3  keV  and  10  keV.  The 
CL  spectra  are  dominated  by  two  emission  bands  at  3.409  eV  and  3.638  eV,  respectively.  The 
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Figure  2.  Plot  of  room  temperature  CL  spectra 
as  function  of  energy,  measured  on  a  sample  with 
Aluminum  mole  ratio  xAi=0.25  and  a  well  width 
of  5  nm.  The  spectra  were  recorded  for  different 
electron  beam  acceleration  energies  lOkeV, 
8keV,  6keV,  5keV,  and  3  keV,  ordered  from  top  to 
bottom. 


Figure  3.  Maximum  penetration  depth  Re  and 
depth  of  maximum  energy  loss  Ro  versus 
e-beam  energy  calculated  for  cubic  GaN.  The 
inset  shows  characteristic  energy  loss  dEldx 
versus  depth. 


high  energy  peak  is  due  to  emission  from  the  cubic 
Alo.25Gao.75N  [8]  whereas  the  lower  one  is  due  to 
emission  of  quantized  states  from  GaN  QWs. 
Using  the  linear  increase  of  the  band  gap  energy 
with  Al-content  Egap(x)  =  3.20  +  1.85  *  x  [eV]  [9] 
an  Al-content  of  0.24  is  found.  This  is  in  excellent 
agreement  with  the  value  estimated  on  c-AlxGai_xN 
bulk  material  by  x-ray  measurements  and 
spectroscopic  ellipsometry  [10]. 

For  shallow  excitation  energy  (Ebeam  =  3  keV) 
luminescence  is  excited  only  in  the  Alo.25Gao.75N 
capping  layer.  With  increasing  electron  beam 
acceleration  voltage,  first  the  emission  of  the  GaN 
QW  luminescence  increases  and  then,  at  higher  e- 
beam  energies,  that  of  the  Alo.25Gao.75N  bulk 
luminescence.  Obviously  the  emission  from  the 
MQW  region  is  dominating  at  intermediate  e-beam 
energies  whereas  at  large  electron  beam  energies 
most  of  the  luminescence  stems  from  the 
underlying  Alo.25Gao.75N  layer. 

For  a  more  quantitative  analysis  of  the  emission  as 
a  function  of  the  electron  beam  energy  the 
production  of  free  electron-hole  pairs  by  the 
incident  electron  beam  has  to  be  considered  in 
detail.  Electrons  incident  on  a  semiconductor 
generate  a  cascade  of  secondaries  with  energies 
decreasing  with  increasing  penetration  depth.  The 
rate  of  energy  loss  reaches  a  maximum  at  an 
intermediate  depth  that  increases  with  incident 
beam  energy.  Figure  3  illustrates  the  depth  of 
maximum  energy  loss  R0  and  the  depth  of 
maximum  penetration  Re  (Bohr-Bethe  depth)  as  a 
function  of  incident  e-beam  energy  in  GaN.  The 
inset  contains  several  curves  of  energy  loss  per  unit 
length,  dE/dx,  as  a  function  of  depth  into  the  solid. 
These  curves  are  generated  using  a  polynomial 
function  fit  to  the  Everhart-Hoff  depth-dose 
relation  [11, 12].  The  curves  are  normalized  in  area 
to  reflect  relative  differences  in  carriers  generated 
with  constant  beam  current.  Ro  is  approximated  as 
0.31  times  the  maximum  range  of  energy 
dissipation  Re  which  has  been  calculated  using  a 
model  of  Kanaya  and  Okayama  [13]. 

In  Figure  4  the  intensity  ratio  of  the  QW  emission 
at  3.409  eV  to  the  emission  of  the  Alo.25Gao.75N 
layer  at  3.638  eV  is  plotted  versus  depth  R0.  In 
particular,  the  ratio  of  quantum  well  to  AlxGai-xN 
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Figure  4.  Ratio  of  QW -emission  to  Al/ia,  ^\'  emission  versus  depth 
of  maximum  energy  loss  R„.  At  the  hottum  a  scematic  drawing  of  the 
sample  is  insetted.  The  full  curve  represents  the  exponential  intensity 
decay  due  to  the  diffuison  of  the  minority  carriers  into  the  QW 


near  band  edge  emission  displays 
a  clear  maximum  for  incident 
beam  energies  at  about  6  keV.  An 
excellent  correlation  between  the 
spatial  localization  of  the  QWs 
estimated  from  the  measured 
growth  rate  and  the  maximum  in 
intensity  ratio  is  found.  This 
allows  the  unambiguous 
assignment  of  the  3.409  eV  band 
to  the  emission  from  the 
Alo.25Gao.75N/GaN  MQW 

structure. 

Since  the  intensity  of  QW 
emission  is  proportional  to  the 
recombination  of  free  electrons 
and  holes  excited  either  within  the 
QW  or  within  a  diffusion  length  of 
the  QW,  the  pronounced  onset  and 
maximum  in  the  intensity  ration  of 
the  QW  to  barrier  emission  can  be 
used  to  measure  the  minority 
carrier  diffusion  length  Ld.  Using 
Iqw  ~  Imax  *exp(-x/LD)  [14]  a 


diffusion  length  of  about  20  nm  is  determined  from  the  slope  of  the  rightmost  data  points.  This 
value  is  comparable  to  the  minority  carrier  diffusion  length  estimated  for  a  hexagonal 
GaN/InGaN/GaN  QW,  which  was  25-28  nm  1 15]. 


Figure  5.  Room  temperature  CL  spectra  versus  photon  energy  for  two 
samples  with  an  Aluminum  mole  fraction  ,v.u  of  0.25  and  with  well 
widths  of  5  nm  and 2.5  nm,  respectively. 


A  clear  proof  for  the 
correctness  of  our  attribution  is 
given  by  the  shift  of  the  QW 
emission  with  varying  QW 
thickness.  Figure  5  shows  CL 
spectra  of  two  cubic  GaN  QW  of 
well  thicknesses  of  2.5  nm  and  5 
nm,  respectively.  A  clear  shift  to 
higher  energies  with  thinner  well 
width  is  observed  whereas  the 
emission  from  the  barrier  material 
is  unchanged.  A  shift  to  higher 
emission  energies  is  also 
observed  if  the  well  width  was 
held  constant  and  the  A1  content 
of  the  barrier  material  was 
increased.  In  addition  the 
intensity  of  luminescence 
assigned  to  GaN  QWs  is  clearly 
increasing  with  the  number  of 


BEST  AVAILABLE  COPY 


uo 


incorporated  QWs  (not  shown). 

One  advantage  of  cubic  QWs  in 
comparison  to  hexagonal  QW  is 
the  slight  variation  of  oscillator 
strength  due  to  the  absence  of  the 
internal  electric  field.  Whereas  for 
cubic  QWs  the  oscillation  strength 
varies  by  a  factor  of  2  only,  in 
hexagonal  Alo.27Gao.73N/GaN  QWs 
the  presence  of  a  typical  electric 
field  due  to  the  sponaneous 
polarization  F  =  1.1  MV/cm  results 
in  an  reduction  of  oscillator 
0  2  4  6  8  10  strength  by  five  orders  of 

well  width  (nm)  magnitudes  from  narrow  wells  to 

30  monolayers  (1ML  =  0.26  nm) 
Figure  6.  Plot  of  Quantum  Well  transition  energies  for  wide  QWs  [16].  Thus  radiative 
GaN/AlxGaj.rN  QWs  at  room  temperature  in  dependence  of  GaN  well  lifetime  is  nearly  insensitive  to 
width  for  different  barrier  Aluminum  content.  The  lines  depict  results  well  width  in  cubic  QWs,  which 
of  calculations,  as  detailed  in  the  text,  while  the  points  represent  enables  the  usage  of  wide  OW 
experimental  data  from  RT  CL  measurements.  .  r  , .  .  . 

structures  for  conventional  edge 

emitting  lasers  or  in  quantum  cascade  lasers,  where  thin  and  thick  QW  layers  are  needed 
simulaneously  in  the  injection  regions  [17].  A  first  support  that  in  cubic  GaN  quantum  wells  the 
efficiency  of  transition  in  thin  QWs  (L*  =  2  nm)  is  similar  to  that  of  thick  QWs  (Lz  =  7.5  nm)  is 
clearly  observed  in  our  samples,  where  the  intensities  of  wide  and  narrow  QW  emission  is 
comparable  under  equal  excitation  conditions. 

To  confirm  the  assignment  of  the  observed  QW  emission  energies  the  transition  energy  of 
quantum  wells  has  been  calculated  as  a  function  of  the  well  width  LA..  In  this  calculation  a  ratio  of 
conduction  band  discontinuity  AEC  to  valence  band  discontinuity  AEV  of  60  to  40  is  assumed  [18], 
In  addition  we  take  into  account  that  the  GaN  wells  are  pseudomorphic  strained  [19].  The  band 
gap  discontinuity  AEcap  is  given  by  the  experimentally  determined  variation  of  the  gap  energy 
AEoap(y)  =  1.85  *  y  [eV]  at  RT  [10].  For  the  effective  masses  of  the  electron  and  heavy  hole  in 
GaN  we  used  nie*=0.15  m0  and  mhh*  =  0.80  m0,  for  the  elastic  constants  cn=296  GPa, 
Ci2=154  GPa,  and  for  the  deformation  potentials  a=  -6.4  eV  and  b  =  -2.67  eV,  respectively  [20]. 
Figure  6  shows  the  results  of  the  calculations  as  full  lines  for  an  Al-content  variing  between  0.06 
to  0.48.  The  points,  triangles  and  squares  represent  experimental  data  from  room  temperature  CL 
measurements  on  samples  with  various  A1  contents  und  well  widths,  respectively.  One  clearly 
sees  that  for  all  different  A1  mole  fractions  the  measured  data  follow  exactly  the  corresponding 
calculated  curve. 

CONCLUSION 

Multi  Quantum  Well  structures  of  cubic  phase  GaN/AlxGai.xN  with  variing  well  widths  and 
barrier  heights  were  grown  by  rf-plasma  assisted  molecular  beam  epitaxy  (MBE)  on  GaAs  (001) 
substrates.  The  A1  mole  fraction  of  the  barrier  material  was  varied  between  9%  and  48%  as 
determined  by  X-ray  analysis  and  the  c-GaN  well  width  was  changed  between  2  nm  and  7.5  nm, 
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respectively.  In  this  way  the  energy  of  the  QW  luminescence  was  tunable  between  3.25  eV  and 
3.5  eV  as  measured  by  cathodoluminescence  at  room  temperature.  Depth -resolved  CL 
measurements  allowed  the  unambiguously  spatial  localization  of  the  QW  emission  and  enabled 
the  estimation  of  the  minority  carrier  diffusion  length  of  about  20  nm.  The  assignment  of  tht 
AlxGai-xN  bulk  and  GaN  luminescence  was  supported  by  employing  a  simple  effective-mass 
quantum  mechanical  model. 
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ABSTRACT 

Recombination  dynamics  in  a  variety  of  InGaN/GaN  quantum  systems  has  been  studied  by 
time  resolved  photoluminescence  (PL).  We  have  discovered  that  the  time-decay  of  PL  exhibits  a 
scaling  law:  the  nonexponential  shape  of  this  decay  is  preserved  for  quantum  wells  and  quantum 
boxes  of  various  sizes  while  their  decay  time  varies  over  several  orders  of  magnitude.  To  explain 
these  results,  we  propose  an  original  model  for  electron-hole  pair  recombination  in  these 
systems,  combining  the  effects  of  internal  electric  fields  and  of  carrier  localization  on  a 
nanometer-scale.  These  two  intricate  effects  imply  a  separate  localization  of  electrons  and  holes. 
Such  a  microscopic  description  accounts  very  well  for  both  the  decays  shape  and  the  scaling  law. 


1.  INTRODUCTION 

Optical  recombination  processes  in  InGaN/GaN  quantum  systems  are  one  of  the  central 
issues  of  light-emitting  devices  based  on  group-III  nitrides.  Previous  studies  have  shown  that 
radiative  recombination  in  these  systems  is  influenced  by  huge  internal  electric  fields  and  by 
local  potential  fluctuations  [1].  Envelope-function  calculations  of  transition  energies  and 
oscillator  strengths,  including  internal  electric  fields  [2],  account  very  well  for  experimental 
results,  yielding  an  electric  field  value  of  ~2.5  MV/cm  along  the  growth  axis.  On  the  other  hand, 
the  local  potential  fluctuations,  together  with  large  carrier  effective  masses  in  group-III  nitrides, 
induce  the  localization  of  carrier  wave-functions  on  nanometric  scales  [3],  which  prevents  their 
efficient  capture  by  nonradiative  centers,  related  to  the  high  density  of  threading  dislocations. 
This  ensures  purely  radiative  recombination  at  low  temperature. 

The  two  intricate  effects  of  electric  field  and  localization  imply  a  complex  recombination 
dynamics.  By  performing  time  resolved  photoluminescence  (PL),  we  have  determined  how  these 
two  effects  influence  respectively  the  recombination  dynamics.  We  recall,  in  a  first  part,  the 
experimental  results;  then  we  present  our  nanoscopic  model  of  recombination  mechanisms. 


2.  EXPERIMENTAL  RESULTS 

We  have  performed  time-resolved  PL  experiments  at  varying  temperature  on  series  of 
InxGai.xN/GaN  quantum  well  (QW)  and  quantum  box  (QB)  samples  of  similar  compositions 
(0. 1 5  <  x  <  0.20).  The  samples  are  grown  by  molecular  beam  epitaxy  on  sapphire  substrates.  The 
QB  size  is  typically  of  10  nm  in  diameter  and  2-5  nm  in  height.  As  the  lateral  dimension  of  QBs 
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is  larger  than  the  exciton  Bohr  radius  (for  GaN.  we  can  estimate  ~3  nm,  from  the  exciton  binding 
energy  and  the  effective  masses  [4]),  the  effects  of  lateral  confinement  are  negligible  and  QBs 
behave  essentially  like  QWs  concerning  electric  field  effects  [51:  the  larger  the  vertical  size,  the 
smaller  the  emission  energy  and  the  larger  the  characteristic  time.  In  practice,  by  varying  the 
vertical  size  between  2  and  6  nm,  the  emission  energy  covers  the  entire  visible  spectrum  and  the 
characteristic  decay  time  covers  four  orders  of  magnitude. 

Now,  it  has  been  understood,  too,  that  the  carriers  are  localized  in  deep  valleys  induced  by 
strong  potential  fluctuations  in  the  volume  of  the  ternary  alloy.  One  can  probe  such  carrier 
localization  by  temperature-dependent  spectroscopy  [3|.  For  InGaN  epilayers,  large  Stokes  shifts 
have  been  assigned  to  carrier  localization,  possibly  in  self-formed  In-rich  quantum  dots  [6].  But 
we  remark  that  the  random  distribution  of  In  atoms  can  localize  the  carriers  near  small  groups  of 
them,  not  necessarily  organized  into  nano-clusters.  From  our  results,  there  is  basically  no 
difference  between  InGaN  QWs  and  QBs,  which  indicates  that  localization  takes  place  at  scales 
which  are  much  smaller  than  the  size  of  our  QBs  (-10  x  2  nm  typically). 

The  large  variety  of  localization  centers,  with  different  transition  energy  and  oscillator 
strength,  implies  a  nonexponential  shape  of  the  time-decay  of  the  PL  intensity.  We  have 
observed  such  nonexponential  decays  for  both  InGaN/GaN  QWs  and  planes  of  QBs  (Fig.  1 ). 
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Figure  1:  PL  intensity  decays  plotted  against  a  reduced  time-scale,  obtained  from  various 
InGaN/GaN  QW  and  QB  samples.  The  corresponding  characteristic  times  are  listed  in  the  figure. 

Due  to  the  nonexponential  behavior,  we  characterize  these  decays  by  the  delay  Tm  after 
which  the  intensity  is  decreased  by  a  factor  of  10.  To  compare  the  shapes  of  the  decays  for 
different  emission  energies,  we  have  plotted  them  on  a  reduced  time  scale  (the  time  t  divided  by 
Tm).  All  decays  are  superimposed  almost  exactly.  We  ascribe  this  behavior  to  the  constancy  of 
the  properties  of  local  potential  fluctuations,  among  the  different  samples.  To  explain  this 
nonexponential  behavior,  we  can  discard  a  temporary  screening  of  the  electric  field  by  high 
densities  of  electron-hole  pairs.  Indeed,  given  the  power  density  of  our  laser,  the  injected  charge 
density  is  not  sufficient  to  produce  any  variation  of  radiative  decay  time.  As  a  proof  of  this,  we 
observed  no  effect  when  changing  the  power  density  over  several  orders  of  magnitude.  Another 
important  result  is  the  preservation  of  the  decay  shape  when  we  examine  small  energy  intervals 
within  the  PL  linewidth.  As  shown  in  Fig.  2,  for  an  InGaN/GaN  QW,  the  characteristic  decay 
time  increases  when  we  shift  toward  low  energy,  but  the  decay  shape  is  always  the  same. 
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Figure  2:  PL  intensity  decays  plotted  against  a  reduced  time-scale,  from  different  regions  of  the 
spectrum  of  an  InGaN/GaN  QW  sample,  as  shown  in  the  inset. 

This  increase  of  the  characteristic  decay  time  with  decreasing  PL  energy  can  be  attributed  to 
the  combination  of  fluctuations  of  (i)  the  QW  width  and  (ii)  the  shape  (size  and  depth)  of  local 
potential  fluctuations.  To  explain  the  decay  shape,  we  can  therefore  discard  a  summation  of 
exponential  contributions  which  would  exhibit  a  variety  of  decay  times  as  shown  in  the  inset  of 
Fig.  2. 

Rather,  we  will  show  that  we  can  describe  the  recombination  dynamics  in  InGaN/GaN 
quantum  systems,  on  a  nanometer  scale,  by  using  a  model  based  on  the  recombination  process  of 
two-dimensional  “pseudo-donor-acceptor-pairs”  (“pseudo-DAPs”). 


3.  NANOSCOPIC  MODEL 

To  introduce  our  model,  we  will  explain  in  what  sense  we  have  an  analogy  with  the 
recombination  dynamics  of  DAPs.  The  first  important  point  is  the  large  localization  energy  of 
each  individual  carrier  in  the  ternary  alloy,  compared  to  the  Coulomb  attraction  between  the 
electron  and  the  hole  which  constitute  a  Wannier  exciton.  Indeed,  from  experimental  Stokes 
shifts  for  InGaN  epilayers,  the  localization  energy  can  be  estimated  at  -0.2  eV,  for  an  indium 
concentrations  of  15-20  %,  whereas  the  exciton  binding  energy  is  only  of  -25  meV.  Moreover, 
the  electric  field  separates  electrons  and  holes  along  the  growth  axis  so  that,  in  a  QW,  electrons 
are  localized  near  one  interface  and  holes  near  the  other  one.  Thus,  Coulomb  attraction  is  not 
sufficient  to  avoid  a  separate  localization  of  the  two  types  of  carriers.  Considering  electrons  and 
holes  localized  separately  near  the  QW  interfaces,  for  each  electron-hole  pair  configuration,  the 
separation  along  the  growth  axis  is  nearly  the  same  (which  corresponds  to  an  emission  energy 
“controlled”  by  the  electric  field,  with  small  deviation  due  to  variation  in  the  shape  of  local 
traps).  On  the  other  hand,  the  electron-hole  pair  separation  along  the  plane  depends  on  the 
relative  positions  of  carriers  at  interfaces  (Fig.  3). 
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Figure  3:  Schematic  representation  of  electron-hole  pair  localization  in  an  InGaN/GaN  QW. 

The  larger  the  in-plane  separation,  the  longer  recombination  times.  Summing  all  possible 
configurations  explains  the  nonexponential  decay,  quite  similarly  to  what  is  observed  for  DAPs 
[7]  :  when  the  separation  between  the  impurities  increases,  the  electron-hole  recombination 
probability  decreases.  We  had  already  proposed  such  an  analogy  with  DAP  after  the  observation 
of  the  increase  of  the  coupling  of  electron-hole  pairs  with  polar  phonons,  when  increasing  the 
vertical  size  of  InGaN/GaN  QWs  and  QBs  [8]. 

In  the  present  case,  contrary  to  the  situation  of  donors  or  acceptors,  the  attracting  potential  is 
not  Coulombic  (long-range).  Instead,  the  fluctuations  of  In  content  act  as  isoelectronic  traps,  but, 
because  of  the  electric  field,  those  near  one  interface  capture  electrons  (“pseudo-donors”)  and 
those  near  the  other  interface  capture  holes  (“pseudo-acceptors”).  The  recombination  dynamics 
of  such  a  system  is  similar  to  that  of  two-dimensional  (2D)  DAPs.  In  this  case,  the  well  width 
controls  the  time  scale  and  the  distribution  of  in-plane  separation  between  electrons  and  holes 
influences  the  decay  shape.  Indeed,  the  electron-hole  distance  along  the  growth  axis  increases 
with  the  well  width.  But  the  distribution  of  in-plane  relative  distances  between  electrons  and 
holes  remains  constant.  This  can  also  explain  the  universal  character  of  the  decay  shape.  Thomas 
et  al.  [7]  have  developed  a  model  that  can  reproduce  the  nonexponential  decay  of  the  PL  of  DAP 
in  bulk  crystals.  Particularly  interesting,  their  model  needs  only  two  parameters  :  the  first  one 
influences  the  decay  shape  and  the  other  one  is  a  scaling  factor.  We  have  adapted  this  model  for 
“pseudo-donors”  and  “pseudo-acceptors”  located  along  a  plane. 

First,  we  need  to  know  the  decay  rate  for  an  isolated  pair.  The  calculation  of  the  radiative 
recombination  rate  W(r)  of  an  electron  bound  to  a  “pseudo-donor”  with  a  hole  bound  to  a 
pseudo-acceptor  at  a  distance  r  from  the  “pseudo-donor”,  involves  the  optical  momentum 
element  M  between  the  state  with  the  electron  and  hole  present  and  the  state  with  them  absent. 
Considering  W(r)  proportional  to  \M\2  itself  proportional  to  |/e-h|2  where  /e.h  is  the  in-plane  overlap 
integral  between  the  electron  and  the  hole  envelope  functions,  the  problem  is  to  find  an  adequate 
planar  electron-hole  wave  function.  We  do  not  know  the  shapes  of  the  potential  drops  near  the 
traps,  but  they  are  not  induced  by  an  electrostatic  charge,  like  for  a  true  donor  or  acceptor. 
Therefore  we  have  a  short-range  attractive  potential,  induced  by  the  potential  drop  between  Ga-N 
and  In-N  bonds,  instead  ot  a  long-range  Coulombic  potential,  which  would  yield  an  exponential 
(hydrogen-like)  wave-function.  As  a  first  approximation,  we  assume  harmonic  potentials,  with 
two-dimensional  Gaussian  wave-functions.  In  this  case. 
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(1) 


W(r)=Wme  °2 

The  a  parameter  is  a  characteristic  distance  for  the  extension  of  the  wave-functions.  Now, 
we  can  calculate  the  total  light  decay  for  2D  “pseudo-DAPs”.  We  consider  a  random  distribution 
of  “pseudo-donors”  and  “pseudo-acceptors”  in  a  plane,  all  initially  occupied  and  we  assume  one 
type  of  traps  in  excess.  Following  the  procedure  given  in  [7],  the  intensity  I(t)  is 


l(t)=  i  2;r/?jy  (r)exp[-W (r)t\dr  Wexp  2;r«  J{exp  [-W  (r)t]-\}rd> 


(2) 


where  n  is  the  surface  density  of  the  majority  constituent  (“pseudo-acceptor”  or 
“pseudo-donor”).  Within  the  above  assumptions,  I(t)H(0)  is  a  function  of  only  two  parameters, 
Wmax x t  and  rj  =  nxa2.  Particularly  important,  only  one  parameter  sets  the  time  scale,  namely 
Wmax,  so  that  a  necessary  scaling  law  exists  between  I(t)  and  Wnnx.  In  InGaN/GaN  QWs,  due  to 
the  huge  electric  field  which  separates  the  carriers  along  the  growth  axis,  we  may  assume  that  the 
carrier  motions  along  the  growth  axis  and  along  the  plane  are  uncoupled.  We  know  that  the 
electron-hole  overlap  along  the  growth  axis  varies  nearly  exponentially  with  the  QW  width  [2], 
but  the  shape  of  I(t)  is  preserved.  In  other  words,  the  electron-hole  overlap  along  the  growth  axis 
defines  the  time  scale,  thus  Wmax.  Finally,  only  the  parameter  rj  influences  the  decay  shape.  We 
have  computed  equation  (2)  and  the  results  are  presented  in  Fig.  4. 


Figure  4:  (a)  Theoretical  PL  decays  in  the  case  of  a  2D  “pseudo-DAP”  model,  compared  with 
the  decay  shape  of  Fig.  1 .  (b)  PL  intensity  decays  for  GaN/InGaN/AlGaN  nano-objects. 

For  a  comparison,  we  have  added  the  decay  shape  of  Fig.  1  (Fig.  4-a).  In  the  limit  of  a  large 
ratio  of  “pseudo-donor”  and  ’’pseudo-acceptor”  concentrations  and  for  a  value  of  rj  equal  to  0.3, 
the  shape  of  7(f)  remarkably  fits  the  experimental  decay.  We  obtain  a  lesser  quality  of  the  fit,  if 
we  place  the  model  in  the  “compensated”  case  [7].  In  fact,  the  assumption  that  a  large  ratio  exists 
between  the  surface  densities  of  “pseudo-acceptors”  and  “pseudo-donors”,  can  be  justified  by 
the  fact  that  the  hole  effective  mass  is  approximately  six  times  larger  than  the  electron  mass.  This 
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means  that  holes  can  be  trapped  on  much  smaller  traps  than  electrons,  whence  the  larger  surface 
density  of  “hole  traps  .  The  value  ot  rj  does  not  give  any  direct  information  on  localization 
centers  since  we  cannot  separate  n  from  a  (  rj  =  nx  «“).  rj  simply  defines  the  ratio  of  the  surface 
occupied  by  the  majority  constituent  (probably  “hole  traps”),  hi  other  words,  rj  is  characteristic 
of  the  “nanotexture’ .  For  example,  in  Fig.  4-b,  we  show  the  decays  obtained  for 
GaN/InGaN/AlGaN  QW  and  plane  of  QBs  samples.  The  indium  concentrations  are  always  of  the 
order  of  15-20  %  and  the  aluminum  concentrations  are  in  the  same  range.  In  this  case,  the 
parameter  rj  is  equal  to  0.7,  indicating  a  different  “nanotexture”  than  for  GaN/InGaN/GaN 
quantum  systems  studied  here. 


4.  CONCLUSION 

In  summary,  we  propose  a  model  for  the  recombination  mechanism  of  electron-hole  pairs  in 
InGaN/GaN  quantum  systems.  Based  on  the  joint  effects  of  internal  electric  fields  and  of  carrier 
localization  on  a  nanometer-scale,  this  model  accounts  very  well  for  the  nonexponential  decay 
shape  and  for  the  scaling  law  exhibited  by  the  PL  time-decay  of  QWs  and  QBs  of  various  sizes. 
In  this  model,  the  decay  time  simply  depends  on  the  electric  field,  whereas  the  shape  of  the 
decay  can  be  reproduced  by  using  a  single  parameter  which  accounts  for  the  local  “nanotexture” 
of  the  ternary  alloy.  The  excellent  agreement  between  experimental  results  and  this  model 
supports  the  idea  that  optical  recombinations  in  these  quantum  systems  do  not  involve  localized' 
excitons,  in  the  usual  sense,  but  rather  separately  localized  electrons  and  holes. 
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ABSTRACT 

A  new  technique  is  presented  that  employs  luminescence  downconversion  using  an  ultrashort 
gating  pulse  to  enable  the  characterization  of  UV  light  emission  from  Ill-nitride  semiconductors 
with  subpicosecond  temporal  resolution.  This  technique  also  allows  one  to  measure  PL  rise  times 
and  fast  components  of  multiple  decays  in  the  subsequent  time  evolution  of  the  PL  intensity. 
Comparison  of  luminescence  emission  intensity  and  lifetime  in  GaN  and  AlGaN  with  ~0.1  A1 
content  grown  homoepitaxially  on  GaN  templates  with  the  same  quantities  measured  in 
heteroepitaxial  layers  grown  on  sapphire  indicate  significant  improvement  in  the  homoepitaxial 
layers  due  to  reduction  in  dislocation  density.  Fast  (<15  ps)  initial  decays  in  the  AlGaN  are 
attributed  to  localization  associated  with  alloy  fluctuations  and  subsequent  recombination 
through  gap  states. 

INTRODUCTION 

One  of  the  most  important  issues  in  the  development  of  high  quality  Ill-nitride  semiconductors  is 
the  lack  of  native  substrates  for  epitaxial  growth.  Most  devices  are  fabricated  on  either  sapphire 
or  SiC  substrates,  with  the  resulting  material  quality  often  dictated  by  the  control  of  threading 
dislocations  produced  by  the  lattice  mismatch  between  the  Ill-nitride  epilayers  and  these 
substrates.  These  threading  dislocations  lead  to  enhancement  of  nonradiative  recombination  that 
reduces  radiative  efficiency  in  ultraviolet  light  emitters  [1],  as  well  as  degradation  of  the 
reliability  of  high  sensitivity  avalanche  photodiodes  [2].  Moreover,  carrier  localization  associated 
with  alloy  fluctuations  in  the  AlGaN  alloys  required  for  operation  in  the  important  280  nm  to  340 
nm  spectral  region  can  also  lead  to  nonradiative  recombination  in  UV  emitters  and  reduced  out 
of  band  rejection  associated  with  broadening  of  the  absorption  edge  in  detectors  [3-5].  Time- 
resolved  photoluminescence  (TRPL)  provides  information  about  radiative  lifetimes  and 
nonradiative  recombination  mechanisms  in  Ill-nitride  semiconductors  crucial  to  the  design  of 
UV  light  emitters  and  detectors.  Moreover,  it  has  been  shown  that  reduction  of  dislocations  in 
GaN  leads  to  both  longer  PL  [6-7]  and  longer  carrier  lifetimes  [8],  These  results  imply  that 
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homoepitaxial  growth  of  Ill-nitride  materials  on  low  defect  density  GaN  templates  should  lead  to 
improved  radiative  efficiency  and  concomitant  longer  PL  lifetimes  at  room  temperature,  and  it  is 
therefore  important  to  evaluate  the  extent  to  which  this  is  the  case  in  both  GaN  and  AlGaN,  for 
which  it  has  been  suggested  that  alloy  fluctuations  lead  to  ultrafast  carrier  localization  [3].  Such 
studies  have  been  hampered  to  date  by  the  temporal  resolution  (~  10  ps  or  larger)  of  current  UV 
optoelectronic  spectroscopic  techniques  involving  streak  cameras  and  time-correlated  photon 
counting  [4-7]. 

In  this  paper  we  present  a  new  technique  that  employs  luminescence  downconversion  using  an 
ultrashort  gating  pulse  to  enable  the  characterization  of  UV  light  emission  from  Ill-nitride 
semiconductors  with  subpicosecond  temporal  resolution.  This  technique  also  allows  one  to 
measure  PL  rise  times  and  fast  components  of  multiple  decays  in  the  subsequent  time  evolution 
of  the  PL  intensity.  Comparison  of  luminescence  emission  intensity  and  lifetime  in  GaN  and 
AlGaN  with  ~  0. 1  A1  content  grown  homoepitaxially  on  GaN  templates  with  the  same  quantities 
measured  in  heteroepitaxial  layers  grown  on  sapphire  indicate  significant  improvement  in  the 
homoepitaxial  layers  due  to  reduction  in  dislocation  density.  Observation  of  fast  (<  15  ps)  initial 
decays  in  the  AlGaN  irrespective  of  substrate  suggests  that  localization  associated  with  alloy 
fluctuations  and  subsequent  recombination  through  gap  states  is  the  dominant  decay  mechanism 
in  this  material. 

EXPERIMENTAL  METHOD 

The  samples  for  the  optical  studies  were  grown  by  molecular  beam  epitaxy  using  standard 
techniques  on  either  c-plane  sapphire  substrates  or  thick  (~5-IOmm)  GaN  templates  deposited  by 
hydride  vapor  phase  epitaxy  (HVPE)  on  sapphire  substrates.  In  the  absence  of  bulk  substrates  the 
use  of  thick  templates  is  employed  because  threading  dislocations  propagating  from  the  GaN- 
sapphire  interface  tend  to  annihilate  with  increasing  film  thickness,  leading  to  improved  optical 
properties  of  the  GaN  [6].  The  dislocation  density  for  these  thin  GaN  templates  was  estimated  to 
be  in  the  mid-108/cm2  range.  In  contrast,  typical  dislocation  densities  in  thin  GaN  epilayers 
deposited  by  MBE  directly  on  sapphire  are  greater  than  109  cm-2. 

The  time-resolved  experiments  were  performed  using  a  250  kHz  Titsapphire  regenerative 
amplifier-pumped  optical  parametric  amplifier  that  produces  ultrashort  pulses  frequency  doubled 
to  obtain  a  source  of  UV  pulses  tunable  between  225  nm  and  375  nm.  Photoluminescence  (PL) 
was  measured  with  subpicosecond  resolution  using  a  novel  PL  downconversion  technique  that 
provides  one  to  two  orders  of  magnitude  better  temporal  resolution  than  standard  ultraviolet 
time-resolved  PL  measurement  techniques  such  as  time-correlated  photon  counting  or  use  of  a 
streak  camera  and  spectrometer  [4-7].  In  a  downconversion  experiment,  the  PL  created  by  the 
radiative  recombination  of  electron-hole  pairs  excited  by  an  ultrafast  ultraviolet  pulse  is  time- 
resolved  through  gating  of  the  PL  in  a  nonlinear  crystal  with  a  synchronized  -800  nm  pulse 
derived  from  the  same  source,  the  regenerative  amplifier.  Since  the  nonlinear  process. 
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downconversion,  is  nonresonant,  it  only  occurs  within  the  temporal  slice  of  the  luminescence 
coincident  in  time  with  the  gating  pulse.  In  this  way,  the  time  dependence  of  the  PL  can  be 
mapped  out  with  subpicosecond  resolution  by  varying  the  timing  of  the  gating  pulse  with  respect 
to  that  of  the  excitation  pulse  using  a  mechanical  delay  line.  While  this  experiment  is  quite 
similar  to  PL  upconversion  studies  performed  on  infrared  emitting  materials  [9],  the  lack  of 
efficient  detectors  in  the  deep  UV  for  detection  of  the  upconverted  UV  PL  dictates  that 
downconversion  of  this  PL  to  the  visible  is  required. 

RESULTS  AND  DISCUSSION 

The  temporal  resolution  of  our  apparatus  is  demonstrated  in  fig.  1,  which  shows  the  rise  time  of 
the  spectrally  integrated  bandedge  PL  from  a  GaN  epilayer  on  an  HVPE  template  photoexcited 
by  a  pump  pulse  centered  at  348  nm.  The  system  response,  obtained  by  downconversion  of  pump 
light  scattered  from  a  frosted  glass,  is  illustrated  in  the  cross-correlation  trace,  which  shows  a  full 
width  at  half  maximum  limited  by  the  dispersion  in  the  collection  optics  to  ~250  fs.  The  PL 
intensity  increases  abruptly  at  first,  but  then  transitions  to  a  slower  rise  that  reaches  a  plateau  at 
~1 .5  ps.  The  fact  that  the  rise  time  of  the  data  is  both  significantly  slower  than  the  time  integral 
of  the  cross-correlation  and  possesses  multiple  time  scales  indicates  that  the  rise  of  the  PL  is 
temporally  resolved  for  the  first  time.  In  this  case  the  PL  rise  time  contains  information  primarily 
about  hot  carrier  thermalization  and  energy  relaxation  through  carrier-LO  phonon  and  carrier- 
carrier  scattering. 

Another  important  aspect  of  this  temporal  resolution  is  that  it  allows  one  to  resolve  fast 
components  of  multiple  decays  in  the  subsequent  time  evolution  of  the  PL  intensity  that  may 


Time  Delay  (ps) 

Fig.  1 .  Temporal  resolution  of  the  luminescence  downconversion  technique.  The  data  provide  a 
measure  of  the  rise  time  of  the  spectrally  integrated  bandedge  photoluminescence  from  GaN  for 
excitation  at  348  nm.  The  system  resolution  is  obtained  by  downconversion  of  the  pump  pulse 
scattered  from  frosted  glass. 
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Fig.  2.  Downconverted  photoluminescence  signal  as  a  function  of  time  delay  for  364  nm 
excitation  of  GaN  on  HVPE  GaN  template  (solid  line),  GaN  on  sapphire  (dashed  line),  and  GaN 
template  (dotted  line).  Inset:  data  on  log  scale. 

provide  information  about  the  effect  of  ultrafast  trapping  on  radiative  recombination.  Figure  2 
shows  a  comparison  of  the  room  temperature  PL  decays  for  bandedge  (364  nm)  excitation  of 
GaN  grown  homoepitaxially  on  a  thick,  low  defect  density  HVPE  GaN  template,  and  GaN 
grown  heteroepitaxially  on  sapphire.  The  excitation  density  in  these  samples  was  in  the  mid- 
1018-1019/cm3  range.  The  linear  plot  shows  that  the  PL  lifetime  in  the  homoepitaxially  grown 
sample  is  significantly  longer  than  that  in  its  heteroepitaxially  grown  counterpart,  and  about  the 
same  as  that  in  the  GaN  template  itself.  This  result  is  consistent  with  the  fact  that  the  CW  PL  is 
nearly  20  times  brighter  for  the  homoepitaxial  sample  than  for  the  heteroepitaxial  one,  while  the 
linewidth  is  ~  6  meV  narrower  (32  meV  for  GaN  on  template  versus  38  meV  for  GaN  on 
sapphire).  The  semilog  plot  in  the  inset  indicates  that  while  the  GaN  on  sapphire  data  may  be 
characterized  primarily  by  a  single  exponential  decay  of  -20  ps,  the  GaN  on  template  data 
possess  both  a  fast  (-65  ps)  and  a  more  dominant  slow  (-300  ps)  decay.  The  fast  decay  in  both 
samples  may  be  associated  wdth  trapping  and  subsequent  nonradiative  recombination  at  defect- 
related  states  in  the  gap,  with  the  longer  decays  in  the  homoepitaxial  sample  indicative  of  a  lower 
defect  density  and  saturation  of  these  deep  states.  These  results  are  consistent  with  ones  obtained 
for  high  quality  and  low  quality  MOCVD-grown  GaN  on  sapphire  in  which  the  dislocation 
densities  were  measured  to  be  close  to  what  we  expect  for  our  samples  [7J.  The  PL  decay  in  the 
high  quality  undoped  material  possessed  time  constants  of  50  ps  and  250  ps  for  a  dislocation 
density  of  4¥108/cm2,  while  that  in  the  low  quality  undoped  sample  was  characterized  by  a 
single  30  ps  decay  time  for  a  dislocation  density  of  2¥109/cm2.  Moreover,  the  fact  that  PL  decay 
times  of  530  ps  for  a  63  mm-thick  HVPE  template  [6]  and  860  ps  for  an  80mm-thick  quasi- 


BEST  AVAILABLE  COPY 


substrate  [10]  suggests  that  even  better  results  should  be  obtained  for  growth  on  thicker 
templates  with  lower  defect  densities. 

Figure  3  shows  a  comparison  of  room  temperature  PL  decays  in  AlGaN  with  ~  0.1  A1  content 
for  330  nm  excitation.  The  PL  decays  for  both  AlGaN  samples  possess  both  a  slow  and  a  fast 
decay.  The  fast  decay  in  both  samples  is  ~  13  ps,  while  the  slow  decay  is  longer  (~61  ps)  in  the 
AlGaN  on  template  than  for  the  sample  on  sapphire  (~39  ps),  but  still  shorter  than  that  for  the 
GaN  template  (~  83  ps).  The  fast  PL  decay,  which  has  not  been  observed  before  due  to  lack  of 
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Fig.  3.  Downconverted  photoluminescence  signal  as  a  function  of  time  delay  for  330  nm 
excitation  of  Al0 ^Ga^N  on  HVPE  GaN  template  (solid  line),  Al0 ^Ga^N  on  sapphire  (dashed 
line),  and  GaN  template  (dotted  line).  Inset:  Intensity  dependence  of  PL  decays  in  Al0 .iGa^N  on 
sapphire. 

temporal  resolution  [5]  and  occurs  regardless  of  template/substrate,  may  be  due  to  localization  in 
shallow  levels  and  subsequent  nonradiative  recombination  associated  with  alloy  fluctuations, 
with  the  decays  becoming  faster  with  decreasing  intensity  in  the  sample  on  sapphire  (inset),  as 
observed  in  time-resolved  reflectivity  experiments  [3].  Low  temperature  CW  PL  measurements 
show  an  alloy  broadening  of  ~23  meV  in  the  PL  linewidth  when  moving  from  GaN  to  AlGaN 
with  0.1  A1  content  [11].  These  results  are  consistent  with  the  measured  room  temperature 
linewidths  of  55  meV  and  61  meV  for  our  homo-  and  heteroepitaxial  AlGaN,  respectively,  when 
viewed  in  the  context  of  our  GaN  PL  linewidths  reported  earlier.  The  discrepancy  in  light 
emission  dynamics  between  the  homoepitaxial  AlGaN  and  the  GaN  template  may  also  be  due  to 
the  combination  of  carrier  localization  and  nonradiative  recombination  associated  with  alloy 
fluctuations  in  the  AlGaN.  The  longer  decays  in  these  AlGaN  samples  may  be  associated  with 


353 


trapping  and  nonradiative  recombination  through  deep  states  related  to  dislocations  and  other 
defects,  as  in  GaN.  Viewed  in  this  way,  the  time-resolved  PL  data  suggest  that  homoepitaxial 
growth  of  AlGaN  on  GaN  templates  leads  to  improved  material  quality,  even  though  the  TRPL 
on  the  GaN  template  employed  in  this  case  indicates  that  this  template  is  of  poorer  structural 
quality  than  the  one  employed  for  the  GaN  homoepitaxial  growth. 

CONCLUSION 

In  conclusion,  we  have  demonstrated  a  unique  luminescence  downc  on  version  technique  for  the 
measurement  of  UV  PL  from  Ill-nitride  semiconductors  with  subpicosecond  temporal  resolution. 
The  ability  of  this  technique  to  resolve  both  PL  rise  times  and  fast  components  of  multiple 
decays  in  the  subsequent  time  evolution  of  the  PL  intensity  enables  the  study  of  carrier  relaxation 
and  the  effect  of  ultrafast  trapping  on  radiative  recombination.  Comparison  of  luminescence 
emission  intensity  and  carrier  lifetime  in  GaN  and  AlGaN  with  ~0.1  A1  content  grown 
homoepitaxial ly  on  GaN  templates  with  the  same  quantities  measured  in  heteroepitaxial  layers 
grown  on  sapphire  indicate  significant  improvement  in  the  homoepitaxial  layers  due  to  reduction 
in  defect  density.  Fast  (<  1 5  ps)  initial  decays  in  the  AlGaN  are  attributed  to  localization 
associated  with  alloy  fluctuations  and  subsequent  recombination  through  gap  states. 
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ABSTRACT 

Deep  level  defects  formed  in  p-type  GaN:Mg  codoped  with  shallow  donors  have  been 
investigated  by  photoluminescence  (PL)  spectroscopy.  A  donor-acceptor  pair  (DAP) 
luminescence  band  peaked  at  2.45  eV  dominates  the  room  temperature  PL  spectrum  in  heavily 
codoped  epilayers.  A  superlinear  dependence  of  PL  intensity  on  excitation  density  is  observed 
for  this  band,  with  an  exponent  of  1.4~1.7.  The  intensity  of  this  band  increases  with  increasing 
temperature  with  a  maximum  at  264K.  To  explain  the  luminescent  behavior  a  DAP  model  was 
developed  whereby  the  recombination  involves  a  deep  donor  and  shallow  Mg  acceptor.  The 
deep  donor  is  tentatively  attributed  to  a  DX  center. 

INTRODUCTION 

Advances  in  the  epitaxial  deposition  of  group  III-V  nitrides  have  led  to  high  efficiency  solid 
state  devices  such  as  UV-blue  lasers  and  solar-blind  UV  detectors  [1,2].  Despite  their 
importance,  much  is  still  unknown  about  deep  recombination  centers  and  their  properties  in 
these  materials  and  devices.  For  example,  metastable  defects  have  been  observed  in  p-type 
GaN:Mg  whose  origin  remains  controversial  [3-7].  Persistent  photoconductivity  effect  has  been 
observed  in  p-type  GaN  and  attributed  to  the  bistable  Mg  center  [3,4].  Evidence  for  deep  level 
defect  formation  has  also  been  obtained  from  photoluminescence  measurements.  Deep  level 
green  luminescence  [5-7]  is  often  observed  in  p-type  GaN:Mg,  which  has  been  attributed  to 
transitions  involving  deep  Mg  complexes  [6]. 

In  the  present  study,  codoping  of  p- type  GaN  with  Mg  and  Si  or  O  was  investigated  to 
determine  its  effect  on  the  luminescent  properties  and  in  particular  deep-level  formation.  In  the 
codoped  material,  a  broad  DAP  emission  band  at  2.45  eV  was  observed  at  room  temperature. 

The  band  is  tentatively  attributed  to  recombination  involving  a  deep  DX  state  and  a  shallow  Mg 
acceptor. 

EXPERIMENTAL  DETAILS 

Co-doped  p-type  GaN  films  were  grown  by  atmospheric  pressure  metal-organic  vapor  phase 
epitaxy  (MOVPE)  on  c-plane  sapphire  substrates  [10,1 1].  Film  growth  was  initiated  with  a  low 
temperature  GaN  nucleation  layer,  followed  by  a  0.5-1. 0  pm  semi-insulating  (>100Qcm) 
GaN:Mg  buffer  layer.  Films  were  then  doped  with  Mg  and  the  donor  O  or  Si.  The  codoped  layer, 
0.5-1  pm  thick,  was  grown  at  1030°C.  The  as-grown  films  were  annealed  for  15  minutes  in  N2  at 
850°C  to  activate  the  Mg  acceptors  through  the  removal  of  hydrogen. 

Photoluminescence  measurements  were  made  between  18K  and  300K  using  a  closed-cycle 
He  cryostat.  A  He-Cd  laser  was  used  as  the  above  bandgap  excitation  source  and  the  excitation 
intensity  was  varied  over  the  range  1 0'5- 1.2  W/cm2  using  calibrated  neutral  density  filters.  Van 
der  Pauw  measurements  were  conducted  at  room  temperature  to  determine  the  electrical 
properties.  Either  In  or  Ni/Au  were  used  as  ohmic  contacts. 
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EXPERIMENTAL  RESULTS 


Table  I.  Electrical  characteristics  of  Mg  doped  and  Si  codoped  samples 


Sample  No. 

Mg  (jjmol/min)  Si  (nmol/min) 

O  (Ppm) 

p  (xl0l7cm 3) 

p  (Qcm) 

I 

0.09  0 

0 

1.6 

4.0 

11 

0.09  2.24 

0 

2.3 

2.9 

III 

0.09  0 

4 

4.0 

2.4 

The  growth  conditions  and  the  electrical  characteristics  for  (i)  Mg  doped,  (ii)  Mg-O  codoped, 
and  (iii)  Mg-Si  codoped  films  are  summarized  in  Table  I. 

The  room  temperature  PL  spectra  of  these  films  are  shown  in  Fig.  1.  A  blue  band  peaked 
around  2.73  eV  was  observed  in  the  Mg-doped  GaN.  The  origin  of  the  blue  band  was  previously 
attributed  to  the  DAP  emission  involving  a  Mgoa  acceptor  and  a  nitrogen  vacancy  related  donor 
complex  [1 1-13].  It’s  well  known  that  the  blue  band  redshifts  with  increasing  temperature.  Its 
peak  position  varies  significantly  for  different  samples  [11-13].  Upon  codoping  of  Si  or  O,  the 
blue  band  quenches  [10,1 1].  and  a  broad  emission  band  is  observed  with  the  peak  at  2.45  eV. 
This  band  dominates  the  PL  spectrum  at  room  temperature.  The  green  band  has  been  previously 
observed  in  p- type  GaN:Mg  although  its  origin  remains  controversial  [5-7], 


Figure  1.  Room  temperature  PL  spectra  ol  Mg-doped,  Mg-Si  codoped  and  Mg-0  codoped  p- 
type  GaN  films.  The  excitation  density  was  fixed  at  15  mW/cnr. 

The  excitation  density  dependence  of  the  green  band  peak  intensity  was  studied.  Fig.  2  shows 
the  PL  intensity  of  the  green  band  (in  Mg-Si/O  codoped  films)  and  blue  band  (in  a  Mg  doped 
film)  as  a  function  of  the  excitation  density  at  room  temperature.  For  simple  bimolecular 
recombination  involving  electrons  and  holes,  a  linear  dependence  of  PL  intensity  on  excitation 
density  is  expected  for  DAP  transitions.  Furthermore,  sublinear,  saturation  behavior  at  high 
excitation  densities  is  often  observed  because  of  the  finite  concentrations  of  donors  and/or 
acceptors  in  a  material  [12].  As  shown  in  Fig.  2,  the  room  temperature  PL  intensity  of  the  blue 
band  is  linearly  dependent  on  the  excitation  density  (lexc)  up  to  1 .2  W/cm2,  which  is  consistent 
with  the  assignment  of  this  emission  to  DAP  recombination. 

In  contrast,  a  superlinear  dependence  of  the  PL  intensity  on  excitation  density  was  observed 
for  the  green  band  in  codoped  samples  with  the  exponent  n  between  1 .4  (Sample  II)  and 

1 .7  (Sample  III). 
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Figure  2.  Excitation  density  dependence  of  the  PL  intensities  for  the  blue  and  green  PL  bands  in 
Mg-doped  and  codoped  p-type  GaN  films. 

A  complex  temperature  dependence  of  the  green  band  intensity  was  also  observed  in  the 
codoped  films.  The  dependence  of  the  PL  spectra  on  temperature  is  shown  in  Fig.  3  for  one 
representative  sample  (Sample  II).  As  shown  in  Fig.  3(a),  the  blue  DAP  band  dominates  at  low 
temperature  and  a  second  band  at  3.3  eV  appears  as  a  shoulder.  When  T<181K,  the  blue  band 
slowly  redshifts  and  quenches  with  increasing  temperature.  Its  peak  shape  and  FWHM  are 
roughly  invariant  up  to  150K.  However,  in  the  temperature  range  between  18 IK  and  293K  [Fig. 
3(b)],  striking  changes  in  the  PL  spectra  were  observed.  The  dominant  band  redshifts  by  more 
than  400  meV  between  205K  and  293K.  Moreover,  above  200K  the  PL  intensity  of  the  dominant 
peak  increases  with  increasing  temperature  and  reaches  a  maximum  at  264K.  The  shape  of  the 
dominant  PL  band  also  noticeably  changes  with  increasing  temperature.  The  unusually  large 
red  shift  and  band  widths,  together  with  the  shape  change  of  this  band  with  increasing  temperature, 
suggest  that  more  than  one  recombination  channel  is  involved  in  the  luminescence  band. 

The  luminescence  band  at  high  temperatures  was  resolved  into  two  Gaussian  peaks  around 
2.5  eV  and  2.9  eV.  One  of  the  fitted  spectra  (T=264K)  is  shown  in  Fig.  4(a)  (the  solid  line 
represents  the  PL  data,  and  the  dotted  lines  show  the  fitted  spectra).  The  intensities  of  the  resolved 


Figure  3.  PL  spectra  of  the  Mg-Si  codoped  film  at  different  temperatures,  (a)  T<181K,  (b) 
T>181K.  The  high  temperature  (T>200K)  PL  spectra  can  be  resolved  into  two  Gaussian  peaks  at 
~2.5  eV  and  ~2.9  eV. 
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shown  spectrum  was  measured  at  264K.  (b)  shows  the  temperature  dependent  intensities  of  the 
resolved  2.5  eV  and  2.9  eV  PL  bands.  The  green  PL  band  intensity  increases  with  temperature 
with  a  maximum  at  264K. 

green  and  blue  bands  are  plotted  in  Fig.  4(b)  as  a  function  of  the  temperature.  No  green  band  was 
resolved  when  T<1 81  K.  For  T>205K,  however,  the  green  band  emerges  and  its  intensity 
increases  with  temperature  up  to  264K,  accompanied  by  a  significant  quenching  of  the  blue  band, 
When  resolving  the  luminescence  band,  the  Gaussian  peak  positions  were  not  fixed,  whose  values 
are  determined  to  be  2.53eV  (2.93eV),  2.50eV  (2.92eV),  and  2.45eV  (2.89eV)  for  the  resolved 
green  (blue)  band  at  236K,  264 K  and  292 K,  respectively.  Both  the  blue  and  green  bands  redshift 
with  increasing  temperature.  Note  the  fitted  positions  can  only  be  regarded  as  approximate  since 
the  blue  band  is  actually  asymmetric  instead  of  Gaussian  [12]. 

DISCUSSION 

To  explain  the  excitation  and  temperature  dependent  behaviors  of  the  2.5  eV  luminescence 
band,  a  DAP  model  is  proposed.  The  green  band  is  attributed  to  radiative  transitions  involving  a 
deep  donor  like  state  and  a  shallow  Mg  acceptor.  The  deep  donor  is  tentatively  attributed  to  a  DX 
center.  These  DX  centers  are  highly  localized  deep  level  defects  formed  by  a  large  lattice 
relaxation  (LLR)  [14-16].  The  ground  state  of  the  DX  centers  is  a  negatively  charged  two 
electron  state,  showing  the  distinguishing  “negative  U”  character  [14].  The  configuration 
coordinate  diagram  of  the  proposed  deep  DX  state  is  illustrated  in  Fig.  5  [14-16].  The  lowest 
parabola  with  energy  minima  near  Qux  represents  the  DX  state,  which  is  occupied  by  two 
electrons.  This  state  has  experienced  a  LLR  and  is  the  stable  ground  state.  The  parabola  above 
this  state  represents  the  excited  DX 0  state  plus  one  electron  in  the  conduction  band.  The  parabolas 
with  energy  minima  near  Qj  represent  the  substitutional  configuration,  with  the  upper  parabola 
showing  the  total  energy  of  the  ionized  donor  ( d+ )  state  with  two  electrons  in  the  conduction 
band,  while  the  lower  one  shows  the  total  energy  of  the  neutral  donor  {dl>)  state  with  one  electron 
in  the  conduction  band.  Since  simultaneous  trapping  of  two  electrons  is  highly  improbable, 
thermal  transitions  of  electrons  between  the  substitutional  states  and  the  DX  centers  can  only 
occur  as  indicated  by  the  dashed  arrows  1 17,18]. 

The  observed  thermal  behavior  of  the  green  band  is  consistent  with  the  proposed  DX  model. 
When  cooling  the  sample  in  the  dark,  the  system  remains  in  its  ground  state;  substitutional  and 
DX  states  are  empty  of  electrons  in  /?-type  films  [19],  Upon  laser  excitation  at  low  temperature 
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Figure  5.  Configuration  diagram  for  the  proposed  deep  DX  center  in  codoped  p- type  GaN:Mg. 

with  photon  energy  larger  than  the  bandgap,  photo-generated  electrons  in  the  conduction  band 
(the  total  energy  is  represented  by  the  curve  d++2e)  can  only  be  captured  by  the  effective  mass 
substitutional  donors  (cP+e').  No  electrons  can  be  captured  by  the  DX  states  (DX°+e~  or  DX') 
due  to  the  large  thermal  barriers  indicated  by  Ec  and  Ec’  (Fig.  5).  Consequently,  no  DX'  state 
related  DAP  green  luminescence  can  be  observed  at  low  temperature. 

At  higher  temperatures,  however,  capture  of  electrons  from  the  conduction  band  to  the  DX' 
states  via  the  neutral  one-electron  state  DX°  or  cf  are  more  probable  since  the  photogenerated 
electrons  have  enough  thermal  energy  to  surmount  the  energy  barriers  Ec  or  Ec .  Since  the  DX~  is 
the  lower  energy  state,  most  of  the  photogenerated  electrons  will  be  trapped  by  these  states.  The 
electrons  at  charged  DX  ' centers  can  subsequently  recombine  with  the  holes  bound  to  neutral 
(Mgcaf  acceptors,  resulting  in  increased  green  DAP  luminescence  intensity  at  high  temperature. 

Since  the  hole  capture  cross-section  of  the  DX  center  is  very  large  [20],  the  blue 
luminescence  intensity  is  greatly  reduced  at  high  temperature  because  most  holes  bound  to  the 
neutral  (Mgcaf  acceptors  recombine  with  electrons  in  the  DX  '  centers.  Consequently,  a  strong 
concurrent  quenching  of  the  blue  band  was  observed  with  the  increase  of  the  green  band 
intensity,  as  shown  in  Fig.  4(b). 

It  is  important  to  note  that  the  photogenerated  electrons  are  involved  in  a  two-step 
luminescence  process.  This  process  for  converting  the  ionized  d+  state  to  DX  '  state  is  illustrated 
in  Fig.  5,  assuming  simultaneous  trapping  of  two  photoelectrons  is  highly  unlikely  [17,18].  As 
shown  in  Fig.  5,  electrons  recharge  the  ionized  d+  states  first,  converting  them  to  the  one  electron 
DX°  or  cf  state.  The  DX  '  state  is  then  formed  by  capturing  a  second  electron  [16].  Since  two 
photons  are  involved  in  forming  one  DX'  center,  a  superlinear  dependence  on  excitation  density 
is  expected  for  the  green  luminescence  band  [19].  This  is  consistent  with  our  excitation  density 
dependent  PL  results  (Fig.  2),  where  7«/ft X("  with  «= 1.4-1 .7  was  observed.  This  superlinearity  is  a 
fingerprint  of  DX  center  involvement  in  the  recombination  process,  i.e.,  the  ground  DX'  state 
captures  two  electrons. 

Luminescence  with  optical  properties  (temperature  and/or  excitation  dependence)  similar  to 
those  of  the  green  band  have  been  observed  in  other  systems  including  AlGaAs  [19],  InGaP:S 
[21],  and  for  the  3.27  eV  band  in  p-type  GaN  [22]. 


359 


CONCLUSIONS 


In  summary,  the  DAP  luminescence  present  in  p- type  GaN:Mg  codoped  with  shallow  donors 
(oxygen  or  silicon)  has  been  investigated.  In  addition  to  the  often  observed  blue  band,  a  second 
PL  band  at  2.5  eV  emerges  in  the  heavily  codoped  epilayers.  Complex  temperature  and 
excitation  density  dependencies  are  observed  for  the  green  band.  The  luminescence  behavior  is 
attributed  to  a  donor-acceptor  pair  recombination  whereby  the  donor  is  a  DX  center  and  Mg  is 
the  shallow  acceptor. 
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ABSTRACT 

Spectroscopic  ellipsometry  studies  in  the  energy  range  from  0.7  up  to  5.5  eV  were  carried 
out  in  order  to  determine  the  dielectric  function  (DF)  of  ‘narrow’  band  gap  (<  1  eV)  single¬ 
crystalline  InN  films  grown  by  molecular  beam  epitaxy  on  sapphire  substrates.  The  imaginary 
part  of  the  DF  is  characterized  by  a  strong  increase  immediately  above  the  band  gap  and  then  by 
a  nearly  constant  value  up  to  4  eV.  Pronounced  structures  above  4  eV  are  attributed  to  transitions 
along  the  L-M  direction  in  the  Brillouin-zone  as  a  comparison  with  first-principles  calculations 
indicates.  In  contrast,  sputtered  layers  (band  gap  -1.9  eV)  studied  for  comparison  show  a 
completely  different  spectral  shape  of  the  DF.  Finally,  DF’s  of  high  In-content  InGaN  alloys  are 
presented,  providing  further  evidence  that  InN  is  a  "narrow"  band  gap  semiconductor. 

INTRODUCTION 

Among  the  group-UI  nitride  semiconductor  compounds,  the  physical  properties  of  InN  are 
known  rather  poorly.  This  is  mainly  attributed  to  the  difficulties  in  growing  high-quality  crystals. 
A  discussion  of  optical  properties  of  InN  demands  to  differentiate  between  investigations 
employing  either  sputtered  films  or  epitaxial  layers  deposited  by  molecular  beam  epitaxy  (MBE) 
and  metalorganic  vapor-phase  epitaxy  (MOVPE).  Interband  optical  absorption  measurements  of 
sputtered  polycrystalline  InN  films  yield  a  band  gap  of  Eg~1.9  eV  at  room  temperature  [1-4]. 
This  value  of  the  band  gap  has  been  accepted  for  a  long  time  and  was  frequently  used  as  the  end¬ 
point  value  for  the  extrapolation  of  the  band  gap  in  InxGai.xN  alloys.  In  contrast,  recent  studies  of 
epitaxial  layers  grown  by  MBE  [5-7]  or  MOVPE  [8]  revealed  a  narrow  gap  of  Eg<l  eV. 

For  both  types  of  films,  reports  on  the  dielectric  function  (DF)  covering  an  extended  energy 
range  are  scarce.  Refractive  index  and  extinction  coefficient  of  sputtered  layers  were  obtained 
from  transmittance/reflectance  [3]  and  spectroscopic  ellipsometry  (SE)  [9]  studies.  However,  the 
applied  single-layer  model  neglects  the  influence  of  roughness  and  interface  layers  on  the  spectra 
[10].  Guo  et  al.  reported  optical  constants  for  MOVPE  grown  InN  determined  from  reflectance 
investigations  followed  by  Kramers-Kronig  analysis.  These  data  suffer  from  the  relatively  low 
InN  layer  thickness  (-300  nm)  and  the  neglect  of  sample  surface  roughness.  However,  both 
effects  require  the  application  of  a  multi-layer  model. 

In  this  work,  we  present  a  comprehensive  SE  data  analysis  based  on  multi-layer  models  in 
order  to  determine  the  InN  DF’s  for  both  single-crystalline  MBE  grown  and  sputtered  films  with 
high  reliability.  The  extracted  data  are  compared  with  the  results  of  first-principles  calculations. 
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EXPERIMENTAL  DETAILS 

The  single-crystalline  InN  films  were  grown  on  (0001)  sapphire  by  MBE  as  described 
elsewhere  [12].  For  two  samples  the  InN  layers  of  120  nm  (#M1)  and  250  nm  (#M2)  thickness 
(nominal)  were  directly  deposited  on  top  of  an  230  nm  AIN  buffer  layer.  The  third  sample  (#M3) 
consists  of  a  10  nm  AIN  nucleation  layer  followed  by  a  310  nm  GaN  buffer  layer  and  the  final 
960  nm  InN  film.  Structural  properties  of  the  films  were  examined  by  high  resolution  x-ray 
diffraction  (HRXRD)  measurements.  For  all  samples,  the  optical  axis  (c)  is  oriented  normal  to 
the  surface.  From  reciprocal  space  maps  of  the  symmetric  (002)  and  the  asymmetric  (20.5)  Bragg 
reflexes  the  InN  lattice  constants  were  determined.  For  sample  #M3  we  found  c  =  5.686  A  and 
a  =  3.552  A  which  is  in  excellent  agreement  with  previous  studies  of  thick  InN  films  deposited 
on  GaN  [13].  The  lattice  constants  of  the  other  two  samples  deviate  only  slightly  from  these 
values.  The  root-mean-square  (mis)  surface  roughness  5  was  obtained  by  atomic  force 
microscopy  (AFM)  yielding  6  =  9.  1.5,  and  12  nm  for  samples  #M1,  #M2,  and  M#3, 
respectively.  Hall  measurements  at  room  temperature  evidenced  for  the  thinner  samples  electron 
densities  (mobilities)  of  ~2xl()'"  cm  *  (-850  cm2/Vs)  and  for  the  thicker  sample  of  8xl()17  cm 3 
(1500  cm2/Vs). 

In  order  to  demonstrate  the  systematic  change  of  the  DF  with  increasing  Ga-content,  three 
Ini.xGaxN  alloys  (x  =  0.22,  0.32.  and  0.43)  with  thickness  of  -250  nm  were  grown  by  MBE  on 
sapphire  substrates  with  an  AIN  buffer  layer  (—250  nm)  [4],  The  growth  temperature  was  in  the 
range  ot  470  to  570  °C.  The  Ga  atomic  fraction  was  determined  by  XRD  assuming  a  complete 
lattice  relaxation. 

The  polycrystalline  InN  layers  under  investigation  were  provided  by  the  Tansley  group. 
They  were  deposited  by  magnetron  sputtering  of  a  nitrided  indium  target  in  a  reactive  nitrogen 
plasma  [3]  either  on  glass  (#SI )  or  Si  (#S2)  substrates  with  a  thickness  of  975  nm  and  1210  nm, 
respectively.  The  layers  are  composed  of  needle-like  crystallites  with  diameters  in  the  range  of 
10-30  nm.  The  lattice  constants  of  #S1  (#S2)  are  c  =  5.821  A  (5.786  A)  and  a  =  3.622  A 
(3.58  A).  For  both  samples  the  roughness  amounts  to  6  -  8  nm. 

The  optical  properties  ot  the  films  were  investigated  by  SE.  hi  order  to  minimize  the 
correlation  between  DF's  and  layer  thickness,  the  ellipsometric  parameters  4*  and  A  were 
measured  at  different  angles  of  incidence  (60°,  68°.  and  74°). 

RESULTS  AND  DISCUSSION 

The  dots  in  Fig.  1(a)  and  (b)  represent  typical  examples  for  the  spectral  dependence  of  the 
ellipsometric  parameter  taken  at  different  angles  of  incidence  for  the  thick  single-crystalline 
film  #M3  and  the  sputtered  layer  on  Si  substrate  #S2.  Remarkable  differences  are  observed.  For 
the  sputtered  layer  in  Fig.  1(b),  T  shows  oscillatory  behavior  below  -2  eV  due  to  interference, 
but  a  smooth  dependence  on  the  photon  energy  at  higher  energy.  Obviously,  the  film  is 
transparent  in  the  low-energy  range  and  strongly  absorbing  above  2  eV.  In  contrast,  for  the  MBE 
grown  film  oscillations  start  to  evolve  only  below  -1  eV  indicating  a  much  smaller  band  gap  for 
this  film.  It  is  worth  noting  that  A,  not  presented  here,  shows  similar  features. 

A  multi-layer  model  has  been  established  for  determining  the  real  (e0  and  imaginary  (£2) 
part  of  the  complex  DF  (e  =  £j  +/-e2)  from  the  experimental  data.  For  the  MBE  samples,  it 

consists  of  the  substrate,  buffer  layer,  InN  film,  and  a  surface  layer.  The  latter  takes  into  account 
the  sample  surface  roughness.  Its  optical  constants  are  modeled  by  an  effective  medium  theory 
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Figure  1. 

Fit  (full  lines)  of  ellipsometric  data 
(dots)  taken  at  different  angles  of 
incidence,  (a)  and  (b)  refer  to  the 
MBE  grown  single-crystalline  InN 
film  (#M3)  and  InN  obtained  by 
sputtering  techniques  (#S2), 
respectively.  Data  taken  at  74°  in 
(b)  are  shifted  by  15°  for  clarity. 


assuming  a  1/1  mixture  of  InN  with  voids.  The  applicability  of  this  method  has  been 
demonstrated  in  Ref.  10.  Furthermore,  we  assumed  that  the  DF  of  InN  should  be  identical  for  all 
samples  of  the  M  series,  i.e.  the  data  of  all  samples  (¥  and  A  at  various  angles  of  incidence)  are 
fitted  together  for  determining  one  pair  of  fit  and  £2  values  at  each  photon  energy  yielding  an 
averaged  DF.  The  layer  thicknesses  were  allowed  to  vary  with  respect  to  the  nominal  values. 
Such  an  approach  (point-by-point  multi-sample  fit)  increases  the  reliability  of  the  £  data  because 
it  minimizes  the  correlation  to  the  layer  thickness  and  removes  the  noise  in  the  high-energy 
range.  It  should  be  noticed  again  that  we  did  not  make  any  assumption  concerning  the  shape  of 
the  DF  (dielectric  function  model).  The  fit  results  for  T  of  sample  #M3  are  indicated  by  the  full 
lines  in  Fig.  1(a).  In  this  example  as  well  as  for  the  other  spectra,  excellent  agreement  is  obtained 
over  the  full  investigated  range  although  the  averaged  DF  is  employed.  It  emphasizes  the 
assumption  of  a,  within  the  experimental  uncertainty,  sample  independent  DF.  For  the  sputtered 
layers  the  multi-sample  fit  yields  similar  good  agreement  with  the  experimental  data  as  the 
example  in  Fig.  1(b)  demonstrates. 

Before  discussing  the  extracted  DF’s,  a  few  details  of  the  theoretical  calculations  are  given 
in  the  following.  The  properties  of  wurtzite  InN  have  been  calculated  within  the  framework  of 
density  functional  theory  (DFT)  in  its  local  density  approximation  (LDA)  employing  the  Vienna 
ab-initio  Simulation  Package  [14].  The  In 4d  electrons  are  treated  as  valence  electrons.  It 
guarantees  correct  structural  properties,  and  lattice  constants  of  c  =  5.688  A  and  a  =  3.523  A 
were  calculated.  Besides  the  strain  aspects,  these  values  agree  well  with  the  data  obtained  for  the 
MBE  grown  layers.  This  DFT-LDA  procedure,  however,  gives  a  negative  fundamental  energy 
gap  of  InN  because  p-d  repulsion  is  strongly  overestimated.  In  the  case  of  calculations  of  the 
optical  properties,  we  therefore  used  another  type  of  pseudopotentials  which  account  for  self- 
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interaction  corrections  of  the  4 d  electrons  in  the  underlying  atomic  calculation  but  freeze  the 
In4 d  electrons  in  the  core  [151.  Already  in  the  DFT-LDA  case  this  opens  artificially  a  gap. 
Therefore,  additional  quasi-particle  corrections  (overestimating  the  gap)  were  not  taken  into 
account  in  the  calculations  of  optical  properties.  The  independent-particle  approximation  and  the 
projector-augmented-wave  (PAW)  method  [  1 6]  are  applied  to  calculate  at  first  the  imaginary  part 
of  the  dielectric  function  [17).  The  real  part  of  the  dielectric  function  is  obtained  via  a  Kramers- 
Kronig  transform. 

Fig.  2  summarizes  the  optical  properties  for  InN  concerning  the  real  (a)  and  imaginary  (b) 
parts  of  the  DF  as  well  as  for  the  corresponding  absorption  coefficient  a  (c).  The  full  and  dashed 
lines  are  obtained  by  the  point-by-point  multi-sample  fits  of  the  MBE  grown  (M  series)  and 
sputtered  (S  series)  films,  respectively,  while  the  long-dashed  lines  represent  the  results  of  the 
DFT-LDA  calculations.  Let  us  first  focus  on  the  absorption  coefficient  (c).  Our  results  for  the 
sputtered  films  are  in  excellent  agreement  with  previous  investigations  [2],  Those  layers  show 
only  weak  absorption  in  the  energy  range  between  1  and  2  eV.  For  single-crystalline  InN, 
however,  the  absorption  coefficient  increases  continuously  with  the  photon  energy. 


Figure  2. 

Comparison  of  the  real  (a)  and 
imaginary  (b)  part  of  the  DF  and 
the  absorption  coefficient  for  InN. 
The  full  and  dashed  lines  are 
obtained  from  the  by  point-by- 
point  multi-sample  fits  of  the 
MBE  grown  (M  series)  and 
sputtered  (S  series)  layers, 
respectively.  The  long-dashed 
lines  represent  the  results  of  the 
calculations  without  quasi-particle 
corrections. 
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Figure  3. 

Real  (a)  and  imaginary  (b) 
part  of  the  DF  for  Ini-xGaxN 
alloys  obtained  from  fitting 
ellipsometric  data. 


The  main  result  of  this  work  is  shown  in  Fig.  2(b)  where  the  imaginary  parts  of  the  DF’s  are 
compared.  The  MBE  grown  films  exhibit  a  spectral  dependence  of  £2  which  coincides  in 
essential  features  with  the  theoretical  results.  Above  the  band  gap  (Eg  ~  0.75  eV)  the  imaginary 
part  increases  very  sharply  indicating  a  non-parabolic  band  structure  and  remains  nearly  constant 
above  the  band  gap  up  to  energies  of  about  4  eV.  The  strong  increase  at  higher  energies  arise 
from  transitions  along  the  L-M  direction  in  the  Brillouin-zone  and  was  also  calculated  in  Ref. 
[18].  However,  its  energetic  position  depends  on  the  assumptions  made  in  the  DFT-LDA 
procedure.  For  the  sputtered  films  such  a  strong  increase  around  4  eV  is  not  observed,  i.e.  the 
two  types  of  InN  films  differ  not  only  in  their  band  gap  values  but  in  addition  in  the  higher- 
energetic  parts  of  the  DF.  Therefore  we  conclude  that  only  the  MBE  grown  films  represent  bulk¬ 
like  InN  in  the  wurtzite  structure. 

Preliminary  results  of  ellipsometry  studies  on  Ini.xGaxN  films  shown  in  Fig.  3  emphasize 
this  conclusion.  As  expected  for  an  alloy  system  the  spectral  shape  of  both  parts  of  the  DF  does 
not  change  very  much  if  a  low  amount  of  Ga  atoms  replace  In  atoms  in  the  InN  lattice.  With 
increasing  Ga-content  the  step-like  structure  of  £2  found  between  1  and  2  eV  shifts  continuously 
to  higher  energies  reflecting  the  rising  band  gaps.  But  even  for  43%  Ga  composition,  the  gap 
energy  is  unambiguously  below  1 .9  eV,  the  value  reported  for  sputtered  films 

In  summary,  applying  spectroscopic  ellipsometry  and  using  multi-layer  models  for  data 
analysis,  we  have  determined  the  complex  dielectric  function  from  the  near  infra-red  up  to  the 
near  ultra-violet  spectral  region  for  single-crystalline  InN  films  grown  by  MBE  as  well  as  of 
sputtered  polycrystalline  InN  layers.  Striking  differences  of  the  optical  properties  were  found. 
MBE  grown  InN  films  show  a  ‘narrow’  band  gap  of  around  0.75  eV,  a  nearly  photon  energy 
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independent  imaginary  part  of  the  DF  between  I  and  4  cV.  and  a  strongly  enhanced  transition 
probability  above  4  eV.  The  qualitative  behavior  agrees  in  essential  features  with  the  presented 
results  of  theoretical  predictions.  In  contrast,  sputtered  layers  with  a  gap  energy  around  1 .9  eV  do 
not  show  the  increase  of  e 2  at  higher  energies.  Therefore,  we  conclude  that  ‘narrow’  band  gap 
InN  obtained  by  epitaxial  growth  techniques  represents  InN  in  the  wurtzite  structure  with  bulk¬ 
like  properties.  The  clarification  of  the  deviating  properties  of  sputtered  films  requires  further 
studies. 
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ABSTRACT 

In  this  paper,  we  study  the  surfactant  capability  of  In  for  the  growth  of  AlGaN/GaN 
heterostructures  by  plasma-assisted  molecular  beam  epitaxy.  Growth  conditions  were  determined 
to  have  a  self-regulated  lxl  In  adlayer  on  AlxGai.xN  (0001).  The  presence  of  this  In  film  favors 
two  dimensional  growth  of  AlGaN  under  stoichiometric  conditions,  and  inhibits  the  formation  of 
metal  droplets  on  the  surface.  The  quality  of  these  layers  was  assessed  by  high  resolution  X-ray 
diffraction,  atomic  force  microscopy  and  photoluminescence. 

INTRODUCTION 

Reliable  low-power  ultraviolet  emitters  are  demanded  for  applications  like  optical  detection  of 
biological  agents  in  the  range  from  340  nm  to  250  nm,  low-power  communication  links  in  the 
solar-blind  spectral  region  (below  280  nm),  or  high-density  data  storage  systems.  Devices  using 
AlGaN  as  active  media  present  much  lower  efficiency  than  their  InGaN/GaN-based  counterparts 
in  the  green  and  blue  range  [1].  It  is  thus  important  to  develop  growth  procedures  that  improve  the 
quality  of  AlGaN  alloys. 

Specific  difficulties  are  faced  when  growing  AlGaN  by  molecular  beam  epitaxy  (MBE)  [2,3], 
due  to  the  low  mobility  of  A1  species  in  comparison  to  Ga,  which  results  in  preferential  A1 
incorporation  and  accumulation  of  Ga  on  the  surface.  The  use  of  In  as  a  surfactant  appears  as  an 
attractive  possibility  to  improve  the  material  quality  [4,5].  In  this  work,  we  report  the  assessment 
of  In  as  a  surfactant  for  the  growth  of  AlGaN/GaN  heterostructures  by  plasma-assisted  MBE. 

EXPERIMENTAL 

AlGaN  epilayers  (0.5-0.7  |Ltm  thick)  were  grown  on  templates  consisting  of  1  pm  thick  GaN  or 
AIN  layers  grown  on  sapphire  by  metalorganic  vapor  phase  epitaxy  (MOVPE).  After  a  standard 
chemical  degreasing  procedure  and  acid  cleaning,  the  substrates  were  introduced  in  a  Meca  2000 
MBE  chamber  equipped  with  standard  effusion  cells  for  Ga,  In  and  Al.  Active  nitrogen  was 
supplied  by  a  radio-frequency  plasma  cell.  The  mass  fluxes  in  monolayers  per  second  (ML/s) 
were  deduced  from  the  stoichiometric  growth  rate  of  GaN,  AIN  and  InN,  measured  at  low 
temperature  to  prevent  overestimation  due  to  metal  desorption.  Prior  to  AlGaN  growth,  a  thin 
(~10  nm)  GaN  or  AIN  buffer  layer  was  deposited  at  730°C. 

The  Al  mole  fraction  of  the  alloys  was  determined  by  Rutherford  backscattering  spectrometry 
(RBS).  The  growth  kinetics  and  the  structure  of  the  layers  were  analyzed  by  reflection  high- 
energy  electron  diffraction  (RHEED),  atomic  force  microscopy  (AFM)  in  tapping  mode,  and  high 
resolution  X-ray  diffraction  (HRXRD).  HRXRD  measurements  were  carried  out  in  a  SEIFERT 
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XRD  3003  PTS-HR  system  with  a  beam  concentrator  prior  to  the  Ge(220)  4-bounce 
monochromator  and  a  Ge(220)  2-bounce  analyzer  in  front  of  the  detector.  Photoluminescence 
(PL)  was  measured  by  exciting  with  the  fourth  frequency  of  a  pulsed  Nd-YAG  laser  (266  nm) 
with  a  peak  power  of  500  kW/cm  and  a  mean  power  of  10  mW. 

RESULTS  AND  DISCUSSION 

The  In  wetting  ol  the  GaN  and  AlGaN  surface  was  evaluated  by  exposing  the  surface  to  an  In 
flux  for  a  given  time,  and  studying  the  oscillatory  transient  in  RHEED  intensity  during  In 
desorption  under  vacuum  [5,6].  For  In  fluxes  lower  than  about  1  ML/s,  the  desorption  time 
remains  constant  for  In  expositions  longer  than  20  s  (see  inset  of  Figure  1),  which  confirms  the 
deposition  of  a  dynamically-stable  In  film. 

From  the  duration  of  the  desorption  transient,  we  can  calculate  precisely  the  quantity  of  In 
deposited  on  the  substrate  surface.  Figure  1  presents  the  results  obtained  on  GaN  at  a  substrate 
temperature  of  680°C.  This  graph  indicates  that  there  are  two  regimes  corresponding  to  a  self- 
regulated  In  coverage  of  1  ML  and  2  ML  (i.e.  1.7  ML  in  terms  of  InN  surface  sites  [5]). 
Remarkably,  these  results  correspond  to  the  stable  In  surface  structures  during  InGaN  growth 
under  In-rich  conditions,  predicted  by  ah  initio  calculations  [7,8]  and  identified  by  scanning 
tunneling  microscopy  [8].  Varying  the  In  flux  and  the  substrate  temperature,  we  can  draw  a  phase 
diagram  of  In  adsorved  on  GaN,  as  shown  in  Figure  2(a). 


Figure  I.  In  coverage  as  a  function  of  the  impinging  In  flux,  measured  on  a  GaN  layer  at  680°C.  In 
the  inset,  In  desorption  time,  /D,  from  GaN  and  AIN  layers  as  a  function  of  the  In  deposition  time, 
measured  in  the  same  conditions.  In  both  cases,  the  In  coverage  becomes  stable  after  about  20  s. 


We  have  also  analyzed  the  In  w'etting  as  a  function  of  the  A1  mole  fraction  of  the  epilayer  at  a 
substrate  temperature  T$  =  680°C.  As  shown  in  Figure  2(b),  only  the  In  coverage  of  1  ML  is  self- 
regulated  on  AlxGa|.xN  (x  >  0. 1 5),  and  the  flux  window  becomes  narrower  for  higher  A1  contents, 
no  self-regulated  window  being  observed  for  AIN.  A  remarkable  result  from  this  diagram  is  the 
fact  that  at  680°C  and  with  an  In  flux  of  -0.08  ML/s  we  can  generate  a  1  ML  self-regulated  In 
film,  independent  of  the  Al  mole  fraction  of  the  underlying  substrate.  At  this  temperature,  In  does 
not  incorporate  in  AlGaN,  so  that  the  In  film  will  segregate  at  the  growth  front,  modifying  the 
growth  kinetics.  It  is  therefore  possible  to  grow  a  complete  GaN/AlGaN  heterostructure  in 
presence  of  a  constant  In  flux. 
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Figure  2.  (a)  Diagram  of  In  coverage  on  GaN  as  a  function  of  substrate  temperature  and 
impinging  In  flux,  (b)  Variation  of  the  In  coverage  as  a  function  of  the  impinging  In  flux  and  the  Al 
mole  fraction,  measured  on  AlGaN  layers  at  680°C. 


To  assess  the  surfactant  effect  of  In,  ~0.5  pm  thick  AlxGa].xN  layers  (x  -  0.08  to  0.70)  were 
grown  at  680°C  on  GaN  and  AIN  MOCVD  templates,  in  presence  of  an  In  flux  of  <J>in  =  0.08 
ML/s.  In  presence  of  indium,  2D  growth  can  be  achieved  under  slightly  N-rich  conditions,  which 
prevents  Al  or  Ga  accumulation  on  the  surface.  A  streaky  lxl  reconstruction  was  visible 
throughout  the  growth  process.  This  pattern  is  slightly  diffuse  during  growth  due  to  the  presence 
of  the  In  layer,  but  recovers  brightness  about  1  min  after  stopping  growth,  which  confirms  the 
desorption  of  the  In  adlayer.  Samples  present  mirror-like  surfaces,  with  an  average  surface 
roughness  of  -10  A  (rms)  measured  by  AFM  in  a  surface  of  1  pm  x  1  pm.  No  droplets  or 
macroscopic  defects  are  observed. 

The  structural  quality  of  the  AlGaN  layers  was  evaluated  by  HRXRD.  The  full  width  at  half 
maximum  (FWHM)  of  (0002)  ©  and  0-20  scans  of  samples  grown  with  and  without  In  surfactant 
are  summarized  in  Figure  3.  The  low  broadening  values  in  surfactant-assisted  growth  indicate  a 
low  density  of  screw  dislocations  and  demonstrate  the  structural  quality  of  the  material. 


Without  In 
A  (0002)  id  scan 

With  In  Surfactant 

Substrate 
GaN  AIN 

■  D  (0002)  0-26  scan 

▼  v  (0002)  co  scan 


Figure  3.  Variation  of  the  full  width  at  half  maximum  (FWHM)  of  HRXRD  as  a  function  of  the 
Al  mole  fraction,  measured  in  AlGaN  samples  with  and  without  In  surfactant. 
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Figure  4.  Reciprocal  space  map  of  the  (-102)  reflection  of  an  Alo.15Gao.85N  layer  grown  on  GaN. 

(OOOl)-oriented  Ill-nitride  epilayers  present  a  columnar  structure  characterized  by  the  average 
tilt  and  twist  of  the  columnar  domains.  The  symmetric  (0002)  rocking  curve  is  only  sensitive  to 
the  column  tilt,  since  it  is  broadened  by  screw  and  mixed  dislocations.  The  twist,  however,  is  only 
accessible  by  asymmetric  reflections,  which  are  also  broadened  by  threading  edge  dislocations. 
Thus,  to  evaluate  the  quality  of  AlGaN  layers,  it  is  necessary  to  measure  broadening  of  both 
symmetric  and  asymmetric  reflections.  Figure  4  presents  the  reciprocal  space  map  of  the  (-102) 
reflection  of  an  Alo.15Gao.85N  layer  grown  on  GaN,  which  shows  that  the  broadening  value 
registered  in  the  asymmetric  reflection  of  AlGaN  is  comparable  to  the  value  of  the  template  (430 
arcsec  for  the  AlGaN  layer  and  370  arcsec  for  the  GaN  template). 


Energy  (eV) 

Figure  5.  Low  temperature  photoluminescence  of  AlGaN  layers  with  different  A1  content. 
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Low  temperature  PL  spectra  of  the  samples  are  shown  in  Figure  5.  As  expected,  the  emission 
shifts  to  higher  energy  for  increasing  A1  contents.  For  low  A1  contents  (x  <  0.4)  deep  transitions 
are  not  observed,  and  no  relevant  differences  were  found  between  samples  grown  on  GaN  and 
AIN  templates,  from  an  optical  viewpoint.  However,  for  A1  contents  x  >  0.4,  samples  grown  on 
GaN  present  extended  cracks  that  obey  a  six  fold  symmetry.  These  observations  agree  with 
studies  of  strain  relaxation  in  AlGaN  under  tensile  stress  [9].  An  additional  deep  emission  (-400 
meV  below  the  main  line)  appears  in  the  photoluminescence  and  cathodoluminescence  spectra  of 
cracked  samples.  On  the  contrary,  the  compressive  strain  in  the  layers  grown  on  AIN  prevents 
cracking  whatever  the  A1  composition,  for  the  layer  thickness  considered  in  this  study  (-0.5  pm). 

The  improved  structural  quality  and  reduced  roughness  of  these  AlGaN  layers  are  promising 
parameters  for  the  development  of  Ill-nitride  based  heterostructures.  To  validate  the  use  of  these 
alloys  in  the  active  region  of  light  emitters,  we  have  analyzed  their  effect  on  the 
photoluminescence  of  GaN  quantum  wells.  Figure  6  shows  the  room  temperature 
photoluminescence  (PL)  spectra  of  two  structures  consisting  of  ten  1-nm-thick  GaN  quantum 
wells  (QW)  separated  by  10-nm-thick  Al0.30Ga0.70N  barriers,  grown  with  and  without  In 
surfactant.  Both  samples  were  grown  on  NOVASIC-polished  6H-SiC  substrates,  using  an  AIN 
buffer  layer.  To  improve  as  much  as  possible  the  quality  of  the  ternary  alloy,  AlGaN  grown 
without  In  was  deposited  at  higher  substrate  temperature  (Ts  =  730°C)  and  under  Ga-rich 
conditions.  The  RHEED  pattern  remained  streaky  during  the  growth  of  both  heterostructures, 
indicating  two-dimensional  growth. 


Figure  6.  Room  temperature  photoluminescence  of  10  QW  of  GaN  in  Alo.30Gao.70N  with  and 
without  In  surfactant.  Growth  temperature  was  680°C  and  730°C,  respectively. 

Emission  from  the  barrier  is  not  observed  in  any  of  the  structures,  which  indicates  a  good 
transfer  of  carriers  from  the  barrier  to  the  QWs.  Structures  grown  with  In  surfactant  present 
thinner  PL  lines,  both  at  room  temperature  and  at  10  K.  This  feature  is  likely  related  to  better 
AlGaN/GaN  interfaces,  and  improved  structural  quality. 

CONCLUSION 

We  have  determined  the  range  of  In  fluxes  at  which  lxl  In  adlayer  is  dynamically-stable  on 
AlxGai.xN  (0001)  at  680°C.  More  precisely,  we  have  demonstrated  the  possibility  of  growing 
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GaN/AlGaN  heterostructures  in  presence  of  a  self-regulated  In  film,  independent  of  the  Al  content 
of  the  underlying  AIGaN  layer.  The  presence  of  this  In  layer,  which  segregates  at  the  growth 
front,  modifies  the  surface  energy  and  growth  kinetics,  enabling  2D-growth  of  AIGaN  under 
stoichiometric  and  slightly  N-rich  conditions.  The  quality  of  AIGaN  layers  grown  with  In  as  a 
surfactant  is  demonstrated  by  high-resolution  X-ray  diffraction,  atomic  force  microscopy,  and 
photoluminescence. 
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ABSTRACT 

AlN/GaN  multiple  quantum  wells  (MQWs)  were  grown  on  sapphire  substrates  by  plasma- 
assisted  molecular  beam  epitaxy.  Growth  temperature,  IIT/V  ratio,  growth  rate,  and  other  growth 
parameters  were  optimized  for  the  buffer  layer  and  the  MQWs,  separately.  The  growth  of  AIN 
buffer  was  kept  as  Al-rich  as  possible  while  the  formation  of  A1  droplets  was  avoided.  A  GaN 
buffer  layer  was  also  tried  but  proved  to  be  inferior  to  AIN  buffer  probably  due  to  its  larger 
surface  roughness,  higher  dislocation  density,  and  larger  lattice  mismatch  with  the  AIN  barrier 
layers  in  the  MQWs.  Very  flat  surfaces  with  a  RMS  roughness  of  0.7nm  were  observed  by 
atomic  force  microscopy  (AFM)  on  the  samples  with  both  AIN  buffer  layer  and  20  MQWs 
deposited  under  the  optimized  growth  conditions.  Abrupt  interfaces  and  excellent  periodicities  of 
the  MQWs  were  confirmed  by  X-ray  diffraction  (XRD)  and  reflectivity  measurements  with 
MQWs’  satellite  peaks  clearly  visible  up  to  the  10th  order.  Room-temperature  intense  ultraviolet 
(UV)  photoluminescence  (PL)  emission  with  wavelength  in  the  range  of  320-350nm  was  also 
observed  from  the  MQWs  with  well  width  ranging  from  1 .0  to  1.5nm.  These  MQW  structures 
can  potentially  be  used  for  UV  light  emitters  and  quantum  cascade  lasers. 

INTRODUCTION 

There  have  been  considerable  interests  in  group  Ill-nitrides  for  their  applications  in  the 
ultraviolet  (UV)  light  emitter  diodes  (LEDs)  and  laser  diodes  (LDs)  [1-3].  Until  recently,  most  of 
the  efforts  had  been  focused  on  InGaN-based  light  emitters  [1,2].  But  to  achieve  light  emission 
with  even  shorter  wavelength,  AlGaN-based  light  emitting  structures  need  to  be  used.  Due  to  the 
fact  that  low-dimensional  heterostructures  can  provide  carrier  confinement  and  therefore 
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improve  the  optical  efficiency,  AlGaN/GaN  quantum  wells  with  low  aluminum  concentration 
AlGaN  barriers  have  been  used  to  make  UV  LEDs  [4].  In  order  to  further  shorten  the  emission 
wavelength,  higher  aluminum  concentration  AlGaN  or  even  AIN  barriers  should  be  used  in  the 
quantum  well  structures.  Besides  the  applications  using  intraband  transitions,  AlGaN/GaN 
quantum  well  system  is  also  a  potential  candidate  for  quantum  cascade  lasers  due  to  the  recent 
realization  of  intersubband  transitions  (absoiption,  so  far)  [5].  High  aluminum  concentration 
AlGaN  or  AIN  barriers  are  also  needed  in  this  case  to  maximize  the  intersubband  transition 
energy  for  potential  applications  in  short  wavelength  quantum  cascade  lasers. 

In  this  study,  we  fabricated  AlN/GaN  MQWs  by  molecular  beam  epitaxy  and  optimized  the 
growth  conditions.  Strong  room-temperature  UV  PL  emission  was  observed  from  the  MQWs. 

EXPERIMENT 

The  structures  used  in  this  study  were  grown  in  a  Varian  Gen  II  molecular  beam  epitaxy 
(MBE)  system  which  used  standard  effusion  cells  for  the  group  III  elements  and  an  EPI  Unibulb 
rf  plasma  source  to  supply  nitrogen  radicals.  The  MQWs  were  grown  typically  with  the  rf  power 
and  growth  chamber  pressure  at  approximately  250  W  and  1.5xl0'5  torr,  respectively.  All  the 
growths  took  place  on  2  inch  c-plane  sapphire  substrates  which  were  backside  coated  with  TiW 
for  more  efficient  heating.  The  wafer  pretreatment  process  included  a  one-hour  outgassing  step  at 
450°C  and  a  following  30-minute  low  temperature  nitridation  step  at  160°C  with  the  rf  power  set 
at  500  W.  Growth  temperatures  were  monitored  by  a  pyrometer  calibrated  to  measure  the 
temperature  of  the  TiW  on  the  backside  of  the  substrates. 

The  epitaxial  structures  consisted  of  a  buffer  layer  of  0.3-0.5  pm,  which  was  either  AIN  or 
GaN,  and  20  AlN/GaN  quantum  wells  on  all  the  samples  in  this  study.  Different  growth 
conditions  were  experimented  in  an  attempt  to  achieve  the  best  quality  of  the  MQWs.  For  all  the 
samples  studied,  the  AIN  barrier  thickness  was  kept  at  60A,  while  the  thickness  of  GaN  wells 
varied  from  9  to  15  A.  The  nominal  thickness  of  each  layer  was  calculated  by  the  growth  rates  of 
equivalent  bulk  samples.  No  growth  interruptions  occurred  during  the  deposition  of  MQWs. 

RESULTS  AND  DISCUSSION 

Growth  Optimization 

The  growth  optimization  process  was  made  by  the  comparisons  of  the  MQWs’  quality 
among  the  samples  grown  under  different  conditions  (see  Table  L).  The  entire  epitaxial  structure 
of  all  the  samples  listed  in  Table  I  was  undoped.  Also  listed  in  the  table  is  the  RMS  surface 
roughness  measured  by  AFM  for  each  sample  with  both  the  buffer  and  MQWs  already 
deposited.  None  of  the  samples  listed  in  Table  I  exhibited  cracks  on  the  surface.  The  first  thing  to 
optimize  in  this  study  was  the  material  of  the  buffer  layer.  In  our  case,  for  simplicity,  only  AIN 
and  GaN  buffer  layers  were  tried.  The  growth  conditions  we  used  for  the  GaN  buffer  layer  were 
expected  to  produce  the  GaN  epitaxial  layer  of  the  best  quality  in  our  MBE  system,  based  on  our 
previous  experience.  But  according  to  the  surface  roughness  measurements,  the  MQW  sample 
with  GaN  buffer  (sample  “E”)  had  the  poorest  surface  morphology  with  an  RMS  roughness  of 
4.9  nm,  which  was  higher  than  any  of  the  MQW  samples  grown  on  AIN  buffer.  Besides  AFM 
measurements,  the  quality  of  the  MQWs  on  some  of  these  samples  was  also  evaluated  by  X-ray 
diffraction  and  reflectivity  measurements.  A  comparison  of  X-ray  diffraction  pattern  was  made 
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Table  I.  Structures  of  the  samples  for  growth  optimization  and  the  measured  surface  roughness. 


Sample 

Buffer 

Growth 
temperature  of 
buffer  (SC) 

Growth 
temperature  of 
MQWs  (2C) 

Nominal 
thickness  of 
GaN  wells  (A) 

Surface  RMS 
roughness  (nm) 

A 

AIN 

700 

700 

10 

2.8 

B 

AIN 

700 

700 

14 

3.3 

C 

AIN 

800 

700 

12 

0.7 

D 

AIN 

800 

800 

14 

3.2 

E 

GaN 

800 

800 

14 

4.9 

F 

AIN 

800 

700 

14 

1.3 

between  sample  “E”  and  sample  “D”,  which  had  the  same  structures  and  growth  conditions 
except  for  the  buffer.  The  X-ray  pattern  of  sample  “E”  showed  almost  no  satellite  peaks  of 
MQWs,  while  satellite  peaks  up  to  the  3rd  order  were  clearly  resolved  in  the  case  of  sample  “D”, 
which  indicated  that  the  MQWs  on  sample  “D”  had  more  abrupt  interfaces,  better  periodicities, 
and  probably  a  flatter  surface  of  buffer  layer  to  start  with.  This,  along  with  the  AFM  results, 
proved  that  the  GaN  buffer  was  probably  inferior  to  the  AIN  buffer  for  the  growth  of  AlN/GaN 
MQWs  possibly  due  to  its  larger  surface  roughness,  higher  dislocation  density,  and  larger  lattice 
mismatch  with  the  AIN  barrier  layers  in  the  MQWs.  The  second  parameter  optimized  was  the 
growth  temperature  of  the  AIN  buffer  layer.  Based  on  the  surface  roughness  results,  the  samples 
with  the  high  temperature  (800-C)  buffer  (“C”  and  “F”)  had  consistently  much  smoother  surface 
than  the  samples  with  low  temperature  (700-C)  buffer  (“A”  and  “B”),  if  the  MQWs  were  grown 
at  the  same  temperature  (700QC  in  this  study).  This  suggested  that  a  high  temperature  AIN  buffer 
should  be  a  preferred  candidate  for  the  growth  of  AlN/GaN  MQWs  due  to  its  flatter  surface  and 
possibly  lower  dislocation  density.  Both  X-ray  diffraction  and  reflectivity  measurements 
confirmed  this  finding.  The  X-ray  diffraction  profile  of  sample  “C”  exhibited  more  and  also 
much  stronger  satellite  peaks  than  that  of  sample  “A”  or  “B”,  while  the  X-ray  reflectivity 
measurements  gave  similar  results  on  sample  “C”  and  “B”  (see  Figure  1.).  The  next  very 


Figure  1.  X-ray  reflectivity  measurements  of  AlN/GaN  MQW  samples. 
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important  growth  parameter  was  the  growth  temperature  of  the  AlN/GaN  MQWs.  The  results  of 
AFM  (sample  “C”,  “D”,  and  “F”  in  Table  I.),  X-ray  diffraction  (much  more  and  stronger  satellite 
peaks  on  sample  “C”  and  “F”  than  on  sample  “D”),  and  X-ray  reflectivity  (sample  “C”  and  “D” 
in  Figure  1 .)  measurements  all  pointed  to  the  same  conclusion  that  AlN/GaN  MQWs  grown  at 
low  temperature  (700‘-C)  had  much  better  quality  and  flatter  surface  than  those  grown  at  high 
temperature  (800-C).  One  possible  explanation  is  the  growth  mode  dependence  on  the  substrate 
temperature  when  GaN  is  grown  on  AIN  [6].  However,  so  far,  no  solid  evidence  has  been 
observed  in  reflection  high  energy  electron  diffraction  (RHEED)  or  other  measurements  to 
support  this  explanation.  Further  study  is  required.  Another  observation  worth  mentioning  is  that 
according  to  the  data  in  Table  I,  the  thickness  of  the  GaN  wells  did  not  seem  to  affect  as  much 
the  surface  roughness  as  the  growth  temperatures  or  the  buffer  material. 

In  order  to  have  more  precise  control  of  the  thickness  of  MQW  layers,  we  grew  the  MQWs 
at  a  growth  rate  of  0.3-0.4pm  per  hour,  instead  of  0.5-0.6jim  per  hour  which  is  typical  and 
probably  optimum  (to  get  the  best  material  qualities,  based  on  our  previous  experiences)  for  the 
buffer  layer  growth.  This  was  done  by  using  relatively  lower  group-III  fluxes  and  rf  power  of 
nitrogen  plasma  during  the  MQW  growth.  It  is  not  clear  at  this  point  whether  such  a  reduced 
growth  rate  is  optimum  or  not  for  the  MQWs  in  terms  of  material  qualities. 

Apart  from  the  growth  parameters  mentioned  above,  we  also  found  that  during  the  AIN 
buffer  growth,  the  more  Al-rich  the  DI/V  ratio  was,  the  better  the  AIN  quality  we  obtained.  In 
order  to  make  the  growth  as  Al-rich  as  possible  without  forming  A1  droplets,  we  adjusted  the 
III/V  ratio  so  that  the  2”  wafer  was  covered  by  A1  droplets  except  for  the  central  area  about  1  ”  in 
diameter  due  to  the  radial  ununiformity  of  the  plasma  density  and  substrate  heating  efficiency.  In 
doing  so,  the  AIN  buffer  layer  grown  in  the  central  area  of  the  wafer  usually  had  flatter  surface 
and  lower  dislocation  density  than  those  grown  without  using  this  method. 

Qptimizedlv-grown  MQWs 

A  series  of  AlN/GaN  MQWs  with  different  well  thickness  were  grown  under  the  optimized 


Figure  2.  X-ray  diffraction  profile  (0-20scan)  of  AlN/GaN  MQWs.  The  kinks  (sharp  decrease 
in  signal)  at  the  peaks  of  AIN  and  sapphire  were  due  to  the  saturation  of  X-ray  detector. 
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conditions  which  were  used  in  the  growths  of  sample  “C”  and  “F”  listed  in  Table  I.  A  typical  X- 
ray  diffraction  pattern  of  these  MQWs  is  shown  in  Figure  2.  Well  resolved  satellite  peaks  up  the 
10th  order  were  observed,  which  indicated  that  abrupt  interfaces  and  excellent  periodicities  of  the 
MQWs  were  achieved.  Surface  RMS  roughness  of  l.Onm  or  smaller  was  obtained  on  these 
samples.  The  high  quality  of  MQWs  was  also  confirmed  by  transmission  electron  microscopy 
(TEM)  measurements.  In  Figure  3,  the  TEM  image  exhibits  near  monolayer-abrupt  interfaces 
between  GaN  wells  and  AIN  barriers,  considering  the  fact  that  the  quantum  wells,  except  the  first 
one,  shown  in  the  figure  were  only  approximately  5-monolayer-thick.  It  is  interesting  to  note  that 
the  first  quantum  well  was  unexpectedly  thin,  which  was  probably  due  to  the  excess  Al  from  the 
Al-rich  buffer  forming  high  Al  concentration  AlGaN  by  competing  with  Ga  to  react  with 
nitrogen  radicals  when  the  growth  of  the  first  GaN  well  started.  This  could  have  been  avoided  if 
the  wafer  had  been  exposed  to  the  nitrogen  plasma  for  a  short  period  of  time  immediately  after 
the  AIN  buffer  growth  was  finished.  Besides,  the  comparisons  between  the  simulated  X-ray 
diffraction  profile  (not  shown  in  Figure  2.)  and  the  measured  X-ray  data  showed  that  the  AIN 
barriers  were  almost  fully  relaxed  while  the  GaN  wells  were  almost  fully  strained,  which  was 
expected  due  to  the  relatively  thick  AIN  buffer  layer. 

Finally,  room-temperature  PL  measurements  were  made  on  these  AlN/GaN  MQW  samples 
grown  with  the  optimized  conditions  [7].  Single-peak  strong  UV  emission  with  the  peak  energy 
in  the  range  of  3.45-3.97eV  was  observed  from  the  samples  with  the  well  width  ranging  from  0.9 
to  1.5nm  (see  Figure  4.).  The  well  width  dependence  of  the  peak  energy  agrees  fairly  well  with 
the  theoretical  calculation  when  the  piezoelectric  and  spontaneous  polarization  effects  are  taken 
into  account. 


■ 

****  n*  •  *■  '  —  **<  • 

. . . . ■  . 

IGnm 

■  .4'  -  '  t‘K.  \ 

Figure  3.  TEM  image  (dark  field)  of  AlN/GaN  MQWs.  The  first  9  quantum  wells  are  shown.  The 
brighter  layers  are  GaN  wells  and  the  rest  is  AIN.  The  nominal  thickness  of  GaN  wells  and  AIN 
barriers  on  this  sample  is  1.3  and  6.0nm,  respectively.  The  abrupt  color  change  near  the  bottom  of  the 
image  was  due  to  the  fact  that  a  piece  of  sample  peeled  off  during  TEM  sample  preparation. 


379 


Figure  4.  Room  temperature  time-integrated  photoluminescence  spectra  from  three  AlN/GaN 
MQW  samples  with  the  well  thickness  of  0.9, 1.3,  and  1.5nm,  respectively. 


CONCLUSIONS 

This  study  shows  the  optimization  process  of  the  molecular  beam  epitaxial  growth  of 
AlN/GaN  MQWs.  Grown  under  the  optimum  conditions,  the  MQWs  showed  near  monolayer- 
abrupt  interfaces  and  coherent  periodicities.  Room  temperature  strong  UV  emission  was 
observed  from  these  MQWs. 
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ABSTRACT 

We  have  characterized  the  surface  morphology  and  luminescence  properties  of  GaN/AIN/ 
SiC  layers  of  various  thicknesses  using  secondary  electron  imaging  (SEI)>  panchromatic  room 
temperature  cathodoluminescence  (CL),  atomic  force  microscopy  (AFM),  optical  Nomarski 
microscopy,  and  room  and  low  temperature  photoluminescence  (PL).  The  nominally  undoped 
GaN  layers  were  grown  by  MOCVD  on  0. 1  pm  thick  AIN  buffer  layers  on  commercial  6H- 
SiC(0001)  substrates.  The  GaN  layer  thicknesses  are  0.5,  1.0, 1.6,  and  2.6  pm.  A  second  1.0  pm 
thick  layer  was  grown  by  identical  procedures  on  a  6H-SiC  substrate  that  was  first  etched  in  H2 
to  remove  scratches  and  damage  due  to  mechanical  polishing.  Biaxial  compressive  lattice 
mismatch  stress  is  present  in  all  layers  and  decreases  with  increasing  layer  thickness,  while  PL 
linewidths  decrease.  The  I  pm  layer  on  the  H-etched  substrate  is  as  relaxed  as  the  2.6  pm  layer 
on  a  non  H-etched  substrate,  however.  Pronounced  surface  structures,  apparently  corresponding 
to  columnar  subgrain  boundaries,  are  observed  on  the  samples  on  non  H-etched  SiC.  Their 
typical  sizes  increase  from  about  3  to  10  pm  with  increasing  layer  thickness.  They  are  absent  in 
the  H-etched  sample.  These  structures  are  generally  nonradiative  in  CL  images,  although 
mottled  contrast  is  also  observed  inside  them.  Similar  layers  doped  with  3x1 018  cm"3  Si  do  not 
show  these  features,  suggesting  a  different  microstructure. 

INTRODUCTION 

Gallium  nitride  and  related  semiconductors  have  attracted  more  and  more  attention  in  recent 
years,  mainly  due  to  their  promising  applications  in  short-wave  light-emitting  devices  and 
photodetectors,  as  well  as  in  radiation-hard,  high  frequency  and  high  power  electronic  devices 
[1],  To  date,  it  is  still  very  hard  to  grow  bulk  GaN  crystals,  so  heteroepitaxial  growth  of  high 
quality  GaN  thin  films  is  the  premise  for  the  development  of  GaN-based  devices.  Compared 
with  the  more  common  growth  on  sapphire,  epitaxial  growth  of  GaN  on  SiC  substrates  offers 
advantages  such  as  high  electrical  conductivity,  smaller  lattice  mismatch,  and  higher  thermal 
conductivity  [2,  3j.  In  this  sense,  better  material  quality  and  subsequent  device  performance 
should  be  expected  for  GaN  grown  on  SiC.  However,  the  quality  of  GaN  on  SiC  reported  to  date 
does  not  very  much  surpass  that  of  GaN  on  sapphire  [4],  and  the  effect  of  structural  properties  on 
luminescence  has  not  yet  been  widely  studied. 

In  this  work,  we  report  characterization  of  the  surface  morphology  and  luminescence 
properties  of  GaN/AIN/SiC  layers  of  various  thicknesses.  The  characterization  techniques 
include  the  secondary  electron  imaging  (SEI)  mode  of  a  scanning  electron  microscope, 
panchromatic  room  temperature  CL,  AFM,  optical  Nomarski  microscopy,  room  and  low 
temperature  PL,  and  low  temperature  reflectance.  We  study  the  effects  on  the  structure  and 
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luminescence  properties  of  the  GaN  layers  of  processing  the  SiC  substrates  by  hydrogen  etching 
prior  to  growth,  and  of  Si  doping  the  GaN  epilayers. 

EXPERIMENTAL  PROCEDURE 

The  GaN  epilayers  were  grown  by  MOVCD  using  an  AIN  buffer  layer  on  the  Si-face  of  on- 
axis  6H-SiC  (0001 )  wafers  (Cree,  Inc.).  The  MOCVD  reactor  was  a  cold-walled  vertical 
pancake-style  system.  The  base  pressure  was  ~  lO^Torr.  Trimethylaluminum,  triethylgallium, 
and  ammonia  were  used  as  the  precursors,  with  hydrogen  as  both  the  carrier  and  diluent  gas. 

The  temperature  of  the  SiC-coated  graphite  susceptor  was  measured  by  a  single  wavelength 
optical  pyrometer.  Prior  to  loading  into  the  reactor,  the  substrates  were  etched  at  room 
temperature  in  a  HF:H20  (1:10)  solution  for  10  min  to  remove  native  oxides,  rinsed  in  deionized 
water,  and  blown  dry  with  nitrogen.  For  the  hydrogen-etched  samples,  after  chemical  etching, 
the  SiC  substrates  were  transferred  to  a  cold-walled  vertical  system  with  a  flow  of  8  slm 
H2(25 % ) :  He(7  5  %)  mixture  for  20  min  at  1600  °C  and  1  atm  pressure.  All  epitaxial  layers  were 
grown  at  a  pressure  of  20  Torr,  using  a  V/III  ratio  of  24,000  for  AIN,  and  a  V/III  ratio  of  1,300 
for  GaN.  The  AIN  buffer  layer  was  grown  at  a  temperature  of  1 1 15  °C,  with  a  thickness  of  0. 1 
pm  for  each  run.  The  GaN  epilayers  were  grown  at  a  temperature  of  1015  °C,  with  thicknesses 
of  0.5,  1.0,  1.6,  and  2.6  pm.  The  Si-doped  samples  have  a  doping  level  of  3x10 18  cm-3,  as 
determined  from  Hall  effect  measurements. 

The  SEI  and  panchromatic  room  temperature  CL  imaging  were  performed  on  a  JEOL  JXA 
840  SEM.  The  AFM  was  performed  on  a  Digital  Instruments  Multimode  AFM.  The  PL 
measurements  were  performed  at  1 .7  and  300  K  with  an  unfocused,  8  mW  beam  from  an  Ar 
laser  operating  at  305.5  nm. 

RESULTS 

Typical  SET  and  panchromatic  room  temperature  CL  images  of  GaN  grown  on  non  H-etche< 
SiC  are  shown  in  Figure  1 .  Pronounced  surface  structures  corresponding  to  columnar  subgrain 
boundaries  are  observed  by  SEI  on  all  the  samples,  although  they  are  not  uniformly  present  in  al 
regions.  The  typical  sizes  increase  from  about  3  to  10  pm  as  the  GaN  Film  thickness  increases 
from  0.5. to  2.6  pm.  The  CL  images  show  dark  areas  at  the  borders  of  the  columns,  indicating 
that  these  boundaries  are  generally  nonradiative.  Some  mottled  contrast  is  also  observed  inside 
the  columns,  presumably  due  to  isolated  threading  dislocations.  As  the  film  thickness  increases, 
the  CL  becomes  relatively  more  homogeneous.  At  a  layer  thickness  of  2.6  pm,  the  CL  image 
shows  similar  contrast  to  that  observed  inside  the  columns  of  thinner  samples,  although  portions 
of  faint  grain  boundaries  remain  detectable.  Figure  2  shows  the  SEI  and  CL  images  of  a  1.0  pm 
thick  GaN  layer  grown  on  a  H-etched  SiC  substrate.  It  shows  a  quite  flat  surface  morphology 
and  does  not  have  the  columnar  structure  observed  in  the  layer  grown  on  non  H-etched  SiC.  Th< 
CL  image  shows  a  mottled  contrast,  presumably  due  to  individual  dislocations.  Figure  3 
compares  deflection-mode  AFM  images  of  the  1.0  pm  thick  GaN  layers  grown  on  non  H-etched 
and  H-etched  SiC.  These  images  show  the  presence  of  grain  boundaries  in  the  non  H-etched 
case  and  their  absence  in  the  H-etched  case,  confirming  the  SEI  observations. 

The  difference  in  the  surface  structures  of  GaN  on  non  H-etched  and  H-etched  substrates 
can  partly  be  explained  in  terms  of  the  initial  nucleation  of  GaN,  and  reflects  different  growth 
mechanisms.  In  the  non  H-etched  case,  a  separate  study  of  the  initial  phases  of  growth  has 
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Figure  1.  SEI  (left)  and  panchromatic  300  K  CL  (right)  images  of  GaN  grown  on  non  H- 
etched  SiC.  GaN  layer  thickness  is  (A)  0.5  pm,  (B)  1.0  pm,  (C)  1.6  pm,  ( D )  2.6  pm. 

shown  that  the  bare  AIN  buffer  layer  exhibits  many  undulations  and  deep  pits  arranged  along 
lines,  which  are  believed  to  be  associated  with  polishing  scratches  on  the  SiC  [3].  Subsequent 
GaN  growth  was  found  to  occur  by  a  Stranski-Krastanov  growth  mode.  It  starts  with  the  growth 
of  a  1  to  1 .5  nm  thick  continuous  wetting  layer  and  continues  with  the  formation  of  GaN  islands, 
which  form  preferentially  at  the  bottoms  of  the  undulations.  These  islands  coalesce  after  about 
100  nm  of  growth  [3].  We  believe  that  the  three-dimensional  growth  mode  and  undulant  surface 


Figure  2.  SEI  (left)  and  panchromatic  300  K  CL  (right)  images  of  a  1.0  pm  thick  GaN  layer 
grown  on  H-etched  SiC  (compare  to  Figure  IB  for  the  corresponding  case  on  non  H -etched 
SiC,  grown  side  by  side  in  the  same  run.) 
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Figure  3.  Deflection-mode  AFM  images  of  1.0  fJm  thick  GaN  layers  grown  on  (a)  non  H-etched 
and  (b)  H-etched  SiC.  Vertical  range  is  30  nm;  average  depth  of  grain  boundary  depressions  in 
(a)  is  7-10  nm(  determined  from  height  mode  images ). 


structure  on  non  H-etched  SiC  contributes  to  the  eventual  polygonization  of  some  of  the 
threading  dislocations  into  subgrain  boundaries.  As  observed  in  the  SEI  images,  the  columnar 
grain  size  increases  with  thickness.  In  the  H-etched  case,  we  attribute  the  flatter  surface 
morphology  to  a  step-mediated  layer-by-layer  growth  mechanism,  which  probably  results  from 
the  etching  process.  This  process  efficiently  removes  the  scratches  and  damaged  surface  layer 
due  to  polishing,  and  creates  an  atomically  smooth  surface  with  steps  having  primarily  unit  cell 
heights  [5-8].  The  more  two-dimensional  growth  that  occurs  in  this  case  is  less  likely  to  generate 
strain  fields  which  stimulate  the  formation  of  grain  boundaries. 

Figure  4  shows  SEI  and  CL  images  of  two  1 .0  pm  thick  GaN  layers  doped  with  a  Si 
concentration  of  3x10lf<  cm  3  on  both  non  H-etched  and  H-etched  SiC.  In  contrast  to  the 


Figure  4.  SEI  (left)  and  panchromatic  300  K  CL  (right)  images  of  1.0  pm  thick  Si-doped  GaN 
layers  grown  on  (a)  non  H-etched  and  (b)  H-etched  SiC. 
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Figure  5.  PL  peak  positions  as  a  function  of 
(undoped)  GaN  layer  thickness  on  both  non  H- 
etched  and  H-etched  SiC. 


Figure  6.  PL  linewidths  as  a  function  of 
(undoped)  GaN  layer  thickness  on  both  non  H- 
etched  and  H-etched  SiC. 


undoped  case,  the  Si-doped  layer  exhibits  a  flat  surface,  even  on  the  non  H-etched  substrate.  The 
CL  images  of  both  samples  show  contrast  similar  to  that  of  the  undoped  sample  on  the  H-etched 
substrate,  suggesting  a  random  arrangement  of  dislocations  and  the  absence  of  subgrain 
boundaries.  This  behavior  is  quite  similar  to  that  observed  by  S.  Ruvimov  et  ai  for  growth  of 
undoped  and  Si-doped  GaN  layers  on  sapphire  [9,10].  They  attributed  the  large  difference  in 
morphology  to  the  presence  of  small-angle  grain  boundaries  in  the  undoped  case,  and  a  lower- 
density,  random  distribution  of  dislocations  in  the  Si-doped  case,  as  determined  by  plan-view 
TEM.  We  speculate  that  Si  doping  promotes  a  more  two-dimensional  growth  mode,  similar  to 
that  obtained  by  H  etching  of  the  substrate.  More  detailed  studies  of  the  initial  phases  of  growth 
will  be  required  to  confirm  this  assumption,  however. 

Room  temperature  and  low  temperature  PL  measurements  were  also  performed  on  all 
samples.  Figure  5  shows  band-edge  PL  peak  positions  at  both  temperatures  as  a  function  of  GaN 
layer  thickness.  The  band-edge  peaks  involve  A  free  exciton  (XA)  recombination  at  300  K,  and 
neutral  donor-bound  (D°,X)  recombination  at  1.7  K.  They  are  both  shifted  4-17  meV  higher  in 
energy  compared  to  the  corresponding  peaks  in  unstrained  bulk  GaN.  These  shifts  imply  biaxial 
compressive  strain  in  all  of  these  samples.  Unstrained  GaN  has  a  (D°,X)  position  of  3.471 1  eV 
at  1.7  K  [1 1].  The  A  free  exciton  (XA)  positions  at  300  K  are  also  shown  shifted  54.9  meV 
higher  in  energy  to  compensate  for  the  difference  in  1 .7  and  300  K  band  gaps  and  the 
localization  energy  of  excitons  to  neutral  donors.  The  shifted  values  track  the  low  temperature 
(D°,X)  values  well,  although  the  latter  are  more  precise.  As  the  GaN  layer  thickness  increases, 
the  band  edge  peak  shifts  lower  in  energy,  indicating  that  thicker  samples  have  relatively  more 
relaxed  compressive  strain.  The  0.5  pm  thick  layer  has  tsa(a  ~  -2.1xl0-3,  and  the  2.6  pm  thick 
layer  has  A ala  ~  -5.7x1  CT\  based  on  the  1 .7  K  (D°,X)  positions  and  the  previous  strain 
calibration  by  Perry  et  al.  [12]. 

In  GaN  grown  on  H-etched  SiC,  the  (D°,X)  position  is  lower  by  about  7  meV  in  energy 
compared  to  the  same  layer  thickness  grown  on  a  non  H-etched  substrate,  and  nearly  matches  the 
position  in  the  2.6  pm  thick  layer  on  non  H-etched  SiC.  This  indicates  greater  relaxation  of 
compressive  strain  in  GaN  grown  on  the  H-etched  SiC.  The  more  rapid  relaxation  may  again  be 
due  to  the  more  two-dimensional  growth  mode,  in  which  lateral  elastic  relaxation  of  the 
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undulating  surface  structure  present  in  the  non-etched  case  must  be  replaced  by  plastic 
deformation  processes. 

Linewidths  of  the  main  band-edge  peaks  are  plotted  in  Figure  6  as  a  function  of  GaN  layer 
thickness.  They  range  from  29.1  to  32  meV  at  room  temperature  and  from  6.2-9. 1  meV  at  1.7  K. 
They  decrease  monoton ically  with  increasing  layer  thickness,  due  to  a  larger  distance  from  the 
interfacial  extended  defects  and  their  inhomogeneous  stain  fields.  Little  difference  is  observed 
between  the  samples  on  non-etched  and  H-etched  substrates,  presumably  because  the  very  high 
density  of  dislocations  near  the  interface  is  similar  in  both  cases. 

CONCLUSIONS 

Heteroepitaxial  GaN  layers  grown  on  non  H-etched  SiC  substrates  show  pronounced 
subgrain  boundary  structures  formed  by  dislocations.  Their  typical  sizes  increase  from  3  to  10 
pm  as  the  GaN  film  thickness  increases.  Compressive  strain  exists  in  all  films  and  decreases  witl 
increasing  layer  thickness.  GaN  grown  on  H-etched  SiC  does  not  have  the  grain  boundary 
structure,  and  shows  greater  relaxation  of  the  compressive  strain  found  in  thin  layers.  Silicon- 
doped  samples  show  flat  surface  morphologies  with  no  grain  boundaries.  Both  Si-doping  and  H 
etching  are  believed  to  contribute  to  a  more  two-dimensional  growth  mode. 
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ABSTRACT 

The  analysis  of  In  surface  segregation  and  its  impact  on  the  composition  profile  and  light  emission 
spectra  of  the  InGaN  single  quantum  well  heterostructures  grown  by  Metalorganic  Vapor  Phase 
Epitaxy  (MOVPE)  is  carried  out  by  coupled  solution  of  the  Poisson  and  Schrodinger  equations. 
Effective  methods  of  controlling  the  composition  profile,  indium  predeposition  and  temperature 
ramping  during  the  cap  layer  growth  are  considered  in  terms  of  surface  segregation  model. 
General  trends  in  spectra  transformation  upon  the  forward  bias  variation  and  their  correlations 
with  the  quantum  well  electronic  structure  are  discussed. 


INTRODUCTION 

Recently,  In  surface  segregation  has  been  recognized  as  a  factor  critical  to  control  of  the 
composition  profiles  in  ni-nitride  light  emitting  diode  (LED)  quantum  well  (QW)  heterostruc¬ 
tures.  Much  effort  was  made  to  find  correlations  between  the  growth  recipes,  segregation  effects, 
and  emission  characteristics  of  the  grown  diodes.  Along  with  variation  of  growth  parameters 
(temperature,  pressure,  precursor  flow  rates,  etc.),  specific  procedures  -  growth  interruption  at  the 
QW  interfaces  [1],  indium  predeposition  [2,3],  and  temperature  ramping  during  barrier  or  cap 
layer  growth  [4]  -  were  suggested  to  improve  the  composition  profiles  in  InGaN  QWs,  normally 
serving  as  active  regions  in  blue  and  green  LEDs.  Recent  theoretical  studies  [5,6]  considered  basic 
mechanisms  of  In  surface  segregation  in  the  multi-layer  structures  grown  by  MOVPE  and  some 
approaches  to  control  of  the  composition  distributions  in  the  InGaN  QW.  However,  the  inter¬ 
relation  between  the  segregation  effects  and  the  characteristics  of  light  emitted  from  the  LED 
structures  still  remains  poorly  understood. 

In  this  paper,  we  report  on  the  quantum-mechanical  study  of  segregation  effects  on  the  com¬ 
position  profiles  and  emission  spectra  of  MOVPE-grown  InGaN  single-quantum-well  (SQW) 
structures.  Special  attention  is  given  to  the  most  effective  ways  of  controlling  the  front  and  back 
QW  interfaces  -  indium  predeposition  and  temperature  ramping  during  the  cap  layer  growth. 

CONTROL  OF  COMPOSITION  PROFILE  IN  InGaN- SQW  HETEROSTRUCTURES 

Consider  a  simple  heterostructure  that  consists  of  an  undoped  InGaN  SQW  between  n-  and  p- 
doped  thick  GaN  layers,  grown  by  MOVPE  at  730°C  in  a  vertical  rotating-disk  reactor  under  the 
conditions  reported  in  [1]:  pressure  of  200  Torr,  flow  rates  of  TMGa,  NH3 ,  and  N2  (carrier  gas)  of 
10.8  pmole/min,  406  mmole/min,  and  196  mmole/min,  respectively.  TMIn  flow  rate  was  adjusted 
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to  obtain  steady-state  indium  composition  of  0.27.  We  will  distinguish  between  (i)  the  ideal 
structure,  which  can  be  projected  from  the  steady-state  calibration  of  the  precursor  flow  rates,  (ii) 
the  real  structure  with  profile  affected  by  In  surface  segregation,  and  (iii)  the  structure  grown  with 
the  temperature  jump  from  730°C  to  800°C  at  the  onset  of  the  GaN  cap  layer  deposition  (hereafter 
referred  to  as  T-ramping).  Figure  la  compares  the  composition  profiles  of  these  structures 
computed  by  using  the  model  suggested  in  [5,6],  Because  of  delayed  In  incorporation  into  the 
crystal  at  the  onset  of  the  InGaN  QW  growth,  the  InN  fraction  does  not  reach  its  steady-state 
value  in  the  real  structure  and  exhibits  the  presence  of  indium  (In  “tail”)  in  the  cap  layer.  The 
application  of  T-ramping  reduces  conside-rably  the  In  incorporation  into  the  cap  layer  due  to 
intensive  In  desorption  observed  at  elevated  temperatures. 
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Figure  1  Composition  profiles  in  GaN/InGaN/GaN  SQW  heterostructures  grown  under 
various  conditions  (see  text  for  more  detail). 

TMIn  deposition  on  the  GaN  surface  prior  to  InGaN  growth  proves  to  be  quite  effective  for 
improving  the  abruptness  of  the  QW  front  interface.  The  variation  of  the  TMIn  exposure  com¬ 
bined  with  the  T-ramping  during  the  cap  layer  growth  allows  one  to  control  the  entire  InGaN  QW 
composition  profile  (Figure  lb).  In  particular,  the  In  predeposition  for  30  s  followed  by  T-ramping 
results  in  the  nearly  rectangular  profile  very  close  to  that  of  the  ideal  heterostructure. 

COMPUTATION  OF  BAND  DIAGRAMS  AND  LIGHT  EMISSION  SPECTRA 

The  band  diagrams  of  the  InGaN  SQW  structures  are  found  from  self-consistent  solution  of 
the  Poisson  and  Schrodinger  equations.  To  calculate  the  space/surface  charges  due  to  piezoeffect 
and  spontaneous  polarization  as  a  function  of  the  QW  composition,  we  use  the  non-linear  appro¬ 
ximations  suggested  in  [71.  The  donor  and  acceptor  concentrations  in  the  n-  and  p-GaN  cladding 
layers  are  assumed  to  be  3x1 0IX  cm"1  and  2xl0,y  cm'3 ,  respectively.  The  ionization  energies  of 
donor  and  magnesium  acceptors  are  chosen  to  be,  correspondingly,  of  13  meV  and  170  meV. 
Inside  the  QW,  we  take  into  account  only  the  contribution  of  confined  electrons  and  holes  in  the 
space  charge.  Outside  the  well,  we  use  the  local  three-dimensional  statistics  relating  the  carrier 
concentrations  to  the  separations  of  their  quasi-Fermi  levels,  F„  and  Fp  ,  from  the  conduction 
band  bottom  Ec  and  the  valence  band  top  F\  .  The  concentrations  of  the  ionised  donors  and 
acceptors  are  calculated  via  the  quasi-Fermi  levels  in  a  conventional  way.  We  assume  here  that 
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the  quasi-Fermi  levels  are  nearly  constant  throughout  the  heterostructure,  neglecting  the  effects  of 
carrier  injection  on  band  diagram.  The  quasi-Fermi  levels  at  the  edges  of  the  structures  are  found 
from  the  electro-neutrality  conditions,  while  their  separation  equals  the  forward  bias  applied,  i.e. 
Ub~fn-Fp.  The  band  diagrams  of  the  above  SQW  heterostructures  computed  for  the  bias  of 
3.0  V  are  shown  in  Figure  2a. 


Figure  2  Band  diagrams  of  InGaN  SQWs  (a)  and  their  electroluminescence  spectra  (b-d) 
computed  for  different  forward  biases. 

The  spectra  of  electroluminescence  (EL)  are  computed  by  accounting  for  only  the  sponta¬ 
neous  recombination  between  the  electrons  and  holes  confined  in  the  QW.  We  neglect  the  radi¬ 
ative  recombination  through  the  donor  and  acceptor  levels  assuming  the  carrier  injection  into  the 
QW  to  be  sufficiently  high  at  the  biases  of  interest.  The  effect  of  indium  composition  fluctuations 
on  the  luminescence  spectra  is  also  neglected  in  this  study.  The  Luttinger-Kohn  approach  is  used 
to  consider  the  complex  valence  band  structure  of  nitrides  [8].  The  carrier  effective  masses,  spin- 
orbital  and  crystal-field  splittings  are  borrowed  from  [8,9].  The  bowing  parameter  for  the  energy 
gap  variation  with  InGaN  composition  is  chosen  to  be  2.5  eV  after  [10].  The  angle-averaged  EL 
spectra  are  computed  assuming  a  uniform  electron  level  broadening  i T  to  be  equal  to  20  meV,  the 
value  typical  for  other  III-V  compounds. 
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RESULTS 


Without  broadening,  an  EL  spectrum  consists  of  several  sharp  peaks  corresponding  to  the 
transitions  between  various  electron  and  hole  levels.  The  peak  intensities  depend  on  the  filling  of 
the  levels  with  carriers  and  on  the  overlap  of  the  electron  and  hole  wave  functions,  which  are 
spatially  separated  within  the  QW  due  to  high  build-in  polarization  field.  The  heavy  holes  (HH) 
and  light  holes  (LH)  in  InGaN  have  rather  similar  effective  masses  in  the  [0001  ]  direction  and 
their  spin-orbital  splitting  is  small.  Hence,  they  give  rise  into  the  nearly  the  same  range  of  the  EL 
spectrum.  However,  the  heavy  holes  provide  a  higher  contribution  into  the  light  intensity  due  to  a 
larger  effective  mass  in  the  lateral  direction  and,  respectively,  a  higher  density  of  states.  Because 
of  a  small  effective  mass  of  the  crystal-field  split -off  holes  (CH)  in  the  [0001]  direction  and  of  a 
large  crystal  field  splitting,  the  CH  energy  levels  are  shifted  down  from  the  HH  and  LH  levels. 
Thus,  the  concentration  of  the  crystal-field  split-off  holes  and  their  contribution  to  the  EL  spectra 
is  relatively  small. 

In  our  computations,  the  separation  between  the  hole  levels  in  the  QW  turns  out  to  be  less  or 
comparable  with  the  broadening  F.  Therefore  the  fine  structure  of  the  hole  levels  is  not  resolved 
in  the  EL  spectra.  That  is  not  the  case  for  electrons,  where  the  level  separation  exceeds  the  broade¬ 
ning  remarkably.  Therefore,  the  EL  spectra  become  of  a  multi-peak  character  when  new  electron 
levels  are  produced  by  the  QW  transformation  and  filled  by  the  carriers  due  to  the  bias  increase 
(see  Figure  2c, d). 


Bias  (V) 


Bias  (eV) 


Figure  3  First  EL  peak  spectral  position  (a)  and  its  intensity  (b)  as  a  function  of  forward 

bias. 


Electroluminescence  spectra  as  a  function  of  bias 

At  a  small  bias,  there  is  practically  no  light  emission  from  these  heterostructures  due  to 
negligible  carrier  concentration  in  the  QW.  The  concentration  of  electrons  and  holes  gradually 
rises  with  bias,  resulting  in  a  more  intensive  light  emission.  In  addition,  a  higher  carrier  concen¬ 
tration  favours  the  screening  of  the  polarization  field  inside  the  QW.  Thus,  the  overlap  of  the 
wave  functions  corresponding  to  the  ground  electron  and  hole  states  increases,  giving  additional 
contribution  to  the  light  emission.  First,  there  is  the  only  peak  in  the  EL  spectra,  with  the  energy 
close  to  separation  of  the  electron  and  hole  levels.  The  increasing  forward  bias  produces  the 
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second  electron  level  and,  respectively,  the  second  peak  in  the  EL  spectra.  This  results  in  a  blue 
shift  of  the  whole  luminescence  spectra.  An  additional  blue  shift  originates  from  the  screening  of 
the  polarization  field  inside  the  QW,  which  produces  a  higher  separation  of  the  electron  and  hole 
energy  levels  (Figure  3a). 


Segregation  effects  on  the  band  diagram  and  emission  spectra 

As  discussed  above,  the  In  surface  segregation  produces  a  remarkable  difference  between  the 
composition  profiles  in  the  ideal  and  real  InGaN  SQW  structures.  The  real  QW  has  a  smaller 
depth  than  the  ideal  one  because  of  a  lower  peak  composition,  but  it  is  wider  due  to  the  In  tail  in 
the  cap  layer.  As  a  result,  the  EL  spectra  of  the  real  structure  are  systematically  blue-shifted  by 
50-100  meV  compared  to  the  ideal  SQW  (see  Figure  3).  T-ramping  makes  the  QW  narrower  that 
leads  to  further  blue  shift  in  the  spectra.  As  mentioned  above,  the  combination  of  the  30  s  indium 
predeposition  with  the  T-ramping  allows  getting  the  structure  very  close  to  the  ideal  one  by  its 
shape.  So,  it  is  no  wander  that  the  EL  spectra  of  such  a  structure  are  quite  similar  to  those  of  the 
ideal  SWQ.  For  all  the  structures  considered  here  the  first  peak  spectral  position  exhibits  a  nearly 
linear  dependence  with  approximately  the  same  slope  until  the  bias  of  ~2.8  V  is  reached.  This  is 
due  to  the  fact  that  under  low  biases,  the  effect  of  electron  and  hole  injection  into  the  QW  on  the 
space  charge  in  the  whole  structure  is  negligible.  At  higher  injection  level,  (£4  >  2.8  V)  the 
electron  and  holes  screen  the  build-in  electric  field,  which  makes  the  separation  of  their  energy 
levels  much  less  dependent  on  the  applied  bias. 

The  intensity  of  the  first  emission  peak  increases  exponentially  with  bias  Ub .  This  correlates 
well  with  the  tendency  reported  in  literature  [1 1].  In  [1 1],  the  first  maximum  in  the  EL  spectra  was 
associated  with  the  “tunnel  recombination”  between  unconfined  electrons  and  holes.  Our  compu¬ 
tations  show  that  this  peak  may  come  from  the  recombination  of  electron  and  holes  occupying  the 
ground  states  in  the  QW. 

Discussion 


The  most  critical  assumption  made  in  our  analysis  of  the  luminescence  spectra  is  neglecting 
the  effects  of  In  composition  fluctuations  on  the  light  emission  from  the  InGaN  QWs.  Normally, 
the  fluctuation  result  in  additional  broadening  of  theemission  spectra  (-50-60  meV  as  measured 
in  [1 1])  and  in  additional  red  shift  of  the  spectra  due  to  carrier  localization  in  the  In-rich  regions. 
The  account  of  the  fluctuations,  nevertheless,  could  not  change  the  general  trends  in  the  EL  spec¬ 
tra  behavior  predicted  by  our  analysis.  In  particular,  the  second  peak  in  the  luminescence  spectra 
also  should  be  resolved  as  the  separation  between  the  first  and  second  electron  levels  in  the  QW 
(-120-140  meV)  is  still  larger  than  the  fluctuation-related  broadening. 


CONCLUSION 

In  this  work,  we  have  studied  theoretically  the  effect  of  In  surface  segregation  on  the  compo¬ 
sition  profiles,  band  diagrams,  and  light  emission  spectra  in  the  InGaN  SQWs.  The  most  effective 
approaches  to  control  of  the  the  abruptness  of  front  and  back  interfaces  in  the  SQW  -  indium 
predeposition  and  temperature  ramping  during  the  cap  layer  growth  -  are  considered  by  using  the 
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model  [5,6].  It  is  shown  that  the  combination  of  the  In  predeposition  with  the  temperature  ramping 
allows  getting  the  SQWs  with  the  composition  profile  very  close  to  the  desirable  one  (here,  to  that 
of  the  ideal  rectangular  QW). 

Assuming  a  uniform  broadening  of  the  electron  energy  levels,  we  have  computed  the  EL 
spectra  from  the  SQW  structures  with  different  degrees  of  segregation  impact.  It  is  shown  that  In 
surface  segregation  normally  results  in  a  systematic  blue  shift  of  the  EL  spectra  (~50-100  meV) 
due  to  incomplete  In  incorporation  into  the  crystal  in  unsteady  MOVPE  growth.  The  bias  variation 
produces  the  transformation  of  the  QW  band  diagram  in  such  a  way  as  new  electron  and  hole 
states  are  formed  at  high  biases.  The  latter  phenomenon  results  in  a  multi-peak  structure  of  the  EL 
spectra  and,  consequently,  in  additional  blue-shift  of  the  emission  wavelength.  Besides,  the 
secondary  peaks  provide  a  higher  broadening  of  the  spectra,  which  is  undesirable  for  practical 
applications. 

Generally,  this  work  demonstrates  that  the  detailed  analysis  of  a  device  structure  growth, 
accounting  for  unsteady  effects  like  surface  segregation,  coupled  with  the  computations  of  light 
emission  spectra  is  a  powerful  tool  for  bandgap  engineering  of  the  nitride  LEDs.  Further  efforts 
should  be  made  to  consider  fluctuations  of  In  composition  in  an  InGaN  QW  as  well  as  the 
specificity  of  the  active  region  doping. 
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ABSTRACT 

Quantitative  analysis  of  high  resolution  electron  microscopy  image  has  been  carried  out  to 
measure  the  indium  distribution  inside  InGaN/GaN  quantum  well.  The  analyzed  samples  were 
nominally  grown  with  15%  indium  composition  by  molecular  beam  epitaxy  with  interruptions 
during  the  InxGai-xN  layer  growth.  The  strain  distribution  is  not  homogeneous  inside  the 
quantum  wells,  and  indium  rich  clusters  can  be  observed.  Areas  with  almost  no  indium 
concentration  were  observed  corresponding  to  the  growth  interruption.  A  comparison  with 
samples  grown  by  metalorganic  chemical  vapor  deposition  is  attempted. 

INTRODUCTION 

The  III-N  semiconductor  materials  technology  is  progressing  rapidly  with  many  practical 
applications  in  optoelectronic.  GaN  and  related  materials  have  been  intensively  used  in  recent 
years  for  super-bright  blue  and  green  light  emission  diodes  and  laser  diodes.  InGaN/GaN 
quantum  wells  constitute  the  active  structures  in  the.se  devices.  They  exhibit  better  efficiency 
than  GaAs-based  devices  in  spite  of  the  huge  densities  of  defects  observed  in  the  layers  (108-1010 
cm'2  dislocations).  The  first  explanation  implied  that  the  emission  takes  place  inside  InGaN 
quantum  dots  due  to  indium  segregation  in  melatorganic  chemical  vapor  deposition  (MOCVD) 
grown  devices1.  The  recombination  of  localized  excitons  in  Li  rich  nanometers  islands  play  an 
important  role  in  the  strong  emission  from  InGaN/GaN  multiple  quantum  wells  (MQW).  The 
presence  of  In  rich  regions  could  be  related  to  the  poor  miscibility  between  InN  and  GaN  at  the 
growth  temperature.  At  800°C  the  alloy  is  unstable  in  a  wide  composition  range  (0.04<x<0.88)2. 
Phase  separation  during  the  InGaN  growth  has  been  previously  reported  ’4.  The  mismatch 
between  InN  and  GaN  is  probably  the  leading  factor  behind  the  In  segregation  inside  the  InGaN 
quantum  wells. 

The  In  clusters  have  been  observed  by  different  experimental  techniques.  By 
Conventional  Transmission  Electron  Microscopy  (CTEM)  a  dark  contrast  corresponds  to  Li  rich 
islands.  The  local  composition  can  be  determined  by  Scanning  Transmission  Electron 
Microscopy  (STEM)  with  Energy  Dispersive  X-Ray  (EDX)  or  Electron  Energy  Loss 
Spectroscopy  (EELS).  High  Resolution  Transmission  Electron  Microscopy  (HRTEM)  can  also 
be  used  to  analyze  the  structure  at  nanometer  scale  and  obtain  information  about  chemical 


393 


composition,  interdiffusion  and  segregation  in  such  ternary  systems  as  InGaN.  Previous  work, 
carried  out  in  InGaN/GaN  structure  using  pattern  recognition  on  HRTEM  images,  has 
demonstrated  that  indium  rich  clusters  are  present  in  this  MQW5. 

Recently,  nearly  constant  indium  composition  in  InGaN  wells  has  been  determined  in 
samples  with  growth  interruption  by  MOCVD  whereas  composition  fluctuations  were  observed 
when  no  interruption  was  used6. 

In  this  work,  we  analyze  the  indium  composition  fluctuations  inside  InGaN/GaN  quantum 
wells  grown  by  molecular  beam  epitaxy  (MBE).  We  compare  the  results  with  those  published  in 
samples  grown  by  MOCVD6. 

HRTEM  images  obtained  from  cross  sectional  were  used  to  measure  the  local  strain.  The 
indium  concentration  was  calculated  from  the  strain  field  after  modelling  by  finite  elements 
analysis. 

EXPERIMENTAL  DETAILS 

The  samples  were  grown  by  MBE  in  a  Riber  reactor  modified  for  the  use  of  ammonia  as 
nitrogen  precursor.  Ga  and  In  were  evaporated  by  double-filament  effusion  cells.  Before  the 
growth  of  the  InGaN/GaN  quantum  wells,  a  few  microns  of  GaN  are  deposited  on  sapphire 
substrate  with  standard  GaN  growth  conditions7.  The  temperature  was  then  decreased  to  550°C 
for  the  growth  of  the  InxGaj.xN  (x=0. 15)  thin  layer8.  The  peculiarity  of  these  samples  is  that  the 
InGaN  layer  is  not  grown  continuously.  One  or  several  growth  interruptions  are  realized.  During 
this  interruption  step  the  temperature  was  raised  to  650°C  and  brought  back  at  the  growth 
temperature  in  one  minute.  For  N4  sample,  a  growth  interruption  was  performed  every  1  nm  and 
for  N2,  only  one  interruption  between  the  1.5  nm  and  3.0  nm  thick  InGaN  layers.  After  the  last 
InGaN  layer,  the  temperature  is  increased  to  800°C  for  the  growth  of  the  GaN  barrier  layer  (300 
A),  this  increase  is  done  in  one  minute  which  corresponds  to  an  additional  temperature  cycle. 
Figure  1  shows  a  scheme  of  the  characterized  samples. 


GaN  ~  30  nm 
InGaN  ~  1  nm  x  4 

GaN  -  10.5  nm 

GaNb„ffer  ~  25  nm 
Sapphire 


Figure  I.  Scheme  of  the  characterized  samples,  (a)  N2  and  (b)  N4 


Cross-sectional  (XTEM)  specimens  were  prepared  by  thinning  down  to  100  pm  by 
mechanical  grinding  and  dimpling  down  to  5  pm.  Ion  milling  at  5  kV  was  used  to  achieve 
electron  transparency.  HRTEM  studies  were  carried  out  on  a  Topcon  002B  microscope  operating 
at  200k  V.  F  H  6 

In  order  to  investigate  the  effect  of  the  growth  interruption  on  the  strain  distribution  in 
InGaN  quantum  wells,  typical  high-resolution  images  of  thin  areas  have  been  used  to  evaluate 
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the  composition  in  the  different  specimens.  The  quantitative  analyses  of  HRTEM  images  were 
carried  out  using  routines  written  in  analytical  language  for  images  of  Optimas  graphical 
environment.  The  local  lattice  distortion  measurements  were  obtained  by  the  peak  finding 
procedure.  Firstly,  we  applied  a  Wiener  filter  on  the  image  to  reduce  the  noise  level  of  the  area 
of  interest  and  the  localization  of  the  intensity  maxima  by  4  parabolas.  A  reference  area  was 
chosen  outside  of  deformed  regions  and  we  determined  the  basis  vectors.  Using  this  reference 
system,  the  lattice  were  extrapolated  on  the  whole  image,  including  the  quantum  well  region. 
The  lattice  distortion  components  parallel  to  the  growth  direction  can  be  obtained  from  the 
derivatives  of  the  discreet  displacement  field. 

RESULTS  AND  DISCUSSION 

Cross-sectional  bright  field  TEM  images  were  recorded  in  <11 20  >  zone  axis  in  both 
samples  (Figure  2).  The  InGaN  quantum  well  exhibits  a  darker  contrast  with  respect  to  the  GaN 
layer.  This  contrast  is  not  completely  homogeneous.  A  detailed  observation  of  these  quantum 
wells  shows  discontinuities  in  the  InGaN  contrast  along  the  growth  direction.  In  Figure  2a  a 
brighter  contrast  can  be  observed  in  the  middle  of  the  quantum  well  (sample  N2),  whereas  there 
is  an  alternate  bright/dark  in  the  image  corresponding  to  sample  N4  (Figure  2b),  The  brighter 
areas  inside  the  InGaN  quantum  well  correspond  to  the  growth  interruption.  During  the 
interruption,  the  temperature  is  raised  to  650°C  to  eliminate  the  indium  excess  and  a  layer  poor 
in  this  element  is  obtained.  Figure  2b  shows  four  brighter  fringes  in  the  InGaN  quantum  well 
corresponding  to  the  four  interruption  for  one  minute  carried  out  during  the  discontinuous 
growth  of  this  sample. 


Figure  2.  High  magnification  CTEM  images  recorded  along  the  <1 120  >  zone  axis  showing  the 
alternated  contrasts  inside  the  InGaN  quantum  well,  (a)  N2  and  (b)  N4.  Quantum  wells  are 
shown  by  white  arrows. 
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In  order  to  analyze  the  strain  distribution  in  the  InGaN  quantum  wells,  we  performed 
lattice  distortion  measurements  from  high  resolution  images.  Only  areas  with  relatively  slow  rise 
of  thickness  were  considered  for  quantitative  evaluation. 


Figure  3.  (a)  Superposition  of  the  experimental  HRTEM  image  and  strain  map  in  sample  N2.  A 
non-homogeneous  indium  distribution  can  be  determined,  (b)  Surface  plot  with  the  indium 
concentration  inside  the  quantum  well. 


Figure  3a  shows  the  superposition  of  the  experimental  HRTEM  image  and  the  strain 
distribution  calculated  in  this  area  corresponding  to  the  N2  sample.  This  image  is  in  good 
agreement  with  the  previous  one  shown  in  Figure  2a.  As  can  be  observed,  the  InGaN  quantum 
well  is  not  continuous  along  the  growth  direction.  The  total  nominal  thickness  of  this  quantum 
well  was  4.5  nm  grown  in  two  steps  with  a  growth  interruption  of  1  min  (see  experimental  part). 
The  strain  distribution  measurements  results  can  be  seen  in  Figure  3.  The  superposition  of 
experimental  and  calculated  images,  Figure  3a,  shows  three  different  areas  inside  the  quantum 
well.  In  the  first  1 .3  nm  a  positive  strain  can  be  measured  (green  color)  which  corresponds  to  an 
InxGai  xN  area.  If  we  continue  along  the  [0001]  direction  a  strain  decrease  is  visible.  This  blue 
area  has  lost  indium  atoms  during  the  growth  interruption.  We  observe  again  a  green  zone  of  2.3 
nm  grown  in  the  second  step.  The  strain  distribution  is  also  inhomogeneous  along  [0110] 
direction  inside  the  quantum  well.  The  InxGai_xN  quantum  well  exhibits  a  lateral  variation  in  the 
strain  distribution.  Figure  3a  clearly  shows  maxima  which  suggest  the  presence  of  indium  rich 
clusters.  Areas  with  strain  higher  than  2.5%  (red  in  the  picture)  are  presented  which  means  that 
the  composition  inside  the  quantum  well  is  not  homogeneous.  The  thickness  of  the  HRTEM 
specimen  in  this  area  is  estimated  to  be  between  5  and  10  nm  and  thus  we  calculated  the  indium 
composition  (Figure  3b).  As  can  be  clearly  seen  the  indium  concentration  fluctuates  in  the 
quantum  well  inside  N2  sample.  The  maxima  of  indium  in  red  areas  are  higher  than  20%,  in  spite 
of  the  nominal  indium  concentration  was  in  the  range  15%.  In  the  area  corresponding  to  the 
growth  interruption  the  indium  composition  drops  to  lower  than  5%. 
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Figure  4  shows  the  HRTEM  image  and  the  calculated  strain  distribution  for  N4  sample 
with  four  60s  interruptions  which  took  place  every  1  nm  of  InGaN.  In  this  image  we  can  observe 
that  the  strain  distribution  is  not  homogeneous  neither  in  the  growth  direction  nor  in  the 
perpendicular.  As  in  Figure  3,  areas  poor  in  indium  inside  the  quantum  well  are  visible 
corresponding  to  the  growth  interruptions.  As  the  total  thickness  of  the  quantum  well  is  4.5  nm, 
and  we  have  three  growth  interruptions  and  four  indium  rich  areas,  this  leads  to  an  individual 
layer  of  less  than  1  nm  in  thickness.  Inside  the  indium  rich  layers  we  clearly  observe  strong  local 
strain  field  fluctuations.  The  observed  maxima  are  in  the  range  of  3-6%  corresponding  to  indium 
peak  concentration  above  40%. 


0000  0010  0070  0030  OC40  0050  0000  0070 

Figure  4.  Experimental  HRTEM  image  and  strain  map  in  sample  N4.  A  non-homogeneous 
strain  distribution  can  be  observed. 


Cho  et  al.6’9  carried  out  a  study  about  the  effect  of  growth  interruption  on  the  indium 
clustering  of  InGaN/GaN  quantum  wells  grown  by  MOCVD.  The  samples  were  grown  on 
sapphire  substrates.  Their  samples  were  made  for  six  periods  of  InGaN/GaN.  The  MQW 
structure  was  grown  at  750°C.  After  a  2-|im  GaN  overgrown  layer  was  obtained  at  1130°.  In 
these  samples  grown  by  MOCVD,  a  strain  relaxation  is  obtained  with  the  growth  interruption 
period.  As  the  interruption  times  was  increases  a  more  homogeneous  indium  concentration 
distribution  was  obtained  inside  the  quantum  well.  The  attributed  it  to  the  indium  desorption 
due  to  thermal  annealing. 

In  our  MBE  samples,  the  growth  interruption  took  place  during  the  growth  of  the  InGaN 
quantum  well  and  also  at  the  end  of  the  growth  as  in  the  case  of  MOCVD  samples.  Temperature 
was  raised  to  650°C  and  brought  back  at  the  growth  temperature  in  one  minute  in  order  to 
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eliminate  the  indium  excess.  We  have  observed  rich  indium  areas,  corresponding  to  the  maxima 
of  strain  distribution  in  the  InGaN. 

In  MOCVD  samples  with  5  and  30  s  interruption  time  the  average  indium  composition  in 
the  InGaN  well  was  31%  and  24%  respectively,  while  no  growth  interruption  the  indium 
composition  fluctuations  were  between  5%  and  40%/.  It  means  that  the  interruption  leads  to  a 
more  homogeneous  indium  distribution  in  the  quantum  well. 

In  summary,  we  have  investigated  indium  composition  inside  InGaN  ultra-thin  layers  (4.5  nm) 
grown  by  MBE,  with  one  and  three  growth  interruptions.  It  is  shown  that  the  growth  interruption 
eliminate  the  possible  indium  accumulation  at  the  growth  and  leaves  a  layer  whose  composition 
is  close  to  GaN.  Moreover,  for  the  quantum  well  with  three  growth  interruption,  we  have 
individual  layers  and  indium  composition  fluctuations  are  shown  at  a  scale  below  1  nm.  Our 
result  are  at  variance  with  those  reported  for  MOCVD  growth  but  the  different  growth  kinetics 
may  probably  explain  the  observed  different  behaviour. 
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ABSTRACT 

We  have  studied  thermoelectric  properties  of  Ill-nitrides  of  Ah.xInxN  and  Ill-oxynitrides  of 
Ali.xInxOsNt  and  InOsN,  prepared  by  radio-frequency  sputtering  with  the  aim  of  fabricating  a 
thermoelectric  power  device  based  on  Ill-nitride  semiconductors.  For  Alo.55Ino.45N,  the  maximum 
value  of  power  factor  was  3.63  xl0‘4  W/mK2  at  873K.  For  AI0.02In0.98O1.14N0.49  and 
Al0.14In0.86O1.30N0.67,  the  maximum  power  factor  was  2.82  xlO"4  W/mK2  and  4.73  xlO'4  W/mK2  at 
873  K,  respectively.  For  InO0.82N0.86,  it  was  3.75  xlO'4  W/mK2 at  973  K. 

INTRODUCTION 

Thermoelectric  phenomena  in  solids  can  cause  thermoelectric  generation,  which  directly 
converts  heat  energy  into  electric  energy  without  both  using  moving  parts  and  producing 
emissions  such  as  carbon  dioxide  gas  and  radioactive  substances.  This  is  basically  important 
from  the  standpoints  of  environmental  and  energy-saving  issues  [1,2],  and  there  has  recently 
been  large  increase  in  the  research  and  development  of  thermoelectric  power  generation  systems 
that  are  designed  to  employ  the  vast  resources  of  waste  heat  [3]  and  evironmentally  sound 
cooling  [4].  Realization  of  any  practical  applications  associated  with  them  requires  the 
achievement  of  a  high  efficiency  (i.e.,  large  figure  of  merit)  characterized  by  electric  conductivity, 
thermoelectric  Seebeck  coefficient  and  thermal  conductivity. 

However,  since  no  binary  compounds  better  than  Bi2Te3,  PbTe  and  Si[.xGe*  have  been  found 
for  room-temperature  applications  [6].  However,  because  Te  is  scarce,  volatile,  and  toxic,  the 
application  of  Bi2Te3  and  PbTe  has  been  limited  for  commercial  use,  and  Sii.xGex  is  only  used  at 
1000  °C  in  vacuum.  In  the  search  for  any  new  thermoelectic  materials,  much  effort  has  been 
directed  toward  the  development  of  thermoelectric  materials  with  improved  charactersitics.  The 
thermoelectric  materials  have  been  evaluated  using  the  figure  of  merit  Z.  There  are  many  reports 
regarding  the  improvement  of  the  figure  of  merit  Z.  The  figure  of  merit  Z,  which  signifies  the 
thermal  to  electrical  energy  conversion  efficiency  of  the  material,  is  defined  by  Z-  Pl/c, 

P  =  dip,  (1) 
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where  P,  a,  p  and  at are  the  power  factor,  thermoelectric  power,  electical  resistivity  and  thermal 
conductivity,  respectively.  One  of  the  criteria  for  the  practical  application  of  thermoelectic 
materials  can  be  expressed  as  ZT  >  or  =1 .  where  T  is  the  absolute  temperature.  Generally,  it  is 
difficult  to  decrease  p  and  k. ;  and  increase  or  simultaneously,  because  or  and  p  completely  depend 
on  many  parameters  such  as  the  carrier  concentration,  carrier  mobility  and  effective  carrier  mass. 
The  power  factor  P  indicates  the  electrical  power  generation  capability,  and  is  commonly  used 
for  materials  of  which  the  thermal  conductivity  is  difficult  to  measure.  Instead  of  using  Z,  in  a 
given  temperature  gradient,  the  power  factor,  OT/p,  is  often  used  as  a  good  measure  of  the 
thermoelectric  properties.  In  this  study,  we  used  P  for  assessment  of  our  samples  as  a 
thermoelectric  material. 

Currently,  Ill-nitrides  semiconductors  (GaN,  AIN,  InN,  and  their  alloys)  have  high  prospects 
for  applications  in  optical  devices  such  as  light-emitting  devices.  However,  no  work  has  been 
carried  out  in  terms  of  targeting  a  thermopower  device  using  the  materials  based  on  Ill-nitrides. 
The  nitrides  have  advantages  for  such  target  mainly  since  they  are  composed  of  Al,  Ga,  In  and  N, 
which  do  not  stress  the  environment. 

We  have  paid  attention  to  the  properties  of  Al|_xInxN  [7].  We  have  most  recently  studied  the 
thermoelectric  properties  of  Ill-nitrides  ternary  Al|_xInxN,  and,  in  addition,  Ill-oxynitrides  of 
Ali-xInxOsNt  and  In0.sN,  to  open  a  new  device  field  using  Ill-nitrides,  the  field  of 
thermoelectricity.  In  this  letter,  we  report  on  the  thermoelectric  properties  of  Ill-nitrides  of 
Alo.35Ino.65N,  Ill-oxynitrides  of  Al0.02In0.gsO1.14N0.49,  and  InO0.s2N0.86  targeting  a  thermoelectric 
power  device.. 

Experiments 

The  samples  studied  here  were  prepared  by  the  reactive  radio-frequency  (RF)  sputtering 
method.  They  were  grown  on  Si02  glass  substrates  at  100  °C  using  N2  and  Ar  gases.  The  content 
of  the  elements  was  estimated  using  an  energy-dispersive  X-ray  spectrometer  (EDX).  In  addition, 
electrical  resistivity  and  Seebeck  coefficient  were  measured  by  the  dc  method  with  a  temperature 
gradient  of  4K  in  the  temperature  range  of  100-700  °C.  All  samples  assessed  here  showed  n-type 
conductivity. 

RESULTS  AND  DISCUSSION 

Figure  1  (a)  shows  the  temperature  dependence  of  absolute  values  of  Seebeck  coefficient  of 
Alo.55Ino.45N.  With  increasing  temperature,  Seebeck  coefficient  increases,  while  the  resistivity 
decreased  with  increasing  temperature  (not  shown  here).  Moreover,  with  increasing  temperature, 
the  Seebeck  coefficient  increases  monotonically.  In  general,  with  decreasing  resisitivity, 
probably  caused  by  an  increase  in  carrier  concentration,  the  Seebeck  coefficient  should  decrease. 
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However,  our  data  show  the  reverse  trend,  the  Seebeck  coefficient  increases  regardless  of 
decrease  in  resistivity.  We  consider  that  the  phenomenon  is  due  to  the  hopping  conductance  at 
higher  temperatures. 


Figure  1.  (a)  (left):  Temperature  dependence  of  absolute 
dependence  of  power  factor  of  Al^In^N. 


Temperature  (K) 


of  Seebeck  coefficient  of  Alo.5sIno.45N.  (b)  (right):  Temperature 


Using  the  data  of  Seebeck  coefficent  and  resistivit,  the  power  factor  was  derived  according  to 
equation  (1).  Figure  1(b)  shows  the  temperature  dependence  of  power  factor  of  Alo.55Ino.45N. 
With  increasing  temperature,  the  power  factor  increases  monotonically,  and  is  1.84  xlO  4  W/mK2 
at  873K  for  Alo.55Ino.45N. 

Figure  2(a)  shows  the  temperature  dependence  of  absolute  values  of  Seebeck  coefficient  of 
Al0.02hi0.980 1. 1 4N0.49  and  Al0.j4In0.86Oj.30N0.67. 
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Figure  2.  (a)  (left):  Temperature  dependence  of  absolute  values  of  Seebeck  coefficient  and  (b)  (right):  Temperature  dependence 
of  power  factor  of  Al0.02Iti0.98Ou4N0.49  (closed  circles)  and  Al0 14In0  860, 30N0  6r  (open  circles). 
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In  both  cases,  the  Seebeck  coefficient  remains  almost  constant,  while  the  resisitivity  decreased 
with  increasing  tempreature  (not  shown).  Figure  2(b)  shows  the  temperature  dependence  of 
power  factor  of  Al0.02In0.9sO1.14N0.49  and  Alo.14Ino.wsO1.30No.67.  We  obtained  a  maximum  value  of 
2.82  xl0‘4  W/mK2  and  4.73  xlO  4  W/mK2  at  873  K,  respectively. 

Figure  3(a)  shows  the  temperature  dependence  of  absolute  values  of  Seebeck  coefficient  of 
InO0.s2N0.86.  With  increasing  temperature,  the  Seebeck  coefficient  increases  monotonically. 
Figure  3(b)  shows  the  temperature  dependence  of  power  factor  of  InO0.s2N0.s6.  We  obtained  a 
maximum  value  of  3.75  xlO'4  W/mK2  at  973  K.  For  Al0.02In0.9sO1.14N0.49,  the  power  factor  was 
saturated  over  600  K,  while  for  InOo.s2No.s6  it  increased  almost  linearly. 
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Figure  3.  (a)  (left):  Temperature  dependence  of  absolute  values  of  Seebeck  coefficient  of  InO0,x2N0.M-  (b)  (right):  Temperature 
dependence  of  power  factor  of  InOo  ^N,,  *,,. 


For  reference,  the  Seebeck  coefficient  and  power  factor  of  InN  as  a  function  of  temperature  are 
shown  in  Fig.4(a)  and  Fig.4(b),  respectively. 
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Figure  4.  (a)  (left):  Temperature  dependence  of  absolute  values  of  Seebeck  coefficient  of  InN.  (b)  (right):  Temperature 
dependence  of  power  factor  of  InN. 
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The  unstable  behaviour  of  the  thermoelectric  properties  are  considered  to  be  due  to  the  thermal 
unstability  of  InN  itself.  Consequently,  the  incorporation  of  oxygen  into  InN  is  expected  to  be 
effective  for  thermally  stable  of  crystal. 

Considering  the  situation  that  a  power  factor  value  of  the  order  of  10'3  W/mK2  has  been  aimed 
at  using  many  compounds  other  than  Ill-nitrides,  our  data  in  this  study  demonstrate  that 
Di-nitrides  and  El-oxynitrides  are  one  of  the  suitable  candidate  materials  for  thermopower 
devices. 

CONCLUSION 

Thermoelectric  properties  of  El-nitirides  of  Alo.55Ino.45N  and  Ill-oxynitrides  of 
Al0.02In0.98Ou4N0.49  and  InO0.82N0.86  prepared  by  radio-frequency  sputtering.  For  Alo.55Ino.45N, 
the  maximum  value  of  power  factor  was  3.63  xlO'4  W/mK2.  For  Al0.02In0.98Ou4N0.49  and 
Al0.14In0.86O1.30N0.67,  the  maximum  power  factor  was  2.82  xl0‘4  W/mK2  and  4.73  xl(T4  W/mK2  at 
873  K,  respectively.  For  InO0.82N0.86,  it  was  3.75  xlO'4  W/mK2  at  973  K. 
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ABSTRACT 

In  this  paper,  threading  dislocation  densities  in  GaN  and  AIGaN  epitaxial  layers  have  been 
evaluated  using  two  different  X-ray  analysis  techniques;  a  Williamson  Hall  (WH)  plot  and 
reciprocal  space  mapping  (RSM).  GaN  and  AIGaN  have  crystalline  growth  composed  of 
columnar  structures  that  can  be  estimated  by  coherence  length  and  angular  misorientation 
measured  by  X-ray.  A  WH  plot  can  provide  information  about  coherence  length  and  tilt  angle 
from  a  linear  fit  to  the  linewidth  of  the  triple  axis  rocking  curve  (000/)  symmetric  reflections. 
RSM  is  typically  used  to  obtain  this  data,  but  it  is  more  involved  in  technique.  The  two  dominant 
components  of  threading  dislocation  densities  (screw  and  edge  types)  in  the  GaN  and  AIGaN 
epitaxial  layers  were  found  to  be  similar  by  both  techniques.  The  treading  dislocation  density 
correlates  to  the  size  of  columnar  structure  as  determined  by  coherence  length,  tilt  angle,  and 
twist  angle.  The  effect  of  A1  composition  in  AIGaN  alloys  on  these  dislocation  densities  was 
investigated  and  found  to  depend  on  strongly  on  the  type  of  nucleation  layer,  GaN  or  AIN. 

INTRODUCTION 

GaN-based  materials  have  attracted  much  attention  for  optoelectronic  device  applications 
where  there  is  a  need  to  operate  in  the  blue-green  regime.[l]  However,  the  high  threading 
dislocation  density  in  the  Ill-Nitrides  is  an  issue  that  encumbers  their  further  development  as 
optoelectronic  devices  in  the  ultraviolet.  [2]  The  threading  dislocation  (TD)  density  is  normally 
determined  using  plan  view  transmission  electron  microscopy  (TEM),  however  this  technique  is 
destructive  and  typically  requires  a  few  days  before  the  this  data  can  be  obtained.  [3]  X-Ray 
Diffraction  (XRD)  has  been  used  to  obtain  functionally  equivalent  data  from  some  average 
measurements  of  crystal  microstructure.  Since  XRD  is  non-destructive  and  rapid  characterization 
technique  it  is  the  most  common  technique  used  to  optimize  crystalline  quality  growth 
parameters.  GaN  is  different  to  other  compound  semiconductor  materials  because  it  is  formed 
with  large  areas  of  crystalline  material  that  are  misaligned  to  each  other,  a  columnar  structure  (i.e. 
mosaic  structure).  [4]  Thus  an  estimate  of  size  of  those  domains,  the  average  misorientation 
between  them  and  dislocation  density  is  important  in  optimizing  material  growth.  High- 
resolution  XRD  reciprocal  space  mapping  (RSM)  is  normally  utilized  for  detailed 
characterization  of  such  crystalline  structures.  However,  a  much  quicker  and  simpler  method  to 
obtain  similar  information  utilizes  the  Williamson-Hall  (WH)  plot. 

In  this  study  of  GaN  and  AIGaN,  RSM  and  WH  plot  techniques  were  used  to  characterize  the 
columnar  structures  and  to  evaluate  the  threading  dislocation  densities  of  thin  layers  grown  by 
MOCVD.  These  two  methods  are  compared  for  consistency  and  to  investigate  the  effect  A1 
composition  in  AIGaN  alloys  on  dislocation  density. 
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THEORY 


Reciprocal  space  mapping  (RSM)  of  a 
reflection  plane  can  be  plotted  by  recording 
equivalent  intensities  from  a  series  of  Q  scans 
each  having  different  detector  position  with 
respect  to  20  direction  (Q-20  scans).  Since  the 
linewidth  of  these  scans  for  RSM  are  broadened 
by  size  (coherence  lengths)  and  angular 
misorientation  (tilt  and  twist  angles)  of  the 
columnar  structure,  the  RSM  is  used  to  obtain 
information  of  the  columnar  structure.  As 
illustrated  in  Fig.  1,  the  lateral  coherence  length 
(L,i)  is  the  reciprocal  of  the  component  of  the 
FWHM  parallel  to  surface  (Uoh)  in  the  RSM  of  an 
asymmetric  reflection.[5]  On  the  other  hand,  from 
the  RSM  of  a  symmetric  (000/)  reflection  plane, 
the  tilt  angle  (a, at)  is  the  vertical  component  of  the 
FWHM  ellipse.  Lastly,  from  the  RSM  of 
reflection  planes  in  the  a-axis  direction,  the 
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Fig.  I  ( 1  104)  RSM  of  GaN  #1.  Ltoh  is  the 
length  of  the  FWHM  component  parallel  to 
surface,  and  Lh  is  the  reciprocal  L,-oh.  atl|t  is 
derived  by  the  length  of  component 
perpendicular  to  origin  direction.  In  addition, 


atl|(  can  be  obtained  from  (0004)  RSM. 
vertical  component  of  the  FWHM  ellipse  is  twist  angle  (atWist).[6,7,8] 


Another  technique  for  obtaining  Ln  and  Oau  is  through  the  use  of  Williamson-Hall  (WH)  plots. 
For  this  technique,  the  broadening  of  the  Q  scan  (rocking  curve)  of  the  symmetric  reflections  is 
affected  only  by  the  tilt  and  the  coherence  length  parallel  to  the  reflection  surface.  WH  plots 
make  it  possible  to  distinguish  these  two  broadening  mechanisms. [9]  When  pm(sin0)/5i  is  plotted 
against  (sin0)A  for  each  reflection  and  a  straight  line  is  fitted,  the  y-intersect  (Yt>)  of  the  fitted 
line  is  used  to  estimate  the  lateral  coherence  length,  Ln  (=  0.9  /  2Y0  )  [2,10,1 1 ,12],  where  pw,  0, 
and  X  are  the  integral  width  of  the  measured  profile,  the  Bragg  reflection  angle,  and  X-Ray 
wavelength,  respectively.  In  addition,  the  slope  of  the  fitted  line  corresponds  to  the  tilt  angle,  a,*. 
Additionally,  a,wis,  is  found  from  <£>-scan  on  asymmetric  reflections.  In  this  work,  it  is  assumed 
that  columnar  structure  does  not  abruptly  change  over  the  reflection  planes,  so  the  information 
from  a  specific  reflection  by  using  RSM  method  can  be  compared  to  the  mean  values  obtained 
from  the  WH  method. 

Using  the  data  obtained  from  RSM  or  WH  method,  different  dislocation  densities  can  be 
determined.  This  is  done  through  the  use  of  Burgers  vectors  and  the  calculations  given  below. 
GaN  layers  have  three  main  types  of  threading  dislocation  (TD)  densities;  screw  dislocation 
along  the  c-axis  [0001],  edge  dislocation  in  the  a-axis  [1120]  and  mixed  screw  and  edge 
dislocations.  In  this  work  the  mixed  dislocations  are  ignored  because  they  should  have  much 
lower  densities  than  pure  screw  or  edge  dislocation.  Screw  and  edge  dislocation  densities  are 
distinguished  by  Burgers  vectors  bc  =  [0001]  and  ba  =  »/3  1 1 1  2  0]  respectively.  The  tilt  angle  is 
used  to  determine  the  screw  dislocation  density.  Nscrew.  with  the  Burgers  vector  |bc|  by  [2,1 1] 

Nscrew  =  OtiltV  (  4.35  |bc|-  )  (2) 

The  same  is  done  with  twist  angle  to  determine  the  edge  dislocation  density,  Nedgc,  with  the 
Burgers  vector  |ba|,  the  majority  of  the  dislocations  occur  at  the  small  angle  grain  boundaries,  [2] 
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Nedge  =  Cttwist  /  (2. 1  |ba|  Li,  )  (3) 

These  dislocation  density  is  a  function  of  Burgers  vector  that  is  directly  expressed  by  lattice 
constant  of  the  films.  For  dislocation  densities  of  AlxGai.xN  layers,  therefore  it  is  necessary  to 
find  their  lattice  constants.  Lattice  constant  of  an  alloy  can  be  derived  using  Vegard’s  law  (aAiN- 
xGaxN  =  *aAiN  +  ( 1  "X)aCaN )  which  is  a  relation  between  composition  and  lattice  constant.[13] 

EXPERIMENT 

In  this  work,  all  samples  were  grown  by  Metalorganic  Chemical  Vapor  Deposition  (MOCVD) 
in  an  EMCORE  D180  short  jar  system  on  (0001)  on  sapphire.  TMGa,  TMA1  and  NH3  were  used 
as  the  source  precursors  for  Ga,  Al,  and  N,  respectively.  A  30nm  low-temp  (540  °C  at  300  Torr) 
GaN  nucleation  layer  was  used  for  undoped  GaN  samples  #1,  #2,  and  #3;  2.2,  1.9  and  2.2  um 
thick,  respectively.  The  GaN  epilayers  were  grown  at  1050  °C  with  a  V/III  ratio  of  4000  and  a 
growth  rate  of  ~2pm/h.  a  25  nm  low-temperature  (590  °C  at  300  Torr)  AIN  nucleation  layer  was 
used  for  AlGaN  epilayers.  Alo.15Gao.85N  #4  was  grown  at  900  °C  on  2  m  GaN  buffer  layer  with  a 
V/OII  ratio  of  33000  and  a  growth  rate  of  -0.15  m/h.  Alo.4Gao.6N  #5,  Alo.62Gao.38N  #6  and  AIN 
sample  were  grown  at  1080  °C  on  low-temperature  AIN  nucleation  layers  with  a  V/III  ratio  of 
4000  and  a  growth  rate  of  0.5,  0.3  and  0.2  pm/h,  respectively.  In-situ  reflectometry  was  used  to 
monitor  the  growth  rate  and  the  surface  morphology. 

XRD  measurements  were  performed  with  the  Philips  X’pert  MRD  triple-axis  diffractometer 
equipped  with  a  four  bounce  Ge  (022)  monochromator  and  a  Cu  sealed  anode.  Q  scan  and  20-  Q 
scan  on  the  symmetric  (0002),  (0004),  and  (0006)  reflection  planes  as  well  as  RSMs  on  (0004), 
(110  4),  and  (121  1)  reflection  planes  were  performed.  In  addition,  O-scans  were  completed  on 
each  sample. 

RESULTS 
Undoped  GaN 

A  reciprocal  space  mapping  (RSM)  of  GaN  #1  is  shown  in  Figure  1,  from  which  lateral 
coherence  length  is  determined  as  the  reciprocal  of  Lcoh.  In  addition,  the  atiit  and  owi*  are  given 
by  (0004)  and  (121  1)  RSMs  (not  shown  here),  respectively.  Furthermore,  I4  adit,  and  atwi.st  are 
determined  in  the  same  manner  for  GaN  #2  and  #3. 

WH  plots  have  also  been  used  to  extract 
values  for  L]|  and  dnu  for  these  samples  in  Fig.  2. 
Values  for  atWist  were  obtained  directly  from  O- 
scans  on  asymmetric  reflections. 

The  data  for  GaN  obtained  by  both  these 
techniques  is  summarized  in  Table  1.  The  mean 
Nscrcw  with  the  Burgers  vector  (|bc|=5.185  A)  and 
Nedge  with  the  Burgers  vector  (|ba|— 3.189  A) 
obtained  using  a  WH  plot  have  been  compared 
with  these  obtained  using  RSM.  The  ottiu  values  by 
WH  are  larger  than  these  by  RSM  methods.  This 
may  be  explained  by  annihilation  of  the  defects 
with  respect  to  the  growth  direction  (i.e.  c-axis) 
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Fig.  2  Williamson-Hall  Plots  for  undoped 
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during  the  growth  process.!  14,  15]  Since  the  tilt  angle  along  the  c-axis  is  relaxed  during  growth, 
the  average  a,j|,  by  WH  is  smaller  than  a  transition  atiit  value  by  RSM,  While  the  mean  Ln  by  WH 
is  smaller  than  a  transition  Lu  value  by  RSM,  since  Ln,  a  component  length  with  respect  to 
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Table  1 .  Summary  of  the  mosaic  structure  factors  of  GaN  samples  #1 ,  #2,  and  #3by  various  methods 


parallel  to  surface,  is  smaller  as  atii,  is  larger.  These  differences  lead  to  dissimilarity  between  two 
methods  for  Nscrew  and  Ned(?e  due  to  relaxation  of  defect  during  growth.  The  WH  plot  provides  the 
mean  size  and  angular  distribution  of  the  columnar  structure  from  a  combination  of  the  (0002), 
(0004),  and  (0006)  reflections,  while  RSM  provides  a  specific  value  from  a  specific  reflection. 
Therefore,  the  WH  plot  may  be  expected  to  provide  a  more  reliable  estimate  of  the  average 
values  for  the  columnar  structure  of  GaN,  even  though  RSM  measurements  will  provide  more 
accurate  information.  It  should  be  noted  that  the  values  obtained  for  Nwrew  and  Nedge  are  less 
accurate  than  those  typically  measured  by  TEM  and  this  is  being  investigated. [3]  However,  both 
the  WH  plot  and  RSM  still  allow  a  relative  measure  of  material  quality. 


AlvGai-,N/Nucleation  layer  on  ALCL 

Based  on  the  previous  two  methods  for  GaN  samples,  AlGaN  epitaxial  layers  have  also  been 
investigated.  Fig. 3  exhibits  AlGaN  #4  RSMs  of  asymmetric  and  symmetric  reflection  planes 
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peak  is  stronger  than  the  diffraction  corresponding  to  the  AlGaN  layer  in  Fig,  3  (a).  A  thicker 
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layer  (2  um  GaN  >  0.2  um  Alo.15Gao.85N )  leads  to  stronger  XRD  intensity  as  well  as  sharper  peak. 
It  is  shown  in  Fig.  4  that  WH  plots  provide  Ly  and  oitjit.  Alo.15Gao.s5N  layer  of  AIGaN  #4  on 
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Fig.  4  Williamson-Hall  plots  for  AlxGaj.xN 
layers  of  AIGaN  #4,  #5,  and  #6.  Different 
nucleation  layer  cause  this  quite  difference 
between  AIGAN  #4  and  AIGaN  #5  (or  #6) 
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GaN  nucleation  layer  seems  to  have  values  similar  to  those  of  GaN  samples.  Whereas,  AIGaN  #5 
and  #6  grown  AIN  nucleation  layer  have  quite  different  values  from  the  AIGaN  #4.  The 
difference  is  probably  caused  by  relaxation  of  the  underlying  layer.  This  relaxation  associated 
with  layer  thickness  can  be  influence  on  the  columnar  structure  of  the  AIGaN  layer  and  also 
cracking  in  this  layer. [16]  In  addition,  AIGaN  samples  have  larger  tilt  angles  and  smaller 
coherence  lengths  as  the  A1  composition  increases. 

Dislocation  density  is  a  function  of  Burgers  vector  that  is  directly  indicated  by  lattice  constant 
of  the  layer.  2©  scans  on  (0004)  reflection  are  measured  to  evaluate  lattice  constants  of  AIGaN 
#4,  #5,  and  #6.  Thus,  from  the  measurement  data,  the  Burgers  vectors  of  c-axis  and  a-axis  for 
AlxGai-xN  alloys  can  be  easily  determined  as  |bc|  =5.153  and  |ba|=3.177  A,  |bc|=5. 101  and 
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1.3E+11 

2.2E+10 

9.0E+10 

Table  2.  Summary  of  the  mosaic  structure  factors  of  AIGaN  samples  #4,  #5,  and  #6  by  various  methods 
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M=3.158  A,  and  |bc|=5.055  and  |ba|=3.14l  A  for  AlGaN  samples  #4,  #5,  and  #6,  respectively. 

The  variation  of  the  screw  and  edge  densities  with  A1  composition  measured  by  WH  and  RSM 
is  shown  in  Figure  5.  It  is  apparent  that  AlGaN  grown  on  the  GaN  nucleation  layer  (<  40%  Al) 
shows  lower  densities  of  screw  and  edge  dislocations  than  those  grown  on  AIN  nucleation  layers 
(  >  40%  Al).  Moreover,  it  appears  that  the  screw  density  increase  with  Al  composition  in 
AlxGai-xN  layer  (  >  40%  Al)  shows  a  systematic  increase  with  Al  composition.  It  could  be 
expected  that  the  growth  mechanism  could  change  with  increasing  Al  however  further 
measurements  are  needed  before  this  conclusion  can  be  reached. 

Table  2  shows  mean  geometric  size  of  columnar  structures  as  well  as  dislocation  densities  for 
the  epitaxial  AlGaN  layers.  Some  values  are  not  reported  due  to  the  weak  XRD  intensity  and,  as 
a  consequence,  the  large  error  on  these  measurements.  Moreover,  the  values  obtained  for  Ln,  cctiit 
and  citwist  by  WH  and  RSM  are  in  closer  agreement  than  GaN;  i.e.  specific  values  aren’t  much 
varied  since  defects  are  less  relaxed  due  to  smaller  thickness  and  different  type  of  nucleation 
layers. 

CONCLUSION 

In  this  work,  we  have  studied  the  typical  mosaic  structures  of  GaN  on  sapphire  with  WH  and 
RSM  methods  by  XRD  measurements.  The  effects  of  not  only  the  columnar  structure’s  size  and 
angular  uniformity,  but  Al  composition  in  the  epitaxial  AlGaN  layers  on  TD  density  have  been 
investigated.  In  Addition,  TD  is  influence  by  the  type  and  thickness  of  nucleation  layer 
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ABSTRACT 

Rare-earth  doped  GaN  structures  offer  potential  for  optical  devices  emitting  in  the  visible  region 
[1,2].  We  describe  a  study  of  MOVPE  grown  GaN-on-sapphire  epilayers  implanted  with 
Europium  ions,  producing  characteristic  red  emission  lines  between  540  and  680  nm  due  to  intra- 
4f(n)  electron  transitions.  As-implanted  and  subsequently  annealed  samples  are  investigated 
using  a  combination  of  wavelength  dispersive  x-ray  analysis  (WDX),  electron  microscopy, 
cathodoluminescence  (CL)  and  photoluminescence  (PL).  WDX  is  shown  to  be  a  powerful 
technique  for  quantifying  rare-earth  concentrations  in  GaN,  with  varying  electron  beam  voltages 
allowing  a  degree  of  depth  profiling,  further  enhanced  by  the  simultaneous  collection  of  room 
temperature  luminescence  (CL)  from  the  analysed  region  [3].  The  intensities  of  the  sharp^lines  ^ 
observed  in  the  luminescence  spectrum  are  compared  to  the  doping  density  (between  10  -  10 
cm'2)  and  the  Eu  content  measured  by  WDX,  using  a  Eu-doped  glass  standard.  Differences 
observed  in  the  luminescence  spectra  produced  by  laser  and  electron  beam  excitation  will  be 
discussed  along  with  the  importance  of  the  annealing  conditions,  which  “heal”  defects  visible  in 
the  electron  micrographs. 


INTRODUCTION 

Rare  earth  (RE)  ions,  such  as  Nd,  Er  and  Eu,  are  found  in  a  range  of  important 
optoelectronic  applications,  including  solid  state  lasers  and  phosphors.  They  have  a  partially 
filled  4f  shell  shielded  by  completely  filled  outer  5s  and  5p  levels,  resulting  in  very  sharp  optical 
emissions  due  to  4f-4f  electron  transitions  with  energies  largely  independent  of  the  host  material. 
For  example,  doping  with  europium,  erbium  and  thulium,  respectively,  can  generate  red,  green 
and  blue  emissions.  The  host  material  does  play  an  important  role  in  the  thermal  quenching  of 
the  luminescence  and  wide  band-gap  semiconductors,  such  as  GaN,  have  been  shown  to  be 
particularly  good  in  this  respect  [1,4].  Alongside  this  low  thermal  quenching  additional 
attractions  of  investigations  into  RE:GaN  include  its  high  radiation  hardness  [4]  and  the  proven 
success  of  nitride  (mainly  InGaN  based)  based  optoelectronic  devices. 

In  this  paper  we  describe  experiments  on  Eu  doped  GaN  thin  films  and  relate 
measurements  of  the  Eu  composition  to  the  optical  properties,  measured  with  laser  and  electron 
beam  excitations.  The  samples  are  annealed  to  repair  damage  resulting  from  the  Eu  implantation 
and  the  effects  of  this  on  the  optical  and  structural  properties  are  explored. 
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SAMPLE  DETAILS  AND  EXPERIMENTAL  TECHNIQUES 

GaN  on  sapphire  epilayers  grown  by  MOVPE  were  implanted  with  200  keV  Eu  ions  at 
doses  of  1014  and  1015  cm  ,  as  described  previously  [4,5].  Following  implantation  the  samples 
were  annealed  at  1050°C  for  30  minutes  in  a  nitrogen/ammonia  atmosphere  (ratio  9: 1). 

The  as-implanted  and  annealed  samples  were  investigated  using  a  Cameca  electron  probe 
micro-analyser  (EPMA),  equipped  with  three  WDX  spectrometers,  secondary  electron  and  back- 
scattered  electron  detectors  and  cathodoluminescence  spectroscopy  [3].  The  Eu  content  was 
quantified  by  detecting  the  La  X-rays  diffracted  by  a  large  area  pentaerythritol  (PET,  2d  =  8.75 
A)  crystal  in  comparison  with  a  Eu-doped  glass  standard.  A  thick  undoped  GaN  epilayer  was 
used  as  a  standard  for  both  the  Ga  and  N  determinations.  Thallium  acid  phthalate  (TAP,  2d  = 
25.75  A)  and  a  synthetic  pseudocrystal  (PCI,  2d  =  60  A),  respectively,  were  employed  to  diffract 
the  Ga  Laand  N  Ka  X-rays.  For  the  measurements  the  electron  beam  current  was  typically  set  to 
30  nA,  and  controlled  by  a  beam  regulator,  with  beam  energies  in  the  range  5  to  20  keV. 
Generation  of  the  Eu  L«  X-rays  has  a  energy  threshold  of  approximately  7  keV,  for  which  the 
depth  corresponding  to  deposition  of  90%  of  the  electron  beam  energy  is  ~200  nm  in  GaN.  A 
simulation  of  200  keV  Eu  implantation  using  TRIM2000  [6]  indicates  that  the  implanted  ions 
reside  in  a  layer  of  thickness  between  50  and  80  nm.  Thus  it  is  not  possible  to  confine  the  Eu 
measurement  to  the  Eu-containing  layer  and  measurements  as  a  function  of  beam  energy  are 
used  in  combination  with  software  that  simulates  electron  beam  excitation  of  a  layered  structure. 


Figure  t .  X-ray  intensity  ratios  estimated  for  Eu,  Ga  and  N  for  a  40  nm  Eu:GaN  layer  at  the  surface  of  GaN.  The 
signals  are  compared  with  Eu-doped  glass  and  GaN  standards. 


Figure  1  shows  the  calculated  intensity  ratios  (X-ray  counts  from  the  sample  divided  by  those 
from  the  appropriate  standard)  for  40  nm  of  Eu:GaN,  containing  0.4%  by  weight  of  Eu,  at  the 
surface  of  a  thick  GaN  layer.  The  7  keV  threshold  for  the  generation  of  Eu  X-rays  is  clearly  seen 
along  with  the  rapid  decrease  of  sensitivity  as  the  beam  energy  increases  and  more  of  the  energy 
is  deposited  in  the  underlying  undoped  GaN.  The  Ga  and  N  signals  are  always  very  close  to  unity 
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due  to  the  similarity  of  the  sample  and  standard,  but  the  effect  of  the  Eu  in  the  surface  layer  can 
be  seen  at  low  energies. 

Room  temperature  CL  spectra  were  measured  at  the  same  time  as  the  WDX  analyses 
using  a  CCD  spectrograph  to  collect  light  from  the  region  of  electron  impact  through  the  optical 
microscope  on  the  EPMA.  In  addition  temperature-dependent  PL  measurements  were  performed 
using  low  power  excitation  by  351  nm  light  from  an  Argon  ion  laser.  The  samples  were  mounted 
within  a  closed  cycle  cooler  allowing  the  temperature  to  be  varied  between  20  and  300K. 


EXPERIMENTAL  RESULTS  AND  DISCUSSION 

The  as-implanted  1015  cm'2  sample  has  a  dark  appearance  and  surface  damage  is  visible 
using  an  optical  microscope.  Secondary  electron  imaging  reveals  the  -micron-sized  hexagonal 
features  shown  in  Fig.  2.  These  features  disappear  completely  upon  annealing  and  are  not 
observed  at  all  in  the  10,4cm'2  samples. 


Figure  2.  Secondary  electron  image  (10  kV,  InA)  showing  surface  damage  for  the  10,5cm"2  as-implanted  Eu:GaN 
sample. 


The  concentrations  of  Eu,  Ga  and  N  were  quantified  using  the  wavelength  dispersive  X- 
ray  spectrometers  as  described  above.  In  all  cases  apart  from  the  as-implanted  10l5cm'2  sample 
the  measured  Ga  and  N  compositions  were  always  in  the  range  (50  ±  1  atomic  %).  For  the 
1015cm'2  as-implanted  samples  the  measurements  were  taken  in  the  regions  between  the 
hexagonal  crystallites,  although  there  is  indication  at  low  beam  voltages  (below  lOkV)  that  these, 
or  other,  features  are  compromising  the  data.  In  this  case  the  total  measured  weight  percent  is 
-90%,  rather  than  (100+1)%,  and  a  slight  deviation  from  stoichiometry  (2.5  atomic  %)  is 
suggested  but  may  be  an  artefact  of  the  data  fitting.  The  Eu  concentration  ranges  from  0  to  0.13 
atomic  %  but  the  sampled  volume  goes  beyond  the  implanted  layer,  as  described  earlier,  and 
measurements  as  a  function  of  electron  beam  energy  are  required  in  order  to  extract  details  of  the 
Eu  compositional  profile. 

Fig.  3  plots  the  ratio  of  the  Eu  X-ray  intensity  measured  from  the  sample  to  that  in  the 
standard  for  beam  energies  from  8  to  20  keV  along  with  line  fits  generated  assuming  a  single 
layer  with  uniform  Eu  content.  Although  the  assumption  of  a  uniform  layer  is  clearly  too  simple 
for  a  single  energy  implantation  the  “thickness  -  composition”  product  is  reasonably  well 
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defined  and  the  fitted  lines  provide  important  information  on  the  relative  implantation  depth  and 
peak  concentration. 

As  expected  the  as-implanted  ‘TO^cnT1’'  sample  shows  the  largest  amount  of  Eu  and  the 
data  can  be  fitted  assuming  a  100  nm  layer  of  0.5  weight  %  Eu  in  GaN,  as  shown  in  Fig.  3(a). 
Reasonable  fits  can  also  be  achieved  by  varying  the  layer  thickness  by  20%  and  making 
commensurate  changes  in  Eu  content  and  an  alternative  fit  to  120  nm  of  0.4  weight  %  Eu  in  GaN 
is  also  shown.  The  error  bars  represent  the  random  error  in  the  measured  points,  typically 
numbering  12,  and  not  the  full  uncertainty  in  the  measurement.  After  annealing  there  has  been  a 
noticeable  loss  of  Eu  and  the  thickness-composition  product  has  dropped  by  a  factor  of  ~3,  with 
a  good  fit  now  possible  for  0.35  weight  %  Eu  in  40  nm.  Fig.  3(b)  shows  that  a  sensible  trend  with 
beam  energy  is  still  obtained  for  the  “10l4cm 2  sample,  although  the  Eu  concentrations  are  lower 
and  approaching  the  detection  limit  of  the  instrument.  There  is  no  evidence  of  a  change  upon 
annealing  in  this  case  and  both  sets  of  data  can  be  well  fitted  by  the  assumption  of  a  single  40  nm 
layer  of  between  0. 15  and  0.2  weight  %  Eu. 


10  15  20  25 

Beam  voltage  (kV) 


Beam  voltage  (kV) 


Figure  3.  WDX  data  measured  as  a  function  of  beam  voltage  for  (a)  101  W2  and  (b)  10l4cm'2  Eu:GaN  samples.  The 
lines  are  the  theoretical  profiles  assuming  a  single  uniform  layer  of  Eu:GaN  as  described  in  the  text. 


An  Eu  weight  %  value  of  0.5  corresponds  to  approximately  0. 14  atomic  %  and  a  concentration  of 
1.2x10  cm  .  Taken  over  a  thickness  of  100  nm  this  agrees  very  well  with  the  actual  implanted 
dose  for  the  10l5cm‘2  sample.  The  measured  composition  for  the  I0l4cnf2  sample  corresponds  to 
approximately  0.05  atomic  %,  a  concentration  of  -  4x  1019cm'3  and  a  sheet  density  of 
~1 .5xlOl4cm  2  over  a  thickness  of  40  nm.  The  WDX  data  for  the  Eu  concentrations  within  these 
samples  agree  well  with  results  from  Rutherford  Back-scattering  Spectrometry  [7], 

Room  temperature  CL  spectra  measured  using  a  1 0  kV,  40  nA  electron  beam  are  shown 
in  Fig.  4.  For  both  as-implanted  samples  no  Eu3+  or  GaN  luminescence  is  detected  but  the  repair 
of  implantation  induced  damage  is  seen  in  the  spectra  for  the  annealed  samples.  The  sharp 
transitions  observed  in  the  red  spectral  region  are  associated  with  intra-4f  shell  transitions  of 
Eu3+  ions  [1,8].  The  strongest  line,  at  621  nm,  is  due  to  the  5D()->7F2  transition  and  other  lines 
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Figure  4.  (a)  Room  temperature  CL  spectra  from  the  annealed  Eu:GaN  samples.  The  traces  are  offset  vertically  for 
clarity  and  shown  in  pairs  with  the  trace  from  the  annealed  sample  above  that  from  the  as-implanted  sample  (b)  An 
expanded  version  of  the  room  temperature  CL  from  the  10,5ctrr  sample,  showing  the  Eu3+-related  emission. 

are  identified  in  Fig.  4(b).  Following  the  anneal  the  CL  spectra  also  show  the  characteristic  GaN 
band-edge  luminescence  in  the  region  of  360  nm.  The  fact  that  this  is  stronger  in  the  1014cm"2 
sample,  coupled  with  the  relatively  higher  intensity  of  the  Eu3+  luminescence  in  the  lower  doped 
sample,  indicates  that  some  damage  remains  in  the  1015cm'2  sample.  The  CL  results  should  be 
compared  with  PL  spectra,  excited  using  low  intensity  excitation  by  351  nm  laser  radiation  as 


500  550  600  650  700  0  50  100  150  200  250  300 

Wavelength  (nm)  Temperature  (K) 

Figure  5.  (a)  PL  spectra  from  the  annealed  10,5cm"2  Eu:GaN  sample  measured  at  room  temperature  and  20  K.  (b) 
The  intensity  of  the  621  nm  peak  plotted  as  a  function  of  temperature,  showing  the  slow  fall-off  with  temperature. 
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shown  in  Fig.  5  for  the  annealed  10l:,cm'2  sample.  Spectra  measured  at  room  temperature  and  20 
K  are  shown  along  with  the  temperature  dependence  of  the  main  Eu3+-related  line.  The  low 
temperature  quenching  of  the  rare  earth  luminescence  can  be  seen,  with  a  fall  off  of  less  than  a 
factor  of  four  up  to  room  temperature.  As  reported  in  Ref  [4]  this  is  considerably  less  (by  -  x7) 
than  the  fall  off  for  the  GaN  luminescence. 

Differences  between  the  CL  and  PL  spectra  are  the  subject  of  a  continuing  investigation. 


CONCLUSIONS 

An  investigation  of  the  composition  and  optical  emission  of  a  pair  of  Eu-implanted  GaN 
epilayers  has  been  described.  Annealing  is  shown  to  be  necessary  for  the  observation  of  rare 
earth  related  luminescence  but  is  also  shown  to  have  an  impact  on  the  density  of  rare  earth  ions. 
Wavelength  dispersive  X-ray  has  been  shown  to  be  a  useful  technique  for  the  measurement  of  Eu 
down  to  densities  of -0.05  atomic  %  in  layers  of  only  40  nm  thickness.  The  electron  micro-probe 
permits  the  measurement  of  CL  spectra  at  the  same  time  and  location  on  the  sample  as  the  WDX 
analysis,  paving  the  way  to  further  studies  relating  the  luminescence  and  composition. 
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ABSTRACT 

Lattice  location  studies  of  radioactive  169Yb  ions,  implanted  at  an  energy  of  60  keV  into  2H- 
A1N  at  the  on-line  isotope  separator  ISOLDE  at  CERN,  were  performed  using  the  emission 
channeling  technique.  The  measurements,  which  yield  a  substitutional  A1  lattice  site  for  the 
implanted  ions,  were  recorded  for  annealing  temperatures  ranging  from  293  K  to  1273  K.  After 
complete  decay  of  !69Yb  to  l69Tm  cathodoluminescence  measurements  were  performed  in  the 
range  12  K  -  300  K.  The  samples  show  a  strong  visible  luminescence  at  460  -  470  nm  at  room 
temperature,  which  is  attributed  to  the  'D2-3F4  intra-4f  electron  transition  of  Tm3+.  At  12  K  the 
luminescence  is  dominated  by  transitions  starting  from  the  ‘He  multiples  Time  resolved  as  well 
as  temperature  dependent  cathodoluminescence  measurements  are  presented  and  discussed. 

The  lattice  location  as  well  as  the  time  resolved  cathodoluminescence  measurements  suggest 
that  there  is  only  one  pronounced  site  of  the  implanted  ions  in  the  AIN  lattice  and  that  this  is  the 
substitutional  aluminium  site. 

INTRODUCTION 

2H-aluminium  nitride  (AIN),  with  its  large  band  gap  of  6.2  eV  is,  among  the  wide  band  gap 
semiconductors,  a  very  promising  candidate  for  the  study  of  intra-4f  electron  transitions  of  triply 
ionised  lanthanides  and  for  the  implementation  of  efficient  light  emitters  in  the  near  infrared, 
visible  and  ultraviolet  spectrum  [1-4].  However,  fundamental  investigations  of  luminescence 
spectra  of  lanthanide  implanted  wide  band  gap  semiconductors  are  difficult  because  comparative 
absorption  or  reflection  or  selective  excitation  spectroscopy  is  not  applicable  due  to  the  limited 
implantation  fluence.  A  common  problem  is  therefore  the  unknown  site  of  the  implanted  ions.  To 
overcome  these  problems  direct  lattice  location  studies  are  very  useful.  In  recent  years  the 
electron  emission  channeling  method  [5]  using  radioactive  isotopes  has  been  very  successfully 
applied  to  the  determination  of  lattice  sites  of  lanthanides  implanted  into  semiconductors. 

EXPERIMENTAL  DETAILS 

We  implanted  radioactive  169Lu  ions  into  AIN  (grown  by  metal-organic  vapor  phase  epitaxy 
on  6H-SiC,  as  described  in  Ref.  [6])  at  an  energy  of  60  keV  and  fluences  of  1*1013  ions/cm2  at 
the  online  isotope  separator  ISOLDE  [7]  at  CERN.  The  ions  are  produced  by  irradiation  of  a 
tantalum  target  with  protons  accelerated  to  1.6  GeV  and  are  extracted  via  surface  ionisation  and 
mass  separation,  followed  by  implantation  at  60  keV.  After  complete  decay  of  169Lu  (Ti/2=  35  h) 
to  169Yb  (T|/2=  32.0  d),  electron  emission  channeling  spectra  were  recorded  using  the  conversion 
electrons  arising  in  the  decay  169Yb-169Tm.  The  measurements  were  performed  by  mounting  a 
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sample  on  a  three  axes  goniometer  monitoring  the  electron  flux  with  a  fixed  surface  barrier 
silicon  diode,  while  tilting  the  sample  with  respect  to  the  detector  around  certain  axes  of  interest 
in  the  2H-A1N  lattice.  The  angular  resolutions  of  the  setup  was  a  =  0.3  °.  Isochronal  annealing 
(10  min.)  up  to  1273  K  using  a  radiation  heater  was  performed  without  dismounting  the  sample 
from  the  goniometer.  To  identify  the  lattice  location  of  the  implanted  ions,  experimental  EC 
channeling  spectra  were  fitted  against  spectra  simulated  using  the  manybeam  code  [5]  to 
determine  the  lattice  location  of  the  implanted  ions. 

After  complete  decay  of  l69Yb  to  l69Tm  cathodoluminescence  (CL)  spectra  were  recorded  in 
the  temperature  range  1 2  K  -  300  K.  The  samples  were  mounted  on  the  head  of  a  closed  cycle 
refrigerator  and  irradiated  with  a  5  keV  electron  beam  (Spectra  EQ-22).  The  luminescence  light 
was  focussed  into  a  Czemy-Tumer  spectrograph  (Jobin  Yvon  1000M)  and  detected  by  either  a 
photomultiplier  (Hamamatsu  R928)  or  a  CCD  camera.  Time  resolved  CL  measurements  were 
performed  by  pulsing  the  electron  beam  and  counting  the  pulses  generated  by  a  constant  fraction 
discriminator  (Ortec  473A)  with  a  multichannel  scaler  (FastCOM  7882,  minimum  dwell  timer  of 
125  ns). 
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Figure  1.  (left)  Normalized  2-dimensional  channeling  spectra  of  conversion  electrons  from 
169Tm  in  2H-A1N  as  implanted,  for  the  c-axis  as  well  as  the  [_L2J3]-axis.  (right)  Best  fits  to 
experimental  spectra  correspond  to  a  fraction  of  69  (5)  %  of  emitter  atoms  on  substitutional 
A1  sites,  with  a  mean  static  displacement  of  0.24  A.  The  remainder  of  the  emitter  atoms  is 
assumed  to  be  located  on  sites  of  low  symmetry. 
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EXPERIMENTAL  RESULTS  AND  DISCUSSION 


Figure  1  shows  the  normalized  2-dimensional  EC  spectra  of  conversion  electrons  from 
,69Tm  in  2H-A1N  as  implanted,  for  the  c-axis  as  well  as  for  the  [12I3]-axis.  On  the  right  side  the 
simulated  pattern  applying  the  manybeam  formalism  are  shown,  whereas  best  fitting  results  are 
obtained  by  assuming  that  69  (5)  %  of  the  emitter  atoms  are  located  on  substitutional  A1  lattice 
sites  with  a  mean  static  displacement  of  0.24  A.  The  remainder  of  the  emitter  atoms  is  assumed 
to  be  located  on  sites  of  low  symmetry,  so  called  “random”  sites.  Upon  annealing  of  the  sample 
up  to  1273  K  the  substitutional  fraction  did  slightly  increase  to  78  (5)  %.  This  behaviour  is 
similar  to  lanthanide  implanted  GaN  where  after  implantation  a  large  fraction  of  the  implanted 
ions  is  located  on  substitutional  Ga  sites  and  this  fraction  stays  nearly  constant  upon  annealing 
[8,9].  It  should  be  kept  in  mind  that  lattice  location  studies  never  reflect  the  local  symmetry  of 
the  ions.  The  annealing  behaviour  of  ion  implanted  AIN  using  radioactive  mIn  as  probe  atoms 
was  recently  given  [10]  showing  that  about  50  %  of  the  probe  atoms  are  on  undisturbed 
hexagonal  sites  after  annealing  the  samples  up  to  a  temperature  of  at  least  1073  K. 

After  complete  decay  of  the  169Yb  ions,  CL  measurements  were  performed  in  the 
temperature  range  12  K  -  300  K.  Figure  2  shows  the  CL  spectra  of  '^Tm  in  AIN.  At  room 
temperature  a  strong  visible  blue  luminescence  at  around  465  nm  is  observed,  while  at  12  K 
many  transitions  are  detected.  For  the  assignment  of  the  luminescence  lines  with  radiative 
transitions  between  individual  Stark  levels  we  performed  preliminary  calculations  including  the 
mean  free  ion  parameters  for  Tm3+  taken  from  Ref.  [1 1]  as  well  as  crystal  field  parameters  Bq,k 
for  symmetry  C3v  and  lower.  The  free  ion  energy  levels  of  Tm3+  are  shown  figure  3,  except  the 


Figure  2.  CL  spectra  of  Tm-doped  2H-A1N,  annealed  at  1273  K  under  vacuum  conditions, 
measured  at  300  K  (upper  graph)  and  12  K  (lower  graph)  under  5  keV,  0.3  W/cm2  electron 
excitation.  The  strong  luminescence  at  805  nm  is  either  due  to  3H4  -  3H6  or  the  ^  -  3F4 
intra-4f  electron  transition. 
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'So  level  which  is  located  tar  above  (-74,000  cm'1),  The  magnitude  of  the  band  gap  of  AIN  is 
indicated  as  well.  The  final  assignment  of  the  observed  groups  of  lines  to  transitions  between 
individual  +  Lj  multiplets  is  however  difficult  because  of  overlapping  transitions  between 
different  pairs  of  multiplets  and  because  of  an  unknown  population  of  the  multiplets.  The 
discussion  given  here  is  based  on  the  assumption  that  transitions  starting  from  the  3Pj  levels  are 
absent.  Based  on  preliminary  calculations,  lifetime  measurements  and  studies  of  Tm3+  related 
luminescence  data  found  in  the  literature  [12-14],  most  observed  transitions  at  12  K  in  the 
ultraviolet  and  visible  can  be  attributed  to  transitions  starting  from  the  %  multiples  Transitions 
starting  from  the  'D2  multiplet  are,  except  'D2-3F4,  almost  absent.  The  'G4-3H6  transition  which  is 
the  dominant  transition  in  the  blue  in  case  of  Tm3+  doped  GaN  [15,16]  and  is  identified  via  life 
time  measurements  in  our  case,  seems  to  play  no  significant  role.  At  300  K  luminescence 
originating  from  radiative  intra-4f  electron  transitions  between  the  'D2  and  energetically  lower 
lying  multiplets  such  as  'H6, 3F4, 3H4,  3F3, 3F2  dominate  the  spectrum  from  the  ultraviolet  to  the 
near  infrared  region.  There  are  additional  lines  that  do  not  originate  from  intra-4f  electron 
transitions  of  Tm3+  rather  than  from  Eu3+.  The  contamination  with  Eu3+  can  be  explained  with  the 
implantation  process  at  the  online  isotope  separator.  Conditional  on  the  surface  ionisation 


ns”  of  lanthanide  monoxides  pass  the  mass  separation  process.  These 
nrm  153I  n160,  and  these  lanthanides  decay  to  l53p"  ^ntaminarin 


process  “contaminations” 

monoxides  are  of  the  form  1  'Ln‘"0,  and  these  lanthanides  decay  to  ,;>JEu.  The  contaminations 
are  supposed  to  be  in  the  order  of  5  %  and  are  not  expected  to  have  any  influence  on  the  Tm3+ 

spectrum.  The  spectra  discussed  here  have  been 


55000  4 


50000  4  YZZZZZZZZZZZZZZA 


45000  4 


40000  4 


E 

<5 

-Q 

E 


35000  4 


30000  4 


25000  4 


20000  4 


AIN 

band 

gap 


% 


-i  i 


—  D 


reproduced  by  implanting  stable  Tm  ions  into 
different  AIN  substrates  with  varying  implantation 
doses  and  energies  and  for  different  annealing 
conditions. 

Figure  4  shows  the  temperature  dependent 
lifetimes  for  both  the  'it  and  !D2  levels.  The  decay 
curves  shown  on  the  right  of  Figure  4  (a)  show  a 
simple  exponential  behaviour.  It  is  found  that  with 
increasing  temperature  the  lifetime  of  the  'l6  level 
drops  down  from  it’s  initial  value  of  7.3  ps  at  12  K  to 
approx.  0.4  ps  at  300  K.  The  decay  curves  of  the  'D2 
level  are  non -exponential  in  the  beginning  and  are 
reasonably  described  by  assuming  that  the  *D2  level  is 
partially  populated  by  the  upper  'it  level  leading  to 
the  simple  rate  equation 
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Figure  3.  Tm3+  free  ion  energy 
levels  and  the  magnitude  of  the  AIN 
band  gap. 


dNi/dt  =  -ii  1 N i  +  t2'1N2  (1) 

where  N  i  (normalized  to  one)  corresponds  to  the 
number  of  excited  atoms  on  level  'Do  (lifetime  Ti)  and 
N2  is  proportional  to  the  number  of  excited  atoms  on 
level  (lifetime  t2).  Both  Ni  and  N2  are  unknown 
but  introduced  to  fit  the  decay  curves  of  the  *D2  level 
to  the  integral  version  of  equation  (1).  Using  the 
measured  lifetime  of  the  %  level,  the  lifetime  of  the 
D2  level  is  extracted  as  shown  in  figure  4  (b).  The 
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Figure  4.  Temperature 
dependent  lifetimes  of 
the  (a)  %  and  the  (b) 
^2  levels  monitored 
at  298  nmft-3^) 
and  465  nm  (lD2-3F4) 
respectively,  measured 
under  4  keV,  0.24 
W/cm2  electron 
excitation.  On  the  right 
side  the  decay  curves 
shown  for  the 
temperatures  T=12  K 
as  well  as  T=300  K. 


lifetime  of  the  !D2  level  itself  decreases  with  increasing  temperature  from  11.1  (is  at  12  K  to  4.6 
|is  at  300  K.  In  figure  5  the  integral  intensity  of  the  lD2-3F4  intra-4f  electron  transition  is  shown 
over  the  temperature  range  12K  -  300K.  With  increasing  temperature  the  intensity  increases 
linearly,  the  curve  changes  it’s  slope  at  around  200  K.  The 
CL  intensity  shown  in  figure  5  seems  to  be  related  to  the 
lifetime  of  the  'L  level  shown  in  figure  4  (a)  and  we  may 
conclude  that  the  increase  of  intensity  of  transitions  starting 
from  the  *D2  level  are  due  to  a  population  of  this  level  by  the 
upper  %  level  due  to  a  cross-relaxation  process. 

Finally  we  summarize  in  table  1  the  lifetimes  of  the  %, 

*D2  and  ]G4  levels. 


Table  1.  Lifetimes  %  of  the  %,  *D2  and  'G4  levels  of  Tm3+  in 
AIN,  measured  at  12  K  and  300  K  respectively.  All  values 
are  in  [is. 
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Figure  5.  Dependence  of  the 
integral  CL  intensity  of  the 
luminescence  arising  from  the 
*D2  -  3F4  intra-4f  electron 
transition  on  the  sample 
temperature. 
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CONCLUSION 


We  have  shown  that  l6JYb  ions,  implanted  into  2H-A1N,  are  located  on  substitutional  A1 
lattice  sites.  A  fraction  of  69  (5)  %  of  the  implanted  ions  is  located  on  these  A1  sites  directly  after 
implantation.  Annealing  the  samples  up  to  1273  K  under  vacuum  conditions  leads  to  a  slight 
increase  of  the  fraction  of  l69Yb  atoms  on  substitutional  A1  lattice  sites  up  to  78  (5)  %. 

Cathodoluminescence  measurements  of  the  same  samples  were  recorded  after  complete 
decay  of  l69Yb  to  169Tm.  At  12  K  the  luminescence  is  dominated  by  transitions  starting  from  the 
'l6  level.  At  300  K  the  spectrum  in  the  range  200  nm  -  820  nm  is  dominated  by  a  bright  blue 
luminescence  at  460  -  470  nm  which  is  attributed  to  the  'IV^  intra-4f  electron  transition  of 
Tm  +.  The  increase  of  this  blue  luminescence  with  increasing  temperature  was,  based  on  lifetime 
measurements,  attributed  to  a  population  of  the  !D2  level  through  the  upper  \  level. 

A  complete  crystal  field  analysis  of  Tm3+  in  AIN  based  on  transitions  between  individual 
Stark  levels  and  the  site  determined  for  the  Tm3+  ions  is  currently  under  investigation  and  will 
prove  whether  the  assignment  of  the  transitions  is  correct  or  has  to  be  modified. 
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ABSTRACT 

Electroluminescence  measurements  of  P-implanted  GaN  light-emitting  diodes  were  performed.  The 
measured  peak  densities  of  P  in  the  GaN  were  5x10*°  cm'3  and  4X1021  cm'3  based  on  secondary  ion 
mass  spectroscopy.  The  EL  spectra  had  a  broad  blue-band  emission  at  the  peak  energy  from  around  2.8 
eV  to  3.3  eV  and  yellow-band  emission  at  an  energy  centered  at  2.2  eV.  The  blue-band  emission  could 
decompose  into  two  components  at  energy  positions  of  2.9  eV  and  3.2  eV.  The  former  component  is 
considered  to  be  emission  due  to  the  recombination  of  the  bounding  exciton  by  P  atoms,  known  as  an 
isoelcctronic  trap  in  GaN. 

INTRODUCTION 

Gallium  nitride  (GaN)  and  its  cation  mixed  alloys  offer  a  host  of  important  applications  in 
optoelectronic  devices.  Recently,  there  has  been  considerable  interest  in  mixed-anion  nitride  alloys,  such 
as  GaNi-xASx  or  GaN |.XPX,  and  related  quaternary  semiconductor  compounds,  because  they  have  a 
gigantic  band-gap  bowing  compared  with  mixed-cation  GaN.  There  is  a  possibility  for  applications  in 
optoelectronic  devices  operating  at  wavelengths  from  ultraviolet  to  infrared.  It  has  been  reported  that 
N-rich  hexagonal  GaN i.xPx  could  be  grown  on  a  sapphire  substrate  by  gas-source  molecular-beam 
epitaxy  (GS-MBE)  [1]  and  metal-organic  chemical  vapor  deposition  (MOCVD)  [2].  There  have  also 
been  several  experimental  reports  concerning  luminescence  originating  from  As  atoms  in  GaN.  Li  etal 
[3]  observed  emission  at  an  energy  position  of 2.583  eV  from  As-doped  GaN  grown  by  metal  organic 
vapor  phase  epitaxy  (MOVPE);  Winser  et  al  [4]  also  observed  strong  blue  emission  at  an  energy  of 
around  2.6  eV  from  As-doped  GaN  by  MBE.  On  the  other  hand,  Pankove  et  al  [51  and  Jadwisienczk  et 
al  [6]  reported  on  the  luminescence  of  P  atoms  implanted  in  GaN.  Thus  as  though  there  have  been 
many  studies  on  the  luminescence  of  these  compounds,  on  the  electro-luminescence  (EL)  studies  have 
been  few.  In  this  paper,  it  is  reported  that  we  tried  to  make  a  GaNi.xPx  active  layer  light  emitting  diode 
(LED)  using  a  P-atom  implanting  technique,  and  performed  EL  measurements. 

EXPERIMENTAL 

In  these  studies  we  used  a  single  crystal  of  GaN  epitaxial  wafers  grown  by  an  ordinary  metal 
organic  chemical  vapour  deposition  (MOCVD)  technique  on  the  basal  plane  of  sapphire  substrates.  The 
GaN  wafers  were  high  quality  p-type  with  the  yellowing  structure:  GaN:  Mg  2.5  pm  /  undoped  GaN 
0.5  pm  /  undoped  AIN  0.04  pm  /  sapphire.  The  concentration  of  Mg  was  lxlO19  cm'3.  The  wafers  were 
implanted  at  room  temperature  with  P+  ions  with  a  dose  of  2xl015  ions/cm2  at  35  keV  for  sample  #390 
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and  with  a  dose  4xl014  ions/cm2  at  30  keV  for  sample  #387.  The  implanting  ion  beam  was  inclined  at 
7  degrees  to  the  normal  to  the  GaN  epitaxial  layers  to  prevent  channeling.  Wafers  were  then  grown  on 
a  Si-doped  GaN  epitaxial  layer  by  ordinary  MOCVD  with  0.1 5pm  thickness  and  a  dose  of  2x  1019  cm'3. 
Post-implant  annealing  at  temperature  of  1050°C  for  5  minutes  was  done  with  coating  a  Si02  film  on 
the  surface  of  a  epitaxial  films.  LEDs  were  fabricated  by  an  electron  cyclotron  resonance  (ECR)  plasma 
etching  process  using  Ar/CHi/H^.  The  etching  rate  of  n  and  p-type  GaN  were  10  nm/min  and  6  nm/min, 
respectively.  The  Ohmic  contacts  to  the  p-n  junction  were  then  formed  using  Ti/Al/Au  for  n-type  and 
Pt/Au  for  p-type  metals.  LEDs  were  characterized  using  a  voltage-current  (I-V)  curve  and  an  EL 
method,  respectively. 

RESULTS  AND  DISCUSSION 

Figure  1  shows  the  depth  profile  of  secondary  ion  mass  spectroscopy  (SMS)  for  a  sample  #390.  The 
peak  concentration  of  P  atoms  is  5x1 020  atoms/cm3  and  the  projected  range  is  around  50  nm.  The 
diffusion  of  Mg  atoms  was  observed  in  the  region  of  the  Si-doped  GaN  epitaxial  layer,  but  no 
diffusion  of  Si  atoms  was  observed  in  the  region  of  the  Mg-doped  epitaxial  layer.  The  depth  profile  of 
SMS  for  sample  #387  was  similar  to  sample  #390,  and  the  peak  concentration  of  P  atoms  was  4  x  1021 
atoms/cm3. 


Depths  m)  Voltage(V) 

Figure  1.  SMS  profile  of  P  implanted  Figure!  I-V  curve  of  a  sample 

GaN  LED  epitaxial  structure.  #390  LED. 

Figure  2  shows  the  I-V  curve  of  the  sample  #390  LED  at  room  temperature.  The  forward  bias  part 
of  this  curve  is  good  fitting  to  an  exponential  function,  but  the  ideal  factor  (n)  is  unrealistic,  being  over 
100.  We  also  reported  on  a  similar  large  value  of  a  GaN].xPx  LED,  which  was  made  by  the 
laser-assisted  metal-organic  vapor-deposition  method.  These  n  values  can  adjust  to  about  less  than  100 
by  taking  account  of  the  series  resistances,  which  were  estimated  by  extrapolating  the  dV/dl  versus  \f\ 
characteristic.  Also,  the  tum-on  voltage  of  the  forward  current  rising  was  high.  These  n  values  and  the 
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turn-on  voltage  would  suggest  the  quality  of  the  GaN  i-xPx  film.  The  reverse  bias  current  of  this  LED  is 
-0.3  mA  at  10  V.  Because  of  its  large  band-gap  energy,  the  reverse  bias  saturation  current  due  to 
minority  carrier  diffusion  would  be  immeasurably  small  in  an  ideal  GaN  p-n  diode.  There  are  many 
candidates  to  explain  the  origin  of  this  large  current,  for  example  the  tunneling  effect  or  the  path  through 
dislocation,  but  further  investigation  is  necessary. 
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Figure  3.  The  EL  spectra  of  a  sample  #387(a)  and  a  sample  #390(b). 


The  EL  spectra  of  sample  #387  shown  in  figure  3(a)  were  obtained  for  continuous  forward 
currents  ranging  from  10  mA  to  40  mA  at  room  temperature.  A  broad  blue  emission  band  can  be  seen 
in  die  region  of  2.8-3.3  eV  and  a  broad  yellow  emission  band  in  the  region  of  2.0-2.3  eV.  The  blue  band 
can  be  decomposed  to  2.9  eV  and  32  eV  peaks.  The  2.9  eV  peak  is  close  to  the  energy  position  of  the 
photo-luminescence  peak,  which  has  been  observed  by  many  authors  in  GaN  incorporated  P  atoms. 
Jadwisienczk  et  al  [6]  also  observed  and  determined  that  it  was  due  to  the  recombination  of  bound 
exciton  to  P-hole  isoelectronic  traps.  We  have  already  reported  on  the  EL  spectra  of  a  LED  having  an 
active  layer  of  N-rich  hexagonal  GaNi.xPx  by  using  LA-MOCVD.  The  blue  band  of  its  spectra  was 
dominated  by  the  2.9  eV  peak  [7],  We  thus  assumed  the  origin  of  the  2.9  eV  peak  to  be  P  atoms,  which 
substitute  for  N  atoms.  The  origin  of  the  3.2  eV  peak  is  unknown.  The  ratio  of  the  3.2  eV  to  2.9  eV  peak 
increased  with  increasing  die  drive  currents,  and  the  3.2  eV  peak  dominated  above  20  mA.  Similarly, 
the  EL  spectra  of  sample  #390  in  figure  3(b)  have  a  blue  emission  band  and  a  yellow  emission  band.  In 
the  blue  band,  the  peak  energy  position  appears  as  a  blue  shift  though  this  is  due  to  an  increasing  3.2  eV 
peak  with  increasing  drive  currents.  The  full  at  width  half  maximum  (FWHM)  of  the  blue  band  in 
sample  #390  was  less  than  that  of  sample  #387.  This  was  due  to  the  difference  in  die  concentration  of 
implanted  P  atoms  between  sample  #387  and  sample  #390.  Since  the  recombination  center  of  the  2.9 
eV  peak  might  be  related  to  P  atoms,  which  substitute  N  atoms,  it  is  superior  in  the  blue  band  of  sample 
#390  compare  with  sample  #387. 
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SUMMARY 

We  fabricated  N-rich  GaN t.xPx  active  layer  LEDs  using  P-atom  implantation.  The  EL  spectra  of 
these  LEDs  were  measured.  They  had  a  blue  band  and  a  yellow  band;  in  the  blue  band  peaks  at  2.9  eV 
and  3.2  eV  were  observed.  The  former  peak  was  related  to  P  atoms,  which  substituted  N  atoms;  Pn 
might  act  as  an  isoelectronic  trap.  These  properties  of  the  EL  spectrum  are  the  same  to  those  of  the 
GaN].xPx  LED,  which  was  made  from  light-assisted  metal  organic  chemical  deposition  (LAMOCVD), 
as  reported  before.  This  shows  that  the  role  of  P  atoms  as  a  radiative  recombination  center  does  not 
depend  on  the  procedure  of  introducing  P  atoms  in  the  GaN  that  is  by  LAMOCVD  or  by  ion 
implantation. 
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ABSTRACT 

We  have  found  that  InxGa(1.X)N/GaN  multi -quantum- well  (MQW)  light  emitting 
diodes  (LEDs)  having  periodic  thickness  variation  (TV)  in  InxGa(i.X)N  active  layers 
exhibit  substantially  higher  optical  efficiency  than  LEDs  with  uniform  InxGa(|.X)N  layers. 
In  these  nano-structured  LEDs,  the  thickness  variation  of  the  active  layers  is  shown  to  be 
more  important  than  In  composition  fluctuation  in  quantum  confinement  of  excitons 
(carriers).  Detailed  STEM-Z  contrast  analysis,  where  image  contrast  is  proportional  to  Z2 
(atomic  number)2,  was  carried  out  to  investigate  the  thickness  variation  as  well  as  the 
spatial  distribution  of  In.  In  the  nanostructured  LEDs,  there  are  short-range  (SR-TV,  3  to 
4  nm)  and  long-range  thickness  variations  (LR-TV,  50  to  100  nm)  in  InxGaa-X)N  layers.  It 
is  envisaged  that  LR-TV  is  the  key  to  quantum  confinement  of  the  carriers  and  enhancing 
the  optical  efficiency.  We  propose  that  the  LR-TV  thickness  variation  is  caused  by  two- 
dimensional  strain  in  the  InxGa(i.X)N  layer  below  its  critical  thickness.  The  SR-TV  may  be 
caused  by  In  composition  fluctuation.  The  observations  on  thickness  variation  are  in  good 
agreement  with  model  calculations  based  upon  strain  effects. 

INTRODUCTION 

The  AIN-GaN-InN  and  their  alloys  have  assumed  a  special  importance  due  to 
their  tremendous  potential  for  fabricating  the  light  emitting  devices  operating  in  the  red  to 
ultraviolet  (UV)  energy  range.1'5  The  In  incorporation  in  the  active  layer  with  a 
composition  of  InxGa(i-X)N  has  been  the  key  to  obtaining  a  high  optical  efficiency  despite 
high  dislocation  density  (~  10locm‘2).  However,  its  role  has  not  been  clarified.  Some 
studies  have  suggested  In  composition  fluctuation  leading  to  a  phase  separation  to  be 
responsible  for  high  optical  efficiency.  Since  the  In  content  controls  the  band  gap  in 
InxGa(i.X)N  alloys,  it  is  envisaged  that  the  composition  fluctuation  leads  to  quantum- 
confined  (QC)  regions  whose  size  is  smaller  than  the  dislocation  separation  (DS).  These 
QC  regions  trap  the  bound  excitons,  and  thus  the  recombination  of  excitons  would  not  be 
affected  by  the  presence  of  defects  such  as  dislocations.3, 6’ 7 

The  evidence  for  In  composition  fluctuation  in  InvGa(].A)N  layers  in  multiple- 
quantum-well  (MQW)  structures  has  been  largely  circumstantial.  Some  authors  found  the 
evidence  for  phase  separation  (In-rich  and  In-poor  phases)  in  In/ia^N  (x  >  0.3)  only  in 
relatively  thick  layers  (3000-4000  A),  which  were  grown  by  molecular  beam  epitaxy.  ’ 9 
However,  they  did  not  observe  any  phase  separation  in  thin  GaN/In rGa(i %v)N/GaN  double 
heterostructures  with  x  >  0.3,  grown  under  similar  conditions.  Similarly,  in  MOCVD 
(metalorganic  chemical  vapor  deposition)-grown  samples,  phase  separation  was  reported 
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only  in  thick  In,Ga(1.,)N  layers  for  Jt  >  0.28. 10  The  formation  of  InGaN  quantum  dots  in 
single-quantum-well  structures  has  been  reported  only  when  additional  layers  of  Si  and 
In12  are  introduced  as  anti -surfactant  to  promote  three-dimensional  growth.  In  the  case  of 
MQW  structures  (saphhire/4,000-nm  GaN:Si/ 10-period  2-nm  InGaN  and  4-nm  GaN/200- 
nm  GaN:Mg),  phase  separation  was  observed  only  after  prolonged  (40  h)  post  annealing 
above  950°C.  The  phase  separation  was  also  observed  in  InxGa(|.X)N/GaN  MQW 
structures  after  annealing  at  950°C  in  a  hydrostatic  pressure  of  5  kbar  in  N2  for  4  h.14 
Some  authors  have  reported  the  formation  of  In-rich  and  In-poor  regions  (2-5  nm  size)  in 
as-grown  MOCVD-grown  MQW  structures  using  diffraction  contrast  transmission 
electron  microscopy  (TEM)  techniques.  Since  the  image  contrast  in  these  techniques  is 
sensitive  to  diffraction  of  atomic  planes,  these  observations  do  not  provide  reliable 
information  on  composition  fluctuation.15’ 16  Thus,  there  is  an  urgent  need  to  clarify  the 
role  of  In  composition  fluctuation  or  any  other  effects  leading  to  the  formation  of 
quantum-confined  regions. 

In  this  study,  we  have  used  high-resolution  TEM  and  STEM-Z  (scanning 
transmission  electron  microscopy-atomic  number)  contrast  techniques,17, 18  where 
contrast  is  proportional  to  atomic  number  (Z)2,  to  investigate  the  In  composition 
fluctuation  and  thickness  variation  and  to  correlate  them  with  optical  efficiencies.  We 
have  found  that  high-efficiency  LEDs  contain  MQW  structures  with  periodic  thickness 
variations,  which  we  call  nano-structured  LEDs.  The  characteristics  for  the  thickness 
variation  are  related  to  growth  conditions.  We  envisage  that  the  introduction  of  In  leads 
to  compressive  stresses  in  the  film,  which  are  relieved  by  a  periodic  thickness  variation, 
similar  to  the  Ge  film  growth  on  Si.19'21 


EXPERIMENTAL 


InvGa(i..r)N/GaN  MQW  LED  structures  were  grown  by  the  MOCVD  technique  on 
sapphire  substrates.  The  growth  temperatures  for  n-GaN,  MQW,  and  p-GaN  capping 
layers  were  ~1000°C,  between  700  and  900°C,  and  950°C,  respectively.  The  details  of 
growth  conditions  for  these  structures  will  be  reported  elsewhere.  The  LED  chips  were 
fabricated  by  using  standard  processing  steps,  and  were  packaged  in  T-l  %  packages  for 
power  measurements.  We  compare  the  results  using  two  representative  wafers  A  and  B. 
Figure  1  shows  the  output  power  vs  dc  forward  current  of  LEDs  from  the  two  wafers. 

The  output  power  of  LEDs  fabricated  from  wafer  A  showed  8  mW  at  20  mA,  which  is 
comparable  to  the  state-of-the-art  LED  power.  However,  the  power  of  LEDs  from  wafer 
B  was  only  3.8  mW  at  20  mA. 
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Fig.  1.  Output  power  as  a  function  of  dc 
forward  current  for  LEDs  from  wafer  A  and 
wafer  B. 
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For  TEM  studies,  cross-section  specimens  from  the  above  wafers  were  prepared 
by  a  standard  ion  milling  procedure.  A  special  care  was  necessary  in  terms  of  low- 
temperature,  low-voltage  and  shallow-angle  thinning  to  minimize  the  surface  damage  for 
STEM-Z  studies.  For  STEM-Z  contrast  studies,  we  used  atomic-resolution  JEOL  2010 
field  emission  electron  microscope  with  GIF  (Gatan  Image  Filter)  attachment.  In  the 
STEM-Z  mode,  a  small  electron  probe  (1 .6  nm)  is  scanned  across  the  thin  cross-section 
specimen,  and  the  Z-contrast  image  results  from  mapping  the  intensity  of  electrons 
reaching  the  annular  detector.  The  detector  performs  the  function  of  Lord  Rayleigh’s 
condenser  lens.  It  enforces  high  scattering  angles,  so  that  Rutherford  scattering  dominates 
and  atoms  contribute  to  the  image  with  a  brightness  determined  by  their  mean  square 
atomic  number  (Z)  and  with  a  resolution  of  the  probe  size  (1 .6  nm).  Since  the  atomic 
number  of  In  (49)  is  much  higher  than  that  of  Ga  (31),  the  image  contrast  is  dictated  by  In 

•  17  18 

concentration.  ’ 

RESULTS  AND  DISCUSSION 

Figure  2  shows  STEM-Z  contrast  images  from  wafer  A.  The  InGaN  active  layer  is 
typically  ~2  nm  thick  and  the  GaN  barriers  7  nm  thick.  Figure  2(a)  shows  all  the  ten 
active  layers,  where  thickness  variation  of  the  active  layers  is  quite  apparent.  At  higher 
magnifications  (Fig.  2  (b)  and  Fig.  2  (c)),  these  thickness  variations  become  quite  clear  as 
shown  by  the  brightness  contrast,  which  is  proportional  to  Z2.  Figure  3  shows  these 
thickness  variations  at  a  still  higher  magnification,  where  short-range  thickness  variation 
(SR-TV)  with  a  period  of  about  3  to  4  nm  and  a  long-range  thickness  variation  (LR-TV) 
with  a  period  of  about  50  to  100  nm  are  clearly  observed.  As  the  brightness  contrast  is 
proportional  to  Z2,  there  is  no  evidence  for  separate  In  phases  in  the  active  InGaN  layers, 
although  from  the  contrast  variation  less  than  10%  fluctuation  in  In  concentration  may 
exist.  The  results  from  wafer  B  with  a  lower  optical  efficiency  are  shown  in  Fig.  4.  A 
uniform  thickness  of  the  active  layers  as  well  as  uniform  In  concentration  is  clearly 
delineated.  There  are  no  thickness  variations  either  short  range  or  long  range  present  in 
these  samples  with  relatively  low  optical  efficiencies. 


Fig.  2.  (a)  STEM-Z  contrast  image  in  cross-section  showing  thickness  variation  in  all  ten 
active  MQW  InGaN  layers  in  high-efficiency  LED  structures  (wafer  A);  (b)  &(c)  STEM- 
Z  contrast  images  showing  characteristic  thickness  variations  at  a  higher  magnification 
from  the  same  sample. 
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Fig.  3.  STEM-Z  contrast  image  in  cross-section 
showing  the  details  of  thickness  variation  in  two 
of  the  InGaN  layers  from  a  high-efficiency  LED 
(sample  from  wafer  A). 


Thus  our  experimental  results  on  a  comparative 
study  of  high-  and  low-efficiency  LEDs 
demonstrate  that  the  thickness  variation  coupled 
with  In  concentration  variation  is  clearly  related 
to  enhancing  the  optical  efficiencies  in  LEDs. 
The  QC  regions  resulting  from  variations  in 
thickness  or  In  composition  trap  excitons  whose 
radiative  recombination  is  responsible  for 
efficient  spontaneous  emission  in  MWQ  LEDs. 
High  optical  efficiency  results  despite  high 
dislocation  density  (~10,0cm‘2)  if  the  localization 
of  excitons  is  within  a  region  smaller  than  DS  in 
these  structures.  The  DS  is  given  by  p'1/2,  where 
p  is  the  density  of  dislocations  (number/cm2). 
Thus,  the  loss  of  excitons  due  to  nonradiative 
recombination  at  the  dislocations  is  avoided,  resulting  in  a  high  optical  efficiency  of 
LEDs. 


Fig.  4.  STEM-Z  contrast  image 
at  a  higher  magnification 
showing  extreme  uniformity  in 
thickness  and  indium 
concentration  from  a  low- 
efficiency  sample  (wafer  B). 


The  change  in  band  gap 
ofInxGaa.x,N/GaNMQW 
structures  can  occur  with 
variations  in  the  composition 
V  or  the  thickness  ‘Lz’  of  the 
quantum  well.  For  a  typical 
active  layer  composition  (x  = 
0.4),  experimentally  observed 
composition  fluctuations  are 
less  than  +/- 2%.  The 
corresponding  change  in  band 
gap  is  less  than  0.07  eV.  On  the  other  hand,  a  thickness  variation  in  InGaN  layers  can 
create  an  even  bigger  change  in  the  band  gap.  Calculations  show  that  a  band  gap  change 
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of -0.07  eV  is  obtained  for  a  thickness  variation  of  Ino.4Gao.6N  layers  from  1.8  to  2.2  nm, 
or  -0.15  eV  from  1.5  to  2.5  nm.  Experimentally  observed  LR-TV  is  in  the  range  of  20  to 
50%,  and  SR-TV  is  less  than  10%.  It  is  envisaged  that  the  LR-TV  is  the  key  to  quantum 
confinement  of  the  carriers  and  enhancing  the  optical  efficiency. 

We  propose  that  the  thickness  variation  is  caused  by  two-dimensional  strain  in  the 
InxGa(i.X)N  layer  below  its  critical  thickness.19'21  A  balance  between  the  elastic  energy 
released  and  the  surface  energy  expended  provides  a  condition  for  a  minimum 
wavelength  for  which  the  thickness  fluctuation  is  stable.22,23  Since  strain  energy  increases 
with  thickness,  the  uniform  thickness  breaks  into  a  periodic  variation  by  which  the  free 
energy  of  the  system  can  be  lowered.  Since  the  strain  also  increases  with  In 
concentration,  some  fluctuation  in  In  concentration  is  also  expected.  However,  this 
phenomenon  of  thickness  variation  has  been  well  documented  for  pure  Ge  film  growth  on 
(100)  Si20,21  as  well  as  for  In  As  and  GalnAs  on  (100)  GaAs24  below  the  critical  thickness 
where  no  composition  fluctuation  is  involved.  The  thickness  variation  period  X  is  given 
by  the  following  relation: 

A  =  rcy(  1  -v)/[2(  1  +v)V  e2] ,  (1) 

where  y  is  the  surface  energy,  v  is  the  Poisson’s  ratio,  p  is  the  shear  modulus  of  the  film, 
and  e  is  the  strain  normal  to  the  film  surface.  To  avoid  nonradiative  recombination  at  the 
dislocations,  DS  should  be  larger  than  X: 

p'1/2 >  7ty(l -v)/[2(l  +v)2pe2]  or  p<  { rcy(l -v)/[2(l  +v)2pe2]  }'2 .  (2) 

We  have  estimated  a  typical  value  of  X  using  the  following  parameters  for  our  growth 
conditions.  For  Ino.4Gao.6N,  shear  modulus  is  estimated  to  be  82  GPa,  Poisson’s  ratio  to 
be  0.3,  surface  energy  4,000  ergs/cm2,  and  strain  2%.  This  results  in  X  of  -  80  nm,  which 
is  in  good  agreement  with  the  observed  LR-TV.  It  should  be  mentioned  that  to  fully 
develop  the  observed  TV  structures,  film  and  substrate  variables  need  to  be  optimized  so 
that  strain  relaxation  and  associated  mass  transport  can  occur  during  growth  at  high 
temperatures. 


CONCLUSION 

In  summary,  we  have  fabricated  InxGa(i.X)N/GaN  MQW  LEDs  and  shown  that  the 
LEDs  with  thickness  variation  of  InxGa(i.X)N  active  layers  exhibit  substantially  higher 
optical  efficiency  than  the  ones  with  uniform  thickness.  The  thickness  variation  has  two 
periods,  one  short  range  (SR-TV,  3  to  4  nm)  and  other  long-range  (LR-TV,  50  to  100 
nm).  It  is  envisaged  that  the  LR-TV  is  the  key  to  quantum  confinement  of  the  carriers  and 
enhancing  the  optical  efficiency.  The  SR-TV  may  be  caused  by  the  In  composition 
fluctuation.  It  was  also  found  that  the  variation  in  In  concentration  is  not  very  large  in  the 
LED  structures  which  exhibit  high  optical  efficiency. 
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ABSTRACT 

Highly  efficient,  two-dimensional  arrays  of  parallel-addressed  InGaN  blue  micro- 
LEDs  with  individual  element  diameters  of  8,  12  and  20|im  have  been  fabricated.  In  order  to 
overcome  the  difficulty  of  interconnecting  multiple  device  elements  with  sufficient  step- 
height  coverage  for  contact  metallisation,  a  novel  scheme  involving  the  etching  of  sloped- 
sidewalls  has  been  developed.  The  devices  have  I-V  characteristics  similar  to  those  of  broad- 
area  reference  LEDs  fabricated  from  the  same  wafer,  and  give  superior  (3mW)  light  output  in 
the  forward  direction  to  the  reference  LEDs,  despite  much  lower  active  area.  The  external 
efficiencies  of  the  micro-LED  arrays  improve  as  the  dimensions  of  the  individual  elements 
are  scaled  down.  This  is  attributed  to  scattering  at  the  etched  sidewalls  of  in-plane 
propagating  photons  into  the  forward  direction. 

INTRODUCTION 

As  GaN-based  light-emitting  diode  (LED)  technology  grows  in  maturity,  the  focus  of 
many  research  groups  has  shifted  towards  the  fabrication  of  higher  power  and  higher 
efficiency  LEDs.  The  improvement  of  output  power  to  date  from  these  devices  has  been 
achieved  via  a  number  of  techniques,  including  optimisation  of  epitaxy  and  processing  [1], 
improved  current  spreading  [2]  or  through  resonant  cavity  structures  [3].  The  overall 
performance  of  such  LEDs  is,  in  addition,  strongly  dependent  on  the  extraction  efficiency  of 
the  devices.  Due  to  total  internal  reflections  occurring  at  the  LED-ambient  interface,  as  much 
as  several  tens  percent  of  the  light  emitted  from  the  active  region  may  be  confined  within  the 
device.  In  the  case  of  InGaN/GaN  LEDs,  the  novel  approaches  adopted  to  allow  more  light 
to  be  extracted  include  formation  by  etching  of  microdisks  within  the  LEDs,  to  increase  the 
overall  surface  area  [4].  In  this  manner,  apart  from  benefitting  from  an  enhanced  level  of  light 
extraction,  an  enhancement  of  quantum  efficiency  was  also  reported,  attributed  to  micro-size 
effects  as  well  as  to  a  more  efficient  usage  of  the  injected  current. 

We  investigate  here  further  development  of  the  pattern-etching  approach,  where 
arrays  of  isolated  pillar-like  micro-size  LEDs  are  formed,  sharing  a  common  broad-area 
metallisation.  We  use  the  term  “parallel-addressed”  micro-LEDs  for  this  type  of  device.  They 
offer  enhancement  in  surface  area  to  volume  ratio,  and  ready  flexibility  in  number  and  size  of 
emitting  elements.  We  report  on  the  fabrication  of  these  devices  and  on  their  performance 
compared  to  conventional  broad-area  LED’s  fabricated  from  the  same  wafer.  The  major  issue 
involved  in  the  fabrication  is  the  interconnection  of  each  individual  element,  via 
metallization,  as  a  result  of  the  non-planar  device  topology.  In  order  to  overcome  this 
difficulty  involving  metal  step-height  coverage,  the  sidewalls  of  the  micro-LEDs  are  made  to 
be  non-vertical. 
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Table  I.  Summary  of  device  information  and  characteristics 


Elemental 

diameter 

(pm) 

Chip 

area 

(Um2) 

Number 

of 

elements 

Total  active 
area  (pm2) 

Turn-on 

voltage 

(Volts) 

Operation 
voltage  @20mA 

00 

240000 

31416 

7.62 

7.48 

12 

240000 

45239 

4.64 

4.60 

20 

240000 

80425 

3.49 

Broad  Area 

240000 

1 

160000 

3.42 

3.80 

DEVICE  FABRICATION 


The  micro-  and  broad  area-  devices  are  fabricated  on  an  LED  wafer  grown  on  the  c- 
plane  of  a  sapphire  substrate.  The  LED  structure  consists  of  a  25  nm  GaN  buffer  layer,  3.2 
pm  of  Si-doped  GaN,  a  3-period  InGaN/GaN  multi-quantum  well  (MQW)  for  emission  at 
~470nm,  topped  with  a  0.25  pm  Mg-doped  GaN  epi-layer.  Activation  of  the  Mg  dopant  was 
carried  out  by  rapid  thermal  annealing  (RTA)  at  950°C  for  30sec  in  a  N2  ambient.  Processing 
of  the  devices  begins  with  the  formation  of  mesa  structures  using  inductively-coupled  plasma 
(ICP)  dry  etching.  The  plasma  comprised  30  seem  of  Cl2  and  10  seem  of  Ar  at  a  process 
temperature  and  pressure  of  25°C  and  20mTorr,  respectively.  Operating  parameters  were 
400W  of  ICP  power  and  200W  of  RIE  power,  yielding  a  dc  bias  voltage  of  650V  and  an  etch 
rate  of  more  than  0.5  pm/min.  An  additional  masking  step  was  needed  to  form  the  pillar-like 
structure  of  the  individual  micro-LED  elements,  whose  diameters  ranged  from  8  to  20pm, 
respectively,  for  a  series  of  processed  samples.  In  order  to  achieve  non-vertical  sidewalls,  an 
anisotropic  etch  recipe  has  been  employed.  The  sidewalls  can  be  made  to  have  an  inclination 
of  30°  to  the  vertical,  which  allows  for  conformal  metal  step-coverage  of  up  to  3pm. 

Prior  to  metal  deposition,  a  40nm-thick  Si02  layer  was  deposited  onto  the  sample  by 
electron-beam  deposition,  which  acts  as  an  isolation  layer.  Finally,  the  metal  layers, 
including  the  spreading  and  pad  layers,  were  deposited  by  electron-beam  evaporation 
patterned  by  a  lift-off  procedure.  The  choice  of  metal  is  Ti/Al  (20/200nm)  for  the  n-contact 
pad  and  Ni/Au  (30/30nm  for  spreading,  20/200nm  for  pad)  for  the  p-contact.  A  pre¬ 
metallisation  HC1  treatment  was  applied,  and  the  contacts  were  alloyed  by  rapid  thermal 
annealing  in  air  for  5  min  at  550°C.  The  I-V  characteristics  of  the  devices  were  measured 
with  an  HP4145  parametric  analyser,  whilst  the  room-temperature  electroluminescence  (EL) 
data  were  collected  with  a  coupled  spectrometer  and  cooled  charge  coupled  device  (CCD) 
detection  system  (0.4nm  resolution).  The  light  output  power  measurements  were  performed 
using  a  calibrated  power  meter  with  the  Si  detector  (detector  area  3x3mm2)  approximately 
8mm  above  the  device,  collecting  light  emitted  in  the  forward  direction.  An  electron 
microprobe  system  was  used  for  cathodoluminescence  studies. 

RESULTS  AND  DISCUSSION 

Figure  1  shows  optical  microscope  images  of  operating  device  arrays  of  individual 
element  size  8|nm,  12pm  and  20pm,  respectively  (Fig.l  (a)-(c)),  and  also  a 
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(e)  (d) 

Figure  1.  Optical  microscope  images  of  operating  arrays  of  (a)  8pm,  (b)  12pm  and  (c)  20pm 
element  diameter,  and  (d)  optical  image  of  cathodoluminescence  under  broad-beam 
excitation  of  a  cluster  of  four  12pm  micro-LED  elements. 

optical  image,  referred  to  later,  of  a  cluster  of  four  of  the  12pm  devices  excited  under  broad- 
area  electron  beam  excitation  (Fig.  1  (d)).  The  I-V  curves  (Figure  2)  for  the  micro-LED  arrays 
and  reference  broad-area  LEDs  show  that  the  turn-on  and  operating  voltages  increase  as  the 
size  of  the  micro-LEDs  are  reduced.  These  values  are  summarized  in  Table  I,  as  are  the 
respective  element  diameters  and  quantities,  overall  areas  of  the  respective  chips  and  their 
respective  total  active  areas.  As  the  current  spreading  layer  in  each  case  covers  the  entire 
micro-LED  array,  a  smaller  element  will  also  have  a  smaller  contact  area.  The  contact 
resistance  is  sensitive  to  the  actual  contact  area  [5],  which  is  the  most  likely  explanation  of 
higher  voltage  drops  developed  across  the  p-contact  as  the  dimensions  of  the  micro-LEDs  are 
scaled  down. 


Figure  2.  I-V  characteristics  of  micro-LEDs  compared  to  a  macro-LED. 
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Optical  Output  Power  (mW) 


Figure  3.  (a)  L-I  plots  of  micro-LED  devices,  and  (b)  active-area-normalized  L-I  plots  for 
comparison  between  the  external  efficiencies  of  micro-LEDs  with  different  dimensions. 

The  optical  output  power  characteristics  of  the  micro-LEDs  (measured  in  the  forward 
direction,  and  note  that  the  chips  are  unencapsulated)  as  a  function  of  current  are  plotted  in 
Figure  3(a).  In  passing,  we  note  that  the  gradient  of  the  broad-area  LED  plot  decreases  at  a 
slightly  faster  rate  than  the  micro-LEDs  at  higher  injection  currents,  implying  that  the  greater 
surface  area  of  micro-LEDs  offers  some  improvement  in  heat  dissipation.  While  the  different 
devices  appear  to  emit  similar  amounts  of  light,  their  total  active  emission  area  varies  greatly 
(Table  1 ).  For  comparison  purposes,  the  light  output  powers  are  normalized  to  their 
respective  total  active  areas,  and  are  re-plotted  in  Figure  3(b).  The  effect  of  scaling  down  the 
size  of  the  individual  elements  becomes  immediately  apparent,  with  the  highest  power 
density  of  emission  coming  from  the  smallest  devices,  despite  their  suffering  some 
degradation  in  electrical  characteristics. 


420  440  460  480  500  520  540 


Wavelength  (nm) 

Figure  4.  EL  spectra  of  the  respective  devices  operated  at  10mA. 


436 


The  light  output  of  the  devices  is  seen  to  be  a  strong  function  of  the  pillar  size.  In  the 
recent  literature,  the  mechanism  of  such  enhancements  in  related  structures  has  been 
attributed  to  various  sources.  Dai  et  al.  [6]  proposed  an  enhancement  of  internal  quantum 
efficiency  in  InGaN  micro-LEDs  due  to  partial  strain  relaxation  in  the  microstructures. 
However,  in  a  Raman  study  carried  out  by  F.  Demangeot  et  al.  [7]  on  reactive-ion  etched 
(non-device)  GaN  pillars,  the  observation  of  strain  relief  was  shown  to  be  limited  to  sub¬ 
micron  structures,  which  are  of  smaller  scale  than  the  microstructures  in  [6]  and  those 
considered  here.  Thus,  an  increase  in  light  extraction  efficiency  appears  to  be  the  more  likely 
cause.  However,  the  exact  mechanism  is  unclear  from  the  earlier  reports,  particularly  as  the 
increased  light  output  emitted  in  the  forward  direction  is  unaccounted  for. 

A  detailed  investigations  of  this  increase  in  efficiency  will  be  reported  elsewhere  [8]. 
In  short,  we  attribute  a  major  cause  as  being  the  scattering  of  in-plane  propagating  light  at  the 
etched  sidewalls  into  the  forward  direction.  Strong  evidence  for  this  is  provided  by  optical 
images  of  cathodoluminescence  taken  under  broad-area  e-beam  excitation  (Fig.  1(d)),  which 
show  a  bright  ring  of  light  at  the  periphery  of  each  element.  A  contribution  to  this  scattering 
may  be  attributed  to  resonant  modes  [9,10]  supported  by  the  micro-disk  geometry,  whose 
presence  is  inferred  from  our  analysis  [8]  of  the  substructure  of  the  electroluminescence 
spectral  data  (Fig.4)  and  our  previous  work  [1 1].  Further  contributions  to  the  increase  in 
extraction  efficiency  include  reduced  absoiption  in  the  semiconductor  material.  Since 
photons  in  micro-LEDs  may  travel  shorter  distances  before  escaping  from  the  mesa,  the 
likelihood  of  (re)absorption  is  also  reduced.  The  absorption  coefficient  of  GaN  at  470nm  is 
reported  [12]  to  be  approximately  103  cm'1,  which  correspond  to  an  absorption  length  of 
~  10|im.  Consequently,  we  can  expect  lower  absorption  in  micro-LEDs,  particularly  those 
with  radius  of  less  than  10pm. 

CONCLUSION 

In  summary,  high-performance  InGaN  parallel-addressed  micro-LED  arrays  have 
been  fabricated  and  characterised.  The  basis  of  the  fabrication  procedure  is  the  formation  of 
sloped  sidewalls,  which  allows  the  individual  elements  of  the  device  to  be  straightforwardly 
interconnected  (for  addressing  in  parallel)  via  metallisation.  Whilst  the  I-V  characteristics  of 
the  micro-LEDs  suffer  minor  degradation  as  they  are  scaled  down  in  size,  the  devices  offer 
superior  extraction  of  output  power  in  the  forward  direction  as  a  result  of  increased  surface 
area  and  surface  scattering. 
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ABSTRACT 

We  report  on  high  Al-content  AlGaN-based  deep  UV  emitter  stmetures  grown  over  single 
crystal,  slightly  off  c-axis  (5.8  degrees)  bulk  AIN  substrates.  AlN/AlGaN  multiple  quantum  well 
(MQW)  structures  with  up  to  50%  of  A1  in  the  well  material  were  grown  by  using  low-pressure 
MOCVD  and  characterized  by  using  X-ray,  AFM,  SEM  and  photoluminescence  techniques.  Two 
light  sources,  one  at  213  nm  wavelength  for  selective  excitation  of  quantum  well  layers  and 
another  one  at  193  nm  to  excite  both  wells  and  barriers,  were  exploited.  A  weak  temperature 
dependence  (from  8  K  to  300  K)  of  the  luminescence  intensity  and  the  absence  of  blue-shift  of 
the  luminescence  peak  with  increasing  excitation  intensity  pointed  to  a  low  density  of  localized 
states,  in  a  good  agreement  with  the  X-ray  data,  which  indicated  very  high  quality  of  these  MQW 
structures. 

The  most  striking  result  was  observation  of  stimulated  emission  at  wavelength  as  short  as 
258  nm  in  Ala.5Gao.5N/AlN  MQWs  grown  on  bulk  AIN  single  crystals. 

INTRODUCTION 

Deep-ultraviolet  (UV)  emitters  have  potential  applications  in  chemical  and  biological  agent 
detection,  solid-state  lighting,  lithography  and  short  range  telecommunications.  Ill-nitrides  are 
the  most  promising  candidates  for  the  UV  emitters.  Penetration  deeper  into  the  UV  region 
requires  high  molar  fractions  of  A1  in  AlGaN  structures.  However,  a  higher  aluminum  content  in 
AlGaN  layers  causes  more  defects,  which  result  in  the  emitter  performance  degradation.  These 
defects  are  mainly  caused  by  strain  induced  by  the  lattice  mismatch  at  the  interfaces  between  the 
substrate  and  the  epilayers  and  between  the  well  and  barrier  materials  in  multi-quantum  well 
(MQW)  structures.  In  order  to  reduce  the  defect  formation  in  these  structures  several  methods 
such  as  growing  lattice-matched  heterostructures  with  AlInGaN  compounds  and  using 
AlN/AlGaN  superlattices  on  c-face  sapphire  substrate  are  utilized  [1,2].  In  this  paper,  we  report 
on  the  growth  and  characterization  of  structural  and  optical  properties  of  the  AlN/AlGaN  MQW 
structures  grown  on  single  crystal  bulk  AIN  substrate.  Bulk  AIN  is  a  perfect  candidate  as  a 
substrate  for  Ht-nitrides  due  to  its  structural,  thermal  and  chemical  compatibility.  Recently,  this 
material  has  been  used  as  a  substrate  in  deposition  of  Alo.5Gao.5N  epilayers  of  high  structural 
quality  [3]. 
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EXPERIMENTAL  DETAILS 

AlN/AlGaN  MQW  structures  which  contain  AlxGai-xN  wells  with  the  Al-  content  up  to  50% 
were  grown  using  low-pressure  metal-organic  chemical  vapor  deposition  (MOCVD).  The 
structures  containing  three  quantum  wells  were  fabricated  by  depositing  5  nm  thick  Alo.5Gao.5N 
layers  separated  by  20  nm  wide  AIN  barriers  by  using  conventional  MOCVD.  The  crystalline 
quality  of  these  structures  was  checked  by  X-ray  diffraction.  The  MQW  structure  was  grown 
over  an  AIN  epilayer  deposited  on  bulk  substrate.  Silicon  carbide  was  also  used  as  a  substrate  to 
fabricate  a  sample  for  comparison  by  maintaining  the  same  fabrication  conditions  as  for  the 
sample  grown  on  bulk  AIN. 

The  photoluminescence  (PL)  measurements  were  performed  in  two  different  photoexcitation 
modes.  An  ArF  excimer  laser  with  pulse  duration  of  8  ns  at  1 93  nm  (6.42  eV)  was  utilized  to 
excite  the  carriers  not  only  in  the  wells  but  also  in  the  barriers  (The  bandgap  equals  6.2  eV  for 
AIN).  In  order  to  generate  the  carriers  only  in  the  quantum  wells,  the  fifth  harmonic  of  Nd:YAG 
laser  radiation  with  pulse  duration  of  4  ns  at  21 3  nm  is  used  as  a  selective  excitation  source.  The 
laser  beam  was  focused  onto  the  samples  to  a  spot  size  of  s  0.1  mm  in  diameter.  The  PL 
spectrum  was  measured  by  using  TRIAX  550  spectrometer.  The  spectra  in  the  band-to-band 
excitation  were  recorded  by  using  a  UV-enhanced  CCD  camera.  A  UV  enhanced  intensified 
CCD  camera  was  utilized  to  record  spectra  under  selective  excitation.  The  spectra  for  stimulated 
emission  were  detected  from  the  sample  edge  along  the  direction  of  30  pm  wide  stripe  by  using 
the  variable  stripe  length  technique. 

RESULTS  AND  DISCUSSION 

An  X-ray  rocking  curve  of  the  AlNZAlo.5Gao.5N  MQW  structure,  which  is  presented  in 
figure  1,  shows  that  the  three  quantum  wells  (see  their  structure  in  the  insert  of  figure  1)  are 
crystalline  structures  of  very  high  quality.  The  estimated  growth  defect  density  in  the  structures 
was  in  the  range  from  106cm'2  to  107cm'2.  This  is  about  the  three  orders  of  magnitude  higher  than 
that  in  the  initial  bulk  AIN  substrates  [4]  and  about  the  three  orders  of  magnitude  lower  than  that 


Figure  1.  X-ray  rocking  curve  of  multiple  quantum  well  Alo.5Gao.5N/AlN  structure  depicted  in 
the  insert. 
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in  AlInGaN-based  structures  grown  on  sapphire  and  SiC  substrates. 

Figure  2  demonstrates  that  the  PL  intensity  of  the  structures  grown  on  bulk  AIN  substrate  is 
higher  than  that  of  the  identical  structure  grown  on  SiC  by  nearly  a  factor  of  30.  This  huge 
enhancement  provides  strong  evidence  that  bulk  AIN  substrate  makes  real  difference  in  the 
quality  of  the  MQW  structures.  The  high  PL  intensity  of  the  samples  grown  on  bulk  AIN 
substrate  is  consistent  with  the  high  structural  quality  evidenced  by  X-ray  diffraction  technique. 

Figure  3  illustrates  the  pump  intensity  dependence  of  PL  spectra  of  the  MQWs  under  pulsed 
excitation  at  213  nm.  The  generation  rates  indicated  in  figure  3  were  estimated  according  to  the 
measured  power  densities.  The  absorption  coefficients  cr  were  estimated  to  be  1 .6xl05  cm"1  at 
213  nm  by  assuming  a  square  root  dependence  of  a  on  quantum  energy  above  the  effective  band 
gap  energy  of  4.43  eV  [5].  Initially  the  PL  intensity  Ipl  increases  with  increasing  pump  intensity 
IP  approximately  as  IPL  «=  Pp  (see  insert  in  figure  3).  At  elevated  excitation  intensities,  this 
dependence  transforms  into  a  linear  dependence  1 PL  «  Ip  indicating  prevalence  of  band-to-band 
transitions.  The  increase  of  PL  intensity  as  a  function  I PL  <*=  Pp  is  faster  than  it  could  be  expected 
for  any  recombination  mechanism  in  a  rectangular  quantum  well.  Thus  the  carriers  are  probably 
confined  in  a  triangular  quantum  well,  which  is  formed  due  to  piezoelectric  field.  Screening  of 
the  piezoelectric  field  improves  the  overlap  of  wavefunctions  of  electrons  and  holes  and  thus 
increases  the  probability  of  radiative  recombination  and  enhances  the  growth  of  luminescence 
intensity  with  increasing  pump  intensity.  The  PL  band  shows  no  significant  blue  shift  with 
increased  pump  intensity  under  selective  excitation  with  low  excess  energy.  Such  a  shift  is  a 
typical  feature  both  in  structures  with  high  density  of  localized  states,  which  are  being  gradually 
populated  from  the  lowest  to  the  highest  states,  and  in  quantum  wells  with  a  triangle  shape  due  to 
piezoelectric  field,  which  is  being  screened  by  increasing  density  of  photoexcited  carriers.  The 
absence  of  a  significant  blue  shift  of  the  PL  band  indicates  that  the  strain-induced  electric  field  in 
our  structures  is  relatively  small. 


240  260  260  300  320 


Wavelength  (nm) 


Figure  2.  Room-temperature  photoluminescence  spectra  of  identical  multiple  quantum  well 
structures  grown  on  conventional  SiC  substrate  and  on  bulk  AIN  substrate  (excitation  at 
193  nm). 
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Figure  3.  The  pump  intensity  dependence  of  photoluminescence  spectra  and  spectrally 
integrated  intensity  (insert)  of  the  MQW  under  pulsed  excitation  at  213  nm.  The  pump  intensity 
is  indicated  in  terms  of  carrier  generation  rate  go  -  5.7xl029  cm'V. 

Figure  4a  shows  spectra  of  emission  measured  from  the  edge  of  the  sample  containing 
Alo.5Gao.5N/AlN  quantum  wells  on  bulk  AIN.  Stripes  of  30  pm  in  width  and  with  different 
lengths  from  400  to  700  pm  were  excited  at  the  sample  edge  to  a  power  density  of  7.5  MWcm  . 
The  evolution  the  spectrum  with  increasing  pump  intensity  at  the  stripe  length  fixed  at  420  pm  is 
presented  in  figure  4b. 


Figure  4.  Photoluminescence  spectra  of  edge  emission  at  different  stripe  lengths  L  (pm):  1  1 2; 
400,  420,  440,  460, 480,  500,  520,  550,  560,  600,  650,  700  (a),  and  pump  intensities 
/(MWcm*2):  1-»1 1;  0.25, 0.38, 0.50, 0.75, 1.1,  1.9,  2.8, 4.1, 6.0,  8.7,  12.4(b)  from 
Alo.5Gao.5N/AlN  quantum  wells  on  bulk  AIN  under  pulsed  excitation  at  213  nm.  The  spectra 
were  measured  from  sample  edge  along  the  direction  of  a  30  pm  wide  excited  stripe.  The  base 
lines  of  the  spectra  are  vertically  shifted. 
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The  most  striking  feature  is  the  appearance  of  a  new,  narrow  band  at  258  run  when  the  stripe 
length  or  pump  intensity  is  increased.  A  superlinear  increase  of  this  band  with  increasing  pump 
intensity  and  exponential  dependence  of  its  intensity  on  the  stripe  length  prove  the  stimulated 
origin  of  the  emission  responsible  for  this  narrow  band.  Meanwhile  the  background  of 
spontaneous  emission  resulting  in  the  broad  band  in  the  spectrum  is  very  strong  in  this  sample. 

The  spontaneous  luminescence  dominates  over  the  stimulated  emission  at  short  stripe  lengths 
and  makes  application  of  variable  stripe  length  method  to  reveal  the  gain  spectrum  very  difficult. 
Thus,  we  estimated  the  value  of  gain  coefficient  g  from  the  observed  saturation  effect,  which 
occurs  at  the  stripe  length  L  of  approximately  500  [im.  An  assumption  that  (as  in  most  other 
semiconductors)  the  stimulated  emission  saturates  at  gL  ~  5,  gives  the  value  of  100  cm'1  as  an 
estimate  for  the  observed  gain  coefficient.  The  value  of  the  gain  coefficient  might  probably  be 
enhanced  by  improving  the  fabrication  technology.  The  stimulated  emission  at  the  wavelength  as 
short  as  258  nm  evidences  a  strong  potential  of  growing  high  aluminum  content  MQWs  with 
AIN  barriers  on  bulk  AIN  substrates  for  laser  diodes  in  deep  UV  region. 

CONCLUSIONS 

X-ray  analysis  and  photoluminescence  spectroscopy  confirm  high  quality  of  MQW  structures 
consisting  of  Alo.5Gao.5N  wells  and  AIN  barrier  layers  deposited  on  AIN  single  crystal  substrates. 
The  homoepitaxial  growth  of  AIN  epilayers  on  bulk  AIN  substrates  allows  us  to  avoid  lattice 
mismatch  and  many  resulting  structural  defects  in  subsequent  multiple  layers.  Stimulated 
emission  at  258  nm  was  observed  and  demonstrates  good  prospective  for  this  approach  in 
production  of  UV  lasers  based  on  heterostructures  with  high  aluminum  content. 
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Abstract 

GaN  films  were  deposited  on  glass  substrates  using  a  compound-source  molecular  beam  epitaxy  technique. 
Electroluminescent  devices  with  a  double-insulator  structure  were  also  fabricated  using  the  deposited  films. 
When  the  devices  were  operated  using  a  sine-wave  voltage,  one  of  the  emission  peaks  was  located  in  the  UV 
spectral  region.  Introducing  a  small  ammonia  flow  increased  the  deposition  rate. 


1.  Introduction 

Deposition  of  GaN  at  lower  substrate  temperature  than  600  °C  is  suitable  for  the  application  to 
low-cost  and  large-area  light  emitting  devices  such  as  flat  display  panels  [1]  or  photo  detectors  [2]. 
Nevertheless  synthesis  of  GaN  required  higher  deposition  temperatures  than  700  °C  [3],  we  consider 
that  low  substrate  temperature  will  be  realized  using  GaN  powder  as  a  source  material  and  its 
sublimation  [4].  The  sublimation  of  GaN  has  already  been  reported  [5],  However,  hydrogen  atoms 
remained  in  the  GaN  powder  act  as  transport  assistance  during  the  sublimation.  The  quantity  of 
remained  hydrogen  atoms  is  decreased  during  the  deposition.  Thus  the  sublimation  rate  is  decreased 
during  the  sublimation  [6].  It  is  not  suitable  for  the  fabrication  of  light  emitting  devices,  because  the 
deposition  rate  and  quality  of  deposited  films  is  changed  during  the  deposition.  To  obtain  the  constant 
deposition  rate,  GaN  source  powders  were  pre-annealed  in  vacuum  before  the  deposition.  Although  the 
deposition  using  compound  source  molecular  beam  epitaxy  (CS-MBE)  technique  and  no  additional 
nitrogen  source  was  performed,  the  layers  deposited  at  room  temperature  were  Ga-rich  amorphous  GaN. 
The  N/Ga  ratio  in  the  film  was  able  to  control  by  changing  the  substrate  temperature  [7]. 

Although  the  control  of  substrate  temperature  is  effective  to  obtain  high  light  intensity  of 
photoluminescence  spectra,  the  deposition  rate  was  decreased  as  increasing  the  substrate  temperature, 
because  of  the  re-evaporation  of  Ga  metal  in  the  surface.  The  low  deposition  rate  of  80  nm/h  is  not 
enough  to  the  device  fabrication.  In  this  paper,  the  fabrication  of  electroluminescent  devices  (ELDs) 
using  deposited  GaN  films  at  the  substrate  temperature  of  450  °C  is  reported.  The  introduction  of 
ammonia  during  the  growth  is  discussed  in  the  view  of  deposition  rate  and  optical  properties. 
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2.  Deposition  of  GaN  films 


For  the  deposition,  GaN  powder  (5N)  was  used  as  the  source  material.  This  GaN,  which  wa 


synthesized  from  Ga  metal  and  ammonia,  was  kept  at  960  °C  in  a  Knudsen  cell  (K-cell)  during  th 
deposition.  Because  it  contained  hydrogen,  the  source  was  annealed  in  vacuum  at  900°C  for  more  thai 
10  hours  to  reduce  the  hydrogen  contamination.  The  GaN  powder  was  yellow  before  annealing,  bu 
became  white  after  annealing.  Ammonia  was  supplied  during  film  deposition,  at  a  flow  rate  of  less  thai 
0. 1  seem.  Si02-fused  glass  substrates  were  used  tor  the  deposition.  The  substrate  temperatures  wer 
varied  from  RT  to  500°C,  respectively.  The  back  of  the  substrates  was  coated  with  indium  to  obtain 
uniform  substrate  temperature.  The  N/Ga  ratio  was  estimated  from  Auger  electron  spectroscopy  (AES 
spectra.  The  atomic  concentrations  of  N  and  Ga  on  the  surface  were  estimated  using  AES  peak-to-pea 
widths  and  sensitivity  parameters.  All  deposited  films  will  be  Ga-rich,  that  was  estimated  using  th 
N/Ga  ratio  of  GaN  deposited  by  metal-organic  vapor  phase  epitaxy  (MOVPE).  Although  the  N/Ga  rati* 
does  not  perfectly  reflect  the  stoichiometry  in  the  layers,  it  is  a  very  valuable  parameter  that  reflects  th 
nitrogen  concentration  in  the  layers. 


3.  Fabrication  of  electroluminescent  devices 
The  ELDs  were  fabricated  using  a-GaN  as  the 
emission  layer  deposited  at  RT  and  450  °C  with  no 
additional  nitrogen  sources.  ELDs  were  fabricated 
using  a-GaN  as  emitting  layers.  Double  insulators 
were  adopted  for  the  device  structure  [1|.  The 
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Fig.  1  Electroluminescent  spectra  of  GuN- 
based  ELDs.  GaN  films  were  deposited 
at  different  substrate  temperatures. 


Fig.  2  1’he  N/Ga  ratio  and  normalized  deposition 
rate  of  GaN  films  deposited  at  different 
substrate  temperatures. 


BEST  AVAILABLE  COPY 

446 


structure  of  the  ELDs  is  like  a  capacitor.  The  devices  were  operated  under  the  driving  conditions  of  a 
sine  wave,  a  maximum  applied  voltage  of  80  V,  and  a  frequency  of  0.9  kHz. 

The  electroluminescent  (EL)  spectra  of  the  ELDs  using  a-GaN  as  the  emission  layer  deposited  at 
the  substrate  temperatures  of  RT  and  450  °C  are  shown  in  Fig.  1 .  The  EL  spectra  at  room  temperature 
were  detected  using  a  multichannel  spectrometer,  with  accumulation  time  of  500  seconds.  The  UV 
emission  peak  was  observed  from  the  devices  deposited  at  450  °C,  although  no  UV  peaks  were 
observed  from  that  deposited  at  RT.  The  spectral  different  of  the  samples  between  deposited  at  RT  and 
450  °C  is  due  to  the  N/Ga  ratio  in  the  deposited  layers. 

4.  Deposition  rate  and  ammonia  flow 

The  thickness  of  deposited  layers  depends  on  the  substrate  temperature  during  the  deposition,  as 
shown  in  Fig.  2  (open  circles).  On  the  other  hand,  the  N/Ga  ratio  of  deposited  layers  increased  with 
increasing  the  substrate  temperature  due  to  the  re-evaporation  of  excess  Ga  metal  on  the  surface  of 
substrates.  In  order  to  increase  the  deposition  rate,  it  is  effective  to  take  the  excess  Ga  metal  in  the  films 
by  reaction  with  a  nitrogen  source.  Thus  a  small  amount  ot  ammonia  gas  was  introduced  during  film 
deposition.  The  deposition  rate  was  increased  upon  introducing  the  ammonia  flow  at  a  substrate 
temperature  higher  than  400  °C,  due  to  the  catalytic  reaction  between  Ga  metal  and  ammonia  [8].  The 
N/Ga  ratio  was  also  increased  upon  introducing  the  ammonia  flow. 

5.  Discussion 

4-1  Electroluminescent  devices 

The  spectrum  of  the  device  deposited  at  450  °C  consisted  of  360  nm  (UV)  and  550  nm  (visible) 
peaks.  Although  the  origins  of  these  emissions  are  unclear  at  present,  the  550  nm  emission  peak  tends 
to  increase  gradually  with  operation  time.  The 
emission  peak  at  360  nm  is  very  interesting,  because 
part  of  the  emission  energy  is  higher  than  the  band- 
gap  energy  of  the  hexagonal  GaN  crystal.  We  consider 
that  some  clusters  are  formed  in  the  a-GaN  films  and 
that  the  UV  peak  is  related  to  the  bond-gap  energies  of 
the  clusters,  because  the  bond-gap  energy  is  higher 
than  the  band-gap  energy  of  its  crystal  [81.  The 
lifetime  of  the  device  deposited  at  450  °C  was  several 
minutes,  which  was  longer  than  that  deposited  at  RT 
(a  few  seconds).  Although  comparison  of  the 
intensities  is  impossible  because  of  their  lifetime,  the 
emission  intensity  of  the  device  deposited  at  450  °C 


Fig.  4  Photoluminescence  spectra  of  GaN  films 
deposited  with  and  without  ammonia  flow. 
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looks  like  stronger  than  that  deposited  at  room  temperature. 

The  high  N/Ga  ratio  of  deposited  films  indicates  the  close  to  the  stoichiometry.  The  vapor  pressur 
of  Ga  is  higher  than  that  of  nitrogen  under  a  Ga-rich  condition  [9].  Increase  of  substrate  temperatur 
and  additional  ammonia  flow  are  effective  to  recover  the  stoichiometry  of  the  deposited  films,  whic 
lead  to  the  increase  of  the  UV  emission  peak. 

4-2  Deposition  rate  and  ammonia  flow 

The  UV  emission  peak  was  observed  from  the  a-GaN-based  ELD  under  sine-wave  operatior 
Because  its  structure  is  simple  and  a  glass  substrate  can  be  used,  the  a-GaN-based  ELD  is  a  suitabl 
light  emitter  for  light-emitting  systems  requiring  large-area,  low  cost  fabrication,  such  as  flat  display? 
For  this  application,  a  high  deposition  rate  is  required.  However,  the  deposition  rate  in  the  CS-MB1 
technique  using  GaN  powder  with  no  additional  gas  is  around  0.3  pm/h.  In  this  study,  it  is  clarified  tin 
the  introduction  of  a  small  amount  of  ammonia  is  effective  for  the  realization  of  a  high  deposition  raU 
However,  the  introduction  of  ammonia  affects  the  intensity  of  photoluminescence  spectra  shown  in  Fi| 
4.  The  intensity  is  decreased  as  introducing  the  ammonia  flow.  It  indicates  that  the  hydrogen  involve 
in  the  film  increases  some  non-radiate  centers. 

Summary 

GaN  films  were  deposited  by  the  CS-MBE  technique.  Using  the  deposited  GaN  films,  ELDs  wer 
fabricated.  The  UV  emission  peak  was  observed  front  the  ELDs  under  sine-wave  operation  at  roor 
temperature,  although  the  visible  emission  was  also  observed.  Increase  of  substrate  temperature,  whic 
leads  to  improvement  of  the  N/Ga  ratio,  is  effective  to  obtain  the  UV  emission.  Introduction  c 
ammonia  during  the  deposition  also  improved  the  N/Ga  ratio.  The  results  indicate  that  these  GaN  film 
are  one  of  the  suitable  light-emitting  materials  for  the  light  emitting  devices,  such  as  flat  display  panel? 
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ABSTRACT 

Wide  band  gap  semiconductors  are  attractive  for  developing  high  power  switching  devices 
because  of  their  ability  to  operate  at  both  higher  temperatures  as  well  as  higher  frequencies  than 
conventional  Si.  In  this  paper  we  report  on  the  growth  and  fabrication  of  GaN/SiC  np 
heterojunction  diodes  by  depositing  Si  doped  n-GaN  films  by  plasma-assisted  molecular  beam 
epitaxy  directly  on  SiC  without  the  use  of  GaN  or  AIN  buffers. 

Careful  ex-situ  and  in-situ  preparation  of  the  Si  terminated  6H-  SiC  surface  was  necessary  to 
produce  high  quality  diodes.  Vertical  circular  diodes  were  fabricated  with  sizes  varying  from  200 
microns  to  1mm  in  diameter.  Mesas  were  formed  by  ICP  etching  of  the  MBE  deposited  n-  GaN 
layer  using  C12.  A  Ti/Al/Ni/Au  metal  stack  was  employed  as  an  n-ohmic  contact  to  the  GaN 
layer  and  an  Al/Ti/Au  metal  stack  was  employed  as  a  backside  p-ohmic  contact  to  the  6H-  SiC 
layer.  The  diodes  were  characterized  by  I-V  and  C-V  measurements.  The  1  mm  diameter  diodes 
exhibited  almost  ideal  behavior  under  forward  bias  with  an  ideality  factor  of  1.6,  and  a  reverse 
saturation  current  of  10-19  A/cm2.  Under  reverse  bias,  these  devices  were  driven  up  to  1000  V 
with  a  measured  leakage  current  of  5x  10-7  A.  and  a  dynamic  resistance  varying  from  1010  to 
109  ohms  with  increasing  reverse  bias.  The  built-in  potential  in  these  n-p  heterojunctions  was 
determined  from  C-V  measurements  to  be  2.25  V.  From  these  values  we  determined  that  the 
heterojunction  is  of  Type  II  with  conduction  and  valence  bands  offsets  calculated  to  be  0.65  and 
1 . 1  eV  respectively. 

INTRODUCTION 

The  Ill-Nitrides  are  an  attractive  family  of  semiconductors  for  the  development  of  high 
power  electronic  devices  due  to  the  high  breakdown  fields  and  large  saturation  velocities  found 
in  these  materials.  However,  these  films  are  generally  deposited  on  sapphire  or  6H-SiC 
substrates  due  to  the  lack  of  a  readily  available  and  large  area  GaN  substrates.  6H  SiC  substrates 
are  advantageous  for  the  growth  of  Ill-Nitrides  power  electronic  devices  due  to  their  small  lattice 
mismatch  with  GaN,  -  4%,  and  high  thermal  and  electrical  conductivity.  As  a  result,  these 
devices  can  be  fabricated  as  vertical  diodes  in  contrast  to  the  case  of  a  GaN  homojunction 
deposited  on  c-plane  sapphire.  Torkiv  et  al  have  reported  on  GaN/SiC  n-p  heterojunctions 
fabricated  by  depositing  n-GaN  by  molecular  beam  epitaxy  (MBE)  directly  on  6H-SiC  substrates 
[1].  The  authors  demonstrated  100x100  mm  area  diodes  with  nearly  ideal  forward  IV 
characteristics,  h  =  1.2,  and  low  reverse  saturation  current,  Isat  =  10-32  A/cm2  but  high  reverse 
leakage  currents  ~5xl0-8  A/cm2  at  -10V.  Danielsson  et  al  reported  on  similar  diodes  fabricated 
by  depositing  n-GaN  by  hydride  vapor  phase  epitaxy  (HVPE)  on  p-p  4H-SiC  substrates  [2]. 
These  devices  showed  greatly  reduced  reverse  leakage  current  of  -5x10-9  A/cm2  at  -200V  bias 
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for  a  196  mm  diameter  diode.  In  addition,  the  authors  determined  that  the  heterojunction  has  a 
type  II  band  alignment  that  should  suppress  minority  carrier  injection. 

In  this  paper  we  report  on  the  fabrication  of  GaN/SiC  np  heterojunctions  having  a  high 
reverse  breakdown  voltage  that  are  fabricated  by  depositing  n-GaN  by  molecular  beam  epitaxy 
directly  on  a  p-p  6H-S1C  substrate. 

EXPERIMENTAL  METHODS 

The  Si  doped  n-GaN  films  were  deposited  by  plasma  assisted  molecular  beam  epitaxy  (PA- 
MBE)  using  a  Varian  Genii  MBE  system.  Active  nitrogen  was  supplied  by  an  ASTeX  compact 
ECR  source.  All  of  the  films  were  deposited  on  6H-SiC  substrates  acquired  from  Cree  Inc. 
consisting  of  a  13  mm  thick  p-  SiC  epitaxial  layer  (doped  1x1016  cm-3)  deposited  on  a  405  mm 
thick  p-type  SiC  substrate  polished  3°  off  Si  -face.  The  n-  GaN  films  epitaxial  films  were  grown 
at  a  substrate  temperature  of  750  °C  using  a  100W  microwave  plasma  and  a  N2  flow  rate  of  10 
seem.  The  epi-layers  were  deposited  directly  on  the  SiC  substrates  without  the  use  of  a  buffer 
layer  [3]  by  initially  covering  the  substrate  surface  with  Ga  metal  while  at  the  growth 
temperature  and  subsequently  initiating  epitaxial  growth. 

Discrete  circular  devices  with  diameters  varying  from  100  mm  to  1  mm  were  fabricated 
by  etching  away  the  MBE  deposited  n-GaN  layer  by  inductive  coupled  plasma  etching  (ICP). 
This  layer  was  etched  at  a  rate  of  -  180  nm/min  using  a  C12  plasma  with  a  forward  power  of 
350W  and  a  DC  bias  of -900  V.  The  p+-SiC  ohmic  contact  consisted  of  a  Al/Ti/Au  (50/50/300 
nm)  stack  e-beam  deposited  on  the  backside  of  the  substrate.  The  n+-GaN  ohmic  contact 
consisted  of  an  e-beam  deposited  Ti/Al/Ni/Au  (20/50/20/200  nm)  stack  that  was  lift-off  using 
standard  lithographic  techniques. 

The  forward  bias  I-V  characteristics  of  the  fabricated  devices  were  measured  using  a 
Hewlett  Packard  4 155 A  Semiconductor  Parameter  Analyzer.  The  reverse  bias  I-V  characteristics 
were  investigated  using  a  high  voltage  power  supply  as  a  voltage  source,  a  HP  34401 A  voltmeter 
to  measure  the  voltage  output  of  the  supply  and  a  HP  3457A  picoammeter  to  measure  the  current 
through  the  diode.  A  10  MW  resistor  was  placed  in  series  with  the  diode  to  current  limit  the 
device.  C-V  measurements  were  performed  using  a  Hewlett  Packard  4284  LCR  meter  using  an 
AC  frequency  of  1  MHz  and  a  signal  voltage  of  0. 1  V. 

RESULTS  AND  DISCUSSION 

Figure  1 .  shows  a  typical  IV  characteristic  of  a  1mm  diameter  diode.  These  devices  were 
driven  to  a  reverse  bias  of  830  V  without  observing  the  onset  of  breakdown.  This  is  consistent 
with  the  theoretically  expected  breakdown  of  this  junction  that  should  occur  by  avalanche  at 
reverse  biases  in  excess  of  1000V  based  on  the  calculated  avalanche  break-down  voltage  (BVPP) 
and  depletion  width  at  breakdown  for  the  p—  6H-SiC  layer  given  by  Chow  and  coworkers  [4].  In 
addition,  these  diodes  were  found  to  have  a  differential  resistance  of  1010  W  at  biases  below 
700V  that  is  comparable  to  what  has  been  reported  for  other  GaN  based  homojunctions  at  zero 
bias. 
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Figure  1.  IV  characteristics  of  a  GaN/SiC  np  heterojunction.  Reverse  breakdown  occurs  at  over 
830V.  Nearly  constant  differential  resistance  is  observed  for  bias  less  than  700V. 


Voltage  (V) 


Figure  2.  Forward  IV  characteristics  of  1  mm  diameter  GaN/SiC  np  heterojunction.  The  insert 
shows  a  plot  of  I*dV/dI  vs.  I  for  the  1  mm  diameter  heterojunction.  The  slope  of  the  plot  is  the 
on-state  resistance  (Ron)  of  the  diode. 
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The  forward  IV  characteristic  of  a  1  mm  diameter  diode  is  shown  in  Figure  2.  Under  forward 
bias,  these  diodes  show  nearly  ideal  behavior  over  5  decades  in  current  and  the  calculated 
ideality  factor  and  reverse  saturation  current  were  1.6  and  3.9x10-19  A/cm2.  However,  a  large 
on-state  series  resistance  (Ro  n)  of  ~297  W  was  extrapolated  from  a  plot  of  I  dV/dl  vs.  I  for  t 
these  diodes  (inset  of  Figure  2).  Possible  sources  for  this  resistance  include  the  bulk  p-type  SiC 
substrate  as  well  as  the  ohmic  contacts  to  the  p-SiC  and  n-GaN  layers.  Based  on  specifications 
provided  by  Cree  Inc,  we  calculated  the  contribution  of  the  substrate  to  be  ~  0.5  W.  As  a  result, 
we  conclude  that  the  metal  contacts  are  primarily  responsible  for  the  large  on-state  resistance. 
Since  no  annealing  was  performed  on  these  devices,  it  is  likely  that  the  series  resistance  of  both 
contacts  can  be  improved  through  refinement  of  the  processing. 


Figure  3.  Plot  of  1/C2  vs.  V  for  1mm  diameter  GaN/SiC  np  heterojunction.  Vbi=  2.2  V  and  p= 

1 .2xl016  cm'3  extrapolated  from  the  linear  plot. 

The  quality  of  the  diodes  was  investigated  by  C-V  measurements  and  a  typical  1/C2  vs.  V  plot  if 
shown  in  Figure  3.  A  linear  dependence  was  observed  for  reverse  bias  up  to  40V.  The  doping  of 
the  epitaxial  p-  -SiC  layer  was  determined  to  be  1.2x1016  cm-3  from  the  slope  of  the  plot  that 
agrees  well  with  the  specifications  provided  by  Cree  Inc.  In  addition,  the  extrapolated  built  in 
voltage  (Fbi)  for  the  diode  was  determined  to  be  2.2V  that  agrees  well  with  theoretical 
calculations  as  well  as  experimental  results  that  have  been  reported  in  the  literature  [1]. 


Using  the  following  expressions  given  by  Sze  [5],  the  band  offsets  and  the  type  of 
heterojunction  can  be  determined. 


A Ec  =  EgSiC  -  [{Ef  -  Ey  )SiC  +  Q>bi  -  (Ef  Ec)GoN  ] 
A Ev  -  [(Ef  -  Ey  )SiC  +  -  (Ef  -  Ec)GaN  ]  -  Eg<0aN 
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Based  on  the  built  in  potential  determined  from  C-V  measurements  we  conclude  that  the 
heterojunction  is  of  Type  II  with  conduction  and  valence  bands  offsets  calculated  to  be  0.65  and 
1.1  eV  respectively.  Wile  Torvik  et  al  make  similar  conclusions  about  the  type  of 
heterojunction,  the  authors  determined  considerably  smaller  numbers  for  the  conduction  and 
valence  band  offsets,  0.1 1  and  0.46  eV  respectively  [1].  This  may  be  attributed  to  the  larger 
range  of  applied  bias  with  which  our  diodes  were  investigated  (0-  40V  in  contrast  to  0-4V)  due 
to  greatly  reduced  leakage  currents  observed  for  these  devices.  Figure  4  illustrates  the  GaN/SiC 
band  alignments  based  upon  these  results. 
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Figure  4.  Calculated  band  alignments  for  GaN  and  6H-SiC.  The  heterojunction  is  determined 
to  be  Type  II. 

A  common  figure-of-merit  for  a  power  diode  is  V2RB/RON,  that  is  the  ratio  of  the  reverse 
breakdown  voltage  squared  divided  by  the  on-state  resistance.  A  value  greater  3.2  MW/cm2  was 
calculated  for  these  1  mm  diameter  diode,  based  on  the  extrapolated  on-  state  series  resistance 
(Ron),  that  is  about  1  order  of  magnitude  poorer  than  what  has  been  reported  for  SiC 
homojunctions  based  power  diodes.  However,  considerable  improvement  is  expected  with 
optimization  of  the  ohmic  contacts. 

CONCLUSIONS 

In  conclusion,  we  have  demonstrated  large  area  GaN/SiC  np  junctions  with  reverse 
breakdown  voltage  greater  that  830  V  reverse  bias.  These  devices  show  nearly  ideal  behavior 
under  forward  bias  but  are  presently  limited  by  a  large  on-state  series  resistance.  The  built  in 
potential  for  these  heterojunctions  was  determined  to  be  2.2  V  by  C-V  measurements.  Based  on 
this  result,  we  have  determined  that  the  np  GaN/  SiC  heterojunction  is  Type  II  and  calculated  the 
conduction  and  valence  band  offsets  to  be  0.65  and  1.1  eV  respectively. 
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ABSTRACT 

The  surface  acoustic  wave  velocities,  electromechanical  coupling  coefficients,  and  the  spatial 
distributions  of  both  elastic  displacement  and  electric  potential  have  been  calculated  for  various 
configurations  of  gallium  nitride  and  aluminum  nitride.  The  electromechanical  coupling 
coefficient  values  of  0.13  %  in  GaN  and  0.29  %  in  AIN  have  been  predicted.  The  maximum 
electromechanical  coupling  coefficient  values  of  0.24  %  at  Euler  angles  (0,  54°,  90°)  in  GaN  and 
1.08  %  at  (0, 53°,  90°)  in  AIN  have  been  found.  For  GaN  layer-on-  sapphire  substrate  structures, 
the  SAW  velocity  and  electromechanical  coupling  coefficient  have  been  calculated  as  functions 
of  layer  thickness  and  acoustic  wavelength.  The  experimentally  measured  values  of  the  surface 
acoustic  wave  velocity  and  electromechanical  coupling  coefficient  are  in  satisfactory  agreement 
with  the  calculation  results. 


INTRODUCTION 

Recent  results  on  remote  solar-blind  sensors  [1]  and  demonstration  of  acousto-optic  diffraction 
[2]  using  surface  acoustic  wave  (SAWs)  have  highlighted  the  importance  of  SAW  in  nitrides  for 
novel  acousto-opto-electronic  device  applications.  The  emergence  of  bulk  AIN  and  GaN 
substrates  has  opened  up  a  possibility  to  launch  SAWs  in  GaN  and  AlN-based  films  with 
different  crystallographic  orientations.  The  calculation  of  basic  SAW  parameters  such  as  velocity 
and  electromechanical  coupling  coefficient  for  various  orientations  is  of  great  importance  for  the 
design  of  AlGaN-  based  acousto-opto-electronic  devices.  In  particular,  the  orientations  of 
maximum  SAW  efficiency  can  be  determined.  In  guided  wave  acoustooptics,  the  knowledge  of 
the  spatial  distribution  of  elastic  displacement  and  electric  potential  of  the  wave  is  necessary  for 
the  calculation  of  overlapping  between  acoustic  and  optical  waves  and  finding  conditions  for  the 
optimization  of  their  interaction.  We  solved  the  wave  propagation  equations  with  appropriate 
boundary  conditions  and  calculated  the  SAW  velocity  and  electromechanical  coupling 
coefficient  in  GaN  and  AIN  substrates  for  various  crystal  orientations.  For  the  GaN  layer-on- 
sapphire  structure,  the  SAW  velocity  and  electromechanical  coupling  coefficient  have  been 
calculated  as  functions  of  layer  thickness  and  acoustic  wavelength.  The  spatial  variations  of  the 
SAW  elastic  displacement  and  electric  potential  have  been  calculated  for  both  single  substrate 
and  layer-on-substrate  configurations.  The  SAW  velocity  and  electromechanical  coupling 
coefficient  have  been  measured  in  GaN-on-sapphire  structure  and  are  in  good  agreement  with  the 
calculated  values. 
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CALCULATION  METHOD 


Consider  the  structure  consisting  of  a  piezoelectric  layer  (AIN  or  GaN)  of  thickness  h  over  a 
semi-infinite  non-piezoelectric  substrate  (sapphire)  as  shown  in  figure  1.  The  surface  acoustic 
velocity  and  the  electromechanical  coupling  coefficient  in  such  a  system  are  calculated  using  the 
method  described  in  Ref. 3.  The  propagation  of  elastic  wave  in  a  piezoelectric  film  is  described 
by  the  following  set  of  equations: 


2“J  c  c  gV_-Q 

dt2  ijkl  dxjdx,  kij  dxjdx 


d2uk 
,kl  dXjdx, 


J^Q, 

dxfix,. 


ij,k,l  =  1,2,3 


(1) 


where  p  is  the  mass  density  of  the  material,  c{ju ,  and  £}j  are  the  elastic  stiffness,  the 
piezoelectric,  and  the  dielectric  permittivity  tensors,  respectively,  «,  is  the  elastic  displacement 
vector,  and  0  is  the  electric  potential.  For  a  non-piezoelectric  substrate,  the  system  (1)  is 
simplified  by  eijk  =  0 .  The  boundary  conditions  are:  (1)  continuity  of  the  mechanical 
displacement,  u(=u\ ,  and  stress,  T3i=T'3i,  at  the  interface,  x3=0 ;  (2)  vanishing  of  the  stress, 
T'y= 0 ,  at  the  free  surface,  x3=h ;  (3)  continuity  of  the  normal  component  of  the  electrical 
displacement,  D3~D' 3,  and  potential,  0=  0' ,  at  the  interface,  ^3=0.  Concerning  the  electric 
boundary  condition  for  the  top  surface,  x2=h ,  two  cases  can  be  considered:  (4a)  continuity  of 
the  normal  component  of  the  electrical  displacement,  D\-ke(p' ,  for  the  free  surface  (the 
potential  above  the  top  surface  must  satisfy  the  Laplace’s  equation  in  the  free  space),  and  (4b) 
vanishing  of  the  potential,  0=0 ,  for  the  surface  covered  with  the  infinitely  thin  perfect 
conductor.  (Here,  the  symbols  with  apostrophes  represent  material  properties  of  the  layer,  and 
those  without  apostrophes  represent  substrate  properties).  The  electromechanical  coupling 
coefficient  is  obtained  from  the  relation 


K2  Vf-Vc 
2  V, 

where  V>  and  Ware  the  SAW  velocities  on  a  free  and  conducting  surface,  respectively. 


(2) 


Figure  1.  Layer-on-substrate  structure  and  coordinate  system  used  in  calculations.  Surface 
acoustic  wave  propagates  along  x\  axis. 
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SAWs  ON  SEMI-INFINITE  SUBSTRATE 


First,  we  performed  calculations  for  infinitely  thick  GaN  and  AIN  layers  (as  if  they  were 
semi-infinite  substrates  themselves).  These  solutions  also  apply  for  homoepitaxy  on  bulk  GaN 
and  AIN  substrates.  AIN  and  GaN  belong  to  hexagonal  class  6mm.  The  values  of  the  elastic 
constants  Cy,  piezoelectric  constants  e,j  and  dielectric  permittivities  were  taken  from  Ref.  4. 
The  crystal  cut  and  the  SAW  propagation  direction  are  conventionally  described  by  the  set  of 
Euler  rotation  angles  {X,jU,6).  We  calculated  the  velocity  V and  coupling  coefficient  K 2  for 

SAWs  propagating  along  crystallographic  [1 1  00]  direction  by  rotating  the  propagation  surface 
orientation  around  the  SAW  propagation  direction.  The  corresponding  Euler  angles  were  (0, 

0  <ju<  90° ,  0).  The  results  are  shown  in  figure  2  (a)  for  GaN,  and  in  figure  2  (b)  for  AIN. 

Angle  fi=  0  corresponds  to  the  direction  of  surface  normal  along  [0001]  crystal  axis.  The 
maximum  K 2  values  are  attained  for  the  Z-cut  and  they  are  0. 1 3  %  for  GaN  and  0.29  %  for  AIN. 
Because  of  symmetry,  the  phase  velocity  does  not  depend  on  the  propagation  direction  on  the  Z- 
plane.  For  Y-cut,  K2  drops  to  zero.  It  was  interesting  to  examine  the  possibilities  of  obtaining  the 
larger  values  of  the  electromechanical  coupling  coefficient  by  varying  the  SAW  propagation 
orientation  with  respect  to  the  crystal  axes.  We  found  that  the  maximum  K 2  of  0.24  %  is 
achieved  at  Euler  angles  (0,  54°,  90°)  in  GaN  substrate,  and  1 .08  %  is  achieved  at  (0, 53°,  90°)  in 
AIN.  The  calculated  depth  variations  of  the  elastic  displacement  and  electric  potential  amplitudes 
are  plotted  in  Figure  3  for  the  free  and  metallized  surface  of  AIN.  It  should  be  noted  that 
displacement  contains  only  sagittal  components,  u\  and  M3. 

For  comparison,  the  electromechanical  coupling  value  of  0.06-0.07  %  has  been  reported  for 
GaAs,  and  up  to  5.6  %  in  LiNb03  [5,7]. 


(a)  (b) 

Figure  2.  Phase  velocity  and  electromechanical  coupling  coefficient  as  a  function  of  angle  // 
between  surface  normal  and  [0001]  axis  in  the  (1  1  00)  plane  for  SAW  propagating  along 
[  1 1 00]  axis  in  (a)  GaN  and  (b)  AIN  substrate. 


457 


KJ{  Percent) 


SAWs  IN  LAYER  ON  SUBSTRATE  STRUCTURE 
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Figure  4.  Phase  velocities  and  electromechanical  coupling  coefficients  as  functions  of  product 
kh  for  SAWs  propagating  in  the  structure  consisting  of  (0001)  GaN  layer  on  (0001)  sapphire 
substrate,  (Euler  angles:  0, 0, 0). 
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Figure  5.  Amplitudes  of  SAW  elastic  displacement  and  electric  potential  as  functions  of  distance 
from  surface  (in  units)  for  (a)  first-order  and  (b)  second-order  surface  acoustic  modes  in  the 
structure  consisting  of  (0001)  GaN  layer  on  (0001)  sapphire  substrate. 


EXPERIMENTAL  RESULTS  FOR  GaN  ON  SAPPHIRE 

The  2.6  pm  thick  GaN  layer  grown  by  MOCVD  on  (0001)  sapphire  substrate  has  been  used  in 
experiment.  An  A1  interdigital  transducer  (IDT)  with  16  pm  period  has  been  deposited  on  the 
sample  and  its  Si i  parameter  was  measured  by  the  network  analyzer.  The  extracted  frequency 
dependence  of  IDT  radiation  conductance  is  shown  in  figure  6.  From  the  resonant  IDT  frequency 
/o  =  310  MHz  at  the  SAW  wavelength  16  pm,  we  obtain  the  SAW  velocity  value  4960  m/s.  The 
K2  value  0.058%  is  found  from  the  relation 

Gtt(f0)=SK2f0CTN,  (2) 

where  the  number  of  digits  N  =  90,  and  the  transducer  static  intrinsic  capacitance  Ct  =9  pF.  The 
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Figure  6.  Experimentally  measured  radiation  conductance  of  intcrdigital  transducer  vs  frequency 

experimental  SAW  velocity  and  IC  values  agree  well  with  the  calculated  values  4980m/s  and 
0.052%,  respectively,  corresponding  to  kh=  I  in  figure  4. 


CONCLUSION 

The  surface  acoustic  wave  velocities,  electromechanical  coupling  coefficients,  and  the  spatial 
distributions  of  both  elastic  displacement  and  electric  potential  have  been  calculated  for  GaN  and 
AIN  substrates  and  GaN  layer-on-sapphirc  substrate  structure.  The  K 2  value  as  large  as  1  %  have 
been  predicted  for  a  specific  orientation  in  AIN.  The  experimentally  measured  values  of  the 
surface  acoustic  wave  velocity  and  electromechanical  coupling  coefficient  in  GaN  layer-on- 
sapphire  are  in  satisfactory  agreement  wilh  the  calculation  results. 
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ABSTRACT 

We  report  on  fabrication  and  measurement  of  a  surface  acoustic  wave  resonator  prepared 
on  ~10pm  thick  GaN(OOOl)  films.  The  films  were  grown  by  metal-organic  vapor  phase  epitaxy 
on  a  c-plane  sapphire  substrate.  The  surface  morphology  of  the  films  were  examined  with 
scanning  electron  and  atomic  force  microscopy.  A  metallic  bilayer  of  Al/Ti  was  subsequently 
evaporated  on  the  nitride  film  surface.  Definition  of  the  resonator  interdigital  transducers, 
designed  for  a  wavelength  of  A=7.76fim,  was  accomplished  with  standard  UV  lithography  and 
lift-off.  S-parameter  measurements  showed  a  resonator  center  frequency /o=495MHz  at  room 
temperature,  corresponding  to  a  surface  acoustic  wave  velocity  of  3844m/s.  The  insertion  loss  at 
center  frequency  was  measured  at  8.2dB,  and  the  loaded  Q-factor  was  estimated  at  2200.  Finally, 
measurements  of  the  resonator  center  frequency  for  temperatures  in  the  range  25-1 55°C  showed 
a  temperature  coefficient  of  -ISppmrC.  The  intrinsic  GaN  SAW  velocity  and  electromechanical 
coupling  coefficient  were  estimated  at  V54W=3831m/s  and  ^=1.810.4  l(f3. 

INTRODUCTION 

The  wide  bandgap  semiconductor  gallium  nitride  has  frequently  made  it  to  the  headlines 
in  the  semiconductor  science  community  during  the  last  decade,  mainly  because  of  successful 
applications  in  short  wavelength  optical  emitters  such  as  blue  laser  diodes  and  light  emitting 
diodes  spanning  the  entire  optical  spectrum  [1].  Moreover,  the  piezoelectric  properties  of  the 
group  Di-nitrides  render  this  material  system  an  interesting  option  for  surface  acoustic  wave 
(SAW)  devices  [2].  The  GaN/sapphire  system  is  of  particular  interest  from  an  engineering  point 
of  view,  with  the  sapphire  substrate  featuring  a  high  and  anisotropic  SAW  velocity,  ranging  from 
5548m/s  in  the  [  1 120]  direction  to  5687m/s  in  the  [1 1 00]  direction  [3].  This  provides  rich 
opportunities  for  engineering  the  propagation  properties  of  the  SAW  device  by  controlling  the 
GaN  film  thickness  and  the  orientation  of  the  SAW  device  with  respect  to  the  in-plane  crystalline 
axes  of  the  sapphire  substrate,  as  well  as  the  SAW  wavelength  [3-5]. 

In  order  to  take  full  advantage  of  the  engineering  potential  of  the  GaN/sapphire  system,  it 
is  important  to  establish  the  intrinsic  GaN  SAW  propagation  properties.  An  important 
engineering  challenge  in  this  regard  is  to  grow  thick  epitaxial  films  with  semi-insulating 
conduction  properties,  essential  to  SAW  applications  [6].  Recent  advances  in  materials  growth 
now  render  this  a  feasible  endeavor.  In  the  present  paper,  we  have  investigated  the  performance 
of  a  SAW  resonator  fabricated  on  thick  GaN  films  in  order  to  obtain  the  intrinsic  SAW  velocity, 
temperature  coefficient  of  frequency  (TCF),  and  electromechanical  coupling  coefficient  f?. 
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EXPERIMENTAL 


A  10|Lim  thick  film  of  wurtzite  GaN(OOOl)  was  grown  without  intentional  doping  on  a 
two  inch  wafer  of  c-plane  sapphire  using  metal-organic  vapor  phase  epitaxy  (MOVPE).  Room 
temperature  Hall-effect  measurements  showed  a  carrier  density  <1016cm"3,  which  is  adequate  for 
SAW  generation  with  metallic  interdigital  transducers  (IDTs).  Examination  of  the  GaN  film  with 
both  scanning  electron  and  atomic  force  microscopy  showed  a  smooth  film  surface  with  a  typical 
root-mean-squarc  roughness  of  1 1 A  for  a  5pm  x5pm  scan,  and  scattered  defects  in  the  form  of 
~0.5pm  diameter  pinholes  with  a  density  less  than  one  per  25pm2. 

The  SAW  resonator  measured  and  analyzed  in  this  study  had  two  identical  IDTs  placed 
between  a  pair  of  reflector  arrays,  as  depicted  in  figure  1.  Both  transducer  and  reflector  structures 
were  made  from  a  metallic  bilayer  of  A1  (300±30nm)  /  Ti  (15±2nm)  evaporated  on  the  GaN  film 
surface,  which  had  been  precleaned  by  a  3x5  min  ultrasonic  rinse  in  trichloroethylene,  acetone 
and  methanol,  respectively.  The  IDT  geometry  was  defined  by  standard  UV  lithography  and  lift¬ 
off.  To  improve  adhesion  between  the  IDTs  and  the  GaN  film  surface,  the  samples  were 
annealed  for  30  min  in  air  at  130°C.  This  was  the  only  annealing  adopted  in  the  processing  of  the 
IDTs  to  ensure  minimal  nitrogen  out-diffusion,  which  may  cause  unwanted  n-type  doping  of  the 
GaN  film.  Each  transducer  had  25  pairs  of  equally  spaced  interdigital  electrodes,  1567pm  long 
and  1 .94pm  wide,  with  a  pitch  corresponding  to  a  SAW  wavelength  of  /t=7.76pm.  The 
separation  between  the  nearest  finger  electrodes  of  the  two  transducers  was  76.1pm,  and  the  two 
reflectors  were  composed  of  479  disconnected  fingers  each,  with  a  width  and  pitch  identical  to 
that  of  the  two  IDT’s.  The  separation  of  the  reflectors  from  the  outer  finger  electrodes  of  the  two 
IDTs  was  7.0pm. 

The  transmission  and  reflection  parameters  (S-parameters)  of  the  resonator  were 
measured  with  a  HP8703 A  Lightwave  Component  Analyzer.  The  input  power  in  the  reported 
measurements  was  fixed  at  P=lmW. 


300nm  Al  /  15nm  Ti  Metal  strip  reflectors 


Figure  1.  Schematic  of  the  SAW  resonator  reported  in  this  paper,  with  the  notation  adopted  for  th 
forward  and  reverse  S-parameter  measurements. 
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RESULTS  AND  DISCUSSION 


Figure  2  shows  the  measured  amplitude  response  S21  in  the  time  domain  (a)  and  the 
frequency  domain  (b)  for  the  SAW  resonator.  Figure  2b  shows  a  resonance  superimposed  on  the 
SAW  transducer  passband,  with  a  center  frequency /o=49 5 MHz  at  room  temperature  for  the 
resonance  and  the  IDT  passband  alike.  Note  that  the  direct  electromagnetic  feedthrough,  marked 
“direct  EM”  in  figure  2a,  has  been  gated  out  of  the  amplitude  response  displayed,  which  also 
shows  the  simulated  response  of  the  ideal  resonator.  The  insertion  loss  at  the  center  frequency 
was  measured  at  8.2dB,  and  the  resonator  Q-factor  was  estimated  at  2200.  The  insertion  loss  of 
the  SAW  transducer  passband  was  measured  at  23.7dB  with  a  Q-factor  of  41,  and  the 
suppression  of  the  first  order  side  lobes  with  respect  to  that  of  the  passband  was  23.5dB  and 
25.5dB,  respectively.  This  data  shows  that  adequate  reflection  properties  for  a  SAW  resonator 
can  be  achieved  with  IDTs  and  reflectors  prepared  from  a  simple  Al/Ti  bilayer. 

The  SAW  velocity  for  this  GaN/sapphire  resonator  was  obtained  from  the  equation 
relating  the  Rayleigh  wave  velocity  to  its  frequency, 

v  =  /,-4  (1) 


and  was  estimated  at  3844m/s.  Equation  (1)  is  derived  for  transducers  without  SAW  reflections 
from  the  IDT  fingers.  From  the  measured  S-parameters,  we  estimate  a  reflection  coefficient  of 
r=0.004  per  finger,  which  given  the  limited  number  of  fingers  in  the  two  IDTs  is  sufficiently 
small  to  merit  the  use  of  this  equation. 

Several  studies  have  addressed  the  issue  of  how  to  account  for  the  GaN  SAW  velocity 
when  designing  transducers  that  take  advantage  of  the  favorable  propagation  properties  in  a 
sapphire  substrate.  Deger  et  al.  [3]  and  Kahn  et  al.  [5]  have  studied  the  variations  in  SAW 
velocity  for  thin  films  with  small  wavenumber-thickness  products  kd,  k  being  the  wavenumber 


Time  ftis] 


Figure  2.  Measured  amplitude  response  S21  of  the  SAW  resonator;  a)  in  the  time  domain,  b)  in 
the  frequency  domain  with  the  direct  electromagnetic  coupling  gated  out.  The  dotted  line  in  b) 
represents  the  simulated  response  of  the  ideal  resonator. 
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27tl X  and  d  the  film  thickness,  for  which  a  substantial  part  of  the  signal  propagates  in  the 
substrate.  For  kd  numbers  less  than  ~2,  the  SAW  velocity  was  found  to  be  strongly  dependent  on 
the  device  orientation  with  respect  to  the  symmetry  axes  of  the  sapphire  substrate.  For  higher 
values  of  kd,  the  SAW  velocity  was  virtually  independent  of  the  device  orientation,  decreasing 
with  growing  kd  numbers  towards  what  appeared  to  be  the  intrinsic  SAW  velocity  of  GaN  for 
kd  >  2k,  i.e.,  d  >  X.  These  studies  extrapolate  the  SAW  velocity  of  bulk  GaN  to  3700m/s  [3]  and 
3689m/s  [5],  respectively. 

In  the  present  study,  carried  out  with  thick  GaN  films,  we  chose  to  work  with  £d=8.07,  in 
excess  of  2k,  in  order  to  be  in  a  regime  with  SAW  propagation  properties  characteristic  of  the 
GaN  film  [8],  The  measured  SAW  velocity  of  3844m/s  exceeds  the  conjectured  value  for  bulk 
GaN  as  previously  published  [3,5],  With  the  thick  metallic  bilayer  used  in  the  EDTs  and 
reflectors  of  our  resonator,  we  should  expect  an  even  higher  value  for  the  free  surface  SAW 
velocity  than  the  measured  3844m/s,  due  to  partial  short-circuiting  of  the  SAW  at  the  GaN  film 
surface  and  mechanical  loading  [9]. 

In  order  to  estimate  the  impact  of  the  electrodes  and  the  sapphire  substrate  on  the 
measured  SAW  velocity,  we  have  performed  numerical  simulations  using  reported  experimental 
values  for  the  mass  density,  the  dielectric,  elastic  and  piezoelectric  constants  of  GaN  and 
sapphire  [10-14].  Following  the  analysis  by  Rooth  et  al.  [15],  the  simulations  were  based  on 
deriving  the  SAW  solutions  of  the  vectorial  wave  equation.  For  reasons  of  simplicity,  identical 
material  properties  were  assumed  for  the  Ti  and  the  Al  layers,  thus  performing  the  actual 
computation  for  a  315nm  Al  layer  on  top  of  a  10pm  thick  GaN  film.  The  simulations  were  found 
to  be  highly  sensitive  to  uncertainties  in  the  elasticity  tensor  components.  Thus,  calculations 
were  made  both  with  the  nominal  and  the  minimum  values  for  the  components  of  this  tensor. 

The  simulations  gave  estimates  for  the  SAW  velocities  v/of  the  GaN  free  surface,  vs  of  the  short- 
circuited  surface  and  vai  of  the  surface  covered  with  aluminium.  The  actual  resonator  SAW 
velocity  vr  was  determined  from  [15]: 

vr  =  vf  +  0.73(vs.  -  vf )  +  0.5^,  -  v, )  (2) 

where  the  factor  0.73  derives  from  partial  short-circuiting  of  the  electrostatic  potential  at  the 
GaN  surface  in  an  IDT  structure  with  finger  thickness  and  gap  equal  to  X/4,  and  the  factor  0.5  is 
due  to  the  50%  surface  metal  coverage  of  the  resonator  structure. 

The  orientation  of  the  device  with  respect  to  the  symmetry  directions  of  the  sapphire 
substrate  gives  a  maximum  change  in  SAW  velocity  of  0.3m/s,  which  renders  the  anisotropy  of 
the  SAW  velocity  in  sapphire  immaterial.  However,  taking  the  nominal  and  minimum  values  of 
the  elasticity  tensor  components  we  compute  an  increase  in  the  SAW  velocity  of  this  resonator 
due  to  the  sapphire  substrate  of  26m/s  and  33m/s,  respectively.  Taking  an  average  of  these 
estimates,  we  obtain  a  correction  to  the  measured  SAW  velocity  of  our  resonator  of  30  ±  Im/s. 

Similarly,  for  the  nominal  and  minimum  values  of  the  elasticity  tensor  components  we 
estimate  reductions  in  the  GaN  free  surface  SAW  velocity  due  to  the  metal  electrodes  of  18m/s 
and  16.5m/s,  respectively.  From  the  calculated  contributions  of  terms  two  and  three  in  equation 
(2),  we  conclude  that  the  mechanical  loading  is  approximately  10  times  more  effective  in 
reducing  the  SAW  velocity  than  the  electrical  short-circuiting  of  the  GaN  film  surface  in  this 
case.  We  take  the  average  correction  in  SAW  velocity  of  -17  ±  lm/s  to  be  a  good  estimate  for 
this  resonator.  The  two  contributions  are  the  same  order  of  magnitude  and  of  opposite  sign.  The 
intrinsic  GaN  SAW  velocity  is  estimated  at  383  lm/s. 
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The  change  in  SAW  velocity  due  to  the  metal  IDTs  and  reflectors  is  related  to  a  loss  of 
electrical  energy  from  the  wave.  The  electromechanical  coupling  coefficient  A2  was  estimated  by 
fitting  of  a  simulated  SAW  transducer  response  to  the  measured  direct  SAW  response,  depicted 
in  figure  2a,  by  variation  of  (vf-  vs)/vf.  The  best  fit  gave  an  electromechanical  coupling 
coefficient  of: 


K2  =  2^—^ -  =  (1.8±0.4)l<r3  (3) 

v/ 

We  note  that  this  value  is  one  order  of  magnitude  smaller  than  what  was  previously  reported  by 
Lee  et  al.  [16]  for  a  2pm  thick  film  of  Mg-doped  GaN  with  A1  IDTs,  but  comparable  to  the  A2 
reported  by  Ciplys  et  al.  [9]  for  1 .1pm  and  5.8pm  films  of  GaN  on  sapphire,  both  with  Al 
metallizations. 

Another  important  figure  of  merit  for  materials  to  be  used  in  SAW  devices  is  the  stability 
of  the  center  frequency  upon  changes  in  temperature.  In  order  to  investigate  this,  we  measured 
the  amplitude  response  of  our  resonator  as  a  function  of  temperature,  which  was  measured  with  a 
thermocouple  placed  inside  the  sample  heater.  As  the  temperature  was  increased  from  25  C  to 
155°C,  the  center  frequency  shifted  from  495MHz  to  494MHz,  as  shown  in  figure  3.  A  linear  fit 
to  this  data  renders  a  frequency  shift  of  Af  =  -9kHz/°C,  corresponding  to  a  TCF  of  -18ppm/°C. 
Several  groups  have  measured  the  TCF  for  GaN  thin  films,  [16-17].  Jeong  et  al.  [17]  showed  that 
the  TCF  of  a  2.4pm  film  of  GaN  on  sapphire  depends  on  the  wavenumber-thickness  product  kd 
much  in  the  same  way  as  the  SAW  velocity.  Since  sapphire  has  a  TCF  of  -60ppm/°C  [1 8],  good 
temperature  stability  for  SAW  devices  prepared  from  GaN/sapphire  calls  for  devices  with  large 
wavenumber-thickness  products. 


Figure  3.  Temperature  dependence  of  the  resonator  center  frequency,  f0.  The  TCF  was 
determined  by  linear  regression  (solid  line). 
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CONCLUSIONS 


In  this  study  we  have  demonstrated  the  possibility  of  manufacturing  working  SAW 
devices  on  thick  MOVPE-grown  GaN  epilayers.  The  SAW  velocity  of  our  resonator  was 
measured  at  3844m/s,  from  which  the  intrinsic  SAW  velocity  of  the  GaN  films  was  estimated  at 
3831  m/s.  The  resonator  showed  good  temperature  stability  with  a  measured  TCF  of  -18ppm/°C. 
The  electromechanical  coupling  coefficient  A3  was  estimated  at  1.8±0.4  -10'3. 
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ABSTRACT 

We  improved  the  extraction  of  ultraviolet  light  from  AIGaN-based  light  emitting  diodes 
(LEDs)  at  the  wavelength  of  about  350  nm,  by  introducing  a  transparent  structure  that  is  free 
from  binary  GaN.  We  used  an  AlN-template  layer  on  a  sapphire  substrate  as  starting  medium  of 
the  metal  organic  vapor  phase  epitaxial  growth.  The  buffer  layer  is  an  Alo.2GaOo.8N  alloy.  We  also 
used  a  short  period  alloy  superlattice  as  transparent  and  conductive  p-type  cladding  and  p-type 
contact  layers.  The  resultant  epitaxial  structure  is  confirmed  to  be  transparent  with  the 
transmittance  of  about  90%  within  the  wavelength  range  of  340  -  400  nm.  The  crystal  quality  of 
the  Alo.2GaOo.8N  buffer  layer  was  estimated  by  the  transmission  electron  microscope  (TEM) 
observation.  The  dislocation  density  of  AlGaN  buffer  layer  was  highly  reduced  on  the  AIN 
template  layer,  both  of  which  have  a  low  density  of  screw  and  mixed-type  dislocations,  of  the 
order  of  1 0'8cm'2.  We  also  found  that  light  extraction  is  improved  by  a  factor  of  6  by  introducing 
the  transparent  LED  structure  and  a  p-contact  mirror.  The  resultant  LED  shows  high  performance 
under  RT-CW  operation,  where  1  mW  output  power  at  348  nm  with  20  mA  injection  corresponds 
to  the  external  quantum  efficiency  of  1.4  %.  The  maximum  power  was  7  mW  at  220  mA.  The 
emission  spectrum  is  highly  monochromatic  with  the  UV-to-visible  intensity  ratio  of  about  1000. 
We  also  demonstrate  the  application  of  this  transparent  UV-LED  to  white  light  source  in  a 
bottom-emission  geometry. 

INTRODUCTION 

Nitride  semiconductors  with  sufficient  A1  content,  such  as  AlGaN,  provide  short 
band-gap  wavelengths  of  200  -  360  nm  in  the  ultraviolet  (UV)  range.  Light  sources  of  such  UV 
range  are  promising  as  efficient  solid-state  excitation  sources  in  wavelength  conversion 
technologies  for  lighting  equipment  and  displays,  where  ultraviolet  lights  are  converted  to  visible 
light  by  using  fluorescence  dyes.  They  are  also  promising  in  the  application  field  of 
spectro-chemical  analyses  and  photo-catalytic  chemical  reactions.  Therefore,  clarifying  their 
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potential  is  a  very  important  issue.  We  have  already  demonstrated  a  highly  efficient  AlGaN  activt 
layer[  1 ,2]  grown  on  a  bulk  GaN  substrate[3]  at  the  emission  wavelength  of  353  nm.  However,  the 
extraction  efficiency  of  the  device  was  as  low  as  1  %.  The  drawback  of  this  system  is  the  ligh 
absorption  by  binary  GaN  layers.  GaN  layers  are  conventionally  used  as  buffer  layers  foi 
high-quality  crystal  growth  and  as  p-type  layers  for  conductive  cladding  and  metal  contact.  Tc 
improve  extraction  of  UV  light  shorter  than  GaN  band-gap  wavelength  of  363  nm,  transparen 
buffer  layers  including  transparent  substrates  and  transparent  p-type  layers,  are  indispensable.  Ir 
this  study,  we  fabricated  transparent  LED  structures  that  are  free  from  optically  absorptive  Gab 
layers  (hereafter,  referred  to  as  the  GaN-free  structure),  and  demonstrated  its  potential  for  highly 
efficient  ultraviolet  light  sources. 


EXPERIMENT 


We  grew  device  structures  by  low-pressure  metalorganic  vapor  phase  epitaxy 
(LP-MOVPE)  at  300  Torr.  The  inset  of  Fig.  1  is  a  schematic  drawing  of  the  device  structure.  Ir 
this  study,  we  used  an  AIN  template  layer  on  sapphire  substrates  (NGK  Insulators,  Ltd.). [4]  We 
grew  an  AIN  homoepitaxial  layer  (30  nm),  an  undoped  Alo.2Gao.8N  buffer  layer  (0.7  micron),  a  S 
doped  n-  Alo.2Gao.8N  conductive  layer  (2.3  micron),  and  LED  device  structure.  The  active  layei 
of  the  UV-LEDs  is  a  2-nm-thick  Al0.04Ga0.9eN/  Alo.osGao.92N  single  quantum  well  (SQW)  layei 
sandwiched  by  Alo.3Gao.7N  blocking  layers  (30  nm)  and  cladding  layers  consisting  of  the 
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Fiure  1  Transmittance  spectrum  of  AlGaN-LED  wafer.  The  inset  shows  a 
schematic  drawing  of  the  device  structure. 
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Al0.i6Gao.84N(1.5  nm)/Al0.2Gao.8N(1.5  nm)  short  period  alloy  superlattice  (SPASL).[5,6]  The 
n-type  doping  and  p-type  doping  were  performed  using  Si  and  Mg,  respectively.  In  other  words, 
we  used  transparent  materials  to  the  350-nm  emission  light,  except  for  the  active  layer.  To 
fabricate  LED  devices,  we  used  Pd  as  p-type  ohmic  contact  metal.  The  n-type  contact  is  obtained 
by  dry  etching  the  LED  sample  down  to  the  n-type  layers  beneath  the  active  layer  by  electron 
cyclotron  resonance  plasma  reactive  ion  etching  using  CI2  gas.  We  deposited  Ti/Al  on  the  n-type 
layers  as  contact  metal.  The  output  power  of  the  LED  device  was  measured  by  a  Si-pin 
photodiode  placed  above  or  under  the  sample. 

RESULT  AND  DISCUSSION 


Figure  1  shows  the  result  of  the  evaluation  of  the  transparency  of  the  LED  structure.  Here, 
we  used  an  AlGaN-SQW-LED  as  a  probe  light  source  (peak  wavelength:  354  nm)  for 
transparency  measurement  in  the  ultraviolet  range.  The  transmittance  of  the  epitaxially  grown 
wafer  was  obtained  by  normalization  using  a  raw  substrate  with  an  AlN-template  layer.  The  result 
indicates  the  transparency  is  higher  than  90  %,  although  there  is  a  residual  fringe  due  to  optical 
interference.  This  confirms  the  formation  of  the  transparent  UV-LED  structure  consisting  of 
AlGaN  layers  free  from  binary  GaN. 

Figure  2  shows  a  transmission  electron  micrograph  (TEM)  of  the  AJo.2Gao.8N  layer 
grown  on  the  AlN-template  layer  on  the  sapphire  substrate.  The  brightest  layer  is  the 
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Figure  2  TEM  micrographs  obtained  using  a  (a)  conventional  bright  field,  and  (b)  a  (0002) 
beam,  which  highlights  screw  and  mixed-type  dislocations. 
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Table  I  Comparison  of  the  output  power  of  different  types  of  AlGaN-SQW-LEDs 


epi-structure 

GaN-free  LED  (A) 

GaN-free  LED  (B) 

GaN-buffer  LED  (C) 
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thick  mirror 

semitransparent 

semitransparent 

top  emission 
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bottom  emission 
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AlN-template  layer.  Figure  2(a)  shows  the  conventional  bright  field  TEM  image,  which  clearly 
shows  the  significant  reduction  of  dislocation  density  from  the  AlN-template  layer  (»  10  cm 
to  the  AlGaN  buffer  layer  (~  mid  x  109  cm'2).  Figure  2(b)  shows  the  TEM  image  obtained  undei 
(0002)-beam  excitation.  In  this  condition,  only  screw-  and  mixed-type  dislocations  are  observed 
and  it  is  clear  that  both  the  AlGaN  buffer  layer  and  AlN-template  layer  have  low  densities  ol 
these  types  of  dislocations,  about  2  x  10  8  cm'2.  We  attribute  the  reduction  in  Fig.  2(a),  which  i! 
mainly  due  to  the  reduction  of  the  edge-type  dislocations,  to  the  nature  of  the  low  density  of  th< 
screw-  and  mixed-type  dislocations  in  the  AlN-template  layers. 

Table  I  compares  the  emission  intensity  of  three  types  of  AlGaN-SQW-LEDs:  (A)  / 
GaN-free  LED  with  a  thick  p-contact  metal  (Pd)  as  a  reflecting  mirror,  with  which  the  emission  i; 
from  the  bottom  of  the  device  (LED  A);  A  GaN-free  LED  with  a  semi-transparent  p-typ< 
electrode,  with  which  emissions  from  the  top  and  the  bottom  are  possible  (LED  B);  a  GaN-buffei 
LED  with  the  semitransparent  p-type  contact  metal  as  a  reference  device  (LED  C).  As  shown  ir 
the  table,  LED  A  achieved  the  highest  output  power.  This  is  due  to  the  reflection  enhancement  b) 
the  Pd  metal  mirror.  The  emission  from  the  bottom  side  of  the  LED  B  is  twice  of  that  from  th< 
top  side.  This  is  due  to  a  low  transparency  (~  50%)  of  the  p-type  semitransparent  electrode.  Th( 
emission  form  LED  C  has  lower  emission  intensity  than  LED  B.  This  is  perhaps  due  to  the  lacl 
of  the  extraction  enhancement  caused  by  the  internal  reflection  of  the  LED  device.  Therefore,  we 
conclude  that  light  extraction  is  enhanced  by  a  factor  of  6  by  introducing  the  transparent,  i.e 
GaN-free,  LED  structure  and  p-type  mirror  electrode. 

Figure  3  shows  the  characteristics  of  the  output  power  versus  injection  current  of  the  LEE 
C.  The  emission  from  the  substrate  side  of  the  output  power  is  1  mW  at  the  injection  current  of  2( 
mA,  and  the  external  quantum  efficiency  is  about  1 .4  %.  In  spite  of  the  existence  of  dislocation; 
(Fig.  2),  these  values  are  superior  to  those  we  reported  for  the  LED  grown  on  high-quality  bull 
GaN  substrate, [3]  which  is  due  to  the  light  extraction  improvement  by  introducing  the  transparen 
device  structure.  The  maximum  output  power  is  7  mW  at  the  injection  current  of  220  mA.  Thi: 
saturation  current  is  smaller  than  that  of  the  LED  on  GaN  substrate.  This  is  due  to  the  heatinj 
effect  caused  by  the  poor  thermal  conductivity  of  sapphire  substrate.  Therefore,  we  expect  tha 
the  output  can  be  improved  by  changing  the  chip  shape  and  through 


472 


Figure  3  Output  characteristics  of  the  AlGaN-SQW  LED.  The  inset 
shows  the  output  power  of  the  transparent  LED 

package  design.  As  shown  in  the  inset  of  Fig.  3,  the  emission  spectra  is  highly  monochromatic 
due  to  the  separate  confinement  structure  achieved  by  using  the  SPASL  and  current  blocking 
layers. [5, 6]  The  EL  peak  intensity  at  348-351  nm  is  1000  times  as  large  as  those  of  the  visible 
emission.  Such  a  monochromatic  UV  light  source  is  very  useful  for  spectrochemical  analyses. 

Further,  we  demonstrate  the  UV-LED  application  to  the  excitation  of  white  fluorescence 
dye.  The  GaN-free  LED  with  a  semitransparent  contact  (B)  is  placed  on  a  fluorescence  board. 


Figure  4  White  light  excitation  by  UV  light  from  the  GaN-free  UV-LED  from  a 
fluorescence  board  beneath  the  LED  wafer. 
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The  fluorescence  dyes  were  excited  by  LV  light  that  came  through  the  epi-layers  and  the 
substrate.  This  result  indicates  the  potential  applicability  of  the  AlGaN-based  LED  to  the 
wavelength  conversion  technologies  similarly. 

CONCLUSIONS 

In  conclusion,  we  demonstrated  the  possibility  of  the  fabrication  of  transparent 
UV-LEDs  and  their  potential  for  high  power  extraction.  The  GaN-free  UV-LEDs  consist  of 
AlGaN-buffer-layers,  a  short-period-alloy-superlattice  for  the  cladding  and  contact  layers,  and  an 
AlGaN-SQW  active  layer.  We  confirmed  the  transparency  of  this  LED  structure  from  its 
transmittance  spectra  measured  by  using  an  AlGaN-based  UV-LED.  The  output  power  from  the 
substrate  side  of  the  transparent  LED  is  1  mW  at  the  injection  current  of  20  mA.  The  external 
quantum  efficiency  is  about  1 .4  %,  due  to  extraction  enhancement  achieved  by  introducing  the 
transparent  device  structure.  This  efficiency  is  higher  than  even  that  of  a  UV-LED  grown  on 
bulk-GaN  substrate,  although  the  crystal  quality  of  the  bulk  GaN  is  much  better. 
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ABSTRACT 

We  present  a  study  of  the  electrical  and  optical  characteristics  of  280  nm  emission  deep 
ultraviolet  light  emitting  diodes  (LED)  at  room  and  cryogenic  temperatures.  At  low  bias  the 
defect  assisted  carrier  tunneling  primarily  determines  the  current  conduction.  The  room- 
temperature  spectral  performance  and  optical  power  are  limited  mostly  by  pronounced  deep  level 
defect  assisted  radiative  and  non-radiative  recombination  as  well  as  poor  electron  confinement  in 
the  active  region.  At  temperatures  below  100  K  the  electroluminescence  peak  intensity  increases 
by  more  than  one  order  of  magnitude  due  to  suppression  of  non-radiative  recombination 
channels  indicating  that  with  a  proper  device  design  and  improved  material  quality,  milliwatt 
power  280  nm  LED  are  viable. 


INTRODUCTION 

Due  to  their  enormous  potential  applications  several  research  groups  are  actively  developing 
deep  ultraviolet  (UV)  light-emitting  diodes  (LEDs).  Nishida  et  al.  have  reported  on  milliwatt 
power  UV  LEDs  with  emission  at  352  nm  over  hydride  vapor  phase  epitaxial  (HVPE)  GaN 
substrates  [1].  Recently  using  sapphire  substrates,  we  have  also  reported  on  deep  UV  LEDs  with 
peak  emission  at  325  nm  and  280  nm  [2,3].  Our  reported  devices  utilized  an  innovative 
AlN/Al0.5Gao.5N  superlattice  (SL)  approach  for  deposition  of  2  |im  thick  AlxGai.xN  (x>0.35) 
buffer  layers  with  significantly  lower  defect  levels  [4,5].  In  addition  we  also  employed  a  p+- 
GaN/p-AlGaN  hole  accumulation  layer  for  improving  the  p-doping  and  thereby  hole  injection 
into  the  active  region,  which,  for  the  initial  design  of  285  nm  LED,  comprised  of  an 
Alo.46Gao.54N/Alo.42Gao.58N  single  quantum  well  [3,6],  The  emission  spectra  of  these  280  nm 
LEDs  contained  a  sharp  quantum  well  band  edge  peak  at  280  nm  and  a  deep  level  assisted 
emission  band  at  330  nm. 

Our  recent  studies  show  that  at  very  low  pump  currents  the  330  nm  emission  is  stronger  than 
that  at  280  nm  [7,8].  At  higher  currents  it  rapidly  saturates  with  a  simultaneous  increase  in  the 
280  nm  peak,  which  then  dominates  the  spectra  at  pump  currents  in  excess  of  200  mA.  For  the 
280  nm  emission,  we  previously  reported  room  temperature  powers  as  high  as  0.25  mW  for  a 
pulsed  pump  current  of  650  mA  [9].  The  number  of  nonradiative  defects  is  a  key  factor  that 
controls  the  quantum  efficiency  of  LED  devices  [3].  The  number  of  nonradiative  defects  is  itself 
a  strong  function  of  the  buffer  and  the  active  layers  material  quality.  Additionally,  our  studies 
indicated  that  the  emission  band  at  330  nm  results  from  a  recombination  of  the  electrons  via  deep 
neutral  acceptor  levels  in  the  p-AlGaN  layer  of  our  device  structure  [8, 9].  This  data  also 
suggests  that  the  weak  carrier  confinement  not  only  resulted  in  the  long  wavelength  emission  (at 
330  nm),  but  also  reduced  the  280  nm  emitted  powers  [9].  Now,  we  present  experimental  results 
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confirming  the  origin  of  long  wavelength  band  of  the  electroluminescence  spectra  due  to 
recombination  in  p-AlGaN  layers  due  to  tunneling  nature  of  conduction  mechanism.  We  also 
discuss  a  new  design  of  deep  UV  LED  using  AlxGai.xN  multiple-quantum-wells  (MQWs)  in  the 
active  region.  This  design  results  in  a  more  efficient  carrier  confinement  and  thereby  reduces  the 
long  wavelength  emission  band  at  330  nm.  In  addition  we  have  further  improved  the 
n+-Alo.5Gao.5N  buffer  layer  quality  grown  over  the  AlN/Alo.ssGao.isN  superlattice  by  using  a 
unique  pulsed  atomic  layer  epitaxy  (PALE)  deposition  process  [10].  These  design  and  deposition 
process  increases  the  278  nm  pulse  powers  as  high  as  3  mW  at  a  pump  current  of  1  A. 


STRUCTURE  DETAILS 

The  epilayer  structure  of  the  285  nm  LED  of  initial  design  consisted  of  a  0.2  jum  thick 
Alo.5Gao.5N  layer  that  is  deposited  over  basal  plane  sapphire  using  conventional  low-pressure 
metalorganic  chemical  vapor  deposition  [3].  This  is  followed  by  a  10  period  AIN  (20A)  / 
Alo.5Gao.5N  (300A)  SL  for  strain  relief  and  dislocation  filtering  and  a  1 .8  pm  thick  Si-doped  n+- 
Alo.5Gao.5N  buffer  layer.  This  approach  reduces  the  threading  dislocation  density  and  thus 
enables  the  deposition  of  the  1 .8  pm  thick  n+-Ao.5Gao.5N  layers  without  cracking  [4,5].  In 
addition,  it  improves  the  emission  characteristics  of  the  active  layers  by  a  reduction  of  the 
nonradiative  recombination.  The  device  active  region  consisted  of  an  AlxGai.xN  (x  =  0.46, 

100  A)  /  AlxGai_xN  (x  =  0.42,  30  A)  /  AlxGai.xN  (x  =  0.46,  100  A)  single  quantum  well  (SQW) 
which  was  capped  with  a  Mg-doped  p-Alo.5Gao.5N  (200  A)  and  a  p+-GaN  (500  A)  layer.  All 
layers  of  the  structure  were  deposited  at  1050  °C  and  76  torr. 

For  the  experimental  study,  square  geometry  p-n  junction  devices  were  fabricated  using  a 
reactive  ion  etched  mesa  to  access  the  bottom  /f-Alo^Gao.nN  layer.  As  before,  Ti(20  A)/ 

Al(100  A)/  Ti(200  A)/  Au(2000  A)  and  Ni(20  A)/Au(200  A)  were  used  for  the  n-  and  p-  contact 
metals.  The  contact  anneal  procedures  were  identical  to  our  earlier  reports  [9].  For  the 
temperature  dependent  measurements  the  sample  was  mounted  in  the  close-cycle  He  cryostat. 
The  electrical  characteristics  were  measured  over  the  temperature  range  from  10  K  to  300  K 
using  Agilent  4155C  semiconductor  parametric  analyzer.  A  single  pass  TRLAX-550 
spectrometer  with  UV  enhanced  cooled  CCD  detector  was  used  for  the  electroluminescence  (EL) 
and  photoluminescence  (PL)  spectra  measurements. 


EXPERIMENT  AND  DISCUSSION 

In  Figure  1  we  plotted  the  current  vs.  voltage  (I-V)  characteristics  of  the  LED  in  the 
temperature  range  of  10-300  K.  At  10  mA  of  forward  current  the  LED  operating  voltage 
increases  from  5.2  V  at  room  temperature  to  6.7  V  at  10  K.  The  turn-on  voltage  of  about  4.9  V  at 
300  K  is  somewhat  larger  than  that  expected  from  the  active  layer  bandgap  of  4.35  eV  showing 
additional  voltage  drop  at  the  heterointerfaces.  The  increase  of  turn-on  and  operating  voltage  is 
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Figure  1.  The  LED  I-V  curves  at  different  temperatures. 


much  larger  than  that  expected  from  the  active  layer  bandgap  change  with  temperature.  We 
believe  it  could  be  associated  with  contact  degradation  with  temperature.  At  low  currents  the  I-V 
characteristics  can  be  described  by  tunneling  current  associated  with  tunneling  of  high  energy 
electrons  from  active  layer  into  the  p-barrier  layers  followed  by  non-radiative  and  radiative 
recombination  with  deep  impurity-related  levels.  From  the  I-V  curves  of  Figure  1  the 
characteristics  energy  of  tunneling  process  was  found  to  be  about  151  meV  at  10  K  increasing  up 
to  194  meV  at  room  temperature.  This  weak  dependence  of  the  I-V  slope  on  the  temperature  is 
typical  for  the  tunneling  related  excess  current  at  low  bias  levels. 

The  device  differential  resistance  was  measured  at  50  mA  to  reduce  the  p-n  junction 
contribution  to  the  resistance.  In  order  to  avoid  the  device  self-heating  by  the  applied  bias  the 
high  current  measurements  (I  >  30  mA)  were  done  under  pulse  pumping  of  500  ns  pulses  with 
0.5  %  duty  cycle.  As  follows  from  Figure  1  the  resistance  changes  from  24  Q  at  300  K  up  to  only 
32  Q  at  10  K.  The  increase  of  the  resistance  and  the  absence  of  the  freeze-out  effect  at  low 
temperatures  are  related  to  the  electron  hopping  transport  along  the  impurity  states  in  highly 
doped  n-layers.  The  p-  layer  contribution  to  the  differential  resistance  is  small  and  temperature 
independent  due  to  hole  accumulation  at  the  AlGaN/GaN  interface  and  small  p-GaN  layer 
thickness. 

The  EL  spectra  at  different  temperatures  under  200  mA  pulsed  pump  current  are  plotted  in 
Figure  2.  As  seen  the  intensity  of  QW  band-to-band  emission  peak  located  at  around  280  nm 
increases  fast  with  the  reduction  of  temperature  from  300  K  down  to  10  K.  The  main  peak 
intensity  increases  at  low  temperature  by  more  than  10  times.  Note  that  increase  is  a  function  of 
the  pump  current  and  at  lower  bias  this  intensity  goes  up  by  a  factor  of  100  from  300  K  to  10  K. 
The  intensity  of  the  parasitic  peak  centered  at  about  330  nm  significantly  reduces  as  the 
temperature  decreases.  This  parasitic  peak  is  associated  with  the  recombination  through  the  deep 
levels,  which  are  about  0.5-0.6  eV  within  the  band  gap  of  p-AlGaN  layer. 

In  Figure  3  we  plotted  the  photoluminescence  (PL)  spectra  on  the  same  structure  measured  in 
the  same  temperature  range.  For  PL  study  we  used  the  pulsed  excimer  laser  emitting  at  193  nm 
with  the  pulse  duration  of  8  ns  and  the  repetition  frequency  of  100  Hz.  As  seen  from  Figure  3  the 
PL  spectra  show  similar  increase  in  main  QW  peak  intensity  as  a  function  of  temperature. 
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Wavelength,  nm 


Figure  2.  Electroluminescence  spectra  of  280  nm  LED  as  a  function  of  temperature. 


The  deep  level  emission  peak  is  not  seen  in  the  PL  spectrum  since  the  characteristic  time  of  deep 
levels  is  much  longer  than  the  excitation  pulse  width  of  8  ns.  This  is  confirmed  by  time  resolved 
EL  measurements,  which  showed  the  characteristic  time  for  long  wavelength  peak  to  build  up  is 
about  75  ns  [8].  From  this  study  we  also  found  that  the  transitions  between  the  band  and  deep 
level  are  responsible  for  the  long  wavelength  emission.  These  are  speculated  to  be  transitions 
between  the  conduction  band  and  deep  neutral  acceptor  levels  in  p-AlGaN  induced  by  Mg- 
doping. 

The  comparison  of  EL  and  PL  peak  increase  with  reduction  of  temperature  clearly  shows  thai 
the  hole  injection  into  the  QW  remains  the  same  even  at  temperatures  as  low  as  10  K.  This 
shows  the  defect  related  recombination  and  carrier  confinement  in  the  QW  but  not  the  hole 
injection  to  be  the  key  factors  controlling  the  room  temperature  LED  performance.  Also  this 
implies  the  power  level  of  few  milliwatts  at  280  nm  can  be  obtained  at  room  temperatures. 


Wavelength,  nm 


Figure  3.  Photoluminescence  spectra  of  LED  structure  as  a  function  of  temperature. 
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Figure  4.  LED  electroluminescence  spectra  under  low  forward  bias. 


The  EL  spectra  at  room  temperature  in  low  current  range  (50  (lA  -  5  mA)  corresponding  to 
the  turn-on  of  the  I-V  curve  are  plotted  in  Figure  4.  As  seen  at  50  jiA  (3.8  V)  the  EL  spectrum 
shows  distinct  peak  at  360  nm  and  broad  band  centered  around  400  nm,  which  are  characteristic 
for  p-GaN  band-to-band  and  band-to-acceptor  recombination.  This  points  out  to  a  pronounced 
electron  tunneling  current  from  n-AlGaN  into  p-GaN  followed  by  the  recombination  in  p-GaN 
layer.  At  higher  bias  other  peaks  start  to  appear.  In  particular,  a  330  nm  broad  peak  arises  first 
followed  by  main  280nm  peak,  which  is  seen  only  at  0.5  mA  (5.1V)  and  above.  This  spectral 
behavior  clearly  indicates  deep  levels  in  p-AlGaN  to  be  responsible  for  long-wavelength 
emission. 

In  order  to  reduce  non-radiative  and  long  wavelength  radiative  recombination  we  modified 
the  design  of  the  LED  structure  and  growth  process.  We  used  newly  developed  pulsed  atomic 
layer  epitaxy  (PALE)  to  grow  the  high  quality  AIN  buffer  layer  and  AlN/Alo.asGao.isN  SL  layers 
[10],  This  allowed  us  to  improve  the  quality  of  the  bottom  n-Alo.5Gao.5N  layer.  Also  in  contrast  to 
our  previous  design  of  the  active  layer  with  single  quantum  well  we  now  use  two  Alo.47Gao.53N/ 
Alo.44Gao.56N  quantum  wells.  This  MQW  active  region  increases  the  carrier  confinement  results 
in  significant  reduction  of  the  long  wavelength  emission  band.  Improved  carrier  confinement, 
reduced  defects  and  efficient  hole  injection  led  to  devices  with  dc  powers  as  high  as  0.47  mW  at 
260  mA  and  pulsed  powers  of  3  mW  at  1  A  at  room  temperature  [11].  These  to  date  are  the 
highest  reported  powers  at  the  shortest  wavelength  for  III-N  UV  LEDs. 


CONCLUSIONS 

We  report  on  low  temperature  study  of  deep  UV  AlGaN  SQW  LEDs  emitting  at  280  nm.  The 
I-V  curves  show  small  increase  of  differential  resistance  with  reduction  of  the  temperature 
showing  small  contribution  from  p-layers  due  to  good  p-doping  by  strain-induce  hole 
accumulation  at  AlGaN/GaN  interface.  Temperature  independent  tunneling  carrier  transport  is 
seen  at  low  bias  levels.  The  increase  of  QW  emission  peak  by  more  than  one  order  of  magnitude 
is  shown  at  100  K  and  below.  These  experiments  show  the  room  temperature  LED  performance 
to  be  limited  mostly  by  poor  electron  confinement  in  the  QW  region  as  well  as  large  deep  level 
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assisted  recombination  in  p-AlGaN  layers.  The  modification  of  the  structure  design  led  t< 
significant  suppression  of  the  long  wavelength  emission  band  at  330  nm.  Improved  carrie 
confinement,  reduced  defects  and  efficient  hole  injection  resulted  in  devices  emitting  at  278  nn 
with  dc  powers  as  high  as  0.47  mW  at  260  mA  and  pulsed  powers  of  3  mW  at  1  A. 
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ABSTRACT 

New  ultraviolet  (UV)  light  emitting  device  structures  address  the  problems  of  small 
carrier  concentrations  and  large  band-offsets  in  wide  bandgap  Aluminum  Gallium  Nitride 
(AlGaN)  heterostructures  through  the  use  of  graded  epilayers  for  electron  and  hole 
injection.  For  light  emission  at  280-290  nm,  a  multiple-quantum-well  separate 
confinement  heterostructure  (MQWSCH)  employs  a  graded  AlGaN  structure  for  die 
injection  of  majority  carriers  from  the  metal-semiconductor  contact  layers  into  the  space- 
charge  region  of  the  pn-junction  with  a  higher  bandgap  energy.  Sample  LED  mesa 
devices  were  fabricated  and  have  shown  light  emission  of  289  nm  under  a  forward  bias  of 
12V  (20mA).  These  results  provide  a  ‘proof-of-concept’  for  this  new  graded  device 
structure  which  can  be  employed  for  the  development  of  both  UV-LEDs  and  laser  diodes. 

INTRODUCTION 

Research  in  wide  bandgap  semiconductors  for  optoelectronic  devices  has  yielded 
tremendous  advances  in  the  past  decade  including  the  commercial  introduction  of  LED 
across  the  blue  and  green  wavelength  range  (400-525  nm)  as  well  as  the  demonstration  of 
UV-LEDs  near  370nm  for  fluorescence  based  white  general  illumination.  [1,2,3]  These 
devices  have  been  based  on  indium  gallium  nitride  (InGaN)  and  gallium  nitride  (GaN) 
heterostructures  thereby  limiting  usage  to  wavelengths  longer  than  365  nm  (3.41  eV). 

The  demonstration  of  optoelectronic  devices  at  shorter  UV  wavelengths  have  used 
AlGaN  or  quaternary  AlGalnN  based  heterostructures  to  achieve  direct  bandgap 
transition  energies  higher  than  3.4 leV  [4].  UV  optoelectronic  devices  based  on  this 
approach  have  included  UV  light  emitters  and  p-i-n  photodiodes  for  both  visible  blind 
and  solar  blind  UV  detection  and  imaging  [5,6]. 

A  recent  potential  application  to  be  identified  for  wide  bandgap  semiconductors  is 
UV  light  emitters  for  optical  sources  to  be  used  in  the  fluorescence  detection  of 
biomolecules  including  the  tryptophan,  tyrosine  and  phenylalanine.  It  is  well  known 
from  biochemistry  that  the  aromatic  structure  of  these  amino  acids  provides  a  resonance 
for  UV  fluorescence  spectroscopy.  With  and  optical  excitation  source  for  fluorescence 
spectroscopy  of  265-280nm  (4.42-  4.67eV),  characteristic  luminescence  is  emitted  at 
longer  wavelengths  for  each  compound  [7].  AlGaN  based  UV  light  emitters  are  expected 
to  form  the  technological  basis  of  compact  fluorescence  detectors  of  such  biomolecules. 

Our  work  identifies  two  specific  issues  to  be  addressed  in  the  development  of 
AlGaN  based  light  emitters.  The  first  is  the  unavailability  of  a  suitable  p-type  acceptor 
dopant  for  AlGaN  at  bandgap  energies  needed  for  UV  emission.  The  second  is  the 
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significant  role  of  conduction  and  valence  band  offsets  in  the  vertical  transport  of 
majority  carriers  in  pn  junction  LED  structures.  Magnesium  (Mg)  is  the  most  common 
p-type  dopant  used  for  AlxGai.xN  semiconductors.  The  acceptor  ionization  energy  for 
Mg  is  approximately  185  eV  for  GaN  (x=0.0)  which  corresponds  to  a  hole  concentration 
of  less  than  [h']<5xl017  cm'3  for  an  acceptor  concentration  exceeding  [Mg]  >1019  cm'3. 
Despite  this  very  low  hole  ionization  efficiency,  Mg  doping  is  a  quite  successful  for  the 
GaN  based  devices  previously  described  [8].  Unfortunately,  the  acceptor  ionization 
efficiency  increases  with  A1  composition  in  AlxGai-xN  to  an  estimated  430-495  meV  at 
x=0.45  which  corresponds  to  280nm  (4.42eV)  when  using  a  band-bowing  parameter  of 
1  .OeV.  Such  high  acceptor  ionization  efficiencies  precludes  the  thermal  generation  of  an 
acceptable  number  of  holes.  While  less  pronounced  than  in  the  p-type  layers,  a  similar 
effect  of  increased  donor  ionization  energy  with  A1  composition  has  also  been  observed 
in  n-type  AlGaN.  Approaches  to  circumvent  low  majority  carrier  concentrations  have 
included  the  use  of  strained  AlGaN/GaN  superlattice  structures  where  spontaneous  and 
piezoelectric  polarization  fields  induce  the  production  of  free  holes  in  the  valence  band 
[9,10].  Such  techniques  have  shown  success  particularly  in  Hall  Effect  measurements 
where  carrier  transport  is  perpendicular  to  the  polarization  field  direction. 

A  concern  for  the  band-offsets  inherent  in  these  heterostructures  for  devices  where 
carrier  transport  is  in  the  direction  of  the  strain  induced  field,  has  motivated  this  work  in 
using  graded  interfaces  for  the  injection  of  excess  majority  carriers  across  low  energy 
barriers  into  the  pn  junction  of  UV  light  emitters.  Graded  injection  has  generally  been 
recognized  to  minimize  the  influence  of  band-offsets  on  carrier  transport  [11].  Graded 
structures  for  carrier  transport  have  previously  been  demonstrated  as  an  effective  means 
of  injecting  majority  carriers  for  LEDs  made  from  wide  bandgap  II- VI  semiconductors 
[12].  Our  structure  uses  a  similar  approach  for  AlGaN  devices,  where  the  majority 
carriers  at  the  metal-semiconductor  contact  layers  are  injected  across  graded  barriers  with 
minimized  offsets  in  both  the  valence  and  conduction  bands.  As  shown  in  Figure  1,  LED 
structures  without  graded  injection  will  not  only  have  high  donor  ionization  energies,  but 


p-type  AI.MGa,36N 


p-GaN 

(Abrupt  Interface) 
p-AlGaN  Clad 
MQWSCH 
n-AlGaN  Clad 
(Abrupt  Interface) 
n-GaN 
LT-AIN 

Sapphire 


Figure  1.  (a)  Band  energies  and  (b)  typical  epitaxial  layer  design  for  MQW  light 
emitting  devices  containing  traditional  abrupt  interfaces.  Note  the  barriers  to  carrier 
transport  due  to  band  offsets  at  the  GaN-AlGaN  interfaces.  Abrupt  interfaces  block  the 
injection  of  majority  carriers  from  the  metal/semiconductor  contacts  into  the  pn-junction. 
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will  also  possess  substantial  band-offsets  across  both  the  n-type  (-1.13  eV)  and  p-type 
(~0.33eV)  layers.  Band  offsets  give  rise  to  the  need  for  a  substantia]  electric  field  to 
generate  a  current  normal  to  the  interface  as  necessary  for  p-n  junction  diodes.  This 
electric  field  manifests  itself  as  a  high  operating  voltage  for  the  LED  or  laser  diode.  Such 
high  voltage  operation  is  undesirable  and  leads  to  premature  failure  for  devices.  Figure 
2  displays  a  MQWSCH  light  emitter  structure  with  graded  AlGaN  layers  between  the 
GaN  contacts  and  the  AlGaN  cladding  layers.  Note  the  absence  of  band  offsets  on  either 
the  p-type  or  n-type  side  of  the  diode.  When  biased,  a  graded  structure  should  allow  the 
injection  of  majority  carriers  from  the  contact  layers  into  the  space  charge  region  of  the 
diode,  and  result  in  the  emission  of  light  at  the  shorter  wavelength  of  the  MQW  structure. 
Forward  voltages  for  LEDs  operating  at  20mA  are  typically  about  1.0- 1.4V  higher  than 
the  voltage  corresponding  to  the  bandgap  energy  at  the  emission  wavelength.  The 
additional  voltage  drop  often  occurs  due  to  contact  resistances  in  series.  Following  this 
approximation,  a  UV  LED  emitting  at  280  nm  should  ultimately  operate  at  a  forward  bias 
of  5. 3-5.7  V  at  an  injected  current  of  20nm.  This  work  will  demonstrate  the  use  of  these 
graded  AlGaN  structures  for  light  emission  in  the  280nm  wavelength  range. 

p-type  AI.54Ga.3fiN  „ . 

p-GaN 

Graded  p-AlGaN 
p-AlGaN  Clad 
MQWSCH 
n-AlGaN  Clad 
Graded  n-AIGaN 
n-GaN 
LT-A1N 

Sapphire 

n-type  AI.64Gaj6N 

Figure  2.  (a)  Band  energies  and  (b)  epitaxial  layer  design  for  MQW  light  emitting 
devices  containing  graded  interfaces.  Note  the  graded  interfaces  eliminate  band  offsets 
and  allow  for  majority  carrier  transport  across  the  GaN-AlGaN  heterostructures. 

EXPERIMENTAL  DETAILS 

Metal  Organic  Chemical  Vapor  Deposition  (MOCVD)  of  the  epitaxially  grown 
AlGaN  based  heterostructures  in  this  study  was  performed  in  a  downward  vertical  flow, 
high-speed  rotating  reactor  that  has  been  previously  described  [13].  The  metal-  organic 
sources  were  trimethylaluminum  (TMA)  and  triethylgallium  (TEG)  which  were  injected 
to  the  MOCVD  reactor  separately  from  the  ammonia  to  avoid  gas  phase  pre-reaction. 
Double  sided  50mm  sapphire  was  used  as  the  heteroepitaxial  substrate  and  employed  a 
standard  low  temperature  Aluminum  Nitride  (AIN)  buffer  layer  for  the  2D  nucleation  and 
growth  of  the  subsequent  AlGaN  epitaxial  films. 

LED  test  structures  used  a  1  pm  thick  silicon  (Si)  doped  GaN  buffer  layer  with  a 
carrier  concentration  of  lxlO18  cm'3  as  measured  by  CV.  The  composition  of  AlxGai.xN 
is  graded  across  80nm  to  the  x=0.65  cladding.  The  120nm  thick  n- AlGaN  (x=0.65) 
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cladding  and  120nm  thick  n-AlGaN  (x=0.55)  light-guide  layers  were  doped  with  a  silane 
molar  flow  equivalent  to  the  doping  in  the  n-GaN  layer.  CV  profihng  of  separate  \ 
doped  AlGaN  layers  (x=0.57)  achieved  a  concentration  of  1.3-1.5x10  cm  at  a  Iktiz 
test  frequency  and  3-4xl017  cm'3  at  a  1  MHz  test  frequency.  For  dopant  energies 
substantially  higher  than  kT,  the  CV  measurements  correspond  to  donor  state  and  tree 
carrier  concentrations  respectively.  Three  quantum  wells  (x=0.45)  were  separated  by 
barriers  (x=0.54)  with  thicknesses  of  3.5nm  and  15nm  respectively  as  estimated  by 
growth  rate  Changes  in  UV  emission  wavelength  were  accomplished  by  changing  A 
composition  of  the  quantum  wells.  P-type  light  guiding  and  cladding  layers  were  doped 
with  Mg  with  compositions  and  thicknesses  identical  to  the  n-type  layers.  Followmg  t 
cladding  layer,  p- AlGaN  was  graded  from  x=0.65  to  x=0.0  for  p-type  GaN.  Mg  doping 

in  GaN  was  typically  2-3x10'*  cm'3  acceptor  and  4-5x10  cm  hole  concentration  us  g 

low  frequency  (1  kHz)  and  high  frequency  (1  MHz)  CV  as  described  above.  The  p- 
AlGaN  layers  were  doped  using  Cp2Mg  molar  flows  to  achieve  Mg  concentrations 
similar  to  that  of  the  p-GaN  top  layer.  As  acceptor  energy  increases  with  A1 
composition,  we  were  unable  to  separately  measure  high  mole  fraction  p- AlGaN  by  CV. 
Contact  metals  were  Ti/Al  and  Ni/Au  for  n-type  and  p-type  respectively. 

LEDs  were  tested  using  a  two-contact  probe  station  modified  to  accept  fiber-optic 
collection  of  emitted  light.  The  fiber  was  positioned  to  detect  light  emitted  from  the  edge 
of  the  LED  mesas.  Care  was  taken  to  maximize  the  collection  of  electroluminescent  light 
directly  from  the  edge  of  the  mesa  structure  and  minimized  light  which  is  re-emitted  by 
photoluminescence  from  heterostructures  in  the  presence  of  an  internal  UV  source.  Light 
collected  by  the  fiber  system  was  fed  into  an  Acton  Research  monochrometer  with 
computer  controlled  CCD  detection.  Current-voltage  (I-V)  measurements  were  taken  in 
the  same  configuration  using  a  curve  tracing  oscilloscope. 

DISCUSSION 

The  MQWSCH  test  structures  were  fabricated  with  two  separate  active  layer 
compositions,  the  first  group  targeted  for  UV  emission  at  330-340nm  and  the  second 
eroun  targeted  for  280-290nm.  Representative  spectra  from  each  set  of  devices  are 
shown  in  figure  3a  and  3b.  The  spectra  were  typically  recorded  at  forward  injection 
current  of  less  than  10mA  for  100pm  x  100pm  mesa  structures  which  had  been 
configured  to  maximize  the  electroluminescence  collected  by  the  fiberoptic  system.  N 
theslfght  emission  at  the  long  wavelength  side  of  the  peak  in  figure  3a.  We  attribute  this 
addition  emission  at  longer  wavelengths  to  photolummescence  generated  by  contact 
layers  internal  to  the  device  with  electroluminescence  at  a  shorter  wavelength  W e 
expect  further  improvement  with  graded  layer  structures  employing  an  optical  design  to 
minimize  this  photoluminescence  effect  for  UV-LEDs.  This  work  clearly  demonstrates 
light  emission  in  the  280nm  wavelength  range  using  graded  injector  device 

A  parallel  requirement  for  UV-LEDs  is  low  voltage  operation  I-V  25V.  Samples 
grown  without  graded  layers  exhibit  significantly  higher  forward  voltages  curves  for  the 
LED  devices  tested  in  electroluminescence  experiments  display  the  typical  rectifying 
behavior  of  a  diode,  with  a  minimum  forward  voltage  of  approximately  2V  at  a  current 
of  20mA.  In  addition,  the  reverse  bias  does  not  exhibit  breakdown  at  voltages  exceeding 
(>100V)  at  equivalent  injection  current  levels.  These  I-V  results  demonstrate _the ;  lower 
forward  voltages  observed  by  using  a  graded  carrier  injector  design  on  UV-LEDs  made 
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Figure  3  (a)  Electroluminescence  spectrum  from  an  LED  test  structure  emitting  at  334nm 
with  a  forward  injection  current  of  2mA.  The  emission  wavelength  corresponds  to  an 
AlxGai_xN  composition  of  x=0.15.  (b)  Electroluminescence  spectrum  from  an  LED  test 
structure  emitting  at  289nm  with  a  forward  injection  current  of  7mA.  The  emission 
corresponds  to  an  aluminum  composition  of  x=0.40. 


of  wide  bandgap  AlGaN  semiconductor  material. 

While  the  graded  structure  offers  a  substantial  reduction  is  series  resistance  relative 
to  non-graded  structures,  this  voltage  is  still  approximately  50%  higher  than  is  desired  for 
an  optimum  LED  structure.  Factors  which  may  introduce  this  higher  voltage  drop 
include  series  resistance  due  to  metal-semiconductor  contact  interfaces,  parallel  current 
flow  through  dislocations  or  other  defects  in  the  III-N  epilayers  and  non-optimized 
graded  interface  structures.  The  metal-semiconductor  contacts  in  this  study  followed  a 
standard  metal  selection  and  rapid  thermal  anneal  activation  procedure.  A  metallization 
procedure  optimized  for  these  structures,  including  contact  metals  optimized  for  contact 
to  n-type  AlGaN  are  expected  to  reduce  this  series  resistance.  Ill-nitride  semiconductors 
are  notorious  for  having  high  concentration  of  dislocations.  A  graded  structure  on 
combination  with  an  epitaxially  overgrown  buffer  layer  should  minimize  parallel  current 
flow  requiring  high  forward  voltages  [14].  In  addition  to  dislocations,  differences  in 
lattice  constant  and  thermal  expansion  coefficients  often  leads  to  brittle  fracture  or  crack 
formation  in  epitaxial  layers  containing  high  mole  fraction  AlGaN.  While  unexplored  to 
date,  minimizing  crack  density  should  have  an  effect  similar  to  the  minimization  of 
dislocation  density.  Finally,  the  graded  structures  for  this  study  were  not  specifically 
optimized  for  minimum  series  resistance  across  the  diode.  A  layer  thickness  of  lOOnm 
was  used  for  the  graded  layers.  Changes  in  the  layer  design  such  as  grading  rate,  linear 
vs.  non-linear  grading,  and  MQWSCH  layer  thicknesses  may  be  optimized  to  further 
reduce  the  series  resistance  for  UV-LEDs  at  280nm. 

Finally,  we  have  demonstrated  that  emission  wavelength  may  be  adjusted  by 
changing  AlGaN  composition  in  the  MQW  layer  of  these  UV-LEDs.  Future  efforts 
include  LEDs  with  higher  AlGaN  compositions  to  match  the  UV-LED  emission  with  the 
265-280nm  wavelengths  needed  for  the  fluorescence  detection  of  biochemicals.  A  final 
goal  of  this  effort  is  to  provide  biochemists  with  the  UV  solid-state  devices  operating  at 
voltages  and  wavelengths  necessary  to  utilize  the  tools  of  UV-spectroscopy  in  a  compact 
system  suitable  for  use  beyond  the  confines  of  a  traditional  biochemistry  laboratory. 
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CONCLUSIONS 

This  study  demonstrates  the  use  of  graded  AlxGa]„xN  for  injecting  of  majority 
carriers  from  p-type  and  n-type  GaN  contact  layers  into  wider  bandgap  AlGaN  layers. 

This  approach  circumvents  difficulties  related  to  high  dopant  ionization  energies  and 
substantial  band-offsets  in  high  A1  content  wide  bandgap  LEDs.  Earlier  work 
demonstrated  graded  injection  for  wide  bandgap  II-VI  LEDs.  This  work  demonstrates 
the  effectiveness  graded  interfaces  in  wide  bandgap  AlGaN  based  light  emitters, 
particularly  at  the  compositions  needed  for  solid-state  devices  emitting  in  280nm  UV 
wavelengths.  Electroluminescence  under  forward  bias  conditions  demonstrated  the 
effectiveness  of  the  graded  structure  as  a  means  of  injecting  majority  carriers  into  the  pn 
junction  of  the  LED  for  radiant  recombination.  A  relatively  low  voltage  of  12V  at  20mA 
is  evidence  of  graded  interfaces  as  an  effective  means  to  minimize  band  offsets  in  LED 
structures.  Additional  work  to  optimize  graded  interfaces  and  improve  ohmic  contacts  is 
expected  to  yield  practical  devices  for  detecting  biochemicals  by  UV  fluorescence. 
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ABSTRACT 

We  report  flip-chip  325  nm  emission  light  emitting  diodes  over  sapphire  with  dc  powers  as 
high  as  0.84  mW  at  180mA  and  pulse  powers  as  high  as  6.68  mW  at  1  A.  These  values  to  date  are 
the  highest  reported  powers  for  such  short  wavelength  emitters.  Our  data  shows  the  device 
output  power  under  dc  operation  to  be  limited  by  the  package  heat  dissipation.  A  study  is 
presented  to  determine  the  role  of  thermal  management  in  controlling  the  power  output  for  the 
reported  325  nm  ultraviolet  light  emitting  diodes. 


INTRODUCTION 

Recently,  there  have  been  a  number  of  reports  of  deep  ultraviolet  (UV)  (280  nm  < 

X  <  350  nm)  IH-N  quantum  well  light-emitting  diodes  (LEDs)  on  sapphire,  SiC  and  bulk  GaN 
substrates  [1-9].  In  these  substrate  choices,  SiC  and  HVPE  GaN  have  superior  thermal 
conductivity  and  they  also  allow  for  vertical  conduction  device  geometry.  However,  both  of 
these  substrate  types  are  highly  absorbing  in  the  deep  ultraviolet  wavelength  region  and  thus 
require  the  output  power  extraction  through  the  top  p-contact  and  the  p+-GaN  contact  layer.  In 
contrast,  we  have  shown  sapphire  to  be  a  good  substrate  choice  for  deep  UV  LEDs  with  efficient 
light  extraction  through  the  substrate  [5,6,8-10].  However,  under  dc  operation,  sapphire  substrate 
based  deep  UV  LEDs  suffer  from  excessive  self-heating  due  to  its  lower  thermal  conductivity 
and  relatively  high  operating  voltages.  Recently,  using  micro-Raman  spectroscopy  and 
electroluminescence  (EL),  we  have  reported  that  the  self-heating  in  325  nm  emission  UV  LEDs 
can  increase  the  device  temperature  by  about  70°C  for  a  dc  bias  current  of  50  mA  [10].  We  now 
report  a  significant  improvement  in  the  performance  of  the  sapphire  substrate  based  325  nm 
LEDs  by  the  use  of  a  low  thermal  resistance  package.  A  customized  silver  (Ag)  plated  copper 
header  and  flip-chip  packaging  enabled  us  to  obtain  record  dc  and  pulsed  powers  of  0.84  mW 
and  6.68  mW  for  room  temperature  operation. 


EXPERIMENTAL  DETAILS 

The  epilayer  structure  for  the  LEDs  of  our  study  was  grown  over  basal  plane  sapphire 
substrates  using  the  low-pressure  metal  organic  chemical  vapor  deposition  technique.  Similar  to 
our  previous  report  a  10  period  AIN  (20  AVAl0.2Ga0.sN  (300  A)  superlattice  (SL)  and  a  2  pm 
thick  n+-Al0.2Gao.sN  over  layer  were  used  to  reduce  the  threading  dislocation  density  by  a  factor 
of  five  [11].  The  device  active  layers  consisted  of  three  Alo.1sGao.82N  (1 10  A)/  Alo.12Gao.ssN 
(35  A)  quantum  wells.  These  were  capped  with  a  200  A  thick  Mg-doped  p-Alo.3Gao.7N  and  a 
500  A  thick  p+-GaN  layer.  Square  geometry  mesa  devices  with  edge  dimensions  ranging  from 
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100  pm  to  300  (Jim  were  then  fabricated.  The  mesa  etching,  contact  metalization  and  annealing 
procedures  were  identical  to  those  reported  earlier  [5-7]. 


DISCUSSION 

The  fabricated  wafer  was  diced  and  identical  200  pm  x  200  pm  LED  chips  were  selected  for 
this  study.  These  single  chips  were  then  mounted  in  flip-chip  configuration  on  high  thermal 
conductivity  (175  W/m'K)  insulating  AIN  carriers  by  thermo-compression  gold  bonding.  The 
AIN  carriers  with  the  flip-chip  LEDs  were  mounted  on  a  custom  designed  silver  coated  header 
and  on  a  standard  gold-coated  TO-39  header.  In  addition,  using  an  identical  procedure,  a  parallel 
combination  of  four  200  pm  x  200  pm  LEDs  were  also  flip-chip  mounted  in  the  custom  copper 
header,  which  we  refer  to  as  the  array-package.  Figure  1  shows  the  electro-luminescence 
spectrum  at  dc  pump  current  for  a  single  200  pm  x  200  pm  LED.  As  seen,  the  peak  emission 
wavelength  is  at  325  nm  with  a  FWHM  of  8  nm. 

Figure  2a  shows  the  dc  optical  powers  as  a  function  of  pump  currents  (L-I)  for  the  single 
flip-chip  LEDs  in  the  TO-39  and  the  custom  copper  header  package.  An  integrating  sphere  with 
a  calibrated  UV-enhanced  Si  detector  was  used  for  these  measurements.  It  is  clear  from 
Figure  2a  that  for  the  device  packaged  on  the  copper  header  the  saturation  dc-current  increases 
by  about  20  mA  along  with  an  increase  in  the  output  optical  power.  The  operating  voltage  of 
6.6  V  at  70  mA  dc  was  measured  for  the  single  device  mounted  on  either  the  TO-39  or  the 
custom  copper  header  package.  From  the  low  current  optical  power  data,  where  the  heating 
effects  are  minimal,  we  estimated  the  light  extraction  to  be  improved  by  30  %  for  the  copper 
package.  The  improvement  at  the  higher  pump  currents  is  attributed  to  both  a  better  thermal 
management  and  an  increased  light  extraction.  Figure  2a  also  shows  the  L-I  characteristics  of  the 
2x2  array-package.  A  record  optical  power  of  0.84  mW  at  180  mA  dc  bias  was  measured  for  this 
package  configuration.  We  attribute  this  improved  performance  to  the  lower  differential 
resistance  and  the  better  heat  removal  resulting  from  the  2x2  package  configuration. 


Figure  1.  LED  EL  spectrum  at  100  mA  dc. 
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Figure  2a.  dc  output  power  for  different  flip-chip  package  configurations, 
b.  Pulse  power  of  the  2x2  LED  array. 

Figure  2b  shows  the  pulsed  (500  ns,  10  kHz)  L-I  for  the  2x2  LED  array  package.  As  seen  an 
output  power  as  high  as  6.7  mW  was  measured  for  a  pulsed  pump  current  of  1  A.  To  the  best  of 
our  knowledge,  these  dc  and  pulsed  powers  are  to  date  the  highest  reported  values  for  a  325  nm 
emission  LED  device. 

Figure  3  shows  the  DC  L-I  characteristics  as  a  function  of  the  package  temperature  for  the 
2x2  LED  array.  For  these  measurements  the  package  was  mounted  on  a  thermo-electric  cooler. 
From  the  data  of  Figure  3  we  see  that  the  saturation  current  increase  significantly  when  the  total 
package  is  cooled.  At  10°C  and  180  mA  of  dc  pump  current,  the  optical  power  increases  by 
0.36  mW  from  its  room  temperature  value.  In  addition,  the  saturation  point  of  the  L-I 
characteristics  increases  from  about  200  mA  to  350  mA.  Finally  the  maximum  dc  output  power 
of  1 .5  mW  at  350  mA  dc  was  measured  when  the  package  was  maintained  at  10  °C.  These  data 
clearly  establish  that  thermal  management  and  in  particular  package  heat-sinking  still  to  be  a 
critical  limiting  factor  for  the  dc  operation  of  sapphire  based  deep  UV  LEDs. 


Figure  3.  dc  output  power  for  LED  array  package  at  different  package  temperatures. 
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We  then  estimated  the  temperature  rise  with  dc  bias  current  for  the  custom  copper  header. 
These  measurements  were  carried  out  using  a  micro-thermocouple  assembly.  Type-T 
thermocouples  were  mounted  on  the  top  of  sapphire  substrate  (for  flip-chip  configuration)  as 
well  as  on  the  copper  header.  The  thermal  loss  in  the  TC  wire  was  estimated  to  be  smaller  than 
the  measured  temperature  increase  and  thus  was  neglected  in  these  measurements.  Figure  4a 
shows  the  temporal  temperature  rise  for  the  sapphire  substrate  and  the  copper  header  when  the  dc 
bias  current  was  switched  from  zero  to  40  mA.  The  dc  current  was  kept  steady  for  1000  sec  and 
then  switched  off.  As  seen  from  Figure  4a,  it  takes  approximately  600  sec  for  the  package 
temperature  to  reach  its  steady-state  value.  We  also  measured  the  emitted  power  at  325  nm  and 
the  operation  voltage  as  a  function  of  time  with  the  device  under  a  steady  dc  bias  of  40mA. 

These  data  are  plotted  in  Figure  4b.  As  seen,  in  about  600  sec  after  the  application  of  the  steady- 
state  40mA  dc  bias,  the  optical  power  reduces  to  60%  of  its  initial  value  while  the  operating 
voltage  remains  nearly  constant.  However,  as  evidenced  from  the  repeated  measurements  on  the 
same  device,  these  power  and  voltage  changes  were  not  permanent.  They  are  a  consequence  of 
the  device  temperature  rise  [10].  Note  that  the  degradation  time  constant  of  600  sec  is  also  very 
close  to  the  rise  time  for  the  packaged  device  temperature  to  reach  a  steady  state.  Better  heat 
extraction  from  the  package  should  therefore  reduce  the  device  operating  temperatures  and  thus 
increase  the  output  powers. 

We  also  estimated  the  device  steady  state  temperature  rise  from  the  shift  of  EL  spectrum 
peak  position  as  a  function  of  applied  dc  bias  current  [12].  The  procedure  used  was  similar  to  the 
one  described  in  our  earlier  report  [10]  From  these  temperature  measurements,  we  determined 
the  effective  thermal  resistance  for  the  2x2  array-package  at  steady  state  to  be  about  80  °C/W  at 
40  mA.  Thus,  at  the  saturation  current  of  1 80  mA,  we  estimate  the  device  temperature  rise  to  be 
about  90  °C. 


Figure  4a.  Temporal  evolution  of  the  LED  array  package  temperature  at  40mA  dc  bias, 
b.  Relative  optical  power  and  operating  voltage  change  of  the  LED  array 
package  under  40mA  dc  bias  as  a  function  of  time. 
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CONCLUSION 

In  summary,  we  report  record  performance  of  flip-chip  packaged  324  nm  UV  LEDs  on 
sapphire  substrates,  A  total  dc  optical  power  of  0.84  mW  at  180  mA  and  a  pulsed  power  as  high 
as  6.68  mW  at  1  A  was  measured  for  room  temperature  operation.  At  10  °C  the  maximum  dc 
power  increases  to  1.5  mW  for  350  mA  of  dc  pump  current.  Our  results  therefore  show  that  with 
proper  thermal  management,  324  nm  deep  UV  LEDs  on  sapphire  substrates  are  fully  capable  of 
milliwatt  power  operation. 


ACKNOWLEDGEMENT 

This  work  was  supported  by  DARPA  grant  No.  DAAD 19-02-10282,  monitored  by  J.  Zavada 
and  J.  Carrano.  This  work  was  also  partially  supported  by  US  Army  SMDC  grant  No.  DASG60- 
00-10003,  monitored  by  F.  Clarke,  and  by  NASA  contract  No.  NAG5-10322. 


REFERENCES 


1.  T.  Nishida,  H.  Saito,  and  N.  Kobayashi,  Appl.  Phys.  Lett.  78,  3927  (2001). 

2.  Kinoshita,  H.  Hirayama,  M.  Ainoya,  Y.  Aoyagi,  A.  Hirata,  Appl.  Phys.  Lett.  77, 175  (2000). 

3.  N.  Otsuka,  A.  Tsujimura,  Y.  Hasegawa,  G.  Sugahara,  M.  Kume,  Y.  Ban,  Jpn.  J.  Appl.  Phys. 
39,  L445  (2000). 

4.  M.  Iwaya,  S.  Terao,  T.  Sano,  S.  Takanami,  T.  Ukai,  R.  Nakamura,  S.  Kamiyama,  H.  Amano, 
I.  Akasaki,  Phys.  Stat.  Sol.  (a)  188, 117  (2001). 

5.  V.  Adivarahan,  A.  Chitnis,  J.  P.  Zhang,  M.  Shatalov,  J.  W.  Yang,  G.  Simin,  M.  Asif  Khan, 

M.  Shur,  R.  Gaska,  Appl.  Phys.  Lett.  79, 4240  (2001). 

6.  M.  Asif  Khan,  V.  Adivarahan,  J.  P.  Zhang,  C.  Chen,  E.  Kuokstis,  A.  Chitnis,  M.  Shatalov,  J. 
W.  Yang,  G.  Simin,  Jpn.  J.  Appl.  Phys.  40,  LI  308  (2001). 

7.  J.  P.  Zhang,  V.  Adivarahan,  H.  M.  Wang,  Q.  Fareed,  E.  Koukstis,  A.  Chitnis,  M.  Shatalov,  J. 
W.  Yang,  G.  Simin,  M.  Asif  Khan,  M.  Shur,  R.  Gaska,  Jpn.  J.  Appl.  Phys.  40,  L921  (2001). 

8.  A.  Chitnis,  J.  P.  Zhang,  V.  Adivarahan,  W.  Shuai,  J.  Sun,  M.  Shatalov,  J.  W.  Yang,  G.  Simin, 
M.  Asif  Khan,  Jpn.  J.  Appl.  Phys.  41,  L450  (2002). 

9.  V.  Adivarahan,  J.  Zhang,  A.  Chitnis,  W.  Shuai,  J.  Sun,  R.  Pachipulusu,  M.  Shatalov,  M.  Asif 
Khan,  Jpn.  J.  Appl.  Phys.  41,  L435  (2002). 

10.  A.  Chitnis,  S.  Jason,  V.  Mandavilli,  R.  Pachipulusu,  S.  Wu,  M.  Gaevski,  V.  Adivarahan,  J.  P. 
Zhang,  M.  Asif  Khan,  A.  Sarua,  M.  Kuball,  Appl.  Phys.  Lett.  81,  3491  (2002). 

1 1.  J.  P.  Zhang,  H.M.  Wang,  M.E.  Gaevski,  C.Q.  Chen,  Q.  Fareed,  J.W.  Yang,  G.  Simin,  M.  A. 
Khan,  Appl.  Phys.  Lett.  80,  3542  (2002). 

12.  A.  Chitnis,  V.  Adivarahan,  J.  P.  Zhang,  S.  Wu,  J.  Sun,  R.  Pachipulusu,  V.  Mandavalli,  M. 
Gaevski,  M.  Shatalov,  and  M.  Asif  Khan,  Electron.  Lett.  25,  1709  (2002). 


491 


Mat.  Res.  Soc.  Symp.  Proc.  Vol.  743  ©  2003  Materials  Research  Society 


L7.8 


Micro-Raman  Spectroscopy:  Self-Heating  Effects  In  Deep  UV  Light  Emitting  Diodes 

A.  Sarua1,  M.  Kuball1,  M.  J.  Uren2,  A.  Chitnis3,  J.  P.  Zhang3,  V.  Adivarahan3,  M.  Shatalov3,  and 
M.  Asif  Khan3 

,H.  H.  Wills  Physics  Laboratory,  University  of  Bristol,  Bristol  BS8  1TL,  United  Kingdom 
2QinetiQ  Ltd,  Malvern  WR14  3PS,  United  Kingdom 

department  of  Electrical  Engineering,  University  of  South  Carolina,  Columbia,  South  Carolina 
29208 

ABSTRACT 

Ultraviolet  light  emitting  diodes  (LED)  based  on  GaN  and  its  ternary  alloy  AlGaN  are  key 
devices  for  applications  such  as  solid  state  white  lighting  and  chemical  sensing.  Ultraviolet  LEDs 
are  prone  to  self-heating  effects,  i.e.,  temperature  rises  during  operation,  contributing 
significantly  to  the  commonly  observed  saturation  of  light  output  power  at  relatively  low  input 
currents.  Rather  little,  however,  is  known  about  the  actual  device  temperature  of  an  operating 
ultraviolet  LED.  Using  micro-Raman  spectroscopy  temperature  measurements  were  performed 
as  a  function  of  input  current  on  325nm-Alo.i8Gao.82N/Alo.i2Gao.88N  multiple  quantum  wells 
LEDs  grown  on  sapphire  substrates,  flip-chip  mounted  on  SiC  for  heat-sinking.  Temperature 
maps  were  recorded  over  the  active  device  area.  Temperature  rises  of  about  65  °C  were 
measured  at  input  currents  as  low  as  50mA  (at  8V)  for  200  pm  x  200  pm  size  LEDs  despite  flip- 
chip  mounting  the  devices.  Temperature  rises  at  the  device  edges  were  found  to  be  higher  than  in 
the  device  center,  due  to  combined  heat  sinking  and  current  crowding  effects.  Finite  difference 
heat  dissipation  simulations  were  performed  and  compared  to  the  experimental  results. 


INTRODUCTION 

Wide  bandgap  materials,  such  as  GaN,  AIN,  InN  and  their  alloys  offer  a  range  of  key 
properties  such  as  the  possibility  to  cover  a  bandgap  range  from  0.9eV  up  to  6.2eV,  high 
breakdown  electric  field,  high  mobility,  and  high  temperature  and  chemical  stability. 
Development  of  nitride  based  LEDs  has  recently  been  targeted  towards  low  power  consumption 
white  light  illumination  as  well  as  light  sources  for  chemical  and  biological  sensor  applications. 
Starting  from  high-efficiency  blue-LEDs  based  on  InGaN/GaN  demonstrated  in  the  early  90’s1, 
there  has  recently  been  a  major  breakthrough  into  the  deep  UV  (below  350nm)  range  with  the 
introduction  of  quantum  well  structures  based  on  ternary  and  quaternary  nitride  alloys 
(Al,In)GaN2'9.  Recently,  LEDs  with  main  peak  emission  wavelength  as  low  as  278  nm  with 
milliwatt  operation  have  also  been  realized10.  Nevertheless,  there  are  several  issues  to  be 
resolved  before  these  devices  can  be  introduced  into  the  commercial  market.  In  particular,  self¬ 
heating  effect  is  known  to  be  responsible  for  saturation  of  light  output  power  in  nitride  based 
LEDs11.  The  device  thermal  management  is,  therefore,  of  great  importance  for  LED  designers.  In 
this  work  we  report  on  the  use  of  the  micro-Raman  technique  to  study  self-heating  in  a  deep  UV 
LED  based  on  AlGaN  quantum  well  active  structures  operated  using  DC  pump  current.  Finite 
difference  heat  dissipation  simulation  was  used  to  compare  with  the  experimental  results. 
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EXPERIMENTAL  DETAILS 

The  LED  structure  was  grown  on  a  double-side  polished  sapphire  (0001)  substrate  using  low- 
pressure  metal  organic  chemical  vapor  deposition  (MOCVD).  To  reduce  dislocation  density 
caused  by  the  lattice  and  thermal  expansion  coefficient  mismatch  10  periods  of  an  AIN  (20 
A)/Alo.2Gao.8N  (300  A)  superlattice  (SL)  and  a  2  pm  thick  Alo.2Gao.8N  layer  were  grown.  The 
active  region  was  constructed  of  three  Alo.1sGao.82N  (1 10  A)/  Alo.12Gao.88N  (35  A)  multiple 
quantum  wells.  A  capping  layer  of  200  A  thick  Mg-doped  p-Alo.3Gao.7N  and  a  500  A  thick  p+- 
GaN  layer  was  used.  The  200  pm  x  200  pm  diode  was  diced  from  the  wafer  and  then  flip-chip 
mounted  onto  a  SiC  thermal  conductor  for  efficient  heat-sinking  and  then  fixed  onto  a  gold 
coated  TO-39  holder.  This  structure  gives  improved  heat  extraction  from  the  active  region,  since 
sapphire  alone  is  a  poor  thermal  conductor  (Ksapphire  =  0.35  Wcnf'K'1,  Ksic=  4.5  WcirrK'1).  Flip- 
chip  mounting  also  allows  efficient  UV  light  extraction  from  the  sapphire  side,  which  avoids  the 
use  of  semi-transparent  metal  contacts  for  p-contacting. 

Actual  device  temperature  was  monitored  by  micro-Raman  measurements  using  the  488  nm 
Ar+-ion  laser  line  and  a  Renishaw  micro-Raman  system  in  confocal  mode  with  a  shift  spectral 
resolution  of  about  0.1  -0.2cm*1  and  a  spot  collection  size  of  about  1  pm  diameter.  2D  Raman 
maps  were  recorded  using  a  motorized  XY-stage  attached  to  the  microscope  with  minimum  step 
size  as  low  as  0.1  pm.  The  488  nm  (2.54eV)  excitation  used  in  measurement  is  far  below  the 
bandgap  of  AlGaN  material,  thus  no  laser  heating  of  the  device  occurs. 


DISCUSSION 

Fig.  1  shows  a  typical  IV  curve  of  an  UV  LED  measured  at  DC.  The  turn-on  voltage  is  about 
5V  for  the  given  device.  The  mean  emission  peak  was  about  325  nm  with  100  pW  output  power 
at  20  mA  DC.  The  sapphire  substrate  is  transparent  for  visible  and  UV  radiation  and  allows 
direct  optical  access  to  the  active  device  region  and  the  micro-Raman  technique  can,  therefore, 
be  effectively  applied  for  monitoring  the  device  temperature  during  device  operation12.  To 
monitor  the  actual  device  temperature  the  position  of  the  non-polar  E2(high)  phonon  mode  of 
AlGaN  was  followed.  The  position  of  the  E2(high)  phonon  mode  measured  at  zero  voltage  was 
574.2  cm'1,  which  is  in  a  good  agreement  with  the  position  reported  for  Alo.20Gao.80N  3.  To 
calibrate  the  temperature  measurements  the  dependence  of  the  phonon  position  as  a  function  of 
the  temperature  was  measured  by  placing  the  device  on  a  heating  stage.  The  measured 
temperature  dependence  was  assumed  to  be  linear  in  the  range  between  300K  and  500K.  A 


Figure  1.  IV  curve  of  investigated  UV  LED  operating  in  DC  pumping  mode. 
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temperature  coefficient  k(E2)  of  0.0214  cnf’/K  was  found  (Fig.  2).  This  is  similar  to  the  value 
reported  on  GaN  material14,  i.e.  approximately  the  temperature  dependence  of  the  GaN  phonon 
modes  could  be  used  without  the  need  for  prior  calibration.  The  accuracy  for  the  temperature 
determination  is  limited  by  the  spectral  resolution  of  the  system  and  accuracy  of  the  k(E2) 
determination.  Estimated  temperature  accuracy  was  about  10  °C  in  our  case.  To  eliminate  other 
effects  affecting  the  position  of  the  E2(high)  phonon  mode  (stress,  inhomogenity)  2D  Raman 
maps  were  recorded  at  zero  voltage  over  the  active  device  area.  These  were  used  as  a  reference 
to  the  maps  measured  at  applied  voltage  to  obtain  the  temperature  rise.  Fig.  3  shows  the  result  of 
the  obtained  temperature  distribution  recorded  at  50mA  (8V)  corresponding  to  a  power  of  0.4  W 
for  the  chip  area.  The  average  temperature  rise  ATav  for  the  LED  chip  measured  was  about  65  °C. 
Line  profiles  across  a  similar  chip  (Fig.  4)  and  temperature  point  measurements  (Fig.  5)  in 
different  places  on  the  chip  were  performed  to  reveal  the  temperature  rise  as  a  function  of 
applied  electrical  power.  Device  temperature  was  found  to  be  10-15  degrees  higher  towards  the 
device  edges  than  the  average  temperature  in  the  middle  of  the  device.  This  difference  becomes 


Raman  Shift  (cm*1) 


Temperature  (°C) 


Figure  2.  a)  Raman  spectrum  of  AlGaN  (room  temperature),  b)  E2(high)  phonon  frequency  as 
a  function  of  temperature.  Solid  line  displays  a  linear  fit  to  the  data.  k(E2)  -  phonon 
temperature  coefficient. 


Figure  3.  Temperature  map  obtained  from  the  position  of  the  E2(high)  phonon  mode  of 
AlGaN:  device  is  operating  at  8V,  50mA  DC.  Each  pixel  is  a  square  of  20  pm  x  20  pm. 
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X  position  (mkm) 

Figure  4.  Temperature  rise  recorded  in  a  line  scan  on  an  UV  LED  (see 
insert).  Arrow  shows  the  direction  of  the  scan.  For  each  profile  an  average 
temperature  rise  is  given  on  the  right  hand  side. 
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Figure  5.  Temperature  rise  recorded  from  the  position  of  the  E2(high)  phonon  mode  of  AlGaN  b 
point  measurements  on  the  chip  (see  insert)  as  a  function  of  device  current. 


more  apparent  at  operating  currents  higher  than  50  mA  as  seen  in  Fig.  5.  Light  emission 
occurring  preferentially  at  the  edges  of  the  device  indicates  that  current  crowding  may  be  one  of 
the  factors  contributing  to  this  temperature  distribution,  but  other  factors  also  need  to  be 
considered. 

Finite  difference  heat  dissipation  simulations  were  performed  to  simulate  temperature 
distribution  in  the  device.  The  result  is  shown  in  Fig.  6.  Simulations  (assuming  homogeneous 
current  distribution,  i.e.,  neglecting  current  crowding)  show  that  the  metallic  p-contact  results  in 
a  significant  temperature  drop  in  the  middle  of  the  device,  as  compared  to  the  device  edges.  The 
resulting  temperature  rise  from  simulation  was  about  30-35°C  for  the  middle  of  the  device  and 
about  60-65  °C  towards  the  chip  edges.  This  is  in  the  reasonably  good  agreement  with 
experimental  data  obtained,  taking  into  account  the  large  uncertainty  in  values  of  heat 
conductivity  for  GaN,  AlGaN  and  SiC  materials  and  the  simplified  structure  used.  The  following 
values  of  thermal  conductivities  were  used  in  the  simulation:  KSapphire=0.35  Wcrn^K'1,  KSjc=  4.5 
Wcm  'K1,  KAIGaN  =  0.14  Wcm-’K-1,  kGiin=  1.6  Wcm  'K1,  KAuSn=  0.58  Wcm  'K1. 
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Figure  6.  Temperature  rise  simulated  using  finite  difference  heat  dissipation  for  a  50mA,  8V 
DC  operating  device  (half  of  the  chip  is  modelled).  On  the  right  hand  side  a  schematic  structure 
used  for  simulations  is  shown.  Dash-dotted  line  indicates  the  cross-section  plane  for  which  the 
temperature  profiles  are  shown. 


Figure  7.  Output  power  vs.  pulsed  pump  current  for  flip-chip  mounted  UV  LED  measured  at 
different  temperatures. 


The  measured  temperature  rise  on  the  chip  edges,  therefore,  is  a  consequence  of  the 
combined  effect  of  current  crowding  and  better  heat  extraction  through  the  p-contact  in  the 
middle  of  the  chip.  Experiments  on  heating  the  operating  UV  LED  externally  show  that  elevated 
temperatures  lead  to  a  significant  reduction  in  emitted  light  intensity  (Fig.  7),  confirming  that 
self-heating  effects  contribute  significantly  to  the  UV  output  light  saturation  observed  in 
operating  UV  LED  devices. 


CONCLUSION 

We  have  shown  that  325  nm  deep  UV  LED  devices  based  on  Alo.1gGao.82N/Alo.12Gao.88N 
MQW  structures  are  prone  to  self-heating  effects  while  operating  at  DC  pumping.  The  effect  of 
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self-heating  is  responsible  for  a  reduction  in  light  output  power.  The  temperature  of  the  operating 
device  can  be  effectively  measured  by  micro-Raman  spectroscopy.  The  temperature  rise  of  about 
55  °C  in  the  middle  of  the  device  and  about  70  °C  for  the  device  edges  was  measured  at  a  power 
dissipation  of  0.4  W  for  a  200  pm  x  200  pm  LED  device.  This  temperature  profile  results  from 
the  combined  effect  of  heat-sinking  through  the  flip-chip  contact  in  the  middle  of  the  device  and 
current  crowding  at  its  edges.  Finite  difference  heat  dissipation  simulations  show  fair  agreement 
with  the  experimental  data  obtained. 
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ABSTRACT 

Solar-blind  imaging  arrays  based  on  AlGaN  p-i-n  structures  are  of  high  interest  for  defense 
applications.  We  have  studied  the  material  issues  involved  in  development  of  such  imaging 
arrays  and  have  developed  discrete  photodetector  devices  with  a  high  external  quantum 
efficiency  (EQE)  and  imaging  arrays  of  high  operability. 

For  the  discrete  devices,  a  record  EQE  of  58.1%  peaking  at  274  nm  under  zero  volt  bias  was 
obtained  without  using  an  anti-reflecting  (AR)  coating.  The  EQE  was  seen  to  have  a  slight 
voltage  dependence:  going  up  to  64.5%  at  -5V  reverse  bias.  The  responsivity  had  a  drop-off  by 
one  order  of  magnitude  for  a  wavelength  change  of  4  nm  on  both  the  shorter  and  longer 
wavelength  side.  The  material  quality  and  uniformity  was  found  to  be  very  good  leading  to  the 
development  of  256  x  256  arrays.  A  high  yield  along  with  uniform,  high  EQE  was  obtained  for 
the  detector  devices  in  the  array  leading  to  a  high  operability  of  99.8%. 

INTRODUCTION 

The  solar-blind  spectrum  ranging  from  ~290  nm  to  shorter  wavelength  is  of  interest  from  a 
variety  of  applications.  This  spectral  region  is  called  solar-blind  because  due  to  absorption  in  the 
terrestrial  ozone  layer,  solar  radiation  obtained  near  Earth’s  surface  contains  very  little  radiation 
of  this  wavelength  range.  As  a  result,  a  solar-blind  photodetector  (SBD),  sensitive  to  light  of 
wavelength  shorter  than  -290  nm,  but  insensitive  to  longer-wavelength  radiation  will  be  able  to 
operate  near  the  Earth’s  surface  without  a  large  background  signal  from  the  solar  radiation.  As  a 
result,  if  it  is  intended  to  image  some  object  emitting  light  of  wavelength  shorter  than  -290  nm,  a 
solar-blind  photodetector  can  provide  a  much  higher  signal-to-noise  ratio  compared  to 
photodetectors  operating  at  other  spectral  ranges.  This  is  very  useful  for  a  number  of  defense 
applications  including  missile  detection  from  the  radiation  of  the  exhaust  plume.  Accordingly, 
there  has  been  a  high  interest  in  the  defense  industry  in  fabrication  of  solar-blind  imaging  arrays. 

Semiconductor-based  SBDs  are  of  particular  interest  due  to  the  ease  of  fabrication  into 
imaging  arrays,  their  compact  size,  and  low  voltage  operation.  Particularly,  for  convenience  of 
integration,  it  is  desired  to  flip-chip  mount  the  imaging  array  on  Si  based  read-out  integrated 
circuit  (ROIC).  As  a  result,  it  is  desired  to  have  back-illuminated  SBDs  capable  of  operating  at 
low  bias  voltages.  Operability  at  low  bias  voltages  allows  driving  of  the  photodetectors  using  the 
same  power  supply  as  the  one  used  for  the  ROIC,  obviating  the  need  of  additional  bulky  power 
supplies.  In  the  present  work,  we  report  on  development  of  high  external  quantum  efficiency 
(EQE)  discrete  SBDs  and  high-performance  imaging  array  from  the  same  epitaxial  structures. 

DESIGN  OF  DEVICE  STRUCURE 

AlxGai-xN  based  p-i-n  diode  structures  are  ideal  candidates  for  the  fabrication  of  back- 
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Ti/AI  w-contact  metal 


Ni/Au  p-contact  metal 


-10  nm  GaN:Mg  p-contact  layer 
~10  nm  Alo.45Gao.s5N:Mg 


-150  nm  Alo.45Ga»,55N:uid 


~100  nm  Alo.55Gao.45N:Si+  /7-contact  layer 


-700  nm  Al0.6oGao.4oN:Si-  template 


-20  nm  AIN  buffer  layer 


Double  polished  c-plane  sapphire  substrate 


Figure  1.  Device  structure  used  for  AlGaN  SBD. 


illuminated  SBDs.  For  Jt~0.42,  the  diode  will  have  a  photoresponse  for  photons  of  energy  larger 
than  the  bandgap  energy,  corresponding  to  a  wavelength  shorter  than  ~290  nm.  The  diode  will 
be  insensitive  to  radiation  at  longer  wavelengths  because  those  wavelengths  will  not  be  absorbed. 
Since  high-quality  AIGaN  can  be  conveniently  grown  on  sapphire  substrates,  dual-side  polished 
sapphire,  being  transparent  to  UV  luminescence  is  an  ideal  substrate  for  development  of  SBD. 
The  diode  however,  cannot  be  grown  directly  on  the  substrate  because  of  the  presence  of  a  high 
threading  dislocation  density  (TDD)  in  the  first  few  hundred  nanometers  of  material  grown  on 
sapphire.  As  a  result,  first  a  thick  AIGaN  layer  needs  to  be  grown  on  the  substrate  before 
growing  the  device  structure.  However,  this  AIGaN  layer  will  also  absorb  light  and  the  A1 
content  of  the  layer  must  be  higher  than  in  the  active  region  because  otherwise,  all  the  light  of 
interest  will  be  absorbed  in  this  dislocation-reduction  layer  before  reaching  the  active  region. 
Also,  if  the  Al-content  of  the  dislocation-reducing  “window”  layer  is  increased,  this  effectively 
extends  the  spectral  range  of  the  detector  device  in  the  shorter  wavelength  side.  However,  the 
Al-content  of  the  dislocation-reduction  layer  cannot  be  increased  arbitrarily  because  this  will 
lead  to  relaxation  of  the  active  device  layers  due  to  lattice  mismatch.  Alo.52Gao.4xN  is  a 
convenient  composition  giving  adequate  difference  in  cut-off  wavelength  and  also  low  enough 
lattice  mismatch  for  growth  of  a  thick  enough  /-layer  for  the  p-i-n  device  structure. 

Commonly,  the  //-side  of  the  diode  is  grown  first  (on  the  substrate-side)  to  reduce  the  device 
impact  of  the  spreading  resistance  in  the  relatively  high  resistivity  ^-material  and  to  reduce  the 
memory  effect  from  Mg,  which  is  the  p-type  dopant  of  choice  for  this  material  system.  Since  the 
«-layer  is  also  in  the  path  of  incident  light  to  the  active  region,  it  is  desirable  to  use  an 
Alo.52Gao.48N  :Si+  layer  for  this  in  order  to  maximize  the  light  getting  into  the  active  region.  It  is 
to  be  noted  that  although  the  photodetector  device  operates  in  reverse-bias  under  low  current 
conditions,  a  low  series  resistance  is  of  high  importance  for  obtaining  a  high  EQE.  This  is 
because  the  measurement  of  EQE  under  zero  volt  bias  essentially  involves  measuring  the  short- 
circuit  current  of  a  photodetector  under  illumination.  A  high  series  resistance  will  essentially 
reduce  the  short-circuit  current,  yielding  a  lower  EQE.  Transparency  to  wavelengths  of  interest 
and  low  resistivity  are  thus  to  be  simultaneously  achieved  in  order  to  obtain  high  performance  of 
the  photodetector  device.  Previously,  we  have  demonstrated  significant  improvement  of  the 
EQE  in  an  SBD  device  by  use  of  an  Alo.52Gao.4xN  :Si+  layer  where  these  two  conditions  were 
achieved[l].  In  the  present  work,  the  same  design  was  found  to  yield  even  higher  EQE  through 
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Figure  2.  Cross  sectional  TEM  image  of  SBD  epitaxial  structure. 


further  optimization  of  growth  conditions.  Also,  the  work  was  extended  to  fabricate  imaging 
arrays  of  SBDs. 

EXPERIMENT 

Growth  conditions 

The  AlGaN  device  structures  used  in  this  work  were  grown  by  low-pressure  metalorganic 
chemical  vapor  deposition  (MOCVD)  in  an  EMCORE  Model  D125  UTM  rotating  disk  reactor 
on  two-inch  diameter  c-plane  (0001)  double-polished  sapphire  substrates.  The  growth  occurs  in 
a  H2  ambient  employing  the  primary  precursors  trimethylgallium  (TMGa)  and 
trimethylaluminum  (TMA1)  as  alkyl  sources,  and  ammonia  (NH3)  as  the  hydride  source.  Silane 
(SiH4)  is  used  as  a  source  of  Si  for  w-type  doping  and  bis-cyclopentadienyl  magnesium  (Cp2Mg) 
is  used  for  p-type  (Mg)  doping.  The  growth  pressure  ranged  from  50  to  200  Torr.  A  two-step 
growth  was  used  beginning  with  a  low-temperature  AIN  nucleation  layer  grown  at  ~535C 
followed  by  growth  at  high-temperature:  -1050  to  1070C.  After  growth,  the  sample  is  in-situ 
annealed  in  a  nitrogen  ambient  at  850C  for  10  min  to  activate  the  Mg  acceptor  impurities. 

The  device  structure  is  shown  in  Figure  1.  X-ray  reciprocal  space  map  of  the  as-grown 
epitaxial  structure  revealed  that  with  the  layer  thicknesses  chosen,  the  p-i-n  structure  is  nearly 
fully  strained  to  the  Alo.52Gao.48N  window  layer  underneath.  Figure  2  shows  a  cross-sectional 
TEM  image  of  an  as  grown  SBD  structure.  Threading  dislocation  density  was  estimated  to  be 
~4xl  09  /cm2  near  the  top  of  the  AlGaN  layers. 

Device  Processing  and  Testing 

The  as-grown  crystal  was  processed  into  mesa-geometry  photodiodes  following  standard 
processing  techniques.  First,  diode  mesas  were  defined  by  etching  the  AlGaN  layers  through 
window  openings  patterned  in  a  200  nm  thick  Si02mask  using  reactive  ion  etching  (RIE) 
employing  boron  trichloride  (BCI3)  and  silicon  tetrachloride  (SiCl4).  Then  the  etch  mask  was 
removed  and  the  Mg  acceptor  atoms  were  activated  using  rapid  thermal  annealing  at  850C  for  10 
min.  Through  openings  defined  in  the  Si02  passivation  layer,  Ti/Al/Ti/Au  ^-contact  metal  was 
evaporated  which  was  followed  by  an  ^-contact  anneal  at  850C  for  30  sec.  Then  Ni/Au  p- 
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Wavelength  (nm) 

Figure  3.  EQE  spectrum  of  discrete  SBD  device. 

metallization  was  evaporated  and  the  contact  was  annealed  at  675C  for  2  min.  For  the  discrete 
devices,  round  mesa  diodes  were  fabricated  and  for  the  imaging  array,  a  256x256  array  of  square 
photodetectors  of  30  pmx30  pm  cell  dimensions  were  fabricated. 

The  fabricated  photodetectors  were  tested  using  standard  semiconductor  parameter  analyzer 
hardware.  EQE  measurement  was  done  in  chopped  mode  using  a  locking  amplifier.  EQE  was 
determined  from  measured  photocurrent  by  comparing  with  a  reference  UV  enhanced  Si- 
photodetector. 

RESULTS 

The  EQE  spectrum  of  a  discrete  SBD  device  is  shown  in  Figure  3.  The  peak  of  EQE  was 
obtained  at  a  wavelength  of  274  nm.  The  peak  EQE  measured  was  58.1  %  at  zero  volt  bias, 
which  went  up  to  64.5%  at  -5V  reverse  bias  without  the  use  of  an  AR  coating.  The  individual 
devices  of  the  256x256  array  also  showed  a  high  EQE  of  44.5%  without  any  AR  coating.  The 
devices  of  the  array  showed  a  cut-on  wavelength  of  262  nm  and  a  cut-off  at  278  nm.  Uniformity 
of  responsivity  was  determined  by  the  ratio  of  standard  deviation  to  mean  and  the  a/p  ratio  was 
found  to  be  6%.  The  response  operability  was  determined  to  be  99.8%.  The  elements  of  the 
array  also  displayed  a  high  zero-volt  resistance  Rq.  The  median  value  of  Ro  was  found  to  be 
4.3x1 015  Q  leading  to  a  median  R(>A  product  of  3.1x1 010  Q-cm2.  This  high  value  of  /?r,led  to  a 
high  detectivity  of  D*=1  .5x1 014  cm-Hz1/2-W\  The  responsivity  map  from  a  fabricated  SBD 
imaging  array  is  given  in  Figure  4. 
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Figure  4.  Responsivity  map  of  an  SBD  imaging  array.  The  color  bar  on  the  right  side  is  in 
arbitrary  linear  scale. 

CONCLUSIONS 

We  have  demonstrated  solar-blind  operation  of  AlGaN  p-i-n  photodiodes  with  a  high  EQE 
of  48.1  %  at  A^=274  at  zero  volt  bias  without  any  anti-reflection  coating.  The  same  epitaxial 
structure  was  used  to  develop  a  256x256  imaging  array  of  photodetectors.  The  individual  cells 
of  the  array  also  showed  a  high  EQE  of  44.5%.  The  cells  also  had  a  high  zero-volt  resistance 
giving  a  high  detectivity  of  D*=l  .5xl014  cm-Hz,/2-W].  In  addition,  the  cells  of  the  array 
demonstrated  a  high  yield  and  uniform  performance.  A  response  operability  of  99.8%  was 
determined  for  the  array.  To  our  knowledge,  this  performance  is  the  state-of-the  art  for  discrete 
SBDs  and  SBD  imaging  arrays. 
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ABSTRACT 

The  tensile  strain  in  AlGaN  layers  on  GaN  is  well  established  to  lead  to  cracking  if  a  critical 
thickness  is  reached,  unless  measures  such  as  interlayers  are  applied  to  prevent  their  formation. 
However  in  devices,  such  as  HFETs  such  an  approach  is  impractical.  Growth  of  AlGaN-GaN 
structures  was  carried  out  by  MOVPE  using  a  standard  two  stage  process  for  the  growth  of  the 
GaN  on  sapphire.  The  crack  structures  were  examined  by  optical  and  atomic  force  microscopy. 
Studies  on  thin  AlGaN  layers  on  GaN  close  to  the  crack  critical  thickness  show  the  stress  centres 
from  which  the  cracks  propagate  are  threading  dislocations  with  cracks  often  initially  forming  to 
link  together  these  stress  centres  if  they  are  in  close  proximity.  These  cracks  then  extend  and 
"lock"  into  the  generally  observed  ^2110^  direction  in  more  highly  strained  layers.  A 

macroscopically  uniform  crack  array  is  observed  in  these  thin  AlGaN  samples. 

INTRODUCTION 

The  growth  of  AlGaN  is  required  in  a  wide  variety  of  IH-nitride  devices.  These  include 
violet  laser  diodes  (LDs),  heterojunction  field  effect  transistors  (HFETs),  ultra-violet  emitters, 
photodetectors  and  also  intersubband  devices.  However  the  lattice  mismatch  of  around  3% 
between  AIN  and  GaN  limits  the  thickness  of  material  that  can  be  grown  before  relaxation 
occurs.  For  AlGaN  layers  on  GaN  the  observed  relaxation  is  through  the  formation  of  a  network 
of  cracks  [1,2,3].  These  cracks,  in  addition  to  relieving  strain  in  themselves,  can  lead  to  the 
formation  of  misfit  dislocations  in  the  basal  plane  [2].  While  such  crack  networks  can  be  avoided 
through  the  use  of  a  low  temperature  interlayer  of  AIN  at  the  AlGaN-GaN  interface  for  example 
[4],  these  strategies  are  not  appropriate  in  a  critical  device  region  (as  in  an  HFET)  and  can  cause 
an  increased  threading  dislocation  density,  (which  would  affect  LD  performance). 

Although  the  above  studies  have  outlined  in  some  detail  the  propagation  and  relaxation 
induced  by  cracks,  none  have  to  our  knowledge  discussed  their  nucleation.  In  this  paper  evidence 
is  presented  that  in  single  layers  of  AlGaN  on  GaN  a  high  density  of  microcracks  are  nucleated 
from  the  dislocations  threading  up  through  the  GaN  epilayer  into  the  AlGaN. 

EXPERIMENTAL 

The  samples  examined  in  this  study  were  grown  by  metalorganic  vapour  phase  epitaxy  at 
low  pressure  in  a  Thomas-Swan  3x2”  close  coupled  showerhead  reactor.  They  were  grown  on  c- 
plane  sapphire  substrates,  using  a  standard  two-stage  growth  process  with  a  GaN  nucleation  layer 
grown  at  525°C  followed  by  the  high  temperature  GaN  buffer  at  1030°C.  Details  of  the 
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nucleation  process  employed  arc  reported  elsewhere  [5|.  The  AIGaN  layers  were  grown  on 
approx.  I  pm  thick  GaN  epilayers  al  the  GaN  growth  temperature 

enilave? W"  canied  °Ut  usin8  a  ™rie'y  <*  techniques.  Imaging  of  the 
epdayer  surface  was  earned  out  using  Normarski  interference  optical  microscopy  scanning 

mSZpWAFMT  (S|EM)  USi"8.a,PhiNpS  field  system  and  Ttomic  fomf 

rrFMtlng  a  g“  1?fUmentS  system-  Plan  view  samples  for  transmission 
electron  microscopy  (TEM)  were  prepared  by  ion-milling. 

A1GaN  layer  thickness  and  composition  were  estimated  from  double  crystal  x-rav 

rockhtg' curves"  For  dr ^  ““  “d  Bede  ""S  Software  t0  stmulate  the  resultln 

strained  „Tr!k  h  Pu,Poses  of  *e  emulation,  in  all  cases  the  layers  were  assumed  fully 

in  this  study  are  listed  mtablcT^™^  ^  meaSUred  Va'UeS  °f  the  SampIes  “am'"ed 

RESULTS 


On  examination  of  the  samples  by  AFM  clear  differences  are  found  in  the  formation  of  the 
defects  observed  as  shown  in  Figure  I .  In  Figure  1(a)  for  ihe  lowest  composition  sample  (#1 )  the 

Wsible'mwf,h0,P  SU,  18  SrUar  10  ‘ha‘  °bserVed  in  GaN  payers  with  step  edges  clearly 
Fieure’lthl  "latl0ns  at  'heading  dislocation  cores  that  contain  a  screw  component.  In 
Figure  1(b)  an  image  for  sample  #2  is  shown.  In  this  case  the  threading  dislocation  cores  are 
apparently  elongated,  with  a  tendency  to  elongate  towards  neighbouring  cores  in  cases  where 

-"ft*3.- in  Figure  l(c)  a  “A-**  of  -Si  shore 

thr^Hin  a  ? t'  Sh°u,d1be  noled  that  this  case  there  appear  to  be  no  screw  or  mixed 
threading  dislocation  cores  observable  in  the  AFM  images  taken  on  #3  These  cracks  were  akn 

UntoSEM  ex^iiTt'T  2)  T  Under  °PliCa'  microscoPy  the  features  could  not  be  observed. 
Under  SEM  examination  faint  features  attributable  to  the  extension  of  the  dislocation  cores  were 

Tan  'view  S  T®  *  qUa'i,atiVely  simihr  m-^ology  to  those  obsTdbA™ 
to  id™Sv  T  “V*  out  "a  both  samples  #2  and  #3.  In  the  case  of  #2  it  was  difficult 

o  identify  extension  to  the  cores,  the  reason  for  which  is  unclear.  Cracks  were  clearly  observed 

^^ihTmS:yX^^a,UreS'  n°'  aPParen"y  PartiCipat'ng  lhC  C-k  rela— 

DISCUSSION 


I  tie  breaking  strains  for  “true"  (defect  free)  single  crystals  are  well  known  to  be  extremely 
urge,  and  not  reproduced  by  experimental  results.  In  most  cases  some  form  of  defect  is  required 
to  amplify  the  stress,  allowing  cracks  to  nucleate.  Possible  stress  centres  thm  ean  act  as 

TTdnbyoLnetTrd  e'SCWhere  '6''  ^  **  ““"P1'  may  inC'Ude  dis,ocatio"s  as 


Table  I:  AlxGa,.xN  composition  and  thickness  values  for  layers  examined 


Sample  Code 

AlxGai.xN  Composition,  x 

AlxGai_xN  Thickness,  nm 

#1 

0.241 

65.0 

#2 

0.3 1 7 

31.5 

#3 

0.419 

23.0 
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Figure  1 :  5jim  x  5pm  AFM  images  of  the  surfaces  of  samples  (a)  #1,  (b)  #2  and  (c)  #3 
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Figure  2:  SEM  image  of  the  surface  of  #3,  showing  a  dense  array  of  small  cracks.  The  dark 
spots  are  attibuted  to  charging  effects. 


Based  on  the  AFM  images  in  Figure  1  it  is  apparent  that  the  initial  cracks  forming  in  the 
AlGaN  epilayers  are  being  nucleated  at  the  cores  of  the  screw  and  mixed  threading  dislocations 
propagating  up  through  the  epitaxial  layer.  It  appears  that  the  stress  around  the  core  is  sufficient 
to  allow  the  material  to  start  cracking  from  it,  often  in  a  direction  towards  a  neighbouring 
threading  core.  As  the  strain  in  the  epilayer  increases  these  cracks  begin  to  propagate  along 
^2110^  directions  due  to  breaking  of  the  material  along  the  {llOo}  planes,  as  reported  elsewhere 

[3,8].  It  appears  also  that  virtually  all  of  the  threading  dislocations  nucleate  cracks 
simultaneously,  with  the  observation  that  few,  if  any,  threading  dislocation  cores  are  observed  in 
sample  #3. 


Figure  3:  Plan  view  TEM  image  shown  cracks  and  evidence  of  defects  not  nucleating  cracks 
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It  should  be  noted,  however,  that  based  on  the  AFM  data  it  is  difficult  to  comment  on  what 
role  pure  edge  dislocations  play  in  the  relaxation.  These  dislocations  do  not  interact  with  the 
surface  steps  and  are  therefore  difficult  to  observe  by  this  technique,  although  in  samples  grown 
with  other  nucleation  conditions,  we  have  observed  weak  features  attributable  to  them.  Further, 
more  detailed,  studies  using  TEM  are  required  in  order  to  deal  with  this  question. 

The  critical  thickness,  tc,  for  crack  formation  to  become  energetically  favourable  has  been 
given  as  [8]: 

T 


L  =- 


Mf2 


(1) 


where  F  is  the  surface  energy  of  the  crack  plane,  M  the  two-dimensional  equivalent  of 
Young’s  modulus  and  f  is  the  in-plane  lattice  parameter  misfit  between  the  two  materials.  This 
formula  can  be  reduced  to  simply  the  product  of  a  constant  and  the  reciprocal  of  the  misfit 
squared.  Assuming  that  #2  is  a  sample  located  at  the  critical  thickness,  this  would  give  a  value 
for  the  constant  of  1.82xl0'12  m,  somewhat  lower  that  that  expected  using  the  theoretical 
parameters  for  F,  M  [8].  A  number  of  reasons  for  this  discrepancy  are  possible: 

•  The  GaN  buffer  layer  may  itself  be  under  stress,  causing  a  reduction  in  the  critical  thickness 
[9],  in  which  case  the  critical  thickness  for  cracking  will  be  dependent  on  the  growth 
procedure,  and  it  may  be  possible  to  engineer  a  larger  critical  thickness  by  modifying  the 
nucleation  and  initial  buffer  layer  growth  conditions. 

•  The  model  is  a  rather  simple  one,  more  detailed  treatments,  such  as  used  by  Heame  et  al  [2], 
include  a  crack  driving  force  term  for  example. 

•  Other  explanations  include  the  fact  that  the  values  are  measured  at  room  temperature,  rather 
than  the  growth  temperature,  or  that  there  remain  errors  in  the  estimation  of  these  parameters 
for  GaN  based  materials. 

A  notable  feature  of  the  crack  distributions  in  Figure  1(c)  is  its  relatively  high  density,  with 
many  small  cracks  visible  in  an  area  of  a  few  microns2.  This  is  in  contrast  to  the  apparent 
situation  observed  by  others  [3]  and  ourselves  [8],  where  the  inter-crack  spacing  is  much  larger 
in  AlGaN  films  well  above  the  crack  critical  thickness.  The  reasons  for  this  are  not  understood  at 
present,  although  one  possibility  is  that  many  of  these  microcracks  undergo  a  healing  process 
with  growth,  as  a  network  of  crack  induced  misfit  dislocations  form  at  the  AlGaN-GaN  interface 
as  proposed  by  Heame  et  al  [2].  Further  work  to  examine  this  issue  is  required. 

DISCUSSION  OF  OTHER  LAYER  STRUCTURES 

We  have  also  examined  a  variety  of  other  AlGaN  containing  structures,  both  of  thick  (>0.5 
pm)  low  composition  AlGaN  grown  directly  on  GaN  buffers,  as  part  of  a  laser  diode  type 
structure,  and  also  AlGaN-GaN  multilayer  “Bragg  stacks”  grown  on  a  thick  AlGaN  layer  of 
intermediate  composition  using  an  AIN  low  temperature  interlayer  to  relieve  the  strain  between 
the  AlGaN  strain  balanced  layer  and  the  GaN  buffer  [4].  In  a  number  of  cases  a  very  low  density 
of  cracks  propagating  across  the  wafer  has  been  observed,  with  mm  or  even  cm  between  cracks 
propagating  in  the  same  direction.  There  is  no  evidence  of  the  array  of  cracks  normally  observed 
[3,8].  It  therefore  appears  in  this  case  that  a  separate  nucleation  mechanism  may  be  responsible. 

In  these  layers  it  is  noticeable  that  essentially  all  the  cracks  appear  to  have  at  least  one  of 
their  termination  points  at  the  wafer  edge,  and  mid-wafer  terminations  are  often  associated  with 
the  crack  meeting  a  pre-existing  crack.  In  such  cases  it  is  likely  that  defects,  or  alloy 
inhomogeneities  at  the  wafer  edge  may  be  acting  as  the  nucleation  site.  Further  evidence  for  this 
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comes  from  a  sample  where  two  wafers  from  different  manufacturers  had  the  same  structure 
grown  simultaneously  on  them.  While  one  wafer  was  observed  to  be  crack  free,  the  other 
exhibited  the  low  density  of  cracks  as  described  above.  In  addition  to  polishing  damage  at  the 
wafer  edge,  wafers  from  different  manufacturers  may  behave  differently  under  heating  [10]  with 
the  wafer  warpage  leading  to  localised  alloy  non -uniformities  at  the  edge. 

CONCLUSIONS 

In  conclusion  we  report  the  observation  of  a  dense  array  of  small  microcracks  in  thin 
epitaxial  layers  of  AIGaN  grown  on  GaN.  These  microcracks  appear  to  have  nucleated  from  the 
cores  of  screw  and  mixed  dislocations  propagating  up  through  the  layer  structure.  The  density 
appears  high  compared  to  those  reported  in  thicker  films,  suggesting  that  crack  healing  may  be 
occurring  at  higher  layer  thicknesses,  with  the  strain  relaxation  being  accommodated  from  other 
sources. 
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Abstract 

We  report  on  the  design,  fabrication  and  characterization  of  solar-blind  Schottky 
photodiodes  with  high  detectivity  and  low  noise.  The  devices  were  fabricated  on  n- 
/n+  AlGaN/GaN  hetero-structures  using  a  microwave  compatible  fabrication 
process.  Using  Alo.3gGao.62N  absorption  layer,  true  solar-blind  operation  with  a  cut¬ 
off  wavelength  of  ~274  nm  was  achieved.  The  solar-blind  detectors  exhibited  <  400 
fA  dark  current  in  the  0-25  V  reverse  bias  regime,  and  a  maximum  responsivity  of 
89  mA/W  around  267  nm.  The  photovoltaic  detectivity  of  the  devices  were  in  excess 
of  2.6x1 012  cmHzi/2/W,  and  the  detector  noise  was  l/f  limited  with  a  noise  power 
density  less  than  3x1  O'29  A2/Hz  at  10  KHz. 

1.  Introduction 

Photodetectors  that  operate  only  in  the  X  <  280  nm  spectrum  are  named  as 
solar-blind  detectors  due  to  their  blindness  to  solar  radiation  within  the  atmosphere.1 
Solar-blind  photodetectors  are  essential  components  for  a  number  of  applications 
including  missile  plume  detection  and  missile  tracking,  flame/engine  control, 
chemical/biological  agent  sensing,  UV  astronomy,  and  ozone  layer  monitoring. 
AlxGa]_xN-based  photodetectors  potentially  offer  significant  advantages  over  the 
current  photomultiplier  tube  and  silicon-based  solar-blind  detector  technology  in 
terms  of  size,  complexity,  cost,  robustness,  stability,  power  demands,  and 
bandwidth.2  Moreover,  its  intrinsic  solar-blindness  (for  x  >  0.38)  and  the  ability  of 
operation  under  harsh  conditions  (high  temperature  and  high  power  levels)  due  to  its 
wide  band-gap  makes  AlxGa^N-based  photodetectors  attractive  for  high- 
performance  solar-blind  detection  applications.  Several  research  groups  have 
demonstrated  successful  solar-blind  operation  with  AlxGa]_xN  photodetectors  using 
photoconductive,3’4  p-i-n,5-14  metal-semiconductor-metal  (MSM), 15-16  and 
Schottky17-20  detector  structures.  Cut-off  wavelengths  (Xc)  as  short  as  -225  nm,  a 
UV/VIS  rejection  over  5  orders  of  magnitude  along  with  responsivities  as  high  as 
0.12  A/W  at  232  nm  were  reported  using  a  Alo.7Gao.3N  p-i-n  detector  structure.6,11 
Alo.5Gao.5N  MSM  photodiodes  with  a  noise  equivalent  power  (NEP)  as  low  as  30  fW 
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at  280  nm  and  detectivity  of  2.5x1 013  cmHz,/2/W  correspond  to  the  best  noise 
performance  achieved  for  AlGaN-based  solar-blind  detectors.15  Dark  currents  less 
than  2  pA  at  30  V  reverse  bias  and  a  3-dB  bandwidth  of  100  MHz  was  reported  for  a 
Alo.4Gao.6N  MSM  structure.'6  Alo.35Gao.65N  p-i-n  photodiodes  on  SiC  substrates  with 
low  leakage  currents  were  also  successfully  demonstrated.12 

When  compared  with  p-i-n  photodiodes,  AlGaN  Schottky  photodiodes  have 
several  advantages.  Growth  of  p-type  doped  AlGaN  layers  and  formation  of  low 
resistance  p+  ohmic  contacts  are  two  challenging  issues  for  p-i-n  photodiodes,  while 
Schottky  photodiodes  do  not  face  these  problems.  Besides  the  ease  of  growth  and 
fabrication,  efficient  collection  of  generated  carriers  within  the  junction  and  better 
high-frequency  characteristics  are  the  other  advantages  of  AlGaN  Schottky 
photodiodes.  However,  they  lack  from  low  efficiency  mainly  due  to  the  optical 
absorption  introduced  by  the  thin  Schottky  metal,  and  exhibit  high  leakage  currents 
and  poor  noise  performance.  The  reported  best  detector  performances  obtained  with 
solar-blind  AlGaN  Schottky  photodiodes  include  a  maximum  responsivity  of  0.07 
AAV  at  290  nm  along  with  a  NEP  of  6.6x1 0‘9  W,18  a  minimum  Xc  of  278  nm  and  a 
minimum  dark  current  density  of  6.6x10‘6  A/cm2.19  In  this  letter,  we  demonstrate  low 
noise  solar-blind  AlGaN-based  Schottky  photodiodes  with  high  detectivty  and  very 
low  dark  current. 

2.  Design  and  Fabrication 

Figure  1  shows  the  epitaxial  structure  of  the  front-illuminated  Schottky 
detector  wafer  which  was  designed  to  achieve  true  solar-blindness,  low  leakage,  and 
high  solar-blind/near-UV  rejection  ratio.  In  order  to  meet  these  requirements, 
Alo.3sGao.62N  absorption  layer  was  used  to  achieve  Xc<280  nm.  The  AlxGaj.xN/GaN 
epitaxial  layers  of  our  hetero-junction  Schottky  PD  wafer  were  grown  on  a  2-inch 
single-side  polished  (0001)  sapphire  substrate  using  metal-organic  chemical  vapor 
deposition  (MOCVD).  A  thin  AIN  nucleation  layer  was  first  deposited  followed  by  a 
0.5  pm  thick  unintentionally  doped  GaN  mesa  isolation  layer.  Afterwards  a  highly 
doped  (/?*  =  2xl018  cm'3)  ohmic  contact  layer  composed  of  0.6  pm  thick  GaN  and 
0.2  pm  thick  Alo.3sGao.62N  were  grown  respectively.  The  growth  of  the  Schottky 
hetero-structure  was  completed  with  the  deposition  of  a  0.8  pm  thick  undoped 
Alo.38Gao.62N  active  layer.  The  highly  doped  GaN  layer  was  used  for  ohmic  contact 
region  due  to  the  difficulty  of  obtaining  high-quality  ohmic  contacts  with  AUGa^N 
layers.  The  n-type  doped  0.2  pm  thick  Alo.3sGao.62N  layer  was  used  as  a  diffusion 
barrier  for  the  photo-carriers  generated  in  the  GaN  ohmic  contact  layer.  Such  a 
diffusion  barrier  is  expected  to  increase  the  solar-blind/near-UV  rejection  ratio  of  the 
detector. 

The  samples  were  fabricated  by  using  a  four-step  microwave-compatible 
fabrication  process  in  a  class-100  clean  room  environment.  First,  the  ohmic  contact 
regions  were  defined  via  reactive  ion  etching  (REE)  under  CC12F2  plasma,  20  seem 
gas  flow-rate  and  100  W  RF  power.  The  etch  rates  for  GaN  and  Alo.3sGao.62N  layers 
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Figure  1.  Epitaxial  structure  of  solar-blind  Schottky  photodiode  wafer 

were  determined  as  300  and  80  A/min  respectively.  After  an  ohmic  etch  of  ~1.3  pm, 
Ti/Al  (100  A  /1000  A)  contacts  were  deposited  via  thermal  evaporation  and  left  in 
acetone  solution  for  lift-off  process.  The  contacts  were  annealed  at  700  °C  for  30 
seconds  in  a  rapid  thermal  annealing  (RTA)  system.  Mesa  structures  of  the  devices 
were  formed  via  the  same  REE  process,  by  etching  all  the  layers  (>  1.6  pm)  down  to 
the  undoped  GaN  mesa  isolation  layer.  Then,  a  -100  A  thick  Au  film  was 
evaporated  to  form  the  Au/AlGaN  Schottky  contacts.  Finally,  a  -0.7  pm  thick  Ti/Au 
interconnect  metal  was  deposited  and  lifted-off  to  connect  the  Schottky  layers  to 
coplanar  waveguide  transmission  line  pads. 

3.  Characterization 

The  resulting  AIGaN  Schottky  photodiodes  had  breakdown  voltages  above 
50  V  and  turn-on  voltages  around  2  V.  Figure  2  shows  the  current-voltage  (I-V) 
characteristics  of  a  150x150  pm2  device.  The  leakage  current  of  the  diodes  was 
lower  than  1  pA  for  reverse  bias  voltages  up  to  30  V.  As  can  be  observed  in  the 
logarithmic  plot,  the  dark  current  fluctuated  within  150-400  fA  in  the  0-25  V  reverse 
bias  range.  The  actual  leakage  values  in  this  range  could  not  be  measured  due  to  the 
measurement  setup  resolution.  These  leakage  values  correspond  to  dark  current 
density  values  of  0.7- 1.8  nA/cm2.  Hence,  we  can  safely  claim  that  our  solar-blind 
detectors  exhibited  dark  current  densities  lower  than  1.8  nA/cm2  under  reverse  bias 
voltages  as  high  as  25  V.  The  differential  resistance  ( R  -  dV/dl)  of  our  detectors  was 
calculated  and  a  dark  impedance  in  excess  of  1013  ft  was  obtained  in  the  0-25  V 
range. 
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Figure  2.  Current-voltage  (I-V)  characteristics  of  a  150x150  pm2  solar-blind  Schottky  photodiode. 
Inset  shows  the  same  data  plotted  in  logarithmic  scale. 

Spectral  photoresponse  measurements  were  done  in  the  250-350  nm  range, 
using  a  xenon  lamp  light  source,  a  single-pass  monochromator,  a  lock-in  amplifier, 
and  a  calibrated  Si  photodetector.  Figure  3(a)  shows  the  measured  spectral  quantum 
efficiency  under  reverse  bias  voltages  ranging  from  0  to  50  V.  The  quantum 
efficiency  increased  with  reverse  bias  and  reached  a  maximum  value  of  ~  42%  at 
267  nm  under  50  V  reverse  bias.  The  cut-off  wavelength  red-shifted  with  reverse 
bias,  from  266  nm  to  274  nm  for  0  and  50  V  reverse  bias  respectively.  Since  Xc  < 
280  nm  was  satisfied,  true  solar-blind  detection  was  successfully  demonstrated.  The 
corresponding  device  responsivity  curve  under  50  V  reverse  bias  is  shown  in  Fig. 
3(b).  A  peak  responsivity  of  89  mA/W  at  267  nm  is  measured.  The  responsivity 
drops  sharply  around  270  nm  and  a  solar-blind/near-UV  contrast  of  4  orders  of 
magnitude  is  observed  within  80  nm.  To  estimate  the  detectivity  (. D  )  of  our 
detectors  in  the  photovoltaic  mode,  we  have  used  the  thermal-noise  limited 
detectivity  relation  D*  =R^(R(>A/4kT),  where  Rx  is  the  device  reponsivity  at  zero  bias, 
R0  is  the  zero  volt  dark  impedance  and  A  is  the  detector  area.  With  a  0.01  A/W 
photovoltaic  responsivity  at  250  nm,  the  zero-bias  detectivity  of  our  detectors  were 
in  excess  of  2.6xl012  cmHzl/2/W,  which  corresponds  to  a  set-up  limited  NEP  of 
5.8xlO'15  W/Hz1/2. 

Finally,  noise  characterization  of  the  solar-blind  Schottky  detectors  were 
carried  out  in  the  frequency  range  of  1  Hz  -  100  KHz  using  a  fast  Fourier  transform 
spectrum  analyzer  and  a  microwave  probe  station.  Our  low-leakage,  high-breakdown 
voltage  solar-blind  detectors  had  noise  power  densities  below  the  instrument 
resolution.  Even  under  reverse  bias  as  high  as  25  V,  the  detector  noise  did  not 
exceed  the  measurement  set-up  noise  floor  of  3x1  O'29  A2/Hz  around  10  KHz. 
Therefore,  we  have  measured  devices  with  higher  leakage  currents  in  order  to 
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Figure  3.  (a)  Measured  spectral  quantum  efficiency  of  the  AlGaN  Schottky  photodiode,  (b) 
Corresponding  responsivity  curve  of  the  device  under  50  V  reverse  bias. 

observe  the  bias  dependence  of  the  spectral  noise  density.  Figure  4  shows  the  low- 
frequency  spectral  noise  density  of  a  80  pm  diameter  detector  with  ~7  orders  of 
magnitude  larger  dark  currents  (>1  pA  @  5V)  and  ~14  V  breakdown  voltage.  The 
spectral  noise  curves  show  that  ///-noise  is  the  dominant  noise  mechanism  in  our 
detectors,  as  is  common  for  Schottky  barrier  AlGaN  detectors  at  low  frequencies. 
S„(f)  values  of  ~8x10'23  A2/Hz  at  30  Hz  under  2  V  increased  up  to  ~10'19  A2/Hz  for 
10  V  bias.  The  noise  curves  obey  the  S„  =So/fr relation  with  the  fitting  parameter  y 
varying  from  0.9  to  1.2. 


Frequency  (Hz) 


Figure  S.  Low-frequency  spectral  noise  measurements  of  a  high-leakage  80  pm  diameter  Schottky 
photodiode  as  a  function  of  applied  reverse  bias. 

4.  Conclusion 

In  summary,  we  have  demonstrated  solar-blind  AlGaN-based  Schottky 
photodiodes  with  low  dark  current,  low  noise  and  high  detectivity.  Breakdown 


voltages  larger  than  50  V  and  dark  currents  less  than  400  fA  under  25  V  reverse  bias 
were  achieved.  I-V  characteristics  of  the  solar-blind  detectors  led  to  the  lowest  dark 
current  density  (<  1.8  nA/cm2)  and  the  highest  detectivity  (>  2.6xl012  cmHz1/2/W) 
values  reported  for  solar-blind  AlGaN  Schottky  photodiodes.  Device  responsivities 
as  high  as  89  mA/W  were  measured  under  50  V  reverse  bias.  Detector  noise  was  /// 
limited  with  spectral  noise  density  values  less  than  3x1  O'29  A2/Hz  under  reverse  bias 
voltages  as  high  as  25  V. 

This  work  was  supported  by  NATO  Grant  No.  SfP971970,  Turkish 
Department  of  Defense  Grant  No.  KOBRA-OOl  and  Thales  JP8.04 
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ABSTRACT 

We  propose  a  new  procedure  to  grow  GaN  quantum  dots  (QDs)  on  AIN  by  using  the  Ga 
surfactant  effect  in  plasma-assisted  molecular  beam  epitaxy.  Self-formed  GaN  islands  were 
spontaneously  generated  under  vacuum  from  a  GaN  2D  layer  grown  under  Ga-rich  conditions. 
Island  characteristics  (size  and  density)  are  studied  as  a  function  of  the  GaN  coverage.  We 
demonstrate  that  the  QD  density  can  be  controlled  in  the  1010  cm'2  to  2  x  1011  cm'2  range.  It  is 
shown  that  beyond  a  given  GaN  thickness  there  is  a  coexistence  between  elastic  and  plastic 
relaxation. 

INTRODUCTION 

The  Stranski-Krastanow  (SK)  growth  mode  is  a  widely  used  method  to  growth 
semiconductor  self-organized  quantum  dots.  The  deposition  of  a  strained  two-dimensional  (2D) 
wetting  layer  is  followed  by  elastic  relaxation  through  three-dimensional  (3D)  islanding  above  a 
given  critical  thickness  (~2.0  monolayers  (ML)  for  GaN  on  AIN)  [1-3].  In  the  specific  case  of 
nitride  semiconductors  grown  by  plasma-assisted  molecular  beam  epitaxy  (PAMBE),  SK  mode 
is  observed  when  growing  GaN  at  high  temperature  (710  -  750  °C)  under  N-rich  conditions.  In 
contrast,  Ga-rich  growth  conditions  inhibit  the  SK  growth  mode  due  to  the  formation  of  a  self- 
regulated  Ga  film,  about  2  ML  thick,  on  the  growing  surface  [4]. 

Taking  advantage  of  Ga  surfactant  effect,  we  report  in  this  article  a  new  method  to  growth 
GaN  QDs.  We  describe  the  structural  properties  of  these  “modified  SK  GaN  islands’’  and 
demonstrate  the  possibility  to  control  their  density  and  size  as  a  function  of  the  GaN  coverage.  In 
addition,  it  will  be  shown  that  beyond  a  given  GaN  thickness  there  is  a  coexistence  between 
elastic  and  plastic  relaxation. 

EXPERIMENTAL 

Samples  were  grown  on  AIN  templates  deposited  by  metal-organic  chemical  vapor 
deposition  (MOCVD)  on  c-sapphire.  After  a  standard  cleaning  procedure,  they  were  introduced 
in  a  MECA2000  molecular  beam  epitaxy  chamber  equipped  with  standard  effusion  cells  for  A1 
and  Ga  evaporation.  Active  nitrogen  was  produced  by  dissociation  of  N2  in  a  radio-frequency 
plasma  cell. 

The  experimental  procedure  is  schematized  in  figure  1 .  Prior  to  GaN  deposition,  a  thin 
(-100  nm)  AIN  buffer  layer  is  deposited  on  the  pseudo-substrate.  The  GaN  layer  is  grown  under 
Ga-rich  conditions,  at  a  fixed  substrate  temperature  of  750  °C  and  a  growth  rate  of  0.23  ML/s, 
leading  to  the  formation  of  a  continuous  Ga  bilayer  on  the  growing  surface  (figure  1-a).  This  Ga- 
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film  inhibits  the  SK  growth  mode  and  favors  a  layer-by  layer  growth  (Frank-Van  der  Merwe 
mode).  When  we  shutter  the  N-flux.  while  maintaining  the  Ga  flux,  the  Ga  bilayer  is  regenerated 
and  the  surface  remains  2D.  The  RHEED  pattern  is  unchanged  (figure  1-b).  Under  vacuum,  the 
Ga-film  desorbs  rapidly  (figure  l-c).  The  RHEED  pattern  becomes  spotty  with  additional  lines 
characteristics  of  facets  (figure  1-d),  associated  to  the  formation  of  3D  islands.  Structures  were 
then  annealed  2  min  under  vacuum  after  the  2D/3D  transition. 

Surface  morphology  was  studied  e.x-situ  by  atomic  force  microscopy  (AFM)  and  the 
elastic  relaxation  induced  by  the  2D/3D  transition  was  measured  in-situ  by  reflection  high- 
energy  electron  diffraction  (RHEED).  The  GaN  quantity  deposited  on  AIN  was  determined  by 
Rutherford  backscattering  spectroscopy  (RBS) 
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Figure  1  :  Schematic  representation  of  the  experimental  procedure  to  growth  self-formed  GaN 
islands,  (a)  GaN  growth  under  Ga-rich  conditions,  (b)  Exposition  to  Ga-flux  alone,  (c)  Ga 
evaporation  under  vacuum,  (d)  Self  re-arrangement  of  GaN  layer  into  3D  islands. 

RESULTS  AND  DISCUSSION 

GaN  QDs  formed  using  the  method  schematized  in  figure  1,  are  hexagonal  pyramids  with 
{10-13}  facets,  the  facet  angle  being  equal  to  32  °.  It  is  remarkable  that  this  geometry  is  the 
same  as  previously  observed  for  GaN  islands  grown  by  the  SK  mode  [1].  Moreover  it  has  been 
shown  that  a  wetting  layer  is  still  present,  which  leads  us  to  name  the  method  described  above  as 
“modified  SK  growth  mode",  A  promising  feature  of  these  nanostructures  is  their  intensive 
cathodoluminescence  at  room  temperature,  as  show  in  figure  2. 

An  important  parameter  governing  the  formation  of  the  GaN  QDs  is  the  GaN  coverage,  0 
(quantity  of  GaN  deposited  before  stopping  the  growth).  We  have  investigated  QD 
characteristics  (density,  size)  for  varying  GaN  coverage  from  2.8  ML  to  13  ML.  Experimental 
results  confirm  the  existence  of  a  threshold  coverage  (=2.5  ML)  below  which  no  transformation 
of  the  2D  GaN  layer  into  3D  facetted  islands  is  observed  [5].  AFM  images  of  GaN  QDs  obtained 
by  varying  0  from  2.8  ML  to  1 3  ML  are  shown  in  figure  3. 
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Figure  2  :  Room  temperature  cathodoluminescence  spectra  of  GaN  QDs  grown  under  Ga-rich 
conditions  on  AIN  at  750  °C  and  subsequently  annealed  2  minutes  under  vacuum.  The 
thickness  of  the  initial  2D  GaN  layer  is  6  ML. 


Figure  3  :  1  pm  x  1  pm  AFM  images  of  GaN  layers  grown  at  Ts  =  750  °C.  The  GaN  coverages 
are  (a)  0  =  2.8  ML,  (b)  0  =  6  ML,  (c)  0  =  10  ML  and  (d)  0  =  13  ML. 

In  figure  4-a,  the  island  density  is  plotted  as  a  function  of  GaN  coverage.  Interestingly,  it 
appears  that  QD  density  can  be  controlled  over  more  than  one  decade  for  coverage  varying  from 
2.8  ML  to  6  ML.  As  a  comparison  the  density  of  GaN  QDs  grown  in  the  SK  mode  saturates  at  2 
x  101 1  cm'2  for  a  coverage  of  only  3  ML  [6]. 
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Figure  4  :  (a)  Variation  of  the  total  density  of  GaN  QDs  and  (b)  In-plane  relative  lattice 
relaxation  (with  respect  to  AIN)  measured  during  the  rearrangement  of  the  2D  layer  into  3D 
facetted  islands  as  a  function  of  the  initial  GaN  coverage. 

The  relative  variation  of  the  in-plane  lattice  parameter,  during  the  formation  of  2D  GaN 
layer  into  GaN  3D  facetted  islands,  in-situ  determined  from  the  RHEED  pattern,  is  shows  in 
figure  4-b.  We  can  observe  that  the  elastic  relaxation  increases  from  2.8  ML  to  8  ML  and  then 
decreases  slowly.  This  suggests  a  modification  of  the  relaxation  process  of  GaN  layer  when 
increasing  the  GaN  growth  coverage. 

The  shape  of  GaN  QDs  is  also  affected  by  GaN  coverage.  Figure  5  shows  the  variation  of 
the  aspect  ratio  (defined  as  islands  height  /  islands  diameter),  which  increases  up  to  8  ML  before 
markedly  decreasing  for  higher  coverages. 
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Figure  5  :  Variation  of  the  aspect  ratio  as  a  function  of  the  nominal  GaN  coverage.  The  dashed 
line  indicates  the  aspect  ratio  of  a  non-truncatcd  pyramid. 

Results  displayed  in  figures  4-b  and  5  reveal  a  correlation  between  the  QD  aspect  ratio  and 
the  elastic  strain  relaxation  of  the  2D  GaN  layer  associated  w  ith  3D  islands  formation.  Actually, 
one  may  wonder  what  is  the  strain  state  of  the  2D  GaN  layer  just  before  islands  formation.  In 
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particular,  plastic  relaxation  associated  with  formation  of  misfit  dislocations  should  occur  for 
thick  enough  2D  GaN  layer. 

We  have  demonstrated  that  for  small  dots  (0  =  3  ML)  relaxation  is  purely  elastic,  without 
any  dislocation  [5].  As  the  elastic  relaxation  is  in  first  approximation  proportional  to  the  aspect 
ratio  of  the  islands  [7],  the  increasing  aspect  ratio  observed  up  to  8  ML  is  consistent  with  the 
increase  of  elastic  relaxation  observed  in  figure  4-b.  For  a  GaN  coverage  greater  than  8  ML,  the 
aspect  ratio  decreases  as  well  as  the  elastic  relaxation  (during  island  formation).  Along  the  views 
detailed  in  [7]  this  suggests  that  GaN  islands  experience  a  decreasing  strain  when  the  thickness 
of  the  2D  layer  exceeds  8  MLs.  Above  this  nominal  GaN  coverage,  we  tentatively  propose  that 
the  slowly  decrease  of  (A is  assigned  to  an  uncomplete  transformation  of  the  2D  layer  into 
islands.  Thus,  the  thickness  of  the  2D  layer  below  the  islands  excess  the  2  MLs  corresponding  to 
the  so-called  wetting  layer.  Moreover,  we  propose  that  this  2D  GaN  layer  is  then  partially 
relaxed  contrary  to  the  2  MLs  thick  wetting  layer  which  is  perfectly  matched  to  AIN. 

The  above  hypothesis  are  strongly  supported  by  a  Rutherford  backscattering  spectroscopy 
(RBS)  analysis  of  the  amount  of  GaN  deposited  as  a  function  of  the  amount  of  GaN  in  dots, 
extracted  from  AFM  data.  First  of  all,  biasing  of  data  due  to  partial  decomposition  of  GaN  at 
750  °C  under  vacuum  have  been  discarded  by  measuring  the  effective  GaN  amount  as  a  function 
of  the  nominally  GaN  deposited  quantity. 

Figure  6-a  shows  the  total  GaN  quantity  measured  by  RBS  as  a  function  of  the  nominal 
deposited  amount. 


Figure  6  :  (a)  GaN  amount  contains  into  the  layer,  measured  by  RBS  as  a  function  of  the 
nominal  GaN  deposited,  (b)  Total  volume  contained  in  the  GaN  islands  as  a  function  of  the  GaN 
coverage.  The  solid  line  indicates  2  ML  thick  GaN  layer  and  the  dash  line  corresponds  to  the 
case  without  2D  layer. 

We  establish  that  there  is  a  linear  variation  between  the  amount  of  GaN  nominally 
deposited  and  the  amount  effectively  present  on  AIN.  It  is  deduced  from  these  results  that  1 .8 
MLs  of  GaN  is  dissociated  /  desorbed  during  annealing  under  vacuum  (2  min  after  the  2D/3D 
transition).  We  have  furthermore  calculated  the  total  amount  of  GaN  contained  into  the  islands 
as  a  function  of  deposited  GaN.  The  results  are  plotted  in  figure  6-b.  The  solid  line  indicates  the 
expected  behavior  assuming  that  a  2  ML  thick  2D  GaN  layer  is  present  below  the  islands.  The 
dashed  line  corresponds  to  the  case  when  no  2D  GaN  layer  is  present.  We  can  observe  that  for 
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GaN  coverages  up  to  8  ML,  the  experimental  data  arc  consistent  with  the  presence  of  a  2  ML 
thick  wetting  layer  between  the  AIN  buffer  and  the  islands,  which  is  corroborated  by  the  high- 
resolution  transmission  electron  microscopy  (HRTEM)  in  [5J.  In  contrast,  for  GaN  coverage 
higher  8  ML,  the  deviation  from  a  linear  behavior  is  the  signature  of  the  thickening  of  the  non 
transformed  2D  layer,  while  the  amount  of  GaN  contained  in  dots  saturates  to  about  6  MLs.  This 
amount  is  limited  by  geometrical  considerations,  as  the  aspect  ratio  cannot  exceed  the  value 
corresponding  to  a  full  pyramid. 

As  shown  in  figure  5,  at  8  ML  GaN  coverage,  the  aspect  ratio  is  still  slightly  below  its 
maximum  theoretical  value.  This  suggests  that  regime  change  in  islands  formation  observed 
around  8  ML.  GaN  coverage  is  rather  related  to  kinetic  factor  during  growth,  such  as  a 
temperature-dependent  capture  radius.  This  is  supported  by  results  in  figure  3  while  shown  that 
even  for  0  as  high  as  13  ML,  dots  are  clearly  separated  one  from  each  other. 

In  addition,  the  thickening  of  the  2D  layer  observed  for  high  coverages  correlated  to  elastic 
relaxation  results  shown  in  figure  4-b,  suggests  the  occurrence  of  plastic  strain  relaxation, 
through  misfit  dislocation  formation,  for  0  >  8  ML,  leading  to  the  conclusion  that  elastic  and 
plastic  relaxation  likely  coexist  for  nominal  GaN  coverage  above  8  ML. 

CONCLUSION 

We  have  described  a  new  procedure  to  grow  GaN  QDs.  Using  this  method,  we  have 
demonstrate  the  possibility  to  control  the  islands  density  in  the  10H)  cm'2  to  2  x  10M  cm  2  range, 
we  have  found  that  a  2D  layer  is  present  below  the  3D  islands.  Above  a  critical  GaN  coverage, 
the  thickness  of  this  layer  exceeds  the  2  ML  corresponding  to  the  wetting  layer  thickness  in  SK 
growth  mode.  Thus  plastic  strain  relaxation  is  expected  to  occur,  simultaneously  with  3D  islands 
formation. 
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ABSTRACT 

Results  on  the  preparation  and  properties  of  AlGaN/GaN  HEMTs  on  silicon  substrates  are 
presented  and  selected  issues  related  to  the  material  structure  and  device  performance  devices  are 
discussed.  Virtually  crack-free  AlGaN/GaN  heterostructures  (xAin  =  0.25),  with  low  surface 
roughness  (rms  of  0.64  nm),  ns  s  lxlO13  cm'2  and  p  =  1100  cm2/V  s  at  300  K,  were  grown  by 
LP-MOVPE  on  2-inch  (1 1  l)Si  substrates.  HEMT  devices  with  Lg  =  0.3-0. 7  pm  were  prepared 
by  conventional  device  processing  steps.  Photoionization  spectroscopy  measurements  have 
shown  that  a  trap  level  of  1.85  eV,  additional  to  two  levels  of  2.9  and  3.2  eV  found  before  on 
GaN-based  HEMTs  on  sapphire,  is  present  in  the  structures  investigated.  Self-heating  effects 
were  studied  by  means  of  temperature  dependent  dc  measurements.  The  channel  temperature  of  a 
HEMT  on  Si  increases  with  dissipated  power  much  slower  than  for  similar  devices  on  sapphire 
substrate  (e.g.  reaches  95  and  320  °C  on  Si  and  sapphire,  respectively,  for  6  W/mm  power). 
Prepared  AlGaN/GaN/Si  HEMTs  exhibit  saturation  currents  up  to  0.91  A/mm,  a  good  pinch-off, 
peak  extrinsic  transconductances  up  to  150  mS/mm  and  static  heat  dissipation  capability  up  to 
~16  W/mm.  Unity  current  gain  frequencies  fr  up  to  21  and  32  GHz  were  obtained  on  devices 
with  gate  length  of  0.7  and  0.5  pm,  respectively.  The  saturation  current  and  fT  values  are 
comparable  to  those  known  for  similar  devices  using  sapphire  and  SiC  substrates.  Properties  of 
AlGaN/GaN/Si  HEMTs  investigated  show  that  this  technology  brings  a  prospect  for  commercial 
application  of  high  power  rf  devices. 


INTRODUCTION 

AlGaN/GaN  high  electron  mobility  transistors  (HEMTs)  have  recently  been  attracting  much 
attention  because  of  their  promising  uses  for  high-frequency,  -power  and  -temperature 
applications.  Sapphire  and  since  recently  also  SiC  are  commonly  used  as  substrates  because  of 
lack  of  large-area  GaN  bulk  crystals.  An  output  power  higher  than  100  W  at  2  GHz  has  been 
achieved  on  AlGaN/GaN  HEMTs  using  sapphire  thinned  down  to  50  pm  (pulsed  operation,  10% 
duty)  [1]  as  well  as  high-resistive  SiC  (cw  operation)  [2].  However,  silicon  can  be  a  useful 
alternative  because  of  its  low  cost  and  large  area  availability,  good  thermal  conductivity  and 
potential  integration  of  GaN  power  devices  with  advanced  Si  electronics.  Growth  of  GaN  on  Si 
is  more  difficult  than  on  sapphire  due  to  the  higher  lattice  constant  and  thermal  expansion 
coefficient  mismatches,  which  produce  higher  dislocation  density  and  potential  generation  of 
cracks.  Nevertheless  encouraging  results  on  AlGaN/GaN/Si  HEMTs  concerning  their 
high-frequency  and  -power  performance  have  been  presented  recently  by  various  groups  [3-6]. 
The  device  performance  is  comparable  to  that  known  for  devices  using  sapphire  and  SiC 
substrate  [4].  Thus,  GaN-based  HEMTs  on  silicon  substrate  can  be  a  cost-effective  alternative 
for  various  applications. 
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In  the  present  study  results  concerning  the  preparation  and  properties  of  AlGaN/GaN 
HEMTs  on  silicon  substrates  are  presented  and  selected  issues  related  to  the  material  structure 
and  device  performance  are  discussed.  Prepared  devices  are  characterized  by  dc,  pulsed  and  rf 
techniques.  Issues  related  to  the  heat  dissipated  power  and  channel  temperature,  as  well  as  high 
temperature  operation  of  devices  are  analyzed.  Photoionization  spectroscopy  is  used  to  evaluate 
the  traps  in  the  material  structure.  For  comparison  also  AlGaN/GaN  HEMTs  on  sapphire 
substrates  were  prepared  and  their  performance  was  investigated. 


SILICON  AS  A  SUBSTRATE  FOR  GaN  GROWTH 

The  idea  to  use  low  cost  and  large  area  available  silicon  as  a  substrate  for  GaAs-and 
InP-based  semiconductor  devices  is  known  for  a  long  time  and  many  attempts  have  been  made 
to  optimize  this  procedure  [7].  Obtained  results,  unfortunately,  are  not  very  impressive  and 
therefore  commercial  applications  of  this  technology  have  not  started  yet.  However,  in 
contradiction  to  GaAs  and  InP,  this  issue  is  especially  important  for  GaN-based  devices  because 
of  lack  of  GaN  bulk  crystals.  Small-area  (~4  cm2)  ‘free-standing’  GaN  templates  are  available 
since  recently  [8],  but  all  results  reported  on  AlGaN/GaN  HEMTs  are  on  structures  grown  by 
MOVPE  or  MBE  on  sapphire  or  SiC  substrates.  Sapphire  is  high  resistive  and  up  to  6-inch 
substrates  are  available  for  mediate  price.  The  main  limitation  of  devices  on  sapphire  is  its  low 
thermal  conductivity,  about  5-times  lower  that  that  of  GaN  (see  Table  I).  Therefore  the  sapphire 
substrate  needs  to  be  thinned  down  as  possible  in  order  to  improve  the  heat-dissipated  power  of  a 
HEMT  [1].  Thermal  conductivity  of  SiC  is  more  than  10-times  higher  than  that  of  sapphire  and 
thus  SiC  is  today  the  main  preferable  substrate  for  GaN-based  high-power  devices.  However, 
high  resistive  SiC  wafers  are  very  expensive  (price  ratio  of  2-inch  SiC  and  Si  wafers  is  more  than 
100)  and  their  quality  is  rather  poor. 

Table  I.  Comparison  of  some  features  of  GaN,  sapphire,  SiC  and  Si  substrates  (Aa/a  and  a,h  are 
the  lattice  mismatch  and  the  thermal  expansion  coefficient  respectively,  relative  to  GaN,  Kth  is 
the  thermal  conductivity). 


Substrate 

GaN 

A1203 

SiC 

Si 

wafer  size 

~4  cm2 

6” 

3” 

12” 

cost 

high 

mediate 

high 

low 

perfection 

low 

high 

mediate 

high 

Aa/a  (%) 

- 

13 

3.4 

17 

ath  (%) 

- 

-34 

+25 

+100 

resistivity 

high 

high 

high 

mediate 

Kih  (W/cmK) 

1.3 

0.3 

3.5 

1.5 

Silicon  substrates  might  be  a  useful  alternative  because  of  some  advantages  in  comparison  to 
sapphire  and  SiC,  as  it  follows  from  Table  I.  They  are  cheep  and  available  in  high  quality  and  in 
the  size  up  to  1 2-inches.  Their  thermal  conductivity  is  partially  lower  than  that  of  SiC,  but  still 
5-timcs  higher  than  that  of  sapphire  and  slightly  higher  than  that  of  GaN.  However,  the  lattice 
constant  and  the  thermal  expansion  mismatches  for  GaN  on  Si  are  much  higher  than  those  for 
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GaN  on  sapphire  and  GaN  on  SiC.  Therefore  growth  of  GaN  on  silicon  is  much  more  difficult, 
accompanied  with  higher  dislocation  density  and  potential  generation  of  cracks.  This  is  the 
reason  that  the  number  of  papers  dealing  with  the  growth  of  GaN  on  Si  highly  exceeds  the 
number  of  those  describing  GaN-based  devices  on  Si  substrates. 

Formation  of  cracks  seems  to  be  the  basic  issue  of  GaN  on  silicon  technology.  Growth  by 
MBE  should  be  preferable  because  of  much  lower  growth  temperature  of -750  °C  (i.e.  lower 
thermal  strain  after  cooling)  than  by  MOVPE  with  a  common  growth  temperature  of -1050  °C. 
Indeed,  3  pm  thick  crack-free  GaN  layers  have  been  prepared  by  MBE  [9].  On  the  other  hand, 
several  groups  have  found  that  the  critical  thickness  for  crack-free  growth  by  MOVPE  is  only 
about  0.7-1  pm.  Various  buffer  layers  between  GaN  and  Si,  with  limited  success,  have  been 
used  to  grow  thicker  GaN  layers.  However,  significant  progress  in  a  decrease  of  the  crack 
density  has  been  achieved  recently  by  various  groups  [6,10,1 1].  This  improvement  saturated  with 
a  breakthrough  and  entirely  crack-free  GaN  layers  on  2-inch  Si  wafers  have  been  obtained. 
Consequently  GaN-on-Si  devices  with  improved  performance  have  been  presented.  Blue  light- 
emitting  diodes  on  Si(l  1 1)  substrates,  with  an  optical  power  up  to  270  pW  at  455  nm 
wavelength,  have  been  reported  [10].  Recently  also  AlGaN/GaN  HEMTs  on  Si  have  been 
realized  by  various  groups  [3-6].  The  unity  current  gain  cutoff  frequencies  fully  comparable  to 
those  obtained  on  devices  with  similar  geometry  and  using  sapphire  and  SiC  substrates  have 
been  obtained  [4].  Power  density  of  3.3  W/mm  as  well  as  an  output  power  up  to  27  W  on  large 
periphery  devices,  both  at  2  GHz,  were  also  reported  recently  [12]. 


GROWTH  AND  PROPERTIES  OF  LAYER  STRUCTURE 

Low-pressure  MOVPE  technique  was  used  to  grow  AlGaN/GaN  heterostructures  on  2-inch 
(1 1  l)-oriented  p-type  Si  substrates.  A  special  layer  sequence  to  reduce  strain  during  the  growth 
and  to  avoid  layer  cracking  after  the  cooling  cycle  was  deposited  on  Si  substrate  first.  It 
consisted  of  two  low-temperature  AIN  layers  and  one  embedded  high-temperature  GaN  layer 
with  a  total  thickness  of -0.4  pm  [13].  An  -1  pm  thick  high  resistive  GaN  buffer  layer  was  than 
deposited  on  top  of  this  ‘accommodation’  layer  sequence.  Finally,  a  6  nm  nominally  undoped 
AlGaN  spacer,  a  10-15  nm  Si  doped  (2-5x1 018  cm'3)  AlGaN  carrier-supply  and  a  6  nm 
nominally  undoped  AlGaN  barrier  layer  were  grown.  All  AlGaN  layers  were  grown  with  the 
mole  fraction  of  AIN  x  =  0.23  as  determined  by  RBS.  For  wurtzitic  group  Ill-nitride  based 
heterostructures,  a  high  2DEG  channel  conductivity  can  be  obtained  without  doping  due  to  large 
spontaneous  and  piezoelectric  polarization.  Therefore,  beside  conventionally  doped 
heterostructures,  we  also  prepared  undoped  AlGaN/GaN  heterostructures  for  some  comparative 
studies. 

Virtually  crack  -free  structures  with  reduced  tensile  strain  and  very  good  surface 
morphology  were  obtained.  The  surface  roughness  of  rms  =  0.64  nm  was  determined  by  atomic 
force  microscopy,  as  shown  in  Fig.  la  [14].  The  scanning  electron  microscopy  photograph  of  an 
AlGaN/GaN  heterostructure  is  shown  in  Fig.  lb.  However,  in  spite  of  reduced  stress  of  the  layers 
we  would  like  to  mention  that  a  curvature  of  2-inch  wafers  was  still  observed.  A  radius  of  of  7.8 
m  was  reported  for  MOCVD  grown  crack-free  GaN  on  Si(l  1 1)  substrates  [10], 
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Figure  1.  AFM  (a)  and  SEM  (b)  microphotographs  of  AIGaN/GaN  heterostructure  grown  on 
Si(l  1 1)  substrate. 

Temperature  dependent  Hall-effect  measurements  on  ~5*5  mm2  van  der  Pauw  samples  with 
alloyed  In-ball  contacts  were  performed  to  evaluate  the  properties  of  prepared  heterostructures. 
Room  temperature  data  yielded  the  sheet  carrier  concentration  ns  =  (0.75-l)xl013  cm'2  and  the 
carrier  mobility  of  950-1200  cm2/V  s.  The  temperature  dependent  measurements  have  shown 
typical  behavior  for  2DEG  structures  with  saturated  carrier  mobility  at  low  temperatures,  as  it  is 
demonstrated  for  both  doped  and  undoped  AlGaN/GaN/Si  heterostructures  in  Fig.  2. 


10  100 


temperature  (K) 

Figure  2.  Temperature  dependent  Hall-effect  measurement  on  doped  and  undoped  AIGaN/GaN 
heterostructure  grown  on  Si  substrate. 


DEVICE  FABRICATION 


The  device  processing  consisted  of  conventional  HEMT  fabrication  steps.  At  first  mesa 
etching  isolation  using  an  argon  sputtering  was  performed.  After  that  ohmic  contacts  were 
prepared  by  evaporating  multilayered  Ti/Al/Ni/Au  sequence  followed  by  annealing  at  850  °C  for 
30  s  in  a  N2  ambient  [15].  The  ohmic  contact  resistance  of  0.35-0.8  Qmm  with  a  channel  sheet 
resistivity  of  550-900  Q/sqr  were  measured  using  the  transmission-line-method.  The  Schottky 
gate  metallization  consisted  of  a  Ni/Au  double-layer  patterned  by  e-beam  lithography.  The 
Schottky  barrier  height  of  0.98  and  1.11  eV  was  found  from  I-V  and  I-V-T  measurement  [15], 
An  improvement  of  the  recessed  Schottky  contacts  can  be  obtained  after  annealing  at  450  °C 
[16].  Unpassivated  as  well  as  passivated  (Si3N4,  Si02)  multifinger-gate  devices  with  different 
source-drain  separation,  nominal  gate  lengths  of  0.3,  0.5  and  0.7  pm  and  a  finger  gate  width  of 
50  pm  (2-6  fingers  used)  were  prepared.  The  existence  of  the  2DEG  in  the  AlGaN/GaN/Si 
heterostructures  to  be  processed  was  confirmed  by  C-V  measurements. 


DEVICE  PERFORMANCE 
DC  characterization 


The  HEMT  maximum  output  rf  power  relates  to  the  dc  parameters  as  Prf  =  (AV  x  AI)/8.  Here 
AV  is  a  difference  of  a  source-drain  breakdown  voltage  and  a  knee  voltage,  AI  is  given  by  a 
maximum  drain  saturation  current.  This  emphasizes  the  relevance  of  the  HEMT  dc 
characterization.  Typical  static  output  characteristics  at  different  gate  voltages  from  +1  V  up  to 
-9  V  (AVg  =  -1  V)  measured  up  to  drain  voltage  of  20  V  on  devices  with  0.3  pm  gate  length  are 
shown  in  Fig.  3a  (solid  lines).  Low  output  conductance  and  minimal  thermal  effects  are 


0  5  10  15  20 

drain  voltage  (V) 


gate-source  voltage  (V) 


Figure  3.  I-V  (a)  and  transfer  (b)  characteristics  of  AlGaN/GaN  HEMT  on  Si  substrate  (dotted 
lines  are  for  the  similar  device  on  sapphire  substrate). 
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observed.  A  drain  saturation  current  of  0.91  A/mm  (0.72  A/mm  for  devices  with  0.5  pm  gate 
length,  not  shown  here)  is  obtained  at  +1  V  on  the  gate.  This  is  higher  than  so  far  reported  for 
AlGaN/GaN  HEMTs  on  Si  and  comparable  to  values  on  high  performance  microwave  power 
HEMTs  on  SiC  substrates.  Also  presented  in  Figure  3a  are  typical  I-V  output  characteristics  for 
devices  with  a  similar  layer  structure  however  grown  on  sapphire  substrates  (dotted  lines).The 
HEMTs  on  Si  substrates  can  sustain  significantly  higher  DC  power  in  comparison  to  similar 
devices  grown  on  sapphire.  The  drain  current  decreases  only  slightly  (VG  =  1  V)  or  is  almost 
constant  (VG  <  0  V)  with  increasing  drain  voltage  for  devices  on  Si.  An  improvement  in  heat 
dissipation  because  of  the  higher  thermal  conductivity  of  Si  compared  to  sapphire  (ksAsapphirc  = 
5)  is  evident.  Thus,  channel  heating  effects  are  significantly  reduced  and  the  devices  can  handle 
static  heat  dissipation  of  up  to  about  16  W/mm  without  remarkable  degradation  of  their 
performance. 

The  transfer  characteristics  of  the  AlGaN/GaN  HEMT  on  Si  are  shown  in  Fig.  3b.  The  peak 
extrinsic  transconductance  of  125  mS/mm  was  measured  at  VG  =  -5  V.  This  is  only  slightly 
lower  than  reported  for  high  performance  microwave  power  GaN-based  HEMTs  on  SiC. 
However,  further  enhancement  may  be  achieved  by  optimizing  the  HEMT  dimensions, 
especially  the  gate  length  and  the  gate  drain  spacing.  Thus  transconductances  up  to  1 50  mS/mm 
were  achieved.  The  threshold  voltage  of  these  devices  is  close  to  -9  V  opposed  to  -6  V  observed 
on  similar  devices  on  sapphire.  The  breakdown  voltage  at  pinch-off  is  found  to  be  slightly  above 
40  V. 


Properties  at  higher  temperatures 

The  dc  characterization  of  AlGaN/GaN/Si  HEMTs  shows  good  handling  capability  of  static 
heat  dissipation  without  any  degradation  of  their  performance.  Consequently  smaller  degradation 
in  the  device  performance  at  higher  temperatures  is  expected  if  silicon  substrate  is  used  (Fig.  4). 
The  saturation  current  Id, max  and  the  peak  transconductance  gm,Cxt  at  various  temperatures  up  to 
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Figure  4,  Saturation  current  and  peak  transconductance  as  a  function  of  temperature  (normalized 
to  their  300  K  values)for  AlGaN/GaN  HEMTs  on  Si  and  sapphire  substrates. 
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400  °C  for  AlGaN/GaN  HEMTs  prepared  on  Si  and  sapphire  are  shown  in  Fig.  4.  It  is  clear  that 
reduction  of  the  dc  performance  with  increased  temperature  is  much  less  pronounced  for  devices 
on  Si  compared  to  those  on  sapphire  substrates. 

Channel  temperature 

Self-heating  effects  and  temperature  rise  in  AlGaN/GaN  HEMTs  were  studied  in  details, 
exploiting  transistor  DC  characterization  methods.  We  observed  that  the  negative  differential 
conductance  in  the  output  characteristics  accompanies  the  HEMT  self-heating  effect.  An  analytic 
formula  for  a  source-drain  current  drop  as  a  function  of  parasitic  source  resistance  and  the 
threshold  voltage  changes  is  proposed  to  explain  this  behavior  [17].  The  Rs  and  Vth  were 
determined  experimentally  at  different  elevated  temperatures  to  construct  channel  temperature 
versus  dissipated  power  transfer  characteristic.  Typical  result  for  AlGaN/GaN  HEMTs  on  Si  and 
sapphire  substrates  are  compared  in  Fig.  5.  The  channel  temperature  increases  much  rapidly  for 
devices  on  sapphire  reaching  320  °C  in  comparison  to  95  °C  for  a  HEMT  on  Si  at  6  W/mm 
dissipated  power. 


dissipated  power  (W/mm) 

Figure  5.  Transfer  characteristics  channel  temperature  -  dissipated  power  for  AIGaN/GaN 
HEMT  grown  on  Si  and  sapphire  substrates. 


Photoionization  spectroscopy  of  traps 

It  is  well  known  that  high  density  of  traps  present  in  AlGaN/GaN  heterostructures  is 
responsible  for  dc/rf  dispersion  (current  collapse),  i.e.  for  lower  output  power  as  predicted  from 
the  dc  properties.  We  performed  photoionization  spectroscopy  measurements  on  AlGaN/GaN 
HEMTs,  which  allows  to  identify  the  trap  signatures.  Typical  examples  of  the  photoionization 
cross  section  as  a  function  of  the  photon  energy  for  devices  prepared  on  Si  and  sapphire 
substrates  are  shown  in  Fig.  6.  Measured  data  are  evaluated  using  Lucovsky  formula 
cr  =  K(hv  -  Et)3/2/(hv)3  and  assuming  Gaussian  broadening  of  the  defect  levels  (full  lines  in  Fig. 
6).  Defects  with  two  distinct  levels  of  3.2  and  2.9  eV  are  present  in  all  structures  independent  on 
the  substrate  used.  Our  previous  results  on  AlGaN/GaN/sapphire  HEMTs  with  different  channel- 
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surface  distance  indicate  that  the  traps  observed  are  surface  related  [18].  The  third  trap  level  of 
1.85  eV  is  found  only  in  devices  prepared  on  Si.  On  the  other  hand,  levels  of  2.85  and  1.8  eV 
have  been  found  before  on  GaN-based  FETs  on  sapphire  and  are  suggested  to  be  present  in  the 
high  resistive  GaN  buffer  [19].  Thus,  further  studies  are  needed  in  order  to  identify  the  origin  of 
observed  traps  in  AlGaN/GaN  HEMTs. 


Figure  6.  Photoionization  cross  section  spectra  for  AlGaN/GaN  HEMT  grown  on  Si  and 
sapphire  substrates. 

Characterization  under  pulse  conditions 

A  comparison  of  the  I-V  and  transfer  characteristics  measured  on  the  same  AlGaN/GaN 
HEMT  device  under  dc  and  pulsed  (~1.5  ps)  conditions  are  shown  in  Fig.  7.  Characteristics  for 


Figure  7.  I-V  and  transfer  characteristics  of  AIGaN/GaN  HEMTs  on  Si  and  sapphire  substrates 
(full  and  dashed  lines  are  for  DC  and  pulsed  conditions,  respectively). 
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devices  with  similar  geometry  prepared  on  Si  and  sapphire  substrates  are  shown.  The  pulsed 
drain  currents  (dashed  lines)  are  partially  higher,  as  expected,  than  those  for  dc  conditions  (full 
lines,  both  at  Vg  =  +1  V).  However,  for  HEMT  on  sapphire  also  the  pulsed  characteristics  show 
a  decrease  of  the  drain  current  in  contradiction  to  the  almost  constant  current  at  higher  voltages 
for  devices  on  Si.  The  pulsed  I-V  characteristics  of  HEMT  on  sapphire  exhibits  still  negative 
conductance  indicating  on  heating  effects.  On  the  other  hand,  the  transconductance  as  a  function 
of  the  gate  bias  for  HEMT  on  Si  (VD  =  8  V)  shows  nearly  the  same  behavior  at  dc  and  pulsed 
conditions.  Thus,  Si  substrate  promises  better  device  cooling  and  brings  a  prospect  of  a  higher 
power  rf  performance. 

Small  signal  characterization 

The  small  signal  characterization  of  the  devices  was  carried  out  by  on-wafer  S-parameters 
measurements  using  an  HP  85 IOC  network  analyzer  [4].  Fig.  8a  shows  the  short  circuit  current 
gain  (h2i)  and  unilateral  power  gain  (GU)  against  frequency  for  AlGaN/GaN/Si  HEMTs.  An 
extrinsic  unity  gain  cutoff  frequency  of  32  and  21  GHz  and  a  maximum  frequency  of  oscillation 
of  27  and  22  GHz  are  evaluated  for  devices  with  0.5  and  0.7  pm  gate  length,  respectively.  These 
are  the  highest  values  reported  so  far  for  AlGaN/GaN  HEMTs  on  Si  substrates.  Moreover,  the 
unity  current  gain  cutoff  frequencies  are  fully  comparable  to  those  obtained  on  devices  with 
similar  geometry  and  using  sapphire  and  SiC  substrates.  This  is  shown  in  Fig.  8b,  in  which  the 
best  fT  values  found  in  the  literature  for  various  gate  lengths  (gate  width  not  considered)  are 
plotted  together  with  those  reported  here.  However,  the  fmax/fT  of  -1  results  for  AlGaN/GaN/Si 
HEMTs  prepared.  This  is  similar  as  reported  before  [3]  and  indicates  parasitic  conduction 
through  the  Si  substrate. 
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Figure  8.  Small  signal  performance  of  AlGaN/GaN  HEMTs  on  Si  substrates  (a)  and  unity 
current  gain  cutoff  frequencies  for  various  gate  lengths  known  for  devices  on  sapphire  and  SiC 
substrates  in  comparison  with  those  reported  here  on  Si  substrates  (b). 
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CONCLUSIONS 


AlGaN/GaN  HEMTs  prepared  on  (1 1  l)Si  substrates  were  characterized  by  conventional 
on-wafer  dc,  pulse  and  rf  methods  and  their  properties  were  compared  with  those  found  on 
similar  devices  on  sapphire  substrates.  From  the  static  and  pulsed  I-V  measurements  it  follows 
that  the  use  of  a  Si  substrate  promises  better  device  cooling  and  thus  higher  power  performance 
can  be  expected.  It  was  shown  that  degradation  of  the  dc  performance  at  higher  temperatures  is 
much  less  pronounced  for  devices  on  Si  than  on  sapphire  substrates.  Photoionization 
spectroscopy  studies  revealed  trap  level  of  1.85  eV,  additional  to  two  levels  found  before  on 
GaN-based  HEMTs  prepared  on  sapphire  substrate.  Properties  of  AlGaN/GaN/Si  HEMTs  show 
that  this  technology  brings  a  prospect  for  commercial  application  of  high  power  rf  devices. 
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ABSTRACT 

Electron  transport  properties  and  DC  device  characteristics  have  been  examined  in  the 
AlGaN/GaN  heterostructure  field-effect  transistors  (HFETs)  with  back-doping  design  that  makes 
it  possible  to  obtain  high  two-dimensional  electron  gas  (2DEG)  densities  even  for  the  devices 
with  thin  AlGaN  barrier  layers.  In  the  back-doping  design,  an  asymmetric  double-heterostructure 
is  employed,  and  donor  atoms  are  doped  not  only  in  the  surface-side  AlGaN  layer  but  also  in  the 
underlying  AlGaN  layer.  In  this  structure,  electrons  are  efficiently  supplied  also  from  the 
back-doped  AlGaN  barrier  layer  to  the  GaN  channel  and  merged  into  a  single  2DEG  layer,  with 
the  help  of  the  negative  polarization  charges  at  the  heterointerface  between  the  GaN  channel  and 
the  underlying  AlGaN  barrier  layer.  By  using  back-doping  design,  very  high  2DEG  densities 
around  3x  1 01 3  cm'2  has  been  achieved  in  the  Alo.3Gao.7N/GaN  HFET  whose  barrier  layer 
(Alo.3Gao.7N)  is  designed  to  be  as  thin  as  120  A.  An  HFET  with  the  gate-length  of  1.5  pm  has 
exhibited  a  high  current  density  of  1 .2  A/mm  and  a  high  transconductance  of  200  mS/mm,  which 
is  ascribed  to  high  2DEG  densities  and  thin  barrier  layers  in  these  devices.  HFETs  with  the 
back-doping  design  are  thus  promising  for  high-power  applications. 

INTRODUCTION 

AlGaN/GaN  heterostructure  field-effect  transistors  (HFETs)  have  recently  emerged  as 
the  attractive  transistors  suitable  for  high-temperature  and  high-power  microwave  applications 
[1-12].  For  further  improving  high-power  device  performance,  increasing  the  two-dimensional 
electron  gas  (2DEG)  density  is  effective,  which  can  be  attained  by  using  the  unrelaxed  HFETs 
with  high  A1  compositions  [13-16].  On  the  other  hand,  reducing  the  thickness  of  the  AlGaN 
barrier  layer  is  effective  to  obtain  the  high  transconductance.  In  this  paper,  we  point  out  the 
problem  with  the  conventional  doping  design  that  the  2DEG  density  decreases  when  the  AlGaN 
barrier  thickness  is  reduced.  As  a  solution  for  this  problem,  we  propose  the  back-doping  doping 
design  that  makes  it  possible  to  obtain  high  2DEG  densities  in  the  HFETs  with  the  thin  barrier 
thickness.  We  examine  the  electron  transport  properties  and  DC  device  characteristics  of  the 
HFETs  with  the  back-doping  design. 

EXPERIMENTAL  DETAILS  AND  DISCUSSIONS 

Problem  with  Conventional  Modulation  Doping  accompanied  bv  Thinning  Barrier  Layer 

To  examine  the  2DEG  density  in  modulation  doped  HFETs  with  thin  AlGaN  layers,  we 
have  grown  modulation  doped  HFETs  whose  barrier  thickness  is  as  thin  as  120  A,  and,  for 
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compans™  we  have  also  grown  modulation  doped  HFETs  with  a  typical  barrier  thickness  of 
200  A.  We  have  grown  these  HFET  samples  on  6H-SiC(000! )  substrates  by  low-pressure  metal 
organic  vapor  phase  epitaxy  (MOVPE)  at  300  Torr.  The  structures  were  as  follows-  40  A 

monPId4ml'LGS-''7l),/c.!.30  °r  50  A  S'-d°Ped  30  A  undoped  Al()3Ga„7N/  1pm  GaN/ 

1000  A  AIN  buffer/  StC(0001 )  substrates.  Thus,  of  the  200  (or  120)  A  AlGaN  barrier  layer,  the 
midst  part  of  the  130  (or  50)  A  region  was  doped  with  Si,  and  the  surface-side  40  A  and  the 
channel-side  30  A  layers  were  left  undoped  as  the  Schottky  contact  and  the  spacer  layers 
respectively.  The  doping  concentration  of  Si  was  varied  form  0  (undoped)  to  4x10'’  cm'3  to 
increase  the  2DEG  density.  For  these  modulation  doped  HFET  samples,  we  have  performed  the 
Hall  effect  measurements  with  Van  der  Pauw  geometry. 

Figure  1  shows  the  relation  between  the  2DEG  mobility  and  the  2DEG  density  at  300  K 
in  modulation  doped  HFETs  whose  AlGaN  thickness  is  200  and  120  A.  In  both  HFETs,  the 
2DEG  density  increases  with  increasing  the  Si  doping,  and  the  2DEG  mobility  is  shown  to 
decrease  with  increasing  the  2DEG  density  as  the  result  of  the  increased  impurity  scattering  by 
ionized  Si  atoms  in  the  barrier  layer.  What  is  important  in  Fig.  1  is  that  the  maximum  2DEG 
density  obtained  in  the  HFET  with  the  120  A  AlGaN  layer  is  only  about  1.5xl013  cm  \  although 
that  obtained  in  the  HFET  with  the  200  A  AlGaN  layer  is  as  high  as  2.2x1 013  cm’3  Thus  the 
2DEG  density  that  can  be  obtained  in  modulation  doped  HFETs  decreases  when  the  AlGaN  layer 
becomes  thin.  This  situation  explicitly  emerges  when  the  AlGaN  thickness  is  less  than  about  150 
A.  Thus,  we  cannot  fully  utilize  the  large  2 DEG  capacity  of  GaN-based  HFETs  when  the 
thickness  of  the  AlGaN  layer  is  reduced. 
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Figure  1.  Relation  between  2DEG  mobility  and  2 DEG  density  in  modulation 
doped  AlGaN/GaN  HFETs  with  different  AlGaN  thickness  of  120  and  200  A. 

The  above  situation  contrasts  with  the  case  of  (In)GaAs-based  HFETs,  where  the  2DEG 
capacity  is  in  the  order  of  10  "  cm'2,  and  hence,  modulation  doping  in  the  thin  barrier  layer  is 
sufficient  to  fill  the  2DEG  capacity.  Thus,  the  2 DEG  density  is  not  limited  by  the  thickness  of 
the  barrier  layer  in  these  devices.  In  contrast,  the  2 DEG  capacity  of  GaN-based  HFETs  is  in  the 
order  of  10  cm  ,  hence,  a  critical  situation  occurs  that  the  electron  density  that  can  be  realized 
with  modulation  doping  becomes  smaller  than  the  2DEG  capacity  when  the  barrier  layer  is  thin 
Therefore,  when  we  reduce  the  AlGaN  barrier  thickness  to  improve  the  device  performance,  we 
need  to  supply  electrons  by  using  doping  designs  other  than  the  conventional  modulation  doping. 


best  available  copy 


High  2DEG  Density  in  Back-Doped  HFETs 


As  a  solution  for  the  above  problem  we  propose  the  AlGaN/GaN  HFETs  with  the 
back-doping  design  (BD-HFET).  In  BD-HFETs,  an  asymmetric  double-heterostructure  is 
employed,  and  donor  atoms  are  doped  not  only  in  the  surface-side  AlGaN  layer  but  also  in  the 
underlying  AlGaN  layer  whose  A1  composition  is  not  as  high  as  that  of  the  surface-side  AlGaN 
layer.  In  this  structure,  electrons  are  efficiently  supplied  also  from  the  back-doped  AlGaN  barrier 
layer  to  the  GaN  channel,  with  the  help  of  the  negative  polarization  charges  at  the  heterointerface 
between  the  GaN  channel  and  the  underlying  AlGaN  barrier  layer.  Hence,  high  2DEG  densities 
should  be  obtained  even  when  the  thickness  of  the  surface-side  AlGaN  layer  becomes  small  and 
the  supply  of  electrons  from  this  layer  becomes  small. 

We  have  fabricated  BD-HFETs  and  have  examined  their  2DEG  densities.  The  samples 
were  grown  by  low-pressure  MOVPE  at  300  Torr.  The  BD-HFETs  have  the  following  structure: 
40  A  undoped  Alo.3Gao.7N/5O  A  Si-doped  Alo.3Gao.7N/3O  A  undoped  Alo.3Gao.7N/25O  A  GaN/100 
A  Si-doped  Al0.o9Ga0.9iN/l  pm  AlGaN  (gradual  A1  composition)/  6H-SiC(0001).  Thus,  the 
structure  of  the  surface-side  Alo.3Gao.7N  layer  in  BD-HFETs  was  completely  the  same  as  that  in 
the  HFETs  with  the  conventional  modulation  doping  design  (MD-HFETs)  treated  in  the  previous 
section.  The  total  thickness  of  the  Alo.3Gao.7N  layer  was  thus  as  thin  as  120  A  in  both  BD  and 
MD-HFETs.  In  BD-HFETs,  the  Si  concentration  in  the  back-side  Alo.09Gao.91N  barrier  layer  was 
(O-l)xlO19  cm'3.  No  discontinuity  of  the  A1  composition  was  made  bellow  the  back-side 
Alo.09Gao.91N  layer  in  order  to  avoid  the  additional  accumulation  of  the  2DEG.  It  should  be  noted 
that  no  GaN  buffer  layer  was  included  in  BD-HFETs  except  for  the  250  A  channel  layer. 

Figure  2  shows  the  relation  between  the  2DEG  mobility  and  the  2DEG  density  at  300  K 
in  BD-HFETs,  together  with  that  in  conventional  MD-HFETs.  The  maximum  2DEG  density  in 
the  BD-HFET  is  shown  to  be  as  high  as  about  3x1 013  cm'2.  This  value  is  almost  the  twice  of  the 
maximum  2DEG  density  obtained  in  the  MD-HFET  (1.5xl013  cm’2),  although  both  HFETs  have 
the  same  barrier  structure  whose  total  thickness  is  as  thin  as  120  A.  Thus,  the  2DEG  density  can 
be  increased  with  the  back-doping  design. 


Figure  2.  Relation  between  2DEG  mobility  and  2DEG  density  in  MD-  and 
BD-HFETs.  The  thickness  of  AlGaN  layer  is  as  thin  as  120  A  in  both  HFETs. 
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The  2DEG  mobility  in  the  BD-HFET  is  around  800  cm2/Vs,  which  is  relatively  high  considering 
the  very  high  2DEG  density  of  3xl013  cm'2.  These  values  lead  to  a  record  value  of  the 
mobility-density  product  of  2.4xl016  (Vs)1.  Hence,  with  BD-HFETs,  we  can  attain  high  2DEG 
densities  even  when  the  barrier  thickness  is  reduced  to  obtain  high  aspect  ratio  and  high 
transconductance. 

2DEG  Transport  Properties  and  DC  Device  Characteristics  in  BD-HFETs 

We  have  examined  the  2DEG  transport  properties  in  a  BD-HFET  sample  whose  2DEG 
density  is  as  high  as  2.8x1 013  cm'2  at  300  K.  Figure  3  shows  the  temperature  dependence  of  the 
2DEG  mobility  and  the  2DEG  density  from  77  to  400  K.  The  2DEG  mobility  is  shown  to 
increase  with  decreasing  the  temperature,  and  the  2DEG  mobility  at  77  K  is  about  4000  cm2/Vs, 
which  is  very  high  considering  the  high  2DEG  density  above  2xl013  cm'2.  This  indicates  that  the 
sample  exhibits  typical  2DEG  transport  and  no  three  dimensional  conduction  in  the  back-side 
AlGaN  barrier  layer  is  not  involved  in  the  transport.  Thus,  the  BD-HFET  with  a  thin  AlGaN 
barrier  layer  exhibits  excellent  transport  properties  below  and  above  room  temperature. 


Temperature  <K) 


Figure  3.  Temperature  dependence  of  2DEG  mobility  and  2DEG  density  in  BD-HFETs. 


We  have  fabricated  the  device  structure  by  using  the  above  BD-HFET  substrate.  Mesa 
isolation  was  performed  by  low-damage  reactive  ion  etching  (RIE)  using  chlorine-nitrogen 
mixed  plasmas.  To  form  the  source  and  drain  ohmic  contacts,  200  A  Ti/  800  A  Al/  400  A  Ti/ 
1200  A  Au  layers  were  annealed  at  800  °C  for  30  sec.  As  the  Schottky  gate  metal,  500  A  Ni/ 
1200  A  Au  layers  were  used  without  being  annealed.  The  gate  length  and  width  of  fabricated 
HFETs  were  2  and  20  pm,  respectively.  No  surface  passivation  was  performed  in  these  devices. 

Figures  4  shows  the  I-V  characteristics  at  room  temperature.  The  gate  voltage  was 
stepped  from  +2  to  -8  V  in  -2  V  increments.  Excellent  pinch-off  characteristics  are  obtained  with 
a  threshold  voltage  of -8  V,  indicating  that  no  parallel  conduction  exists  in  the  back-side  AlGaN 
barrier  and  underling  AlGaN  buffer  layers.  The  saturation  current  density  is  1.2  mA/mm,  and  the 
maximum  transconductance  is  estimated  to  be  200  mS/rrrm.  These  values  are  very  high 
considering  a  relatively  long  gate  length  of  1 .5  pm.  It  should  be  noted  that,  as  shown  in  Fig.  4, 
the  device  exhibits  high  transconductancc  not  in  the  low  current  density  region  but  in  the  high 
current  region  near  1  mA/mm.  These  characteristics  are  advantageous  for  high-power 
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Figure  4. 1-V  characteristics  of  BD-HFET.  The  maximum  transconductance  is  200  mS/mm. 

applications,  and  should  be  related  to  the  2DEG  transport  properties  in  BD-HFETs  that  the 
2DEG  mobility  is  relatively  high  even  for  very  high  2DEG  densities.  Thus,  the  BD-HFET  has 
exhibited  a  high  current  density  and  a  high  transconductance,  which  is  attributed  to  the  high 
2DEG  density  and  the  thin  barrier  thickness  in  the  BD-HFET. 

As  we  point  out  in  a  previous  section,  the  back-doping  design  is  important  in  GaN-based 
HFETs  in  order  to  fully  exploit  their  high  potentiality  for  the  large  2DEG  capacity  in  the  order  of 
1013  cm'2.  We  here  comment  on  the  difference  in  the  GaN-based  BD-HFET  and  the 
(In)GaAs-based  HFET  with  double-doping  design  where  the  symmetrical  double-heterostructure 
is  usually  used  and  the  doping  is  performed  in  the  two  barrier  layers. 

In  the  case  of  (In)GaAs-based  HFETs  with  double-doping  design,  there  exist  two  layers 
of  the  2DEG  system  existing  at  each  heterointerface,  and  the  electron  density  is  increased  by 
using  these  separated  two  layers  of  the  2DEG  system,  which  is  not  preferable  for  device 
operation  in  general.  In  contrast,  the  GaN-based  BD-HFET  can  be  designed  to  consist  of  a  single 
layer  of  the  2DEG  system  at  the  surface-side  heterointerface,  with  the  help  of  the  negative 
polarization  charges  at  the  back-side  heterointerface  and  the  asymmetric  double-heterostructure 
where  the  back-side  barrier  is  designed  to  be  smaller.  A  single  layer  of  the  2DEG  system  is 
preferable  for  device  operation.  The  observed  pinch-off  characteristics  and  high 
transconductance  in  Fig.  4  suggest  that  such  situation  is  realized  in  the  fabricated  device. 

Hence,  the  situations  are  different  in  GaN-based  and  (In)GaAs-based  HFETs.  In 
GaN-based  HFETs,  channel  electrons  consist  of  a  single  layer  of  the  2DEG  system,  and  we 
perform  the  additional  doping  in  order  to  fully  utilize  the  large  2DEG  capacity,  because,  without 
additional  doping,  the  actual  2DEG  density  could  be  smaller  than  the  2DEG  capacity  when  the 
surface-side  barrier  layer  becomes  thin.  Thus,  the  back-doping  design  is  important  and  effective 
in  GaN-based  HFETs  that  have  the  large  2DEG  capacity  and  the  large  polarization  effects. 

CONCLUSION 

As  the  result  of  the  large  2DEG  capacity  in  the  order  of  10!3  cm'2  in  AlGaN/GaN  HFETs, 
the  actual  2DEG  density  that  can  be  realized  with  the  conventional  modulation  doping  design 
could  be  smaller  than  the  inherent  2DEG  capacity,  when  we  reduce  the  barrier  thickness  to 
improve  the  device  performance.  Thus,  we  propose  the  back-doping  design  that  makes  it 
possible  to  obtain  high  2DEG  densities  even  for  the  devices  with  thin  AlGaN  barrier  layers.  By 
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using  back-doping  design,  very  high  2DEG  densities  around  3 x  1 0 1 '  cm"2  has  been  achieved  in 
the  Alo.3Gao.7N/GaN  HFET  whose  barrier  layer  is  designed  to  be  as  thin  as  120  A.  An  HFET 
with  the  gate-length  of  1.5  pm  has  exhibited  a  high  current  density  of  1.2  A/mm  and  a  high 
transconductance  of  200  mS/mm,  which  is  ascribed  to  high  2DEG  densities  and  thin  barrier 
layers  in  these  devices.  HFETs  with  the  back-doping  design  are  thus  promising  for  high-power 
applications. 
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ABSTRACT 

We  report  on  device  quality  Alo.28Gao.72N/GaN  heterostructures  growth  by  low-pressure 
metalorganic  chemical  vapor  deposition  (LP-MOCVD)  using  intermediate  AlxGai„xN/GaN 
superlattices  (SL)  with  x<0.15.  High-quality  Alo.28Gao.72N/GaN  heterostructures  have  been 
confirmed  with  HRXRD  analysis  by  measurement  of  mosaic  twist  and  tilt  in  growth  films,  SEM 
with  selective  etching  and  Van  der  Pauw  Hall  measurements.  The  edge  and  threading 
dislocations  were  efficiently  filtered  by  the  AlGaN/GaN  SL  resulting  in  further  reduction 
dislocation  densities  at  the  channel.  Additionally,  the  superlattice  served  to  improve  the  planarity 
of  the  channel  heterointerface  as  evidenced  by  x-ray  and  AFM  analysis.  The  increase  of  2-DEG 
mobility  from  ~1 187  cm 2/V  s  to  ~1443  cm2/V  s  was  obtained  at  the  carrier  density  of  1 .0  to  1.2 
xlO13  cm'2  on  heterostructures  with  intermediate  AlGaN/GaN  SL  grown  on  sapphire. 


INTRODUCTION 

AlGaN/GaN  heterojunction  field  effect  transistors  (HFET)  have  attracted  a  great  deal  of 
interest  due  to  their  potential  for  high  frequency  power  amplification  and  resistance  to  harsh 
environments  [1].  The  inherent  strong  spontaneous  polarization  and  piezo-electric  effect  at  the 
AlGaN/GaN  heterointerface  produce  sheet  carrier  concentrations  in  excess  of  1013  cm'2, 
mobilities  greater  than  1500  cm 2/V  s  and  sheet  conductivities  above  2xl016  V'V1.  hi 
combination  with  high  breakdown  fields  and  large  peak  and  saturated  velocities  the  result  can  be 
state  of  the  art  power  densities  at  microwave  frequencies  [2j.  To  obtain  this  level  of 
performance  it  has  been  well  documented  that  the  planarity  of  the  heterointerface  is  critical  in 
minimizing  the  scattering  of  carriers  in  the  channel  of  an  HFET  [3].  Additionally,  while  there  is 
some  evidence  that  nitride  based  devices  may  be  tolerant  of  relatively  high  threading  dislocation 
densities  (109-1010  cm'2)  inherent  to  the  large  substrate/epilayer  lattice  mismatch,  there  is  clear 
indication  that  propagating  defects  tend  to  roughen  the  surface  of  the  system  [4,5]. 

In  order  to  provide  a  high  quality  film  with  minimal  thickness,  several  approaches  have  been 
explored.  Epitaxial  overgrowth  [6]  has  enjoyed  very  good  success  in  reducing  threading 
dislocations,  but  it  demands  increased  complexity  and  may  reduce  the  usable  surface  area  of  the 
wafer.  Others  have  reported  growth  on  patterned  substrates  (an  example  is  epitaxial  lateral 
overgrowth)  [6].  While  this  approach  has  been  shown  to  be  beneficial,  it  is  at  the  expense  of 
significantly  more  complicated  processing  prior  to  crystal  growth. 

In  order  to  improve  the  planarity  of  the  growth  front  and  filter  the  threading  dislocations  the 
use  of  strained  layer  AlGaN/GaN  superlattices  (SL)  has  been  investigated  in  this  study.  It  was 
shown  the  intentionally  introduced  strain  field  local  to  the  SL  not  only  deflects  a  significant 
portion  of  the  defects  that  would  otherwise  reach  the  channel  but  also  planarizes  the  growth 
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front.  This  results  in  reducing  scattering  at  the  channel  and  is  manifested  in  higher  mobility  at  a 
given  carrier  concentration.  It  is  important  to  note,  the  SL  design  must  not  induce  a  parasitic 
parallel  conduction  path.  This  is  especially  important  due  to  the  potential  for  spontaneously 
generated  carriers  at  any  AlGaN/GaN  heterointerface.  As  such  the  SL  is  located  close  to  the 
substrate/epilayer  interface  where  the  threading  dislocation  density  is  sufficient  to  disrupt 
undesirable  conduction  path  parallel  competing  with  the  channel.  In  order  to  help  ensure  this,  a 
SL  design  with  a  low  fraction  of  aluminum  has  been  used  in  the  AlGaN  layers.  This  differs  from 
other  approaches  that  have  used  recently  such  as  silicon  SL  [7]  and  AIN  SL  [8]  in  that  semi- 
insulating  behavior  of  the  buffer  layer  must  be  maintained  in  order  to  preserve  high  frequency 
performance. 


EXPERIMENTAL 

AlGaN/GaN  heterostructures  in  this  study  were  grown  on  (0001)  basal  plane  sapphire 
substrate  by  low-pressure  metalorganic  chemical  vapor  deposition  (LP-MOCVD)  in  a  custom 
built  vertical  reactor  with  a  RF  heater  described  previously  [9].  Figure  1  illustrates  the 
AlGaN/GaN  epitaxial  design  heterostructures.  A  conventional  low-temperature  (-350  °C  below 


Figure  1.  Schematic  of  HFET  AlGaN/GaN  structure  with  intermediate  AlGaN/GaN  SL. 

growth  temperature)  buffer  layer  of  AIN  (300  A)  was  followed  by  high-temperature  undoped 
GaN  layer  (0.5  pm).  The  5  periods  AlxGa1.xN/GaN  SL  (0.1pm  total  thickness)  with  x<0.15  then 
was  deposited  without  any  growth  interruption  as  shown  in  Figure  1 .  After  the  SL  was  deposited, 
an  additional  1-1.5  pm  of  undoped  GaN  was  grown.  An  AlN/Alo.2xGao.72N  spacer  (10  A/30  A) 
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layer  was  grown  atop  the  channel.  A  silicon  doped  (3xlO,R  cm"3)  Alo.28Gao.72N  layer  (200  A) 
was  then  grown. 

Several  techniques  were  employed  to  evaluate  the  material  grown  including  atomic  force 
microscopy  (AFM),  scanning  electron  microscopy  (SEM)  with  selective  etching,  room 
temperature  van  der  Pauw  Hall  measurements,  C-V  depletion  profiling,  and  high  resolution  x-ray 
diffraction  (HRXRD).  HRXRD  measurements  were  performed  using  a  Bede  D1  High  Resolution 
diffractometer.  The  effect  of  the  threading  dislocations  on  the  x-ray  diffraction  peak  in  epitaxial 
GaN  films  was  evaluated  in  both  angular  (ty  scans),  radial  scans  (ct)-20  scans)  in  a  series  of 
symmetric  and  asymmetric  reflections.  Grazing  incidence  x-ray  reflection  (GIXRR)  was  used  to 
evaluate  the  heterointerface  planarity.  For  etch  pit  density  measurements,  the  samples  were 
selectively  photo-electrochemical  (PEC)  etched  in  aqueous  KOH  solution  [10]. 


RESULTS  AND  DISCUSSION 

Figure  2  shows  the  measured  grazing  incidence  X-ray  reflectivity  (GIXRR)  data  from  a 
sample  as  shown  in  Figure  1  with  and  without  SL.  Values  of  layer  thickness,  interface  roughness 
and  density  have  been  extracted  from  the  reflectivity  curve  using  a  modeling  method  which  is 
built  around  first  principles,  Maxwell’s  equations,  and  Genetic  fitting  algorithms  [11].  The  GaN 
layer  was  assumed  to  be  the  effective  substrate  due  to  the  limited  penetration  depth  of  the 
GIXRR  method  (few  thousand  Angstroms  maximum).  For  the  A1  concentration  of  AlxGai.xN  a 
value  of  x  =  25%  was  used  as  calculated  from  the  peak  separation  of  the  co-26  scans  (see  Fig.  3). 
A  comparison  between  the  samples  indicates  that  the  thickness  of  the  Alo.25Gao.75N  layers  is  very 
similar  (see  table  1).  The  main  differences  relate  to  the  level  of  interface  roughness.  The  sample 
with  SL  has  sharper  interfaces  than  sample  without  SL  (see  table  1). 
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Figure  2.  GIXRR  measurements  of  the 
AlGaN/GaN  samples  with  and  without 


SL. 


Table  1.  Parameters  extracted  from  GIXRR  measurements. 


Layer  1 

Density  (%) 

no  SL 

|  SL 

Extra  top  layer  (damage,  oxide,  etc.) 

1.0  (fixed) 

5.51 

36.64 

Alo.25Gao.75N 

193.78 

195.76 

19.98 

11.73 

99.98 

AIN 

5.70 

6.74 

11.32 

6.56 

|  85.7 

99.26 

GaN 

i  -  1 

15.75 

9.70 

|  100  (fixed)  | 
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Figure  3.  The  o>26 measurements  on  the  (004)  reflection  of  the  AlGaN/GaN  samples  (a) 
without  and  (b)  with  SL. 

Reciprocal  space  maps  (RSMs),  utilizing  high-resolution  x-ray  optics,  provide  insight  into 
the  structural  difference  between  the  2  samples.  Figure  4  shows  a  XRR  reciprocal  space  map  for 
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ZTftRTA/TIIRTA  (rtr-g) 


Figure  4,  XRR  (000)  RSMs  on  the  AlGaN/GaN  samples  (a)  without  and  (b)  with  SL. 
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both  samples  -  with  and  without  the  underlying  SL.  In  order  to  get  the  solid  wedge  image  the 
roughness  must  be  uncorrelated  -  without  a  well-defined  average  interface.  Sharp  interface 
roughness  always  produces  2  very  well-defined  peaks  at  the  Yoneda  position  as  seen  in  figure  4b 
along  with  the  well  defined  central  reflection  streak.  Such  a  ‘V’  shape  with  central  streak 
requires  a  well-defined  average  interface  with  correlated  or  partially  correlated  roughness  [11]. 
The  difference  between  the  interfacial  structures  of  the  two  samples  is  very  significant,  more  so 
then  just  the  difference  of  5  A  may  suggest.  The  image  in  figure  4a  shows  no  central  streak  and 
therefore  exhibits  no  average  sharp  interface.  This  conclusively  shows  the  AlGaN/GaN  interface 
is  physically  sharp  for  sample  with  SL.  The  additional  broadening  seen  for  the  sample  without 
SL  is  due  to  increased  tilt  and  twist  of  the  mosaic  blocks  of  the  crystal. 

High  resolution  angular  scans  ( co  scans)  were  performed  through  symmetric  (002)  (004) 
peaks  in  plane  asymmetric  (104)  (105),  (115)  peaks  and  out  of  plane  asymmetric  peaks.  The 
angular  variations  of  the  peak  widths  were  used  to  determine  the  various  dislocation  densities 
[12-14].  The  summary  of  these  measurements  is  shown  in  table  2,  along  with  asymmetric  0 
scans.  To  note  the  symmetric  peak  measurements  on  both  samples  yield  very  similar  results.  The 
symmetric  peaks,  however,  are  not  sensitive  to  the  pure  edge  dislocations  characteristic  of 
threading  dislocations  in  the  simple  mosaic  block  model  [5,15].  These  edge  dislocations  are 
equivalent  to  rotation  (twisting  of  the  mosaic  blocks  about  the  [001]  axis.  Since  these  mosaic 
blocks  are  twisted  about  the  [001],  they  will  not  contribute  any  peak  broadening  for  the  (002)  or 
(004)  reflections.  Furthermore,  asymmetric  reflections  like  the  (104)  or  (105)  will  not  be 
sensitive  to  this  broadening  -  if  measured  within  the  diffraction  plane,  hi  order  to  measure  this 
mosaic  twist,  the  asymmetric  reflection  must  be  measured  out  of  the  diffraction  plane;  this  is 
accomplished  by  using  CHI  tilt  motion  (90  degree  angle  with  respect  to  co).  The  rocking  curve 
width  is  then  measured  with  an  co  scan.  The  higher  the  CHI  tilt  angle  used,  the  greater  the 
expected  peak  broadening  in  co.  The  cf>  scans  through  asymmetric  peaks  have  often  been  used  to 
measure  the  density  of  edge  dislocations,  however  the  reduction  in  the  in  plane  x-ray  correlation 
length  due  to  the  pile  up  of  dislocations  at  grain  boundaries  must  be  first  be  corrected  for  [13], 


Table  2.  Analysis  summary  of  XRD  measurements 


Scans  Parameters 

no  SL 

SL 

Asymmetric  in  plane  a >  scans  (H0L)  family  of  reflections:  (102),  (104),  (105) 

Screw  dislocation  density,  NSc  (cm-2): 

1.42  x  10s 

5.77  x  107 

Asymmetric  out  of  plane  (o  scans  (H0L)  family  of  reflections:  (102),  (103),  (104),  (105) 
Edge  dislocation  density,  NE  (cm'2): 

6.53  X  10* 

4.69  X107 

Asymmetric  in  plane  <f>  scans  (HKL)  family  of  reflections:  (104),  (115),  (105) 

Edge  dislocation  density,  NE  (cm'2): 

8.51  x  109 

6.85  X  108 

Room  temperature  Hall  effect  measurements  were  made  using  van  der  Pauw  technique.  The 
increase  of  2-DEG  mobility  from  1187  cm2/V  s  to  1443  cm2/V  s  was  obtained  at  the  carrier 
density  of  1.0  tol  .2  xIO13  cm'2  (respectively)  on  heterostructures  with  SL.  This  corresponds  to  a 
low  field  conductivity  of  1 .19x10*  V'V1  and  1.73xl016  V’V*  for  sample  without  and  with  SL, 
respectively.  The  trend  likely  reflects  changes  in  the  planarity  of  the  heterointerface.  The 
difference  in  the  RMS  surface  roughness  was  confirmed  by  AFM  that  showed  decrease  in 
roughness  from  1.614  nm  to  1.223  nm  accordingly  on  the  sample  with  SL. 

In  order  to  assess  the  potential  for  undesirable  parallel  conduction  in  the  superlattice  region 
depletion  CV  characteristics  were  measured.  The  depletion  CV  profile  indicates  that  there  is  no 
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underlying  source  of  carriers  in  the  region  of  the  superlattice  or  the  interface.  Even  at  the  high 
aluminum  mole  fraction  in  AlxGai-xN/GaN  SL  (x=0.1 5)  there  is  no  evidence  in  the  depletion  CV 
profile  that  indicates  parallel  conduction  path  due  to  the  presence  of  the  SL  [16].  It  is  possible 
that  the  carriers  generated  by  spontaneous  polarization  are  compensated  by  a  high  density  of 
threading  dislocations  at  these  interfaces. 


CONCLUSIONS 

It  was  found  that  the  dislocation  density  was  reduced  by  approximately  1  order  of  magnitude 
for  the  sample  with  SL.  Grazing  incidence  XRR  indicated  that  the  surface  (RMS)  roughness  wa: 
improved  by  a  minimum  5  A  on  the  GaN,  AIN,  and  AlGaN  layers.  The  difference  in  the  RMS 
surface  roughness  was  corroborated  by  AFM  that  showed  half  the  roughness  when  compared  to 
the  sample  without  SL.  The  significant  improvement  in  the  interface  roughness  is  consistent  wit! 
an  improvement  in  the  low  field  conductivity  of  ~  45%.  The  critical  difference  between  with  and 
without  SL  samples  appears  in  both  the  discrete  localized  defect  density  and  the  apparent 
buckling  within  the  mosaic  nature  of  the  growth. 
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ABSTRACT 

AlGaN/GaN  two  dimensional  electron  gas  (2DEG)  heterostructures  were  grown  by 
ammonia-MBE  on  sapphire  and  SiC  substrates.  Devices  fabricated  from  these  optimized  HFET 
layers,  with  optically  defined  gates  showed  excellent  characteristics,  e.g.  a  maximum  drain 
current  density  of  1 .3  A/mm,  maximum  transconductance  of  220  mS/mm,  fT  of  15.6  GHz  and 
fMAX  of  58.1  GHz  was  measured  for  devices  with  0.9  pm  gate  length  and  40  pm  gate  width. 
Shorter  gate  length  devices  exhibited  higher  frequency  responses:  fT  of  68  GHz  and  fMAx  of  125 
GHz  for  0.25  pm  gate  length  and  fT  of  103  GHz  and  fMAx  of  170  GHz  for  0.15  pm  gate  length. 
However,  these  devices  showed  “current  collapse”  when  subjected  to  load  pull  measurements. 
Current  collapse  was  also  observed  in  sequentially  repeated  DC  measurements  in  the  dark,  both 
on  sapphire  and  SiC  substrates,  although  the  degree  of  collapse  varied  greatly  from  one  wafer  to 
another.  One  method  of  reducing  the  current  collapse  was  to  apply  a  thin  (100  -  6000  A) 
magnetron  sputtered  AIN  passivation  layer  (over  the  gates)  or  a  500  A  layer  under  the  gates  so 
that  MISFET  devices  were  obtained.  The  electrical  characteristics  of  the  passivated  and 
unpassivated  devices  are  discussed. 

INTRODUCTION 

GaN/AlGaN  HFETs  are  of  great  interest  for  high  power,  high  frequency  devices.  The 
mobility  and  carrier  concentration  obtained  for  these  structures  has  improved  markedly  over  the 
past  few  years,  particularly  on  substrates  such  as  SiC  which  offer  higher  thermal  dissipation 
characteristics  and  smaller  lattice  mismatch  compared  to  that  of  sapphire.  HFET  structures  with 
electrical  performance  characteristics  comparable  to  or  better  than  those  grown  on  sapphire 
substrates  have  been  obtained  [1-5].  In  this  paper  we  report  the  use  of  ammonia-MBE  for  the 
growth  of  AlGaN/GaN  (2DEG)  structures  on  insulating  4H-SiC  (0001)  and  sapphire  substrates 
using  a  magnetron  sputter  epitaxy  (MSE)  deposited  AIN  buffer  layer  and  carbon  doped  channel 
isolation  layers  [6].  Excellent  device  performance  is  routinely  obtained;  nevertheless,  current 
collapse  [5,7,8]  remains  a  problem.  The  use  of  room  temperature  magnetron  sputtered  AIN 
passivation  layers  to  alleviate  this  collapse  is  discussed. 

EXPERIMENTAL  DETAILS 

The  HFET  structures  were  grown  by  ammonia-MBE.  The  MBE  system  [9]  and  the  SiC 
wafer  preparation  prior  to  deposition  have  been  described  previously  [10].  No  ex-  or  in-situ  high 
temperature  hydrogen  treatment  of  the  substrate  was  used.  The  molybdenum  back  coated  SiC 
wafers  were  degreased  in  chloroform  vapor  for  10  min.  followed  by  a  1  min  dip  in  1 :1  HF:H20 
and  a  10  min.  deionized  water  rinse.  The  wafers  were  blown  dry  in  N2  prior  to  mounting  and 
loading  into  the  MBE  load-lock.  They  were  then  heated  to  1000QC  for  10  min  under  an  NH3 
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flow  of  50  seem.  The  HFET  layers  consist  of  a  200  A  AIN  buffer  layer  deposited  by  magnetron 
sputtering  at  ~880°C,  followed  by  a  series  of  layers  grown  by  ammonia  MBE  at  -910  -  925QC. 
These  consist  of  a  2  pm  insulating  carbon-doped  GaN  layer,  a  0.2  pm  undoped  GaN  channel 
layer  and  about  200  A  undoped  AlGaN  barrier  layer. 

Processing  of  the  HFET  structures  has  been  described  previously  [11,12].  Briefly  the  steps 
consisted  of  mesa  isolation  by  chemically  assisted  ion  beam  etching,  ohmic  metal  deposition 
(Ti/Al/Ti/Au  200/1000/450/550  A)  and  rapid  thermal  annealing  at  700  -750  9C  for  30  -  90  s  in 
N2,  gate  metal  deposition  (300  A  of  sputtered  Pt,  for  adhesion,  followed  by  e-beam  deposited 
Pt/Au  1000/2000  A).  The  T-gate  process  used  a  three-layer  resist  stack,  patterned  by  e-beam 
lithography.  The  passivation  was  by  reactive  magnetron  DC  sputtering  of  AIN  at  room 
temperature  in  a  50%  N2,  50%  Ar  atmosphere  at  4  mTorr  and  100W  of  power.  The  AIN  layers 
were  deposited  in  the  mesa  regions  only  and  patterned  by  lift-off.  A  stripe  mask  made  by 
photoplotting  onto  a  Mylar  film  was  overlaid  onto  the  conventional  quartz  mask  during  the 
patterning  for  the  passivation.  This  allowed  passivated  and  unpassivated  devices  located 
proximally  on  the  wafer  surface  to  be  compared.  This  is  necessary  because  of  the  smooth,  lateral 
variation  in  electrical  properties  of  the  devices  due  to  a  temperature  gradient  present  during  the 
growth. 

RESULTS  AND  DISCUSSION 

Typical  DC  electrical  results  obtained  for  sapphire  and  SiC  substrates  are  shown  in  figure  1 . 


Figure  1 .  Typical  DC  response  from 
0.9  pm  gate  length  processed  HFET 
devices  on  SiC  and  sapphire 
substrates.  The  gate  voltage  was 
varied  from  +3  V  to  -5  V  in 
increments  of  IV. 


The  gate  length  was  0.9  pm,  and  the  width  was  80  pm.  The  devices  on  sapphire  substrates 
showed  negative  differential  resistances  at  high  source  drain  voltages  due  to  self-heating  in  the 
channel.  This  problem  was  greatly  reduced  for  devices  on  SiC  substrates  due  to  the 
improvement  in  the  thermal  conductivity  of  the  substrate.  Both  types  of  devices  showed 
gm(max)  >  220  mS/mm,  with  fT  -  12  -  15  GHz  and  fMAX  -  40  -  58  GHz  for  these  optically 

defined  gates. 
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For  devices  on  SiC  substrates  with  shorter  gate  lengths,  improved  DC  and  RF  characteristics 
were  observed.  For  devices  of  gate  length  0.25  pm,  values  of  fj  =  68  GHz  and  fMAX  =  125  GHz 
were  obtained  [6].  For  0.15  pm  devices,  values  of  fr  =  103  GHz  and  fMAX  =  170  GHz  are 
obtained.  These  device  results  are  among  the  highest  recorded  [1-4].  This  device  also  showed 
gm(max)  =  250  mS/mm  and  maximum  drain  current  >  1.25  A/mm. 

However,  despite  these  encouraging  results,  all  devices  showed  some  degree  of  current 
collapse,  manifested  either  in  an  obvious  decrease  of  the  DC  current  response  on  repeated  scans, 
or  in  an  unexpectedly  low  power  output  in  load  pull  measurements,  typically  ~1.2  W/mm  for 
devices  on  sapphire  substrates.  We  attempted  to  reduce  this  current  collapse  by  using  an  AIN 
passivation  layer  deposited  over  the  gates.  Figure  5  shows  micrographs  of  the  passivation 
scheme,  which  covers  the  mesa  of  the  finished  devices.  Results  using  500  A  AIN  thicknesses, 
over  the  gates,  under  the  gates,  and  both  under  and  over  the  gates  to  form  passivated  HFETs, 
MISFETs  and  passivated  MISFETs  have  been  presented  previously  [13]. 


Figure  5.  Scanning  electron  micrographs  showing  the  deposited  AIN  film  (dark)  in  the  mesa 
region  of  the  HFET  device. 

The  room  temperature  reactively  sputtered  AIN  films  were  found  to  have  a  refractive  index 
of  -1 .8,  compared  to  a  value  of  1 .96  reported  in  the  literature  [14].  The  AIN  film  exhibited 
stress,  when  deposited  on  Si  (100)  substrates,  in  the  range  from  -150  to -700  MPa 
(compressive),  and  RHEED  suggested  that  the  films  were  textured  polycrystalline.  The 
characteristics  of  our  films  are  consistent  with  those  observed  in  a  previous  study  [15].  In  all 
cases  studied,  the  addition  of  the  AIN  layer  was  found  to  degrade  the  measured  sheet  resistance 
of  the  HFET  structures.  The  results  for  three  different  HFET  growths  are  shown  in  figure  5. 
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Figure  5.  Material  sheet  resistance, 
measured  from  passivated  transmission  line 
structures,  as  a  function  of  the  deposited  AIN 
thickness  for  three  different  wafers.  Wafer  A 
is  a  poor  quality  HFET  layer  on  sapphire, 
which  showed  relatively  low  current 
response,  even  without  passivation.  Wafer  B 
is  a  good  quality  HFET  layer  on  sapphire, 
which  had  good  current  response,  but  showed 
clear  current  collapse  during  repeated  DC 
scans  [13].  Wafer  C  is  a  good  quality  HFET 
layer  on  SiC,  which  showed  little  current 
collapse  in  repeat  DC  scans. 


For  Sample  A,  in  most  cases  the  sheet  resistance  was  degraded  so  severely  that  the  current 
response  of  devices  was  very  poor.  Even  in  the  case  of  1 000  A  of  AIN  passivation,  the  current 
collapse  was  not  alleviated  by  the  AIN  passivation.  For  Sample  B,  the  results  have  been  reported 
previously  [13].  For  sample  C,  very  little  current  collapse  was  exhibited  in  repeated  DC  scans, 
even  for  unpassivated  devices.  Thus,  stressing  of  the  devices  was  employed  to  assess  the  results 
of  applying  the  passivation.  Figure  6  shows  the  results.  The  source-drain  voltage  was  held 
constant  at  20V.  The  gate  voltage  was  stepped  to  OV  (saturation  conditions)  and  the  current 
response  measured.  Then  the  device  was  stressed  by  stepping  the  gate  voltage  to  -4V  (pinch-off 
conditions)  for  10  min.  Then  the  gate  voltage  was  stepped  back  up  to  0V  and  the  current 
response  measured. 
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Figure  6.  DC  current  output  of 
passivated  and  unpassivated  devices  as 
a  function  of  number  of  10  min.  stress 
cycles  at  Vg  =  -4V. 


The  results  show  that  the  passivation  with  AIN  does  reverse  the  pattern  of  current  collapse 
with  number  of  stress  cycles.  Instead  of  a  sequentially  decreasing  DC  current  output,  the 
passivated  sample  actually  shows  an  increase  in  current  output.  Note  that  the  sheet  resistance  of 
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the  passivated  devices  has  been  increased  by  a  factor  of  approximately  two  from  that  of  the 
unpassivated  devices;  however,  the  output  current  at  saturation  is  reduced  by  only  about  7%. 
Load  pull  measurements  have  not  yet  been  performed  on  the  passivated  devices. 

CONCLUSIONS 

High  quality  AlGaN/GaN  HFET  structures  have  been  grown  on  both  sapphire  and  SiC 
substrates  using  ammonia-MBE.  These  structures  have  been  fabricated  into  very  good  quality 
devices  with  RF  responses  among  the  best  reported:  fT  =  103  GHz  and  fMAx  =  170  GHz. 
However,  the  devices  are  subject  to  current  collapse.  One  method  of  reducing  the  effect  of 
current  collapse  was  to  passivate  the  devices  with  a  sputtered  AIN  layer.  However,  this  layer  did 
degrade  the  sheet  resistance  of  the  devices.  Nevertheless,  the  DC  current  output  was  not 
decreased  in  proportion  to  the  increase  in  the  sheet  resistance,  with  the  passivated  devices  still 
demonstrating  respectable  current  output.  Load  pull  results  will  be  necessary  to  confirm  the 
efficacy  of  the  AIN  passivation  layer. 
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ABSTRACT 

We  report  on  the  in-situ  measurement  of  temperature,  i.e.,  self-heating  effects,  in  multi- 
finger  AlGaN/GaN  HFETs  grown  on  SiC  substrates.  Optical  micro-spectroscopy  was  used  to 
measure  temperature  with  1pm  spatial  resolution.  Thermal  resistance  (temperature  rise  per 
W/mm)  was  measured  as  a  function  of  device  pitch  and  gate  finger  width.  There  is  significant 
thermal  cross  talk  in  multi-fmger  AlGaN/GaN  HFETs  and  this  needs  to  be  seriously  considered 
for  device  performance  and  ultimately  device  reliability.  A  comparison  with  theoretical  modeling 
is  presented.  Uncertainties  in  modeling  parameters  currently  make  modeling  less  reliable  than 
experimental  temperature  assessment  of  devices. 


INTRODUCTION 

Wide  transistor  widths  arranged  in  compact  multi-finger  layout  are  required  for  high- 
power  high-frequency  AlGaN/GaN  heterostructure  field  effect  transistors  (HFETs).  In  these 
multi-finger  designs,  self-heating  induced  “thermal”  cross-talk  between  individual  gate  fingers 
becomes  very  important,  affecting  channel  temperatures,  and  ultimately  device  performance  and 
device  reliability.  Spatial  resolutions  on  the  order  of  1  pm  are  required  to  accurately  measure  the 
temperature  in  AlGaN/GaN  HFETs  with  their  narrow  source-drain  openings.  Such  spatial 
resolutions  can  be  achieved  by  using  micro-Raman  spectroscopy  [1].  Infrared  techniques  often 
employed  to  measure  the  temperature  of  an  active  device  are  not  adequate  for  AlGaN/GaN 
HFETs  due  to  their  limited  spatial  resolution.  We  report  here  on  the  use  of  micro-Raman 
spectroscopy  to  measure  accurately  temperature  in  multi-finger  AIGaN/GaN  HFETs  with  1pm 
spatial  resolution  as  a  function  of  device  pitch  and  gate  finger  width.  Comparison  of  the 
experimental  results  with  theoretical  modeling  is  presented. 


EXPERIMENTAL  DETAILS 

HFETs  were  fabricated  from  heterostructures  consisting  of  28nm  of  Alo.23Gao.77N  on 
1 ,2pm  thick  GaN  grown  by  metalorganic  vapor  phase  epitaxy  (MOVPE)  on  insulating  SiC 
(0001)  substrates.  Conventional  mesa-isolated  device  technology  with  Ti/Al/Ti/Au  ohmic 
contacts,  Ni/Au  Schottky  gates,  and  silicon  nitride  surface  passivation  were  employed.  Four 
multi-finger  HFET  layouts  were  studied,  designed  for  operation  at  S-band  (2-4GHz)  with  4  or  8 
fingers,  with  a  finger  spacing  (device  pitch)  of  50  or  25pm,  respectively,  each  finger  either  250 
or  500pm  wide.  The  devices  had  5pm  wide  source-drain  gaps  with  0.8pm  electron  beam  drawn 
gates.  The  inset  of  Figure  1  shows  a  photograph  of  an  8  x  250pm  device  with  25pm  finger  pitch. 
Three  (for  250pm-wide  devices)  or  six  (for  500pm-wide  devices)  equidistantly  spaced  broad 
gold  airbridges  have  been  used  to  interconnect  the  source  contacts. 
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Figure  1.  (a)  Temperature  line  scan  recorded 
along  a  line  perpendicular  to  the  gate  fingers  neai 
the  central  airbridge  of  a  multi -finger 
AlGaN/GaN  HFET:  8  x  250pm  device  at 
Vds=20V,  Ids=0.7A  and  VG=0V.  The  dotted  line 
shows  simulation  results.  The  inset  shows  a 
photograph  of  the  multi-finger  AIGaN/GaN 
HFET  with  the  line  of  recording  indicated  by  a 
dotted  line,  (b)  IV  curve  at  zero  gate  bias. 


To  measure  temperature  with  high  spatial  resolution.  micro-Raman  spectroscopy 
measurements  were  performed  between  the  airbridges  using  a  Renishaw  micro-Raman  system. 
Backscattering  geometry  with  unpolarized  detection,  i.e.,  z(x,.)-z  scattering  geometry  [2],  with 
the  488nm-line  of  an  Ar-laser  as  excitation  source  was  employed  in  the  Raman  measurements. 
Shifts  in  the  E2(high)  phonon  frequency  of  GaN  induced  by  passing  a  current  through  the  device 
allow  the  measurement  of  the  device  temperature  taking  advantage  of  the  well-known 
temperature  dependence  of  the  E2(high)  phonon  frequency  of  GaN  [31.  To  obtain  E2(high) 
phonon  frequency  maps  and  therefore  temperature  maps,  the  device  was  scanned  underneath  the 
laser  beam  using  a  computer-controlled  XY-stage  with  step  sizes  as  small  as  0. 1  - 1  jam.  The  laser 
spot  size  was  -1pm,  i.e.,  temperature  is  measured  with  -1pm  spatial  resolution.  The  laser  power 
at  the  sample  was  approximately  3mW.  Phonon  frequency  shift  resolutions  of  better  than  0.1cm  1 
were  achieved  corresponding  to  a  temperature  accuracy  of  better  than  10°C.  Use  of  a  laser 
excitation  below  the  GaN  bandgap  (below  band  gap  excitation  of  488nm)  prevents  any 
significant  laser  light  absorption  in  the  device,  i.e.,  effects  of  laser  heating  of  the  device  can  be 
neglected.  More  details  about  the  experimental  procedure  have  been  published  elsewhere  [  1  ]. 


RESULTS  AND  DISCUSSION 

Figure  1  shows  a  temperature  cross-section  through  the  center  of  the  8  x  250pm 
AIGaN/GaN  HFET  device  recorded  in  a  direction  perpendicular  to  the  gate  fingers.  Temperature 
in  the  multiple  source-drain  openings  of  the  device  is  shown.  The  peak  temperature  occurs  in  the 
device  center  decreasing  towards  the  device  edges.  Also  shown  is  the  result  of  a  simulation  of 
the  device  temperature  using  a  three  dimensional  finite  difference  code.  The  thermal 
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Figure  2.  Simulated  temperature  in  device  center  along  central  gate  finger  for  8x250pm 
AlGaN/GaN  device.  Simulation  parameters  are  the  same  as  those  used  for  the  simulation 
results  of  Figure  1(a). 

conductivity  values  at  room  temperature  of  the  GaN  layer  used  were  KGaN=1.6Wcm"IK‘1  [4]  and 
Ksic=3.3Wcm',K'1  for  a  SiC  substrate  [5].  Both  were  taken  to  vary  as  T'1  due  to  phonon-phonon 
scattering,  as  often  assumed  in  device  modeling.  The  thermal  resistance  of  the  package  was 
included  in  the  simulation  using  the  experimentally  measured  value.  This  was  done  by  using 
micro-Raman  spectroscopy  to  measure  the  temperature  at  the  extreme  edge  of  the  chip,  and  then 
assuming  that  this  was  characteristic  of  the  temperature  of  the  top  of  the  package  under  the  heat 
generating  region  of  the  chip.  Reasonably  good  agreement  between  experiment  and  three 
dimensional  finite  difference  modeling  was  achieved,  with  both  showing  clearly  the  peak  in 
temperature  at  the  center  of  the  device.  Simulation  results  along  the  width  of  the  central  gate 
finger  of  the  device  of  Figure  1  are  shown  in  Figure  2.  There  is  a  significant  temperature 
variation  along  the  length  of  the  gate  finger  with  a  maximum  temperature  in  the  device  center. 

Temperature  in  the  device  center,  i.e.,  peak  device  temperature,  was  measured  for 
different  device  designs.  Figure  3  shows  this  temperature  for  a  4  and  8  finger  device,  with  50pm 
and  25pm  device  pitch,  respectively,  both  with  a  finger  width  of  250pm.  The  faster  temperature 
rise  with  increasing  power  dissipation  for  the  8  finger  device  is  apparent.  This  indicates  the 
significant  thermal  cross  talk  between  individual  gate  fingers  for  a  25pm  device  pitch.  Also 
shown  are  simulation  results.  Fair  agreement  between  simulation  and  experiment  was  achieved, 
although  simulation  overestimates  device  temperature  in  this  case. 

An  exponential  relationship  between  device  temperature  and  power  density  results  when 
assuming  a  T'1  temperature  dependence  of  thermal  conductivities  in  the  simulation  [6].  Thermal 
resistance  of  the  devices  at  room  temperature,  i.e.,  temperature  rise  per  W/mm,  was  therefore 
determined  by  fitting  an  exponential  curve  to  the  experimental  data,  and  taking  the  linear  part  of 
this  exponential  curve.  Table  I  gives  the  results  for  the  thermal  resistance  for  the  different 
investigated  device  designs.  Also  displayed  are  the  results  of  the  finite  difference  modeling.  The 
more  densely  packed  layouts  with  25pm  spacings  have  severe  thermal  cross-talk  giving  a  much 
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Figure  3.  Temperature  measured  at  fixed  location  in  center  of  multi-finger  AlGaN/GaN 
HFET  as  function  of  power  density  for  4x250pm  and  8x250pm  device.  Full  line  represents 
finite  difference  heat  dissipation  results. 


4  x  250  pm 
(50pm  pitch) 

8  x  250  pm 
(25pm  pitch) 

4  x  500  pm 
(50pm  pitch) 

8  x  500  pm 
(25  pm  pitch) 

Kcxp 

°C/(W/mm) 

10.7 

21.3 

19.4 

30.6 

Kmodcling 

°C/(W/mm) 

13.1 

23.0 

18.0 

32.8 

Table  I.  Thermal  resistance  (temperature  rise  per  W/mm)  in  center  of  multi-finger  AlGaN/GaN 
HFETs:  comparison  of  experiment  and  simulation  results. 


higher  thermal  resistance  than  the  50pm  spacing  as  already  seen  in  Figure  3.  Also  increasing  the 
device  width  from  250pm  to  500pm  for  the  same  gate  finger  spacing  increases  thermal 
resistance.  The  smallest  thermal  cross-talk  is  naturally  achieved  for  the  50pm  spacing  250pm 
wide  device.  Fair  agreement  between  experiment  and  modeling  was  achieved  for  all  layouts, 
with  the  trends  accurately  captured.  Although  thermal  resistance  of  the  device  packaging  was 
taken  into  account  in  the  simulation,  simulated  thermal  resistance  appears  to  be  in  most  cases 
slightly  larger  than  the  experimentally  measured  one. 

Finite  difference  modeling  has  been  proven  to  work  well  e.g.  for  GaAs  and  Si-based 
devices,  however,  it  is  in  some  sense  surprising  how  good  the  agreement  is  for  the  AlGaN/GaN 
devices  studied  here.  There  are  currently  large  uncertainties  in  thermal  conductivity  values  for 
the  AlGaN/GaN/SiC  material  system.  Thermal  conductivity  of  GaN  reported  in  the  literature  for 
example  can  range  from  KGaN=0.5  to  2Wcm'lK'1  dependent  on  growth  conditions  [4,7].  Similar 
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variations  have  been  reported  for  SiC  [8].  Also  the  temperature  dependence  of  the  thermal 
conductivity  can  be  different  from  a  Tl  relationship.  The  high  Debye  temperature  of  these 
material  systems  (GaN:  0D=6OOK,  SiC:  0D=12OOK  [9])  compared  to  the  actual  device 
temperature  may  result  in  a  temperature  dependence  of  the  thermal  conductivity  stronger  than  T'1 
[10].  A  high  defect  density  on  the  other  hand  may  “weaken”  such  a  relationship  to  T'a,  a<l  [1 1] 
due  to  phonon-defect  scattering.  Factors  such  as  local  defect  concentrations,  especially  in  the  SiC 
substrate,  may  also  contribute.  Also  uncertainties  in  the  thermal  resistance  of  the  device 
packaging  may  play  a  role.  Unless  thermal  properties  have  been  characterized  for  a  specific  SiC 
substrate,  device  structure  and  device  packaging,  one  needs  to  be  aware  of  this  uncertainty  in 
thermal  properties  when  considering  the  results  of  an  AlGaN/GaN/SiC  thermal  device 
simulation.  Although  general  guidance  on  device  design  can  obviously  be  obtained  from 
simulation,  experimental  assessment  of  device  temperature  is  therefore  required  to  obtain  reliable 
temperature  information  for  a  specific  AlGaN/GaN  device  at  present. 


CONCLUSIONS 

We  have  demonstrated  the  use  of  micro-Raman  spectroscopy  to  measure  temperature  in 
active  high-power  multi-finger  AlGaN/GaN  transistors  with  =4  pm  spatial  resolution  and  a 
temperature  accuracy  of  better  than  10°C.  Thermal  cross-talk  between  individual  gate  fingers 
was  found  to  be  significant  for  250pm/500pm-wide  devices  with  25  pm  pitch.  Thermal 
simulation  results  need  to  be  considered  with  caution  since  there  are  still  significant  uncertainties 
in  thermal  properties  for  the  investigated  device  system.  Experimental  assessment  of  device 
temperature  is  therefore  required  to  obtain  reliable  temperature  information  for  a  specific 
AlGaN/GaN  device  at  present. 
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Abstract: 

Gate  current  plays  an  important  role  in  determining  the  characteristics  and  limiting 
performance  of  GaN-based  field  effect  transistors.  In  GaN-based  HFETs,  the  gate  current  limits 
the  gate  voltage  swing  and,  hence,  the  maximum  device  current.  Since  the  electron  transport 
across  the  wide  band  gap  barrier  layer  involves  trapping,  under  certain  bias  conditions,  the  gate 
current  leads  to  the  threshold  voltage  shifts  and  causes  reliability  problems.  Under  reverse  bias, 
the  gate  leakage  in  GaN-based  HFET  dominates  the  minimum  (pinch-off)  drain  current. 
Insulating  gate  HFETs  (i.e.  Metal  Oxide  Heterostructure  Field  Effect  Transistors  -  MOSHFETs) 
have  the  gate  leakage  currents  4-6  orders  of  magnitude  lower  than  HFETs,  even  at  elevated 
temperatures  up  to  300  °C.  In  this  paper,  we  report  on  the  gate  current  characteristics  in  these 
devices  at  room  and  elevated  temperatures.  We  propose  a  semi-empirical  model  for  the  current- 
voltage  characteristics  in  these  devices,  which  is  in  good  agreement  with  experimental  data.  Our 
data  also  show  that  both  tunneling  and  temperature  activation  are  important  factors  in 
MOSHFETs.  These  results  are  important  for  possible  applications  of  GaN  MOSHFETs  in  high 
power  amplifiers  and  power  switches  as  well  as  in  non-volatile  memory  devices  and  integrated 
circuits  that  will  operate  in  a  much  wider  temperature  range  than  conventional  silicon  and  GaAs 
devices. 

Introduction: 

With  the  successful  growth  of  high  quality  insulators  such  as  Si02  and  Si3N4  over  AlGaN 
barrier,  MISHFETs  and  MOSHFETs  have  emerged  as  a  beneficial  addition  to  modem  GaN- 
based  transistor  technology1.  The  low  interface  charge  density  at  insulator/semiconductor 
interface  makes  these  devices  operate  using  the  same  principle  as  AlGaN/GaN  HFETs  while 
enjoying  higher  dynamic  range  and  much  lower  gate  current,  which  come  from  better  gate 
isolation. 


The  gate  current  is  a  good  indicator  of  the  insulator  quality  and  interface  surface  charge 
density.  Gate  leakage  current  determines  the  dynamic  operation  regime  for  microwave  power 
transistors.  MOSHFETs  have  larger  dynamic  range  than  conventional  HFET  and  often  can 
operate  at  large  forward  gate  bias  (>+5V)  with  a  drain-source  current  increase  up  to  fifty 
percent. 2  Lower  gate  leakage  current  also  produces  lower  1/f  noise  and  phase  noise,  which  are 
important  in  mixer  and  oscillator  applications.3  Gate  leakage  current  determines  the  harmonic 
distortion  level  for  GaN  transistors/  It  is  thus  important  to  understand  the  physics  of  gate 
leakage  in  insulating  gate  HFETs. 

In  this  paper,  we  attempt  to  create  a  model  for  the  MOSHFET  gate  leakage  current  for 
different  temperatures.  This  model  has  its  origin  in  previous  research  in  Si  MOSFETs.  We 
believe  that  good  modeling  technique  will  help  us  suppress  gate  current  and  optimize  the 
device  structure. 

Gate  Leakage  Model: 

Ultra  thin  oxides  and  tunneling  processes  have  been  actively  researched  in  MOSFETs 
since  the  1970’s.  In  reference 5,  a  model  derived  for  p-type  silicon  was  discussed.  The  model 
considered  different  current  components  such  as  the  tunneling  currents  through  oxide  and  the 
current  through  the  surface  states.  We  will  discuss  the  model  in  more  technical  detail  and  adapt 
it  to  our  n  type  substrate  in  the  next  section.  It  is  also  worth  mentioning  that  gate  current 
becomes  more  important  as  device  dimensions  scale  down  and  leakage  begins  to  influence  the 
oxide  reliability. 

In  GaN-based  devices,  not  much  modeling  effort  has  been  put  into  gate  leakage  although 
its  influence  is  well  known.  In  reference  1 ,  it  was  found  that  under  reverse  bias  conditions,  the 
gate  leakage  current  increased  rapidly  below  the  threshold  voltage  (Vth<Vg<0)  while  the  rate  of 
increase  became  much  slower  above  the  threshold  voltage.  Hence,  it  was  proposed  that  vertical 
tunneling  from  the  metal  to  the  channel  dominates  the  leakage  below  threshold.  However, 
when  the  gate  voltage  is  above  threshold,  lateral  tunneling  from  the  source  to  the  drain/source 
contact  dominates  (the  source  was  actually  floating  in  these  measurements  7).  Igs  behavior 
(similar  to  Igd  because  of  the  symmetry  between  source  and  drain)  also  becomes  an  important 
process  due  to  the  dramatic  increase  in  the  lateral  electric  field  in  the  cutoff  region.  Also,  it  is 
proposed  in  7  that  tunneling  through  the  defects  states  is  another  mechanism  that  we  will  have 
to  consider. 

Recent  paper  by  Karmalkar  et  al. 8,  stressed  the  importance  of  trap-assisted  tunneling  for 
applications  below  500K.  For  even  higher  temperatures,  direct  tunneling  will  be  the  controlling 
mechanism.  With  a  parameter  fitting  procedure,  the  trap  density  can  be  extracted  from  the 
leakage  current  dependence  on  the  gate  voltage. 

In  this  paper,  we  first  study  the  temperature  dependence  of  both  MOSHFETs  and  HFETs. 
We  will  propose  a  semi-empirical  model  to  give  us  insight  into  the  device  behavior. 
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Experimental  Results: 

In  Table  I,  we  compare  gate  current  density  for  different  devices.  As  can  be  seen,  the 
leakage  current  in  conventional  GaN  HEMTs  can  vary  a  lot  depending  on  materials  quality  and 
fabrication  technology  and  is  comparable  to  that  in  GaAs  HFETs.  The  gate  leakage  current  in 
GaN  MOSHFETs  is  the  lowest  compared  to  other  compound  semiconductor  technologies. 


Technology 

Gate  Current  Density 

Reference 

GaAs  Insulated  Gate  PHEMT 

1  O'4  A/cm2 

9 

GaAs  HFET 

10"1  A/cm2 

10 

1  O'2  A/cm2 

9 

GaN  HFET 

102 A/cm 2 

ll 

1 0-1~10"2  A/cm2 

7 

1CT2  ~102A/cm2 

USC/SET/RPI  Group 

GaN  MOSHFET 

10‘7  ~  10°  A/cm2 

USC/SET/RPI  group 

GaNMISHFET 

10'5  A/cm2 

1 1 

Table  I.  Comparison  of  Gate  Leakage  Current  Density  for  Different  Technologies 


Fig.  1  compares  the  gate  current  density  at  different  temperatures  for  several  GaN-based 
HFETs.  The  results  by  Mizuno  clearly  show  the  importance  of  the  fabrication  technology  in 
determining  the  leakage  current.  The  gate  leakage  current  is  temperature  activated.  GaN 
MOSHFETs  have  a  much  larger  activation  energy.  This  points  out  that  the  barrier  controlling 
the  leakage  in  these  devices  is  different  from  that  in  GaN  HFETs  (i.e.  Si02  rather  than  AlGaN.) 


Device  from  Mizuno  et  al 
:<  (before  plasma  treatment) 
'■  Atr-O.tXMeV" 


'after  plasma  ireafment) 


300  400 

Tenperature  (K) 


500 


600 


Fig.  1.  Comparison  of  the  current  density  for  several  different  devices  at  different  temperatures. 
The  activation  energy  Ae  was  extracted  from  I=I0exp(-Ae/kT)  ,  using  results  in  Mizuno  et  al 12. 
Shur  et  al 13 
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Fig.2  compares  the  leakage  current  gate  voltage  dependences  for  GaN  HFETs  and  MOSHFETs. 
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Fig.  2.  Comparison  of  the  leakage  current  gate  voltage  dependences  for  GaN  HFETs  7(a)  and 
MOSHFETs  (b). 


Fig.  2  clearly  shows  that  in  the  MOSHFET,  the  gate  current  behavior  is  different  than  in 
the  conventional  HFET.  The  gate  current  does  not  saturate  at  the  threshold  voltage,  as  was 
discussed  by  Miller  et  al. 7  and  Karmalkar  et  al. 8.  As  mentioned  above,  the  activation  energy  is 
much  higher  in  MOSHFETs.  The  measured  MOSHFET  leakage  current  characteristics  are 
similar  to  Stress  Induced  Leakage  Current  (SILC)  characteristics  in  Si  MOSFETs. 


The  reason  for  this  difference  can  be  understood  from  the  equivalent  circuit  of  the  gate 
leakage  current  in  MOSHFETs  shown  in  Fig.  3. 


Si02  leakage 


AlGaN  leakage 


Fig.  3  Equivalent  circuit  showing  the  important  components 
contributing  to  the  gate  leakage  current 

At  measurement  frequencies  (~0. 1  Hz),  AlGaN  behaves  as  an  active  impedance  and  Si02  as  a 
capacitive  impedance.  Hence,  the  equivalent  circuit  becomes  very  similar  to  that  of  a  MOSFET. 
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Model: 


Based  on  the  equivalent  circuit  of  Fig.  3,  we  propose  the  following  semi-empirical  model 
for  the  gate  leakage  in  GaN  MOSHFETs _ 


Voltage  (  V  ) 


Fig.  4.  Comparison  between  experimental  and  the  semi-empirical  model  proposed  in  this  paper. 
Symbols:  Experimental  results,  Lines:  Model  results 


\ 

-1 

/ 


The  resulting  fitting  to  the  experimental  data  is  shown  in  Fig.  4.  The  parameters  are:  A=0.496eV, 
Io=490A/cm  ,  n  =80.  A  large  value  of  the  constant  n  indicates  that  tunneling  is  a  very  important 
mechanism  in  the  gate  leakage  current.  (In  a  more  general  case,  n  might  depend  on  temperature 
(especially  at  cryogenic  temperatures)  but  this  dependence  was  not  important  in  the  investigated 
temperature  range  from  25  C  to  150  C.) 

As  seen,  the  model  is  in  excellent  agreement  with  experimental  data. 

Conclusions: 

In  this  paper,  we  propose  and  validate  a  semi-empirical  model  to  explain  the  gate  leakage  current 
in  MOSHFETs.  We  found  that  leakage  current  in  MOSHFETs  is  limited  by  the  silicon  dioxide 
layer.  Both  tunneling  and  thermal  activation  are  important  in  the  mechanisms  of  the  gate  current. 
The  model  is  suitable  for  parameter  extraction  and  for  the  implementation  in  circuit  simulators. 
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ABSTRATC: 

The  fabrication  and  characterization  of  AIGaN/GaN  metal-oxide-semiconductor 
heterostructure  field-effect  transistors  (MOSHFETs)  with  the  5-doped  barrier  are  reported.  The 
incoiporation  of  the  Si02  insulated-gate  and  the  5-doped  barrier  into  HFET  structures  reduces 
the  gate  leakage  and  improves  the  2D  channel  carrier  mobility.  The  device  has  a  high  drain- 
current-driving  and  gate-control  capabilities  as  well  as  a  very  high  gate-drain  breakdown  voltage 
of  200  V,  a  cutoff  frequency  of  15  GHz  and  a  maximum  frequency  of  oscillation  of  34  GHz  for  a 
gate  length  of  1  fim.  These  characteristics  indicate  a  great  potential  of  this  structure  for  high- 
power-microwave  applications. 


INTRODUCTION 

With  a  great  potential  for  applications  in  the  area  of  high  power  and  high  temperature 
microwave  electronics  [1,2],  the  power  and  voltage  handling  ability  of  AIGaN/GaN 
heterostructure  field-effect  transistors  (HFETs)  has  been  considerably  improved  in  recent  years, 
with  the  state-of-art  power  density  of  6.6  W/mm  (6  GHz)  on  sapphire  substrates  [3],  10.7  W/mm 
(10GHz)  [4]  and  5  W/mm  (26  GHz)  [5]  on  SiC  substrates.  However,  it  has  been  observed  that 
the  Schottky  gate  of  HFET  tends  to  degrade  with  enhanced  gate  leakage  current  and  insufficient 
pinch-off  characteristics,  especially  when  the  HFETs  are  operating  under  high  power  conditions. 
The  degradation  of  the  gate  leads  to  the  premature  breakdown  and  hence  a  deficient  device 
performance  with  a  reduction  of  output  power,  the  RF  efficiency  and  noise  figure  [6].  It  is 
believed  that  the  premature  breakdown  is  caused  by  the  traditional  gate-drain  diode  breakdown 
as  a  result  of  the  thermionic  emission  [7],  or  the  thermal  effect  as  a  consequence  of  the  surface 
hopping  conduction  of  gate  leakage  current  [8].  HFETs  with  insulated  gate  structure,  especially 
by  incorporating  a  thin  SiC>2  or  AIN  layer  under  the  gate  have  been  employed  to  tackle  the  gate 
leakage  problem  by  increasing  the  energy  barrier,  and  the  leakage  current  was  dramatically 
reduced  by  several  orders  [9,10].  The  insulation  layer  also  has  the  effect  to  reduce  the  electrical 
field  in  the  underlying  nitride  semiconductor  and  hence,  and  increase  the  gate  breakdown 
voltage  [11]. 

To  further  reduce  the  vertical  tunneling  current  [12]  and  hence  increase  the  gate-drain 
breakdown  voltage,  we  have  proposed  to  replace  the  uniformly  doping  scheme  in  the  AlGaN 
barrier  with  a  8-doping  profile  [13].  With  the  dopants  farther  away  from  the  gate,  the  gate 
leakage  current  would  be  reduced.  Moreover,  with  an  optimized  separation  distance  between  the 
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dopants  and  the  AlGaN/GaN  interface,  carrier-impurity  scattering  can  be  minimized  and  hence 
carrier  mobility  would  be  enhanced.  In  this  paper,  we  report  the  fabrication,  DC  and  RF  small 
signal  characterization  of  S-doped  AlGaN/GaN  MOSHFETs. 

EXPERIMENT 

Figure  1  shows  a  schematic  diagram  of  the  metal-oxide-semiconductor  HFET 
(MOSHFET)  layer  structure  used  in  this  study.  The  AlGaN/GaN  heterostructures  were  grown  by 
metal  organic  chemical  vapor  deposition  (MOCVD)  on  sapphire  substrates.  Following  a  50  nm 
GaN  nucleation  layer  on  the  substrate,  1  pm  highly  resistive  GaN  layer  was  deposited.  A  very 
thin  AIN  interfacial  layer  (~  1  nm)  was  subsequently  deposited  above  GaN  to  separate  the 
channel  from  the  AlGaN  barrier  layer  and  to  improve  the  sheet  charge  density  and  mobility  by 
increasing  the  confinement  of  electrons  in  the  channel  and  decreasing  the  alloy  scattering  [14, 
15].  The  heterostructure  was  then  capped  by  a  Si  8-doped  Alo.35Gao.65N  barrier  layer  with  a 
thickness  of  20  nm,  grown  at  1050  °C.  The  8-doping  profile  was  implemented  by  interrupting 
the  usual  crystal -growth  mode  by  closing  the  Ga  (trimethylgallium)  and  A1  (trimethylaluminum) 
flows,  while  the  Si  impurities  (SiH4)  are  introduced  into  the  growth  chamber.  The  as  grown 
structure  typically  exhibits  an  electron  mobility  and  sheet  carrier  density  of  about  1300  cm  /Vs 
and  1.3  x  1 01 3,  respectively,  as  obtained  by  Hall  measurement.  The  device  fabrication  started 
from  the  mesa  isolation  performed  by  chlorine-based  inductively  coupled  plasma  (ICP)  etching. 
The  ohmic  metal  stack  of  Ti(20  nm)/Al(150  nm)/Ti(30  nm)/Au(50  nm)  was  deposited  by  e-beam 
evaporator,  and  followed  by  lift-off,  ohmic  contacts  were  formed  by  rapid  thermal  annealing  of 
the  sample  in  nitrogen  atmosphere  at  850  °C  for  30  s.  A  ~  6  nm  thick  SiC>2  layer  and  gate  metal 
stack  of  Ni/Au  were  then  deposited  to  form  insulated  gate.  DC  characteristics  and  RF  small 
signal  performance  were  measured. 


S  G  D 


S-dooins 


Figure.  1 .  The  schematic  diagram  of  the  8-doped  AlGaN/GaN  MOSHFET  layer  structure. 
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RESULTS  AND  DISCUSSIONS 


The  on-wafer  measured  drain-source  dc  current- voltage  (7  -  V)  characteristics  of  a 
MOSHFET  device  with  5-doped  Alo.35Gao.65N  barrier  are  shown  in  Fig.  2.  The  device  exhibits  a 
high  drain  current  driving  ability  and  excellent  pinch-off  property.  The  drain  current  arrives  a 
maximum  value  of  ~  0.82  A/mm  at  a  gate  bias  of  2  V  and  drain  bias  of  8  V.  The  slightly  larger 
knee  voltage  (6  V)  could  be  attributed  to  the  6  doping  scheme  in  the  Alo.3Gao.7N  barrier,  because 
the  source  and  the  drain  were  directly  formed  on  the  undoped  Alo.3Gao.7N  without  recessing  etch, 
leading  to  a  larger  contact  resistance.  The  device  was  completely  pinched  off  at  a  gate  bias  of -7 
V.  In  this  off  state,  the  drain  current  was  less  than  0.5  mA/mm  at  a  drain  bias  of  8  V,  implying  a 
ratio  exceeding  103  for  the  on/off  state  current  control  capability.  A  peak  extrinsic 
transconductance  gm  of  130  mS/mm  was  achieved  at  a  gate  bias  of  -  3.5  V.  The  performance 
was  much  improved  over  that  of  a  uniformly  doped  HFET  with  a  similar  current  density  that  was 
found  to  be  difficult  to  pinch  off  due  to  its  much  higher  leakage  current. 
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Figure  2.  DC  I  -V  characteristics  (a)  and  transfer  characteristics  (b)  for  a  2  x  40  |im  x  1  Jim 
AlGaN/GaN  MOSHFET  with  5-doped  barrier.  In  (a)  the  gate  was  biased  from  2  V  to  -7  V  in  a 
step  of-1  V;  in  (b)  the  drain  bias  was  8  Y.  A  maximum  drain  saturation  current  of  0.82  A/mm,  a 
peak  extrinsic  transconductance  of  130  mS/mm,  and  a  threshold  voltage  of -7  V  were  achieved. 


With  the  Si02  insulation  layer  under  the  gate  and  a  5-doping  scheme,  the  device  has  a  very 
large  gate-drain  breakdown  voltage  with  a  typical  value  about  200V  for  1  \m  gate  length,  as 
shown  in  Fig  3(a),  and  the  breakdown  voltages  for  devices  with  different  doping  level  and 
doping  profile  are  compared  in  Fig  3(b).  As  we  can  see,  for  the  5-doping  scheme,  the  gate-drain 
breakdown  voltage  was  reduced  from  200  V  to  65  V  as  the  effective  Si  dopant  concentration  was 
increased  from  5x1 012  cm'2  to  1.25xl013  cm'2.  At  higher  sheet  densities,  electrons  may  spill  over 
from  the  2D  channel  into  the  barrier  region,  demonstrated  by  numerical  simulations.  The 
electrons  spilling  into  the  barrier  layer  would  enhance  the  gate  leakage  current  and  decrease  the 
breakdown  voltage  between  the  drain  and  the  gate.  Included  in  the  figure  is  also  the  breakdown 
voltage  of  one  device  fabricated  from  a  uniformly  doped  Alo.35Gao.65N/GaN  HFET  structure  with 
an  effective  Si  dopant  concentration  of  about  1  xlO13  cm'2.  It  can  be  see  that  at  this  dopant 
concentration  the  uniformly  doped  device  withstands  a  much  lower  breakdown  voltage  (~60  V) 
than  a  value  of  100  V  for  the  5-doped  device,  demonstrating  the  advantage  of  the  5-doping 
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scheme  over  uniform  doping. 


Figure  3.  (a)  The  gate  leakage  current  vs.  gate-drain  voltage  of  a  AlGaN/GaN  MOSHFET  with 
6-doped  AlGaN  barrier.  A  very  high  gate-drain  breakdown  voltage  (~  200  V)  is  observed,  (b) 
Compares  the  gate-drain  breakdown  voltage  at  different  Si -dopants  concentration  and  different 
doping  scheme. 
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Figure  4.  Short-circuit  current  gain  (|/?:/|)  and  unilateral  power  gain  (UPG)  as  a  function  of 
frequency  for  a  2  x  80pm  x  1  pm  device. 


The  RF  performance  of  the  S-doped  MOSHFET  devices  was  characterized  by  on-wafer 
probing.  In  Fig.  4,  the  as-measured  small  signal  short-circuit  current  gain  (j/z2/|)  and  unilateral 
power  gain  (UPG)  as  a  function  of  frequency  for  the  1  pm  gate  length  device  are  shown.  The 
measurement  was  taken  at  a  drain  bias  of  12  V  and  a  gate  bias  of  -5  V.  A  unity  current  gain 
cutoff  frequency  (fT)  of  15  GHz  and  a  maximum  frequency  of  oscillation  (fmax)  of  34  GHz  were 
measured.  These  are  the  as-measured  results  without  de-embedding  the  influence  of  pad 
parastics.  For  the  1  pm  gate  length,  these  values  are  considerably  high,  which  is  attributed  to  the 
enhanced  high  electron  mobility  by  optimizing  the  doping  scheme  and  the  good  confinement  of 
electrons  in  the  channel. 
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CONCLUSIONS 


We  have  fabricated  AlGaN/GaN  based  MOSHFETs  with  high  drain-current-driving  and 
gate-control  capabilities,  with  a  very  high  gate-drain  breakdown  voltage  of  200  V,  a  cutoff 
frequency  of  15  GHz  and  a  maximum  frequency  of  oscillation  of  34  GHz  for  a  1  Jim  gate  length 
devices.  The  improved  characteristics  were  obtained  by  incorporating  insulating  gate  oxide  and 
8-doped  AlGaN  barrier  layers.  These  characteristics  indicate  a  great  potential  of  this  structure 
for  high  power  microwave  applications. 
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ABSTRACT 


Present  hydride  vapor  phase  epitaxial  growth  of  GaN  on  AI2O3  can  produce 
material  of  very  high  quality,  especially  in  regions  of  the  crystal  far  from  the 
substrate/epilayer  interface.  In  the  present  study,  we  characterize  a  248-pm-thick 
epilayer,  which  had  been  separated  from  its  AI2O3  substrate  and  etched  on  top  and  bottom 
to  produce  flat  surfaces.  Temperature-dependent  Hall-effect  data  have  been  fitted  to  give 
the  following  parameters:  mobility  p(300)  =  1320  cm2/V-s;  p(peak)  =  12,000  cm2/V-s; 
carrier  concentration  n(300)  =  6.27  x  1015  cm'3;  donor  concentration  Nd  =  7.8  x  1015  cm' 

3;  acceptor  concentration  NA  =  1.3  x  1015  cm'3;  and  effective  donor  activation  energy  Ed 
=  28.1  meV.  These  mobilities  are  the  highest  ever  reported  in  GaN,  and  the  acceptor 
concentration,  the  lowest.  Positron  annihilation  measurements  give  a  Ga  vacancy 
concentration  very  close  to  NA,  showing  that  the  dominant  acceptors  are  likely  native 
defects.  Secondary  ion  mass  spectroscopic  measurements  show  that  Nd  is  probably 
composed  of  the  common  donors  O  and  Si,  with  [O]  >  [Si].  Transmission  electron 
microscopy  measurements  yield  threading  dislocation  densities  of  about  1  x  107  cm'2  on 
the  bottom  (N)  face,  and  <  5  x  105  cm'2  on  the  top  (Ga)  face.  Photoluminescence  (PL) 
spectra  show  a  strong  donor-bound  exciton  (D°X)  line  at  3.47225  eV,  and  a  weaker  one 
at  3.47305  eV;  each  has  a  linewidth  of  about  0.4  meV.  In  the  two-electron  satellite 
region,  a  strong  line  appears  at  3.44686  eV,  and  a  weaker  one  at  3.44792  eV.  If  the  two 
strong  lines  represent  the  same  donor,  then  Ed^j  -  ED,n=2  =  25.4  meV  for  that  donor,  and 
the  ground-state  activation  energy  (Ec  -  ED,n=i)  is  (4/3)25.4  =  33.9  meV  in  a  hydrogenic 
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model,  and  32.7  meV  in  a  somewhat  modified  model.  The  measured  Hall-effect  donor 
energy,  28.1  meV,  is  smaller  than  the  PL  donor  energy,  as  is  nearly  always  found  in 
semiconductors.  We  show  that  the  difference  in  the  Hall  and  PL  donor  energies  can  be 
explained  by  donor-band  conduction  via  overlapping  donor  excited  states,  and  the  effects 
of  non-overlapping  excited  states  which  should  be  included  in  the  n  vs.  T  data  analysis 
(charge  balance  equation). 

INTRODUCTION 

Although  GaN  growth  techniques  have  been  developing  over  a  period  of  more 
than  thirty  years[  1  ],  the  high  incorporation  of  impurities  and  defects  still  remains  a  major 
issue.  Perhaps  the  dominant  reason  is  that  most  of  the  growths  are  carried  out  on 
mismatched  substrates,  such  as  A!203,  leading  to  a  high  strain  and  a  strong  diffusion  of 
both  impurities  and  point  defects  from  the  substrate  [2].  Threading  dislocations  are  also 
extremely  dense  (>  1010  cm'2)  near  the  substrate/epilayer  interface,  but  diminish  toward 
the  surface  because  of  annihilation  processes  [3].  Thus,  the  average  quality  of  a  typical 
layer  is  nearly  always  dependent  upon  thickness.  Hydride  vapor  phase  epitaxy  (HVPE) 
has  a  high  growth  rate  (~  1 00  jxm  per  hr),  and  thus  is  capable  of  growing  thick  material, 
up  to  1000  (im  in  some  cases  [4-6].  For  such  a  thick  layer,  a  standard  surface-sensitive 
characterization  technique,  such  as  photoluminescence  (PL),  will  find  a  large  difference 
in  the  quality  of  the  top  and  bottom  surface  regions.  Hall-effect  measurements,  on  the 
other  hand,  will  sample  the  whole  crystal,  and,  in  fact,  will  be  strongly  influenced  by  a 
thin,  very  conductive  epilayer/substrate  interface  region,  which  always  appears  in  HVPE 
GaN  layers  grown  on  A1203  [2,7].  Corrections  for  the  interface  region  can  be  easily 
implemented  if  the  sample  can  be  modeled  as  two  parallel  layers,  bulk  and  interface,  and 
if  the  interface  layer  is  totally  degenerate  [7].  Although  this  model  has  attained  some 
success,  and  is  widely  used,  still  it  is  an  approximation.  Thus,  for  example,  the  donor 
activation  energy  ED,  obtained  from  a  fit  of  the  corrected  temperature-dependent  Hall- 
effect  (T-Hall)  data,  may  suffer  from  the  inaccuracy  of  the  two-layer  model.  In  particular, 
a  reliable  comparison  of  the  Hall  and  PL  donor  energies,  long  an  issue  in  semiconductor 
circles,  is  made  difficult. 


576 


Recently,  such  HVPE  wafers  have  been  proposed  as  a  solution  to  the  GaN 
substrate  problem  because,  unlike  the  cases  in  Si,  GaAs,  SiC,  and  ZnO,  large-area  wafers 
of  GaN  cannot  be  obtained  by  bulk-growth  techniques.  However,  since  thick  HVPE  GaN 
layers  can  be  grown  on  AI2O3  substrates,  and  since  they  can  be  easily  separated  from  the 
AI2O3  substrates  by  a  laser  irradiation  technique  [5,6],  they  can  possibly  serve  as  GaN 
substrates  for  further  GaN  epitaxial  growth.  However,  one  problem  with  these  separated 
wafers  is  a  strong  bow,  due  to  the  strain  caused  by  the  mismatched  growth.  This  bow 
necessitates  lapping,  etching,  and  polishing  both  top  and  bottom  surfaces  in  order  to 
produce  a  flat  wafer.  In  the  Samsung  procedure,  the  GaN  layer  is  grown  to  a  thickness  of 
about  500  pm,  and  then  about  100  pm  of  material  are  removed  from  each  of  the  surfaces. 
From  a  characterization  point  of  view,  removal  of  100  pm  from  the  bottom  surface 
eliminates  the  conductive  interface  layer,  and  a  large  portion  of  the  dislocations  and 
diffused  impurities  and  point  defects.  Thus,  the  Hall-effect  measurements  on  the  final 
wafer  are  representative  of  the  true,  bulk  material,  and  can  be  meaningfully  compared 
with  the  PL  results.  Here,  we  examine  the  structural,  analytical,  optical,  and  electrical 
properties  of  a  248-pm  Samsung  wafer,  S417,  which  exhibits  the  highest  mobility  ever 
reported  in  GaN.  We  also  show  that  a  rather  simple  model  can  reconcile  the  differences 
found  between  Hall  and  PL  donor  activation  energies  in  this  sample,  and  that  this  same 
model  should  be  applicable  to  other  samples  and  materials,  also. 

SECONDARY-ION  MASS  SPECTROSCOPY  -  IMPURITIES 

Secondary-ion  mass  spectroscopy  (SIMS)  measurements  [8]  have  been  carried 
out  on  a  GaN  sample  very  similar  to  S417,  but  having  a  slightly  inferior  quality.  These 
measurements  give  Si  and  O  concentrations  in  the  low-to-mid  1016  cm"3,  with  [O]  >  [Si]. 
Another  group  has  studied  donors  in  Samsung  material  by  far-IR  absorption  and  SIMS 
techniques,  and  they  have  also  concluded  that  O  is  the  dominant  donor  [9].  Later,  we  will 
show  that  the  total  shallow,  hydrogenic  donor  concentration  Nd  in  S417  is  7.8  x  1015  cm' 
3,  a  somewhat  lower  value  than  [O]  +  [Si],  as  determined  by  SIMS.  However,  SIMS 
measurements  are  not  always  accurate  at  these  low  concentrations,  and,  also,  some  of  the 
O  and  Si  may  not  be  electrically  active. 
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POSITRON  ANNIHILATION  SPECTROSCOPY  -  VACANCIES 


Positrons  injected  into  defect-free  GaN  are  annihilated  by  electrons  in  a  mean 
time  of  160  -  165  ps.  However,  if  there  are  negatively  charged  vacancies  present,  some 
of  the  positrons  will  become  trapped  at  those  locations,  and  will  have  longer  lifetimes, 
because  of  the  reduced  electron  density  at  vacancies.  In  the  case  of  GaN,  Ga  vacancies 
(but  not  N  vacancies)  would  be  expected  to  fill  this  role,  and  indeed,  PAS  has  been  used 
to  identify  and  quantify  Vca-related  defects  [10].  In  fact,  comparisons  of  Voa 
concentrations  with  acceptor  concentrations  NA  in  a  series  of  undoped,  n-type  HVPE 
GaN  samples,  with  Na  ranging  from  1015  to  1019  cm'3,  show  that  [VGa]  ~  NA,  to  within 
experimental  error  [2,10].  In  particular,  a  Samsung  HVPE  GaN  sample  with  properties 
very  similar  to  those  of  S417  has  been  shown  to  have  [VGa]  ~  2  x  1015  cm'3  [11],  very 
close  to  our  value  of  NA  determined  by  Hall-effect  measurements,  discussed  below.  Thus, 
it  appears  that  Vca,  and  not  any  impurity,  is  the  dominant  acceptor  in  HVPE  GaN,  and 
probably  in  other  types  of  undoped  GaN,  also.  Indeed,  theory  predicts  that  VGa  centers 
should  be  abundant  in  n-type  GaN[12]. 

TRANSMISSION  ELECTRON  MICROSCOPY  -  DISLOCATIONS 

Convergent  beam  electron  diffraction  analysis  shows  that  the  bottom  surface 
(closest  to  the  AI2O3)  is  the  N  face,  and  the  top  surface,  the  Ga  face.  This,  in  fact,  turns 
out  to  be  the  case  for  most  HVPE-grown  GaN/Al203  layers.  Transmission  electron 
microscopy  results  for  the  Ga  face,  shown  in  Fig.  1 ,  show  very  few  threading 
dislocations,  with  <  5  x  105  cm'2.  This  is  one  of  the  lowest  results  ever  reported  in 
heteroepitaxial  GaN,  and  suggests  that  such  wafers  could  be  used  for  many  commercial 
purposes.  On  the  N  face,  the  number  is  somewhat  higher:  NdiS  <  1  x  107  cm'2,  but  it  is 
likely  that  the  Ga  face  would  be  used  for  most  subsequent  epitaxial  growth. 


PHOTOLUMINESCENCE  -  DONORS 


A  4-K  PL  spectrum  of  the  near-band-edge  (exciton)  region,  3.465  -  3.480  eV,  is 
shown  in  Fig.  2.  The  sharp  lines  at  3.47123,  3.47225,  and  3.47305  eV  are  likely  neutral 
donor-bound  A  excitons  (D°Xas),  while  the  broader  line  at  3.47921  eV  is  the  free  A 
exciton  XA.  The  line  at  3.47609  eV  may  be  an  excited  (rotator)  state  of  a  D°Xa,  or 
possibly  a  D°XB  transition.  It  has  been  reported  that  the  D°XA  line  in  unstrained  material 
should  lie  at  3.471  -  3.472  eV,  a  result  that  suggests  immediately  that  the  present 
Samsung  wafer  does  not  have  a  high  strain.  This  is  expected,  since  strain  decreases  with 
thickness.  The  full  width  at  half  maximum  (FWHM)  for  each  of  the  D°X  lines  is  about 
0.4  meV,  which  indicates  excellent  material;  however,  for  homoepitaxial  layers,  even 
better  FWHM  values,  0.1  meV,  have  been  reported  [13].  Another  group  of  PL  lines 
appears  in  the  region  3.440  -  3.455  eV,  with  a  strong  line  at  3.44686  eV  and  a  weaker 
one  at  3.44792  eV.  This  region  should  include  two-electron  satellite  (TES)  replicas  of  the 
D°X  transitions.  That  is,  if  the  collapse  of  an  exciton  bound  to  a  neutral  donor  leaves  the 
donor  in  an  n=2  state,  rather  than  the  usual  n=l  state,  then  the  difference  in  energy  should 
be  ED,n=2  -  Ed,ii=i  =  3R/4,  where  R  is  the  Rydberg  for  GaN  (R  =  13.6m Vfio2  eV).  By 
shifting  the  entire  spectrum  up  by  25.4  meV,  in  order  to  overlay  the  strongest  D°X  line 
onto  the  strongest  TES  line,  we  see  in  Fig.  3  that  these  two  lines  have  very  similar  shapes 
and  thus  probably  correspond  to  the  same  donor.  If  so,  the  GaN  Rydberg  should  be  about 
4(25.4)/3  =  33.9  meV.  However,  this  calculation  presumes  that  the  donor  is  fully 
hydrogenic,  which  is  often  not  true  in  semiconductors,  especially  for  the  ground  state 
(n=l).  For  a  more  accurate  determination  of  R,  Moore  et  al.  [9]  have  compared  2p  and  3p 
states,  seen  in  absorption,  because  these  states  should  be  nearly  hydrogenic,  i.e.,  they 
should  have  small  central-cell  corrections.  From  the  fact  that  the  energy  difference 
between  the  2p  and  3p  states  in  the  hydrogenic  model  is  (1/4  -  1/9)R,  Moore  et  al.  have 
determined  that  R  =  29.1  meV.  If  this  value  of  R  is  correct,  then  the  true  ground  state  of 
our  main  donor  is  ED,n=i  -  Eo,n=2  +R/4  =  32.7  meV,  i.e.,  3.6  meV  above  the  Rydberg.  This 
means  that  there  must  be  an  additional  attractive  force  acting  in  conjunction  with  the 
donor  core.  However,  we  must  reserve  judgment  on  this  issue,  because  the  positions  of 
some  weaker  (3s  and  4s)  TES  lines,  compared  with  that  of  the  strongest  (2s)  TES  line,  is 
more  consistent  with  an  energy  of  33.9  meV,  rather  than  32.7  meV.  Below,  we  will 
compare  the  PL-derived  donor  energy  with  that  determined  by  Hall-effect  analysis. 


HALL-EFECT  MEASUREMENTS  -  DONORS  AND  ACCEPTORS 


The  basic  equations  for  Hall-effect  analysis,  allowing  for  the  energy  £ 
dependence  of  the  electrons,  are  as  follows  [14]: 
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This  formulation  is  called  the  relaxation-time  approximation  to  the  Boltzmann  Transport 
Equation.  Here  f()  is  the  Fermi-Dirac  distribution  function  and  the  second  equality  in  Eq. 
3  holds  for  non-degenerate  electrons,  i.e.,  those  describable  by  Boltzmann  statistics.  The 
quantity  p*  =  e<x>/m*  is  known  as  the  “conductivity”  mobility,  since  the  quantity  nepc  is 
just  the  conductivity  cr.  We  define  the  “Hall”  mobility  as  Ph  =  Rh^  =  rpc,  and  the“Hall” 
concentration  as  nn  =  n/r  =  -  1/eRn.  Thus,  a  combined  Hall-effect  and  conductivity 
measurement  gives  nn  and  pn,  although  we  would  prefer  to  know  n,  not  nn;  fortunately, 
however,  r  is  usually  within  20%  of  unity,  and  is  almost  never  as  large  as  two.  In  any 
case,  r  can  often  be  calculated  or  measured  so  that  an  accurate  value  of  n  can  usually  be 
determined. 

The  relaxation  time,  x(£),  depends  upon  how  the  electrons  interact  with  the  lattice 
vibrations  as  well  as  with  extrinsic  elements,  such  as  charged  impurities  and  defects.  For 
example,  acoustical-mode  lattice  vibrations  scatter  electrons  through  the  deformation 
potential  (xac)  and  piezoelectric  potential  (Tpe);  optical-mode  vibrations  through  the  polar 
potential  (xpo);  ionized  impurities  and  defects  through  the  screened  coulomb  potential 
(XiO;  and  charged  dislocations,  also  through  the  coulomb  potential  (Xdis)-  The  strengths  of 
these  various  scattering  mechanisms  depend  upon  certain  lattice  parameters,  such  as 
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dielectric  constants  and  deformation  potentials,  and  extrinsic  factors,  such  as  donor, 
acceptor,  and  dislocation  concentrations,  Nd,  Na,  and  Ndis,  respectively  [14-16].  The 
total  momentum  scattering  rate,  or  inverse  relaxation  time,  is 


T'\£)  =  Tac'V#  +  Xpe'\f)  +  Xpo\f)  +  X\(\£)  +  Xdis'V)  (4) 


and  this  expression  is  then  used  to  determine  <Tn(^))  via  Eq.  3,  and  thence,  |Ih  = 
e<x2)/m*<T>.  Formulas  for  xac,  Xpe,  Xpo,  Xn,  and  Xdis,  can  be  found  in  the  literature,  and, 
fortunately,  the  only  unknowns  in  Eq.  1-4,  are  Nd,  Na,  and  NdiS.  For  our  sample,  Ndis  is 
very  small,  and  furthermore,  Nd  can  be  written  in  terms  of  n  and  NA.  Thus,  the  only 
unknown  in  the  |aH  vs.  T  fit  is  NA. 

The  fitting  of  (Ih  vs.  T  data  should  be  carried  out  in  conjunction  with  the  fitting  of 
n  vs.  T  data,  and  the  relevant  expression  here  is  the  charge-balance  equation  (CBE)  [14]: 


n  +  NA  = 


Up 

1  +  n/</>p 


(5) 


where  we  have  assumed  only  one  type  of  donor,  with  a  single  charge  state,  and  where 


Epo 

</>D  =i±e  k  NcTme~  kT  (6) 

Si 

Here,  go/gi  is  a  degeneracy  factor,  Nc/  =  2(27imn*k)3/2/h3  is  the  effective  conduction-band 
density  of  states  at  IK,  h  is  Planck’s  constant,  ED  is  the  donor  ground-state  energy,  and 
EDo  and  aD  are  defined  by  ED  =  EDo  -  «dT.  If  more  than  one  donor  is  needed  to  fit  the 
data,  then  equivalent  terms  are  added  on  the  right  hand  side  of  Eq.  5.  Examples  of 
common,  single-charge-state  donors  in  GaN  are  Si  on  a  Ga  site,  and  O  on  an  N  site.  If 
there  are  double  or  triple  donors,  or  more  than  one  acceptor,  proper  variations  of  Eq.  5 
can  be  found  in  the  literature  [14]. 

If  the  donors  are  effective-mass-like,  they  will  have  a  set  of  excited  states,  much 
like  those  of  hydrogen.  Using  standard  statistical  analysis,  we  can  add  hydrogenic-type 
excited  states  (j  =  2,  3,. ...,m)  to  the  analysis  by  modifying  <{>D  [14,17]. 
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(7) 


Edo 


where  we  have  assumed  that  gj/go  =  j2,  as  is  the  case  for  the  hydrogen  atom,  and  also  that 
aD  is  the  same  for  each  state.  (Actually,  in  any  case,  aD  should  be  small  for  an  effective- 
mass-like  donor  state.)  At  low  temperatures,  only  the  ground  state  will  be  occupied,  and 
the  additional  term  in  the  denominator  of  Eq.  7  will  be  small.  However,  at  higher 
temperatures,  the  n  vs.  T  curve  will  be  modified.  To  see  the  effects  of  excited  states  in 
GaN,  we  plot  ln(n)  vs.  1/T  for  the  case  of  0,  2,  and  10  excited  states.  Here,  we  have 
assumed  parameters  appropriate  for  the  present  sample:  Edo  =  32.7  meV  (On),  go  =  1,  gi 
=  2,  aD  =  0,  m*  =  0.22  m0,  ND  =  7.8  x  1015  cm'3,  and  NA  =  1.3  x  1015  cm'3 .  As  seen  in 
Fig.  4,  two  excited  states  have  only  a  small  effect  on  the  curve,  but  ten  have  a  very  large 
effect.  However,  is  it  reasonable  to  include  ten  or  more  excited  states  in  the  analysis?  The 
answer  is  no,  as  argued  below. 

In  the  hydrogenic  model,  the  orbital  radius  of  the  mth  excited  state  is  rm  —  m2ao, 
where  a0  is  the  Bohr  radius,  a0  =  0.529eo/m*.  For  GaN,  m*  is  well  determined  at  0.22m0, 
and  we  can  then  get  Eo  =  10.14  from  Moore’s  determination  [9]  of  the  Rydberg,  R  = 
0.0291  eV  =  13.6m*/Eo2.  So,  ao  «  24  A  for  GaN.  For  a  given  donor  density  ND,  the  m,h 
orbitals  will  begin  to  overlap  at  the  approximate  condition  (4/3)7trm3No  =  1 .  The  energy 
of  the  m,h  excited  state,  with  respect  to  the  conduction  band,  is  Ec  -  R/m2  =  Ec  -  Rao/rm  = 
Ec  -  [(1.16  x  10'4)/eo]ND1/3  meV.  For  Eo  =  10.14,  in  GaN,  this  expression  becomes  Ec  - 
(1.14  x  10'5)Nd,/3  meV.  Because  of  the  wavefunction  overlap  in  the  mth  orbital,  donor- 
band  conduction  will  begin  to  take  place,  so  that  the  effective  conduction-band  minimum 
is  lowered  by  R/m2,  at  least  from  a  conductivity  point  of  view.  Or,  equivalently,  the 
effective  donor  energy  is  reduced  by  R/m2,  or  approximately  EDo/m2.  We  can  now  also 
see  that  it  doesn’t  make  sense  to  include  excited  states  higher  than  m,  because  they  are 
essentially  in  the  conduction  continuum  [18].  For  our  sample,  Nd  =  7.8  x  1015  cm'2,  so 
that  rm  *  313  A,  and  thus  m  =  (rin/ao),/2  *  3.58.  Allowing  m  to  remain  a  non-integer,  we 
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can  then  calculate  the  predicted  Hall-effect  donor  energy  in  our  example  to  be  32,7  - 
29.1/12.83  =  30.4  meV. 

The  Hall  mobility  pH  data,  and  the  theoretical  fit  are  plotted  vs.  temperature  in 
Fig.  5.  From  these  data,  an  acceptor  concentration  Na  =  1.3  x  1015  cm'3  is  deduced,  the 
lowest  ever  determined  in  GaN.  The  carrier  concentration  data,  corrected  for  the  Hall  r- 
factor,  are  plotted  in  Fig.  6,  along  with  the  theoretical  fit  (Eq.  5).  Here  two  donors  are 
found  from  the  fit:  NDi  =  7.8  x  1015  cm'3,  EDi  =  28.1  meV;  and  ND2  =  1.1  x  1015  cm'3,  Edi 
=  53.2  meV.  Also,  the  fitted  acceptor  concentration  NA  is  7.2  x  1014  cm'3,  a  little  smaller 
than  the  value  found  from  the  mobility  fit,  but  not  considered  to  be  as  accurate  as  the 
latter.  The  main  point  here  is  that  EoCHall)  <  ED(PL)  by  a  few  meV,  as  predicted  from  the 
above  analysis.  Although  the  analysis  predicts  a  difference  of  2.3  meV,  and  the  actual 
difference  is  4.6  meV,  still  the  crudeness  of  the  wavefunction-overlap  model  would  not 
be  expected  to  give  precise  results.  For  example,  the  random  nature  of  the  donor 
distribution  should  be  included.  Also,  there  is  one  more  factor  to  consider,  i.e.,  the  effects 
of  non-overlapping  excited  states  (m  =  2  and  3,  in  this  case). 

At  low  temperatures,  Eq.  5  can  be  written,  n  =  (ND/NA  -  1)(J)d,  and  the  donor 
activation  energy  is  often  determined  by  plotting  ln(n/T3/2)  vs.  1/T.  Including  excited 
states  in  <J>d  (Eq.  7),  and  ignoring  the  small  difference  between  Ed  and  R,  we  can  show 
that  the  slope  of  this  plot  is 


d[\n(n/Ty2)]_  Ed 

1+ £%-£/>(!-!/ ;2)/*r 

4(1/7)  k  ' 

l+'£mj2e-El>Q-Vj1WT 

Clearly,  the  magnitude  of  the  slope  will  be  less  than  the  typically  assumed  value,  Ep/k; 
however,  the  question  is,  how  much  less?  In  the  present  case,  with  wavefunction  overlap 
predicted  at  m  =  3.58,  we  should  include  only  the  m  =  2  and  3  excited  states  in  the 
analysis.  Still,  the  value  of  the  bracketed  term  in  Eq.  8  cannot  be  calculated  precisely, 
because  it  depends  upon  temperature.  For  ED  =  30  meV,  the  bracketed  term  is  about 
0.987  at  T  =  40  K,  0.969  at  50  K,  and  0.923  at  60  K.  For  our  sample,  the  low-temperature 
slope  would  best  be  determined  at  T  =  40  K,  and  the  existence  of  excited  states  would 
lower  the  measured  slope  here  by  about  1.3%  of  29.1  meV,  or  about  0.4  meV.  However, 
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fitting  algorithms  generally  fit  the  whole  curve,  not  just  the  low-temperature  part;  thus,  it 
is  difficult  to  predict  the  final  fitted  value  of  ED,  except  that  it  will  be  too  low  if  excited 
states  are  not  properly  included  in  the  analysis. 

CONCLUSIONS 

The  analysis  of  thick  GaN  layers  grown  by  HVPE  demonstrates  that  donor  and 
acceptor  concentrations  below  1016  cm’3,  and  300-K  mobilities  above  1200  cm2/V-s,  can 
be  reproducibly  achieved  [19].  The  high  purity  is  most  likely  due  to  the  lower  dislocation 
density  in  thick  material,  because  dislocations  can  promote  the  diffusion  of  point  defects 
and  impurities  from  the  substrate.  Such  high-quality  material  allows  us  to  gain  insight 
into  the  difference  between  the  donor  energies  as  measured  by  Hall-effect  and 
photoluminescence  measurements,  a  difference  which  is  nearly  universal  in 
semiconductor  research.  By  consideration  of  the  two-electron  satellite  transitions  seen  in 
the  PL  measurements,  and  the  value  of  the  Rydberg  in  GaN,  determined  by  another  group 
[9],  we  find  that  the  dominant  donor  (probably  On,  but  possibly  Si)  has  a  ground-state 
energy  of  between  32.7  and  33.9  meV.  The  measured  Hall-effect  energy  Eo(Hall),  on  the 
other  hand,  is  expected  to  be  less  than  the  true  ground-state  energy,  because:  (1)  donor- 
band  conduction,  which  can  occur  as  the  excited-state  orbitals  begin  to  overlap,  reduces 
the  activation  energy  necessary  for  strong,  band-type  conductivity;  and  (2)  non¬ 
overlapping  excited  states  are  typically  (and  wrongly)  excluded  when  fitting  n  vs.  T  with 
the  charge-balance  equation  (CBE).  We  calculate  that  the  overlap  effect  should  reduce 
ED(Hall)  by  about  2.3  meV,  for  ND  =  7.8  x  1015  cm'3,  and  that  the  failure  to  include 
excited  states  in  the  CBE  analysis  should  further  reduce  ED(Hall)  by  at  least  0.4  meV,  and 
perhaps  more.  (Note  that  care  must  be  taken  to  include  in  the  CBE  only  non-overlapping 
excited  states,  m  =  2  and  3  in  this  case.)  A  conclusion  of  this  investigation  is  that  a  true 
ground-state  energy  can,  in  principle,  be  found  from  PL  data,  but  not  from  Hall  data, 
unless  Nd  is  very  low  and  excited  states  are  properly  included  in  the  analysis.  However, 
the  PL  determination  requires  the  observation  of  one  or  more  TES  lines,  and  also  a  good 
value  for  the  GaN  Rydberg,  presently  thought  to  be  about  29.1  meV,  but  possibly  higher. 
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There  are  also  other  explanations  of  why  Eo(Hall)  <  Ed(PL).  Perhaps  the  most 
common  of  these  is  that  PL  will  mainly  sample  the  lowest-No  (highest  Ed)  parts  of  the 
sample,  because  those  parts  give  the  sharpest,  most  intense  spectral  lines,  whereas  Hall- 
effect  measurements  will  sample  the  highest-ND  (lowest  Ed)  parts,  because  those  parts 
conduct  the  most  current.  While  this  mechanism  may  be  valid  for  samples  with  high 
inhomogeneity,  the  model  we  have  proposed  is  valid  in  all  cases,  and  indeed,  is 
fundamental.  An  interesting  corollary  of  our  analysis  is  that  when  Nd  is  high  enough  that 
the  m=2  orbitals  began  to  overlap,  then  the  PL  TES  lines  (which  usually  derive  from  the 
m=2  orbitals)  may  be  affected,  and  it  may  no  longer  be  possible  to  get  an  accurate 
ground-state  energy  from  PL  data.  From  our  analysis,  this  condition  should  occur  at  Nd  = 
2.6  x  1017  cm'3  in  GaN.  Further  research  on  these  ideas  should  be  conducted,  especially 
on  samples  with  different  values  of  Nd. 
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Fig.  1 .  Cross-sectional  TEM  micrograph  of  the  region  near  the  Ga  face.  Note  the  lack  of 
dislocation  features. 
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Fig.  2.  Photoluminescence  spectrum  in  exciton  region.  The  portion  of  the  spectrum  above 
3.475  eV  has  been  multiplied  by  a  factor  10,  to  emphasize  the  weak  lines. 
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Fig.  3.  Comparison  of  exciton  lines  (solid  curve  -  unshifted),  and  TES  lines  (dashed 
curve  -  shifted  up  by  25.4  meV).  The  dashed  curve  has  been  multiplied  by  a  factor  89 
over  the  full  range,  while  a  portion  of  the  solid  curve,  from  3.475  -  3.481  eV,  has  been 


multiplied  by  a  factor  10. 
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Fig.  4.  Effects  of  donor  excited  states  on  simulated  Hall-effect  data. 


Fig.  5.  Experimental  and  theoretical  Hall  mobility  plots. 
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ABSTRACT 

The  energy  distribution  of  electrons  transported  through  an  intrinsic  AIN  film  was 
directly  measured  as  a  function  of  the  applied  electric  field.  Following  the  transport, 
electrons  were  extracted  into  vacuum  through  a  semitransparent  Au  electrode  and  their 
energy  distribution  was  measured  using  an  electron  spectrometer.  The  electron  energy 
distribution  featured  kinetic  energies  higher  than  that  of  completely  thermalized 
electrons.  Transport  through  80  nm  thick  layers  indicated  the  onset  of  quasi-ballistic 
transport.  This  was  evidenced  by  symmetric  energy  distributions  centered  at  energies 
above  the  conduction  band  minimum  for  fields  greater  than  530  kV/cm.  Drifted  Fermi- 
Dirac  energy  distributions  were  fitted  to  the  measured  energy  distributions,  with  the 
energy  scale  referenced  to  the  bottom  of  the  AIN  conduction  band.  The  drift  energy  and 
the  carrier  temperature  were  obtained  as  Fitting  parameters.  Overshoots  as  high  as  five 
times  the  saturation  velocity  were  observed  and  a  transient  length  of  less  than  80  nm  was 
deduced.  In  addition,  the  velocity-field  characteristic  was  derived  from  these 
observations.  This  is  the  first  experimental  demonstration  of  this  kind  of  transport  in  AIN. 

INTRODUCTION 

Transient  transport  is  characterized  by  the  onset  of  ballistic  or  velocity  overshoot 
phenomena.  It  takes  place  in  spatial  lengths  in  the  sub-micron  range,  and  occurs  in 
rapidly  changing  applied  fields  or  immediately  after  the  application  of  a  field.  In  AIN, 
this  phenomenon  is  expected  to  occur  for  transport  lengths  of  less  than  100  nm,  and  field 
strengths  greater  than  450  kV/cm.1  Ballistic  transport  can  be  simply  described  by  the 
acceleration  of  an  electron  immediately  after  the  application  of  a  field:  inertial  effects 
limit  the  acceleration  of  the  electron,  while  subsequent  scattering  events  start 
randomizing  the  momentum  and  limiting  the  energy,  thus  causing  the  system  to 
eventually  reach  a  steady  state.  Nevertheless,  a  velocity  overshoot  with  respect  to  the 
steady-state  velocity  is  obtained  before  the  steady  state  is  reached.  The  energy  relaxation 
time  characterizes  the  time  scale  of  this  overshoot 2,  which  is  usually  of  the  order  of 
tenths  of  picoseconds. 

Transport  with  velocity  overshoot  occurs  between  the  limit  of  the  ballistic 
transport  and  before  it  reaches  a  steady-state  transport  condition.  The  velocity  in  this 
regime  is  still  higher  than  the  steady-state  velocity  but  slightly  smaller  than  the  ballistic 
velocity.  In  this  transient  regime,  the  energy  increases  progressively  from  the  equilibrium 
energy  (thermal  energy)  towards  its  steady-state  value.  The  overshoot  effect  can  be 
explained  in  the  following  way:  the  electron  mobility  decreases  with  increasing  average 
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carrier  energy  for  most  semiconductors;  as  a  result,  the  instantaneous  drift  velocity 
reaches  higher  values  at  the  beginning  of  the  motion  when  the  average  carrier  energy  is 
close  to  the  thermal  energy  (wf;)  and  thus  the  mobility  will  keep  a  value  higher  than  that 
of  the  steady  state.2 

Hot-electron  and  ballistic  transport  have  been  observed  in  several  materials, 
including  AIN,  ZnS  and  GaAs. 3,4,5  The  experimental  procedure  consists  of  extracting  hot 
electrons  into  vacuum  through  a  semitransparent  electrode  and  performing  direct 
measurements  of  their  kinetic  energy  by  means  of  an  electron  spectrometer.  Measured 
energy  spectra  allow  one  to  distinguish  between  the  aforementioned  types  of  electron 
transport,  hi  this  letter,  we  present  experimental  evidence  for  the  presence  of  velocity 
overshoot  during  the  electron  transport  in  AIN  thin  films  at  high  fields.  From  these 
measurements,  we  estimate  important  parameters  related  to  transient  transport,  e.g., 
overshoot  drift  velocity  and  drift  energy. 

EXPERIMENT 

The  nature  of  electron  transport  can  be  determined  using  an  electron  spectrometer 
to  directly  measure  electron  energy  distribution  (EED)  of  electrons  extracted  into 
vacuum,  following  their  transport  through  a  thin  film.  The  experimental  device  structure 
that  allows  such  measurements  consists  in  our  case  of  the  semiconducting  layer  to  be 
investigated,  sandwiched  between  a  semitransparent  Au  top  electrode  and  an  Ohmic  back 
contact  (/?+-SiC/Ti/Au).  Electrons  can  be  transported  through  the  semiconductor  and 
emitted  into  vacuum  by  the  application  of  an  electric  potential  between  these  two 
contacts,  thus  establishing  an  internal  electric  field  that  can  be  easily  deduced  from  the 
thickness  of  the  semiconducting  layer  in  this  planar  structure.  The  bands  of  the 
semiconducting  layer  are  bent  due  to  the  presence  of  the  applied  electric  field.  The 
position  of  the  conduction  band  at  the  surface  can  be  used  as  an  absolute  reference  to 
measure  the  kinetic  energy  of  the  electrons  prior  to  their  extraction  into  vacuum.  A 
complete  description  of  the  experimental  procedure,  details  on  the  bandstructure  of  the 
device  and  current-voltage  characterization  along  with  a  schematic  of  the  test  structure 
under  an  applied  electric  field  can  be  found  elsewhere.3,6 

During  the  experiments,  the  potential  across  the  AIN  sample  was  applied  using  a 
Keithley  238  High  Current  Source  Measure  Unit.  All  measurements  were  performed 
inside  a  Surface  Analysis  Chamber  with  a  base  pressure  of  1  x  10'loTorr,  equipped  with 
a  VG  Clam  II  semi-hemispherical  electron  analyzer.  After  the  deposition  of  the  contacts, 
the  sample  was  prepared  for  the  experiments  and  introduced  into  the  vacuum  system.  The 
sample  was  heated  in  a  UHV  cleaning  chamber  for  a  few  hours  at  250°C  before  being 
transferred  in  vacuo  to  the  surface  analysis  chamber.  All  energy  distribution 
measurements  were  taken  at  a  spectrometer  pass  energy  of  5  eV,  providing  a  spectral 
resolution  of  0.2  eV. 

RESULTS  AND  DISCUSSION 

Energy  distribution  of  electrons  which  traversed  an  80  nm  thick  AIN  film  was 
measured.  Figure  1  shows  a  cascade  plot  of  energy  distributions  for  different  applied 
electric  fields.  In  a  first  order  approximation,  under  an  applied  field  E,  a  carrier 
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momentum  distribution  function  is  given  by  fp  =/p°(p  -  criE),  where  ris  the  momentum 
relaxation  time,  and  p  is  the  electron  momentum.  If  the  distribution  is  of  Maxwellian 
type,  the  carrier  energy  is  given  by  w  =  2kTe/2  +  m*vj/ 2 ,  where  the  first  term  represents 
the  thermal  component  at  an  electron  temperature  Te  and  the  second  term  the  drift 
component  corresponding  to  the  electron  drift  velocity  v,/  and  an  effective  mass  m*.  In  a 
thermal  distribution,  the  drift  component  of  the  energy  is  negligible  as  compared  to  the 
thermal  component,  especially  if  the  carrier  temperature  is  higher  than  the  lattice 
temperature.  A  symmetric  energy  distribution,  however,  indicates  that  the  drift 
component  of  the  carrier  energy  cannot  be  neglected,  even  though  some  carrier 
thermalization  may  have  occurred.  Usually,  this  condition  is  observed  as  a  transient 
effect,  leading  to  a  drift  velocity  overshoot  or,  as  an  extreme  case,  ballistic  transport.  The 
electron  energy  distributions  corresponding  to  fields  greater  than  560  kV/cm  were  clearly 
symmetric  around  a  specific  energy  above  the  conduction  band  minimum  and  shifted 
towards  higher  energies  as  the  field  was  increased.  These  symmetric  distributions  were 
not  observed  for  thicker  AIN  layers  in  the  same  range  of  applied  fields. 


Figure  1.  Cascade  plot  showing  normalized  electron  energy  distributions  taken  at 
different  fields  across  the  sample  for  an  AIN  layer  80  nm  thick.  The  solid  lines  represent 
the  best  fits  of  the  experimental  data  to  the  drifted  Fermi-Dirac  distribution. 


The  relaxation  time  approximation  can  be  used  to  characterize  the  drift 
component  of  the  distribution.  The  drifted,  or  displaced,  momentum  distribution  is 
/,  =/>  in  the  first  order  approximation.  Considering  a  Fermi-Dirac 

distribution  and  a  parabolic  band  approximation,  the  energy  distribution  can  be  written  as 
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where  £  is  the  electron  energy  and  the  drift  component  of  the  energy  is  given  by 
wd  =  rnv]/ 2.  The  distribution  depends  on  the  angle  between  the  carrier  momentum  and 
its  drift  component,  0.  As  the  drift  component  becomes  considerable  with  respect  to  the 
thermal  component,  the  energy  distribution  will  become  more  pronounced  in  the  forward 
direction.  A  completely  thermal  distribution  will  have  spherical  symmetry.  Under  our 
experimental  conditions,  angle-dependence  could  not  be  measured;  instead,  angle- 
averaged  electron  energy  distributions  were  recorded.  If  the  drift  component  of  the 
energy  is  at  least  half  as  large  as  the  thermal  component,  the  distribution  can  be  assumed 
to  be  completely  oriented  in  the  forward  direction,7  thus  (cos#)~  1 .  Moreover,  the 
metallic  top  contact  and  the  electron  analyzer  act  as  electron  lenses,  averaging  the  actual 
angular  distribution.  Considering  this  angle  averaging,  the  energy  distribution  becomes 

(2)  /(£)  =  /(£,(  cos<9))=  exp 

Using  this  expression,  we  fitted  the  experimental  electron  energy  distributions 
obtained  from  an  80  nm  thick  AIN  layer;  results  are  shown  in  Figure  1 .  The  fitting 
procedure,  which  takes  into  account  the  conduction  band  density  of  states  and  a  peak 
broadening  induced  by  the  finite  resolution  of  the  spectrometer,  is  described  elsewhere.6 
For  all  the  experiments,  the  energy  scale  was  referenced  to  the  bottom  of  the  AIN 
conduction  band.  The  drift  energy  and  the  carrier  temperature  were  obtained  as  fitting 
parameters. 

In  all  the  measurements,  the  average  angle  0was  close  to  0°,  as  the  value  of  the 
drift  energy  was  comparable  to  the  thermal  component  of  the  average  carrier  energy. 
Figure  2  shows  the  field  strength  dependence  of  the  drift  and  the  thermal  energy.  The 
average  carrier  energy  as  a  function  of  field  strength  is  also  shown. 


480  520  560  600 

Applied  Field  (kV/cm) 

Figure  2.  Drift  and  thermal  component  of  the  average  carrier  energy  as  a  function  of  field 
strength  for  the  energy  distributions  shown  in  Figure  1.  The  total  average  carrier  energy 
is  the  sum  of  both  energy  components.  The  lines  are  visual  guidelines  only. 
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For  low  fields,  and  in  particular  in  the  case  of  steady-state  distributions,  the  drift 
component  is  smaller  than  the  thermal  component.  As  can  be  seen  in  Figure  2,  the  total 
average  carrier  energy  increases  monotonically  with  the  applied  field  and  the  drift 
component  becomes  higher  than  the  thermal  component  for  fields  greater  than  -510 
kV/cm.  This  is  a  signature  of  velocity  overshoot.  Figure  3  shows  the  drift  velocity 
characteristic  curves  for  this  field  range.  Data  points  are  calculated  for  the  two  values  of 
effective  electron  mass  used  in  previously  published  Monte  Carlo  simulations. 8,9  The 
error  bars  are  estimated  from  the  ±0.03  eV  uncertainty  in  the  drift  energy  fit  parameter. 


Figure  3.  Drift  velocity  characteristic  curves  for  a  transport  length  of  80  nm.  Effective 
electron  masses  of  0.48  and  0.31  are  used  for  this  curve.  The  solid  lines  are  visual 
guidelines  only. 

In  transient  effects,  the  effective  mass  plays  an  important  role  in  determining  the 
overshoot  velocity.  For  example,  at  a  field  of  627  kV/cm,  the  drift  velocity  is  6  x  107 
cm/s  for  an  effective  electron  mass  of  0.48s,  while  an  effective  electron  mass  of  0.31 9 
yields  a  drift  velocity  of  7.7  x  107  cm/s,  or  30  %  higher.  These  values  are  approximately 
five  times  higher  than  the  saturation  velocities  estimated  for  each  of  the  effective 
masses.8,9  We  do  not  expect  the  drift  velocities  reported  here  to  be  the  maximum 
overshoot  velocities;  it  is  likely  that  the  transient  length  in  AIN,  defined  as  iE  ~  vdfE  ,  is 
smaller  than  the  layer  thickness  of  80  nm  investigated  here.  Experiments  using  thicker 
samples  indicated  that  for  transport  lengths  of  100  nm  steady-state  transport  was  already 
realized.6 

CONCLUSION 

Transient  transport  under  high  electric  fields  was  identified  to  occur  in  AIN. 
Velocity  overshoot,  a  characteristic  of  transient  transport,  was  recognized  from  a  large 
drift  component  of  the  average  carrier  energy.  These  parameters  were  determined  by 
fitting  the  experimental  energy  distributions  to  a  drifted  Fermi-Dirac  distribution. 
Overshoot  drift  velocity  characteristic  curves  were  estimated  from  the  drift  component  of 
the  energy  for  two  different  values  of  the  effective  electron  mass.  Overshoot  as  high  as 
five  times  the  expected  saturation  velocity 8,9  was  observed  for  the  highest  applied 
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electric  fields.  From  these  observations,  we  determined  that  the  transient  length  for  AIN 
is  likely  to  be  shorter  than  the  transport  length  used  for  these  experiments,  i.e.  80  nm. 
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Abstract 

A  contacted  electroreflectance  technique  was  used  to  characterize  the  electronic 
properties  of  AIGaN/GaN  heterostructure  field-effect  transistors  (HFETs).  By  studying 
variations  in  the  electroreflectance  with  applied  electric  field,  spectral  features  associated  with 
the  AlGaN  barrier,  the  2-dimensional  electron  gas  at  the  interface,  and  bulk  GaN  were 
observed.  Barrier-layer  composition  and  electric  field  were  determined  from  the  AlGaN  Franz- 
Keldysh  oscillations.  Comparing  HFETs  grown  on  SiC  and  sapphire  substrates,  the 
measured  AlGaN  polarization  electric  field  (0.25±0.05  MV/cm)  approached  that  predicted  by  a 
standard  model  (0.33  MV/cm)  for  the  higher  mobility  HFET  grown  on  SiC. 


Introduction 

Large  piezoelectric  and  spontaneous  polarization  fields  occurring  in  AIGaN/GaN 
heterostructures  can  generate  a  2-dimensional  electron  gas  (2DEG)  without  doping.  The 
unusually  large  2DEG  carrier  densities  (>lxl013/cm2),  electron  saturation  velocities, 
breakdown  fields,  and  thermal  conductivities  found  in  these  structures  make  them  attractive  as 
heterostructure-field-effect-transistors  (HFETs)  for  high  voltage,  high  power  microwave 
amplifiers. [  1  -5]  In  this  work,  we  use  a  contacted  electroreflectance  measurement  technique  to 
identify  distinct  spectral  features  associated  with  the  2DEG  and  the  AlGaN  barrier.  We  show 
that  electroreflectance  augments  conventional  electrical  characterization  of  GaN-based  HFETs 
by  providing  a  direct  measurement  of  the  electric  field  in  the  AlGaN  barrier. 

Experiment 

AIGaN/GaN  samples  were  grown  by  metal-organic  chemical  vapor  deposition 
(MOCVD).  An  AIN  nucleation  layer  was  used  to  initiate  GaN  growth  on  sapphire  or  SiC 
substrates.  Thickness  of  the  top  AlGaN  barrier,  the  2DEG  sheet  concentration,  and  the  2DEG 
depletion  or  pinch-off  voltage  were  determined  from  Hall  mobility  and  capacitance 
measurements  for  each  sample.  Gated  van  der  Pauw  contacts  (1-4  mm2)  were  used  for 
electroreflectance.  Ohmic  Ti/Al/Ni/Au  source  and  drain  contacts  at  comers  of  the  sample 
penetrated  to  contact  the  2DEG.  Oxidized  Ni(75  A)/Au(75  A)  formed  an  optically  transparent, 
Schottky-barrier  gate  contact.  Electroreflectance  measurements  were  performed  with  a  1 50W 
Xe  lamp.  Typical  gate  voltage  modulation  amplitudes  were  0.2  Vpp  @100  Hz,  with  grounded 
source  and  drain. 
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Results  and  Discussion 


An  electroreflectance  spectrum  for  an  AlGaN/GaN  HFET,  grown  on  sapphire,  is  shown 
in  Fig.  1.  As  reported  previously  for  thicker  InGaN  [6]  and  AlGaN  [7]  layers,  Franz-Keldysh 
oscillations  (FKOs)  from  the  AlGaN  barrier,  polarization-induced  electric  field  were  clearly 
observed.  The  period  of  the  FKO  increased  as  the  barrier  electric  field  increased  with  negative 
gate  bias,  enabling  unambiguous  identification  of  those  features  associated  with  the  AlGaN 
barrier.  [8]  In  addition,  a  broad  2DEG  feature  appeared  at  energies  just  above  the  bandgap  of 
GaN.[8-10]  As  the  2DEG  was  depleted,  the  broad  feature  narrowed  and  converged  with  the 
GaN  band-edge  feature.  [8] 

Experimental  AlGaN  FKO  spectra  were  least-squares  fit  to  the  Airy  function  formula 
for  a  single  band-edge,  [1 1]  and  this  fit  (see  Fig.  1,  solid  line)  produced  AlGaN  electric-field 
(0.50  MV/cm,  assuming  an  electron-hole  reduced  mass  of  0.2  mc),  bandgap  (3.85  eV),  and 
linewidth  (25±22  meV)  values  close  to  those  obtained  from  analysis  of  the  high  order  FKOs 
with  the  simple  asymptotic  expression. [8]  As  previously  discussed,  this  measured  electric  field 
was  much  larger  that  the  value  (0.33  MV/cm)  predicted  by  a  “standard  model”  of  this 
AlGaN/GaN  heterostructure.  [5]  We  speculated  that  the  electric  field  anomaly  may  be  due  to 
material  quality  issues  such  as  trapped  space  charge  in  the  barrier.  [8]  Our  fitting  of  the  AlGaN 
FKOs  revealed  a  broad,  first-derivative  lineshape  for  the  2DEG  in  the  energy  range,  ~  3.4-3. 8 
eV.  The  2DEG  electroreflectance  can  be  modeled  using  a  golden-rule  calculation  of  the 
dielectric  function  for  the  measured  2DEG  density,  5.9x1 O’^e/cm2. [12]  (see  Fig.  1  dashed  line) 


xlO9 


Photon  Energy  (eV) 


Figure  1  -  Electroreflectance  spectrum  of  an  AlGaN/GaN  HFET  (0V  gate  bias) 
grown  on  a  sapphire  substrate.  Combined  models  of  the  AlGaN  FKO  and  2DEG 
lineshapes  are  indicated  by  the  dashed  line. 
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Figure  2  -  (a-d)  Electroreflectance  spectra  of 
an  AlGaN/GaN  HFET  on  SiC  (300  K)  and 
AlGaN  FKO  lineshape  fits  for  0,  -1 ,  -2,  and 
-3  V  gate  bias. 


Overall,  the  material  quality  of  AlGaN/GaN  HFETs  grown  on  SiC  was  improved  over 
that  obtained  for  HFETs  grown  on  sapphire.  Typically  our  HFETs  on  SiC  displayed  300K 
Hall  mobilities  >1000  cm 2/V  s  over  a  2DEG  density  range  3.5xl012  -  l.lxlO13  e/cm2,  with  the 
mobility  weakly  increasing  with  decreasing  2DEG  density  over  much  of  that  range.  For  our 
electroreflectance  device  on  SiC,  peak  300K  mobility  was  1400  cm 2/V  s  @  7.4x1 012  e/cm2. 
However,  the  2DEG  mobility  (300K)  for  HFETs  on  sapphire,  like  that  in  Fig.l,  peaked  at  900 
cm2/V  s  and  decreased  with  decreasing  2DEG  density,  dropping  to  200  cm2/V  s  @  4xl012 
e/cm2.  These  Hall  results  indicate  that  2DEG  mobility  was  limited  by  high  dislocation 
densities  for  our  HFETs  grown  on  sapphire,  and  dislocation  densities  were  reduced  in  HFETs 
grown  on  SiC  to  levels  where  scattering  in  the  AlGaN  barrier  limited  2DEG  mobility. [13, 14] 
The  variation  of  electroreflectance  with  gate-bias  is  shown  in  Figs.  2(a)-(d)  for  an 
AlGaN/GaN  HFET  grown  on  SiC.  Clearly  the  period  of  the  AlGaN  FKO  increased  with 
negative  bias  on  the  gate  and  increasing  electric  field  in  the  AlGaN.  Comparing  0V  bias 
spectra  (Figs.  1  and  2(a)),  the  AlGaN  electric  field  was  lower  in  the  HFET  grown  on  SiC.  Best 
lineshape  fits  of  the  FKO  spectra  in  Fig.  2  were  obtained  with  an  AlGaN  bandgap  of 
3.905±0.025  eV.  This  value  was  in  reasonable  agreement  with  a  photoconductivity  estimate  of 
the  AlGaN  bandgap,  3.96  eV.  From  the  bandgap  energy,  we  estimated  an  AlxGai-xN 
composition,  x=0.19±0.01,  based  on  reflectance  data  for  the  bulk  alloy. [15, 16]  Although  we 
infer  some  improvement  in  material  quality  for  this  HFET  on  SiC,  the  AlGaN 
electroreflectance  linewidth  (~30  meV)  was  comparable  to  that  observed  for  devices  grown  on 
sapphire. 
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Gate  Bias  (V) 


Figure  3  -  AlGaN  barrier  electric  field  obtained  from  FKOs  of  HFETs  on  SiC. 
Solid  line  is  a  weighted  linear  fit  to  the  data.  Electric  field  predicted  by  the 
“standard  model”  of  this  heterostructure  is  indicated  by  dashed  line. 
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Electric  fields  determined  from  the  FKO  period  in  Figs.  2(a)-(d)  are  plotted  in  Fig.  3. 
The  electric  field  was  roughly  linear  versus  gate  bias  with  the  slope  indicating  -1 00%  of  the 
bias  dropped  across  the  AlGaN  barrier,  not  the  source/drain  contacts  or  channel.  Thickness  of 
the  AlGaN  barrier  (320A)  was  determined  from  capacitance  measurements  on  the 
electroreflectance  device.  Averaging  over  the  data  in  Fig.  3,  we  measured  a  0V  bias,  AlGaN 
polarization  electric  field  of  0.25±0.05  MV/cm.  Hall  and  capacitance-voltage  measurements 
both  produced  a  2DEG  density  of  7.4x  1 012  e/cm2  (a)  0V  bias  for  this  device.  The  AlGaN 
electric  field  predicted  by  the  ‘‘standard  model”  for  an  Alo.i^Gao.siN  (320A)/GaN 
heterostructure  (doping  mid-1016/cnT)  is  also  shown  in  Fig.  3  (dashed  line).  [5]  The  model 
predicted  an  electric  field  of  0.33  MV/cm  and  2DEG  density  of  8.7x1 012  e/cm2  @  0V  bias. 

Although  the  model  produced  electric  field  and  2DEG  density  values  which  remain 
slightly  outside  our  range  of  experimental  error,  we  found  that  agreement  between  measured 
and  theoretical  electric  field  values  was  greatly  improved  in  the  higher  quality  HFET  grown  on 
SiC.  Of  course,  we  could  further  improve  agreement  between  theory  and  experiment  by 
adjusting  model  and  sample  parameters,  but  that  may  be  premature  because  “nonidealities” 
may  still  contribute  to  the  results  presented  for  the  HFET  on  SiC.  We  are  attempting  to 
correlate  material  morphology  and  electrical  properties  with  the  observation  of  large  field 
anomalies  like  those  for  devices  grown  on  sapphire. 
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ABSTRACT 

Semi-insulating  wurtzite  GaN:C  of  high  optical  quality  is  obtained  with  CCI4  or  CS2  doping 
sources  in  plasma-assisted  molecular-beam  epitaxy  in  Ga-rich  growth  conditions.  The  highest 
resistivity  (107  Q-cm)  is  found  for  [C]  in  the  low  1018  cm'3  range.  An  increasing  fraction  of 
carbon  appears  to  form  electrically  inactive  pair  defects  for  higher  doping  levels  causing  the 
concentration  of  uncompensated  residual  donors  to  be  higher  in  films  with  [C]  in  the  101  cm 
range  compared  with  [C]  in  the  1018  cm'3  range.  Blue  (2.9  eV)  and  yellow  (2.2  eV)  luminescence 
bands  are  associated  with  carbon-related  defects,  and  additional  support  is  provided  for  the 
association  of  the  blue  luminescence  with  the  carbon-acceptor  deactivating  pair  defect.  Finally, 
the  temperature  dependence  of  the  resistivity  is  described  within  the  grain-boundary  controlled 
transport  model  of  Salzman  et  al. ,  Appl.  Phys.  Lett.  76, 1431  (2000). 

INTRODUCTION 

Carbon  is  a  major  residual  impurity  in  GaN  grown  by  metal-organic  vapor  phase  epitaxy 
(MOVPE),  and  found  practical  use  as  an  intentional  dopant  for  semi-insulating  GaN  [1]  and  in  p- 
type  conducting  zincblende  GaN  [2].  Despite  this,  understanding  of  the  influence  of  carbon 
defects  on  GaN  properties  remains  limited. 

Carbon  could  conceivably  introduce  several  defect  species:  Cn,  Cgh,  and  Ci  (interstitial). 
The  calculated  formation  energies  of  these  different  defects  are  in  fact  similar  [3].  Theory  and 
experiment  indicate  that  at  low  concentrations  carbon  forms  predominately  Cn  acceptors  in  n- 
type  GaN  [3,4].  However,  some  evidence  suggests  that  a  fraction  of  carbon  exists  as  deep-level 
defects  related  to  technologically  important  phenomena  such  as  current  collapse  in  field-effect 
transistors  [5]  and  parasitic  luminescence  bands  [6]. 

Few  systematic  studies  were  reported  for  carbon  concentrations  above  1018  cm'3.  These 
either  involved  the  metastable  zincblende  GaN  phase  [2],  or  utilized  relatively  poor-quality 
wurtzite  material  [7],  obscuring  the  influence  of  carbon  defects  on  GaN  properties. 

EXPERIMENTAL  DETAILS 

GaN  epilayers  of  thickness  ~1  pm  were  grown  by  MBE  in  a  modified  Riber  1000  system 
equipped  with  a  gallium  effusion  cell  and  dc  nitrogen  plasma  source.  Semi-insulating  (109  Q-cm) 
MOVPE-GaN/sapphire  templates  were  used  as  substrates.  The  carbon  concentration  was 
controlled  by  injecting  CCLor  CS2  vapor  (Sigma  Aldrich,  99.9%)  into  the  chamber  through  a 
needle  valve.  The  growth  temperature  was  750°C.  Ga-rich  conditions  were  maintained  for  all 
samples,  confirmed  by  the  presence  of  Ga  droplets  around  the  edges  of  the  samples.  The  N- 


603 


limited  growth  rates  studied  varied  from  1 20-250  nm/hour.  No  obvious  differences  in  film 
properties  were  found  for  different  growth  rates  within  this  range. 

The  quality  of  reference  MBE  films  without  carbon  doping  was  assessed  by  Hall  effect 
measurements  using  indium  contacts  in  the  van  der  Pauw-geometry  with  a  B -field  of  0.28  T.  A 
typical  electron  mobility  of  400  cm2/V-sec  was  obtained  for  n  ~lxl017  cm'3.  Samples  were 
characterized  by  secondary  ion  mass  spectroscopy  (SIMS)  at  Applied  Microanalysis  Labs  (Santa 
Clara,  CA)  to  determine  concentrations  of  C  and  residual  impurities  (Cl,  S,  O,  Si,  H). 

The  GaN:C  film  resistivity  was  evaluated  by  two-point  probe  current-voltage  (I-V) 
measurements  from  -5  V  to  5  V  using  Ti/Al  or  Ti/Au  contacts.  To  obtain  resistor  structures,  the 
metal  was  e-beam  evaporated  over  the  entire  sample  except  for  a  narrow  (1-2  mm)  masked  stripe 
across  the  center.  Spreading  resistance  is  expected  to  be  negligible  for  such  a  geometry.  The  I-V 
curves  observed  were  linear,  suggesting  contact  resistance  did  not  significantly  affect  the 
measured  resistivity.  The  measurement  temperature  was  varied  from  -60Q  to  200gC. 

Photoluminescence  (PL)  was  excited  by  a  HeCd  laser  at  325  nm  with  an  estimated  power 
density  of  20  W/cm2.  The  light  was  diffracted  by  a  double-grating  monochromator  and  detected 
with  a  multi-alkali  photo-multiplier  using  the  standard  lock-in  technique.  The  temperature  was 
varied  from  12  K  to  300  K  using  a  closed-cycle  helium  cryostat.  The  data  were  corrected  for  the 
wavelength  dependence  of  the  sensitivity  of  the  optical  system. 

DISCUSSION 

Influence  of  doping  sources  on  GaN  growth 

Previously,  we  showed  that  CCfi  increased  the  desorption  of  Ga  from  the  growth  surface, 
presumably  as  volatile  GaCl  species  [8],  Although  increasing  the  Ga  flux  made  possible  normal 
growth  rates  despite  this  parasitic  reaction,  the  high  flux  needed  to  maintain  Ga-rich  conditions 
led  to  rapid  depletion  of  the  charge  in  the  effusion  cell.  Therefore  CS2  vapor  was  investigated  as 
an  alternative.  No  parasitic  reaction  was  observed  for  CS2  and  the  film  properties  were  similar  to 
those  grown  with  CCI4. 

Table  I.  Impurity  Concentrations  Determined  by  SIMS  (cm'3) 


[C] 

[O] 

[Cl]  or  [S] 

[Si] 

[H] 

Si-doped  reference 

6xl016 

4xl016 

<  2xl015 

lxlO17 

3xl017 

C-doped  with  CC14 

3xl019 

3xl0’7 

4xl016 

5xl016 

3xI017 

C-doped  with  CS2 

2xl019 

2xl017 

2xl016 

5xl016 

5xl017 

SIMS  impurity  concentrations  for  representative  films  are  shown  in  Table  I.  For  both 
sources,  Cl  or  S  contamination  increased  with  dopant  flow.  Films  with  [C]  ~1018  cm'3  had  lower 
Cl  or  S  concentrations  than  indicated  in  Table  I.  Dopant  flow  rates  higher  than  ~0.1  seem  gave 
dramatically  increased  residual  impurity  levels  and  nonuniform  film  properties.  This  limited  the 
maximum  carbon  concentration  that  could  be  achieved  to  about  5xl019  cm'3. 
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Photoluminescence 


Low-temperature  PL  spectra  for  three  representative  films  are  shown  in  Fig.  1 .  The 
spectra  have  not  been  normalized  and  were  measured  under  identical  conditions  to  ensure  a 


Fig.  1  PL  spectra  at  12  Kfor  representative  GaN.  C  and  reference  samples.  The  intensity  data 
are  not  normalized  and  the  same  arbitrary  units  are  used  for  all  three  samples. 

meaningful  comparison  of  the  absolute  intensities  between  samples.  The  reference  sample  is 
dominated  by  bound  exciton  and  shallow  donor-acceptor  pair  (DAP)  luminescence,  but  the 
commonly  observed  yellow  luminescence  (YL)  at  ~2.2  eV  is  also  present.  The  sample  with  [C]  = 
2x1 01 8  cm'3  shows  much  weaker  band-edge  emission  but  somewhat  stronger  YL.  The  shallow 
DAP  emission  is  absent  and  instead  a  blue  (~2.9  eV)  band  is  observed.  In  the  [C]  =  3xl019  cm'3 
sample  the  overall  luminescence  intensity  is  reduced  by  several  orders  of  magnitude  compared  to 
the  reference  sample,  yet  the  YL  is  still  comparatively  strong. 

The  heavily  carbon-doped  spectrum  in  Fig.  1  is  markedly  different  from  that  reported  by 
Tang  et  al.  [1]  for  MBE  GaN  of  similar  carbon  concentration  doped  using  a  methane  ion  gun.  In 
their  material  only  YL  was  observed  and  band-edge  emission  was  completely  absent  even  at  low 
temperatures  (5  K).  The  PL  results  in  this  work  are  qualitatively  similar  to  the 
electroluminescence  spectra  of  Seager  et  al.  [4]  for  carbon-contaminated  MOVPE  GaN. 

The  temperature  dependence  of  the  blue  band  has  yet  to  be  studied  in  detail,  though  it  has 
been  found  to  persist  up  to  400  K.  Excitation-density  dependent  measurements  from  0.02-20 
W/cm2  (not  shown)  gave  no  shift  of  the  blue  band  peak  position.  The  blue  band  saturated  at 
much  higher  excitation  than  the  YL,  indicating  that  the  defect  responsible  for  the  blue  band  has  a 
higher  concentration  but  lower  radiative  efficiency.  The  blue  emission  was  suggested  by  Seager 
et  al.  [4]  to  result  from  recombination  between  a  Cn  acceptor  and  CGa  donor,  each  of  which  has  a 
calculated  ionization  energy  of  0.2-0.3  eV.  Our  results  are  consistent  with  this  model  provided 
that  the  CN  and  CGa  defects  exist  in  the  form  of  near-neighbor  complexes,  which  would  account 
for  the  lack  of  peak  shift  with  excitation  power. 
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The  strong  YL  in  GaN:C  films  of  poor  overall  luminescence  efficiency  suggests  a  causal 
relationship  between  carbon  and  YL.  There  is  much  evidence  supporting  a  gallium  vacancy 
mechanism  for  the  YL  [9].  However,  we  observed  strong  YL  in  GaN:C  films  of  very  low 
gallium  vacancy  concentration  as  determined  by  positron  annihilation  spectroscopy.  This 
observation  combined  with  analysis  of  the  thermal  quenching  of  the  YL  in  GaN:C  and  reference 
samples  strongly  supports  the  hypothesis  that  both  gallium  vacancies  and  carbon-related  deep 
levels  contribute  to  YL  in  GaN.  Details  of  this  investigation  will  be  published  elsewhere  [10]. 


E  ner  gy  (eV) 

Fig.  2  Near  band-edge  region  of  the  12  K  PL  spectra  for  GaN.C  and  reference  samples. 
Resonant  Raman  lines  indicate  the  4th  replica  of  the  LO  phonon  scattered  laser  light  (3.81  eV). 

Figure  2  shows  highly  resolved  PL  in  the  near  band-edge  region  for  several  GaN:C  and 
reference  samples  (not  the  same  samples  as  Fig.  1).  The  GaN:Mg  film  is  shown  to  demonstrate 
the  correct  assignment  of  the  acceptor-bound  exciton  peak.  Nominally  undoped  GaN  shows  both 
donor-  and  acceptor-bound  exciton  lines,  but  GaN:C  films  show  no  AoX  peaks.  This  is  surprising 
since  GaN:C  films  must  contain  more  acceptors  than  undoped  films.  The  most  likely  explanation 
is  that  Cn  acceptors  in  GaN  of  high  carbon  concentration  exist  mainly  as  complexes  with  donors. 
Such  complexes  would  not  cause  excitonic  luminescence.  Since  carbon  is  the  dominant  impurity 
in  the  films,  most  Cn  acceptors  must  be  in  complexes  such  as  Cn-Cgb  or  possibly  Cn-C],  This  is 
consistent  with  the  assignment  of  the  blue  band  to  recombination  from  Cn-Cg3  complexes.  The 
film  electrical  properties  (next  section)  also  suggest  the  majority  of  Cn  exists  in  the  form  of 
electrically  inactive  carbon  complexes. 

Electrical  Properties 

Films  with  carbon  concentration  exceeding  the  residual  donor  concentration  were  highly 
resistive,  in  agreement  with  the  observations  of  Seager  et  al.  [4].  For  [C]  in  the  low  10  cm' 
range  the  room  temperature  resistivity  was  ~107  Q-cm,  while  for  an  order  of  magnitude  higher 
[C]  the  resistivity  fell  to  ~105  Q-cm.  Note  that  the  SIMS  residual  donor  (O  +  Si)  concentrations 
in  both  samples  are  approximately  equal  (3xl017  cm'3). 
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Given  the  absence  of  acceptor-bound  exciton  lines  in  PL,  the  lower  resistivity  for  heavier 
doping  cannot  be  due  to  p-type  conduction  from  Cn  acceptors.  To  understand  the  compensation 
mechanism,  temperature-dependent  resistivity  measurements  were  carried  out.  The  results  are 
shown  in  Fig.  3.  If  the  films  were  uncompensated  p-type,  a  conduction  activation  energy  of  0.2 
eV  or  lower  (the  CN  optical  ionization  energy)  would  be  expected.  A  higher  value  could  indicate 
the  energetic  position  of  a  compensating  deep  level.  However,  the  value  of  0.55  eV  is  quite  far 
from  any  predicted  carbon  defect  energy  level,  a  result  difficult  to  explain  if  the  conduction 
followed  a  normal  semiconductor  transport  model. 


Fig.  3  Temperature  dependence  of  the  resistivity  of  GaN:C  films. 

Tang  et  al.  reported  a  conduction  activation  energy  of  0.9  eV  in  GaN:C  [1],  equal  to  the 
energy  found  in  semi-insulating  GaN  obtained  by  alpha  particle  irradiation  [11].  For  highly 
compensated  GaN  it  was  shown  by  Salzman  et  al.  [11]  that  the  conduction  can  be  described  by 
the  grain-boundary  controlled  transport  (GBCT)  model.  Details  of  this  model  and  its 
implications  are  discussed  in  ref.  11. 

Following  the  GBCT  model,  the  lower  activation  energy  (0.31  eV)  indicates  that  (Nd-Na) 
in  heavily  doped  GaN:C  is  larger  than  the  net  donor  concentration  in  moderately  doped  films 
(0.55  eV).  As  Cn  is  the  energetically  favored  defect  in  n-type  GaN,  this  result  is  surprising.  It  can 
be  explained  if  carbon  on  the  growth  surface  tends  to  form  pair  defects;  formation  of  pairs  is 
statistically  more  likely  for  higher  doping.  The  work  of  Birkle  et  al.  also  suggests  formation  of 
carbon  pairs  on  the  growth  surface  [7].  According  to  first  principles  calculations,  Ck-Cga  pairs  in 
GaN  are  expected  to  be  stable  for  all  values  of  the  Fermi  energy  [3].  These  pair  defects  should  be 
electrically  inactive  and  fail  to  compensate  the  residual  donors. 

The  conduction  activation  energy  of  0.9  eV  found  by  Tang  et  al.  compared  to  the  lower 
energies  in  this  work  suggests  their  samples  were  more  completely  compensated  and/or  had 
smaller  grain  sizes.  They  grew  by  ammonia  MBE  rather  than  plasma-assisted  MBE  and  used  a 
different  carbon  source  (200  eV  methane  ion  gun),  so  different  results  are  not  entirely 
unexpected.  It  is  emphasized  that  the  conduction  activation  energies  of  0.31  eV,  0.55  eV,  and  0.9 
eV  discussed  here  should  not  correspond  to  carbon  defect  energy  levels.  These  are  rather 
proposed  to  be  the  heights  of  potential  barriers  existing  at  structural  defects  such  as  grain 
boundaries  or  dislocations,  as  suggested  in  ref.  11.  Following  GBCT  theory,  the  barrier  height 
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depends  on  (ND-NA),  which  would  account  for  the  several  different  activation  energies  observed 
in  GaN:C  samples. 

CONCLUSIONS 

Semi-insulating  GaN  films  were  obtained  in  Ga-rich  MBE  growth  using  CCI4  or  CS2  as 
carbon  doping  sources.  For  doping  levels  below  5x10 19  cm'3  the  carbon  concentration  is 
controlled  without  introducing  significant  levels  of  other  impurities.  The  optical  quality  of  these 
films  is  superior  to  results  previously  reported  for  wurtzite  GaN:C.  Carbon  defects  contribute  to 
blue  (2.9  eV)  and  yellow  (2.2  eV)  luminescence  bands.  However,  more  than  one  mechanism  is 
likely  responsible  for  the  2.2  eV  band. 

A  maximum  room -temperature  resistivity  of  ~107  H-cm  was  found  for  [C]  in  the  low  1011 
cm"3  range.  The  resistivity  decreases  for  heavier  doping.  The  electrical  properties  of  GaN:C  are 
well  described  by  the  grain-boundary  controlled  transport  model.  Application  of  this  model 
combined  with  PL  analysis  showed  that  the  lower  resistivity  in  heavily  doped  GaN:C  is  due  to  a 
higher  net  donor  concentration,  not  p-type  conduction. 

The  carbon  concentration  dependence  of  the  film  properties  is  consistent  with  the 
hypothesis  that  electrically  inactive  pair  defects  (CN-CCa)  form  on  the  growth  surface.  Such  pairs 
are  statistically  more  likely  to  form  for  higher  C  fluxes,  which  explains  the  less  efficient  carbon 
acceptor  incorporation  and  compensation  of  residual  donors  for  higher  doping  levels. 
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ABSTRACT 

Transmission  electron  microscopy  has  been  used  to  investigate  the  core  structure 
of  threading  dislocations  in  heavily  Mg-doped  (1020  cm'3)  Al0.03Ga0.97N  films  grown  on 
(0001)  sapphire  by  metal-organic  chemical  vapour  deposition.  Evidence  is  presented  that 
Mg  segregates  to  edge  and  mixed  dislocations,  and  that  these  dislocations  often  have 
open  cores  with  diameters  in  the  range  l-5nm.  The  mechanism  of  hollow  core  formation 
and  the  role  of  Mg  are  discussed. 


INTRODUCTION 

Light  emitting  and  electronic  devices  based  on  hexagonal  (0001  )GaN  layers  often 
have  high  densities  of  threading  dislocations,  109  cm'2  or  greater,  introduced  during  the 
early  stages  of  growth.  The  electronic  properties  of  these  dislocations  are  therefore  of 
great  interest.  One  factor  which  may  affect  these  properties  is  whether  dislocations  have 
open  or  closed  core  structures.  This  appears  to  depend  on  the  dislocation  type,  i.e  whether 
the  dislocations  are  of  edge  or  a-type  with  Burgers  vectors,  b  =  1/3<1 1-20>,  mixed  or 
c+a-type  with  b  =  1/3<1 1-23>  or  screw  or  c-type  with  b  =  <0001>.  In  observations  of 
undoped  GaN  grown  by  metalorganic  chemical  vapour  deposition  (MOCVD),  screw 
dislocations  have  been  reported  as  open  core  with  diameters  of  typically  5-30nm, 
whereas  edge  and  mixed  dislocations,  which  usually  predominate  in  device  structures, 
have  closed  core  configurations  [1].  There  is  evidence  that  the  core  structure  is  affected 
by  impurities  and  by  n-doping.  We  have  found  that  screw  dislocations  in  heavily  Si- 
doped  material  can  alternate  between  open  core  and  closed  core  configurations  [2]. 

Others  have  reported  that  the  density  of  nanopipes  in  n-GaN  depends  on  the  level  of 
background  impurities  during  growth  [3]. 

In  this  paper  we  report  transmission  electron  microscope  (TEM)  studies  of 
dislocations  in  heavily  Mg-doped  Al0.03Ga0.97N  films  grown  by  MOCVD  on  (0001) 
sapphire.  It  is  shown  that,  in  contrast  to  observations  on  n-GaN,  dislocations  of  edge  and 
mixed  type  are  found  to  have  open  cores  with  diameters  in  the  range  l-5nm.  It  is  also 
shown  that  excess  Mg  segregates  to  these  dislocations.  The  possible  role  of  the  Mg  in 
generating  open  core  dislocations  is  discussed. 

EXPERIMENTAL 

Studies  were  carried  out  on  a  5pm  thick  Alo.03Gao.97N  layer  doped  with  Mg  (1020 
cm'3).  The  layer  was  grown  on  (0001)  sapphire  by  MOCVD  at  1 100-C.  The  sapphire 
substrate  was  patterned  with  grooves  along  a  <1-1 00>  direction  although  the  observations 
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described  here  relate  to  growth  on  the  (0001 )  seed  face.  TEM  studies  were  carried  out 
using  a  300kV  Philips  EM430  microscope  operating  at  250kV  on  samples  prepared  in 
both  plan  view  and  cross-sectional  orientation.  Microanalysis  using  electron  energy  loss 
spectroscopy  (EELS)  was  carried  out  on  a  JEOL  3000F  microscope. 

Fig.  1  shows  a  cross-sectional  sample  imaged  in  two-beam  conditions  with  g  = 
0002.  Under  these  conditions,  threading  dislocations  of  c-  and  c+a-type  are  in  contrast, 
while  a-type  dislocations  are  out  of  contrast.  In  addition  to  threading  dislocations,  a  high 
density  of  precipitates  is  also  visible.  These  appear  as  V-shaped  defects  in  projection, 
opening  out  in  the  [000-1]  growth  direction.  The  shape  is  consistent  with  that  of  inverted 
hexagonal  pyramids,  indicative  of  local  Mg  precipitation,  which  have  been  widely 
reported  [e.g.  see  4].  The  distribution  of  precipitates  is,  however,  non -isotropic,  with 
denuded  regions  often  visible  around  threading  edge  and  mixed  dislocations.  This  can  be 
seen  in  fig.  1 .  The  effect  is  most  marked  in  area  A,  which  contains  edge  dislocations  that 
are  out  of  contrast.  Denuded  regions  are  also  visible  around  some,  but  certainly  not  all,  of 
the  dislocations  in  contrast;  this  point  will  be  discussed  later. 


Fig.  1 :  Bright  field  micrograph  of  the  AlGaN  layer  taken  under  two-beam  imaging 
conditions  with  g  =  0002.  The  growth  direction  is  arrowed.  The  distribution  of 
precipitates  is  non-uniform,  with  few  large  precipitates  in  area  A.  Some  faint  lines  of 
contrast  in  area  A  indicate  small  precipitates  which  decorate  edge  dislocations  which  are 
out  of  contrast. 


A  close  examination  of  the  area  A  in  fig.l  reveals  some  faint  lines  of  contrast, 
some  of  which  correspond  to  edge  dislocations  that  are  themselves  out  of  contrast,  i.e. 
since  g.b  =  0.  The  reason  for  this  contrast  is  seen  more  clearly  in  thinner  regions  of  the 
foil.  One  such  region  is  shown  in  fig.  2.  In  this  case,  an  edge  dislocation,  A,  which  is 
itself  out  of  contrast,  is  delineated  by  a  line  of  small  defects.  A  line  of  much  larger 
defects  is  also  present  on  the  mixed  dislocation,  B.  The  defects  on  both  A  and  B  appear 
as  V-shaped  defects  as  do  the  precipitates  seen  in  the  bulk  regions.  However,  the  larger 
defects  close  to  dislocation  B  clearly  differ  from  the  defects  in  bulk  both  in  the  inclined 
facet  planes  and  in  displaying  void-like  character. 


Fig.  2:  Bright  field  micrograph  in  two-beam  conditions  with  g  =  0002,  showing  defects 
decorating  the  cores  of  an  edge  dislocation,  A,  which  is  itself  out  of  contrast,  and  a  mixed 
dislocation,  B. 

The  core  structure  of  edge  and  mixed  dislocations  was  investigated  in  more  detail 
using  plan  view  samples.  Observation  in  the  near  end-on  orientation  suggested  that  both 
types  of  dislocation  had  hollow  cores.  The  diameters  of  the  hollow  core  varied  in  the 
range  l-5nm.  Some  examples  are  illustrated  in  figs.  3  and  4.  Fig.3  illustrates  bright  field 
micrographs  showing  two  edge  dislocations  (arrowed)  in  a  relatively  thick  region.  In  fig. 
3(a),  the  foil  is  near  horizontal  with  [0001]  a  few  degrees  off  the  electron  beam  direction. 
Although  the  core  structure  is  not  clearly  resolved  here,  bright  contrast  in  the  core  regions 
is  suggestive  of  a  hollow  core  structure.  This  structure  is  rather  clearer  in  fig.  3(b),  where 
the  foil  has  been  tilted  up  to  nearly  30Q  from  the  horizontal  orientation,  such  that  the 
dislocations  are  now  obliquely  inclined  and  seen  in  projection.  The  dislocations  again 
show  bright  contrast  indicative  of  hollow  cores,  with  diameters  less  than  2nm.  Periodic 
fluctuations  in  the  core  contrast  suggest  that  the  core  diameters  vary  somewhat  along  the 
dislocation  length. 
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Fig.  3:  Bright  field  micrographs  form  a  plan  view  sample  showing  edge  dislocations  (a) 
near  end-on  and  (b)  obliquely  inclined.  Both  images  show  contrast  consistent  with  hollow 
cores  in  the  range  l-2nm  in  diameter. 


Fig.  4:  (0001)  lattice  image  of  a  hollow  core  dislocation.  A  Burgers  circuit  around  the 
dislocation  indicates  an  edge  component  of  the  Burgers  vector.  Since  the  presence  of  a 
screw  component  cannot  be  seen  in  this  orientation,  the  dislocation  is  either  of  edge  or 
mixed  type. 
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The  open  cores  of  edge  and  mixed  dislocations  can  be  seen  more  directly  by 
lattice  imaging.  Fig.  4  shows  a  lattice  image  of  an  open  core  dislocation  in  a  relatively 
thin  region  of  the  foil  taken  with  [0001]  parallel  to  the  electron  beam  direction.  The  core 
is  now  clearly  seen  as  hollow,  albeit  with  a  diameter  of  a  few  atom  spacings.  The  edges 
of  the  nanotube  are,  however,  not  well  defined,  consistent  with  a  varying  core  diameter. 
The  lattice  image  allows  us  to  construct  a  Burgers  circuit  around  the  open  core.  Such  a 
circuit  (not  shown)  indicates  the  presence  of  an  edge  component  of  the  Burgers  vector, 
confirming  that  this  is  an  edge  or  mixed  type  dislocation. 

The  presence  of  precipitates  on  the  cores  of  edge  and  mixed  dislocations,  and  the 
occurrence  of  regions  denuded  of  precipitates,  believed  to  be  Mg-related,  around 
dislocations  suggests  strongly  that  Mg  segregation  and  precipitation  on  dislocation  cores 
has  taken  place.  EELS  was  used  to  investigate  the  presence  of  Mg  on  the  dislocation 
cores  directly.  EELS  studies  carried  out  with  a  3nm  probe  confirmed  an  increase  in  the 
Mg  signal  on  the  cores  of  dislocations  compared  with  the  surrounding  bulk.  Preliminary 
results  are  shown  in  fig.  5.  More  detailed  EELS  studies  will  be  reported  at  a  later  date. 


energy  loss  (eV) 

Fig.  5:  EELS  without  background  subtraction  using  a  3nm  probe  focused  on  an  end-on 
dislocation.  The  Mg  K  signal  at  around  1300eV  loss  was  an  order  of  magnitude  higher 
than  the  signal  from  regions  free  of  dislocations. 

DISCUSSION 

TEM  observations  confirm  that  the  cores  of  edge  and  mixed  dislocations  in  our 
Mg-doped  AlGaN  sample  are  hollow.  This  is  in  direct  contrast  to  previous  work  on 
undoped  and  n-doped  GaN,  which  indicates  that  edge  and  mixed  dislocations  are  of 
closed  core  type  while  screw  dislocations  can  be  open  core.  The  diameters  of  open  core 
screw  dislocations,  reported  as  5-30nm  [1],  are  also  much  larger  than  in  the  present  case 
The  EELS  studies,  in  agreement  with  observations  of  precipitates  on  dislocation  cores, 
provide  good  evidence  that  Mg  segregates  to  edge  and  mixed  dislocations.  The 
distribution  of  precipitates  around  dislocations  is  worth  considering.  While  we  expect 
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denuded  regions  as  a  result  of  segregation,  such  regions  are  not  consistently  observed:  c.f. 
fig.  1.  This  can  be  explained  if  we  assume  that  segregation  of  Mg  depends  partly  on  the 
dislocation  strain  field.  With  the  Mg  ion  some  20%  larger  in  diameter  than  the  Ga  ion,  we 
expect  preferential  segregation  of  Mg  to  the  dilatational  as  opposed  to  the  compressional 
part  of  the  strain  field  associated  with  an  edge  component  of  the  Burgers  vector.  This 
might  lead  to  enhanced  precipitation  of  Mg  on  one  side  of  the  core  and  a  denuded  region 
on  the  other  side.  Preliminary  experiments  carried  out  to  examine  the  spatial  distribution 
of  precipitates  around  edge  and  mixed  dislocations  support  this  general  picture  [Y.Q. 
Wang:  private  communication]. 

Assuming  that  Mg  precipitates  on  dislocation  cores,  hollow  core  formation  could 
occur  through  a  number  of  causes.  Mg  may  inhibit  growth,  perhaps  by  nucleating  more 
slowly  growing  N-polar  material,  as  proposed  in  the  growth  of  Mg  precipitates  in  the 
bulk  [4].  In  common  with  precipitate  formation  in  the  bulk,  it  might  be  expected  that  the 
precipitate  is  then  overgrown  such  that  a  void  is  trapped.  Once  the  Mg  concentration  is 
built  up  again,  the  process  repeats.  This  might  explain  the  periodic  fluctuations  seen  in 
fig.  3.  An  alternative  possibility  is  that  Mg  segregation  generates  low  energy  surfaces, 
and  the  formation  of  hollow  cores,  which  releases  strain  field  energy,  becomes 
energetically  favourable  [5]. 
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ABSTRACT 

Electron  Beam  Induced  Current  (EBIC)  is  a  Scanning  Electron  Microscope  (SEM)-based 
technique  that  can  provide  information  on  the  electrical  properties  of  semiconductor  materials 
and  devices.  This  work  focuses  on  the  design  and  implemenation  of  an  EBIC  system  in  a 
dedicated  Scanning  Transmission  Electron  Microscope  (STEM).  The  STEM-EBIC  technique 
was  used  in  the  characterization  of  an  Indium  Gallium  Nitride  (InGaN)  quantum  well  Light 
Emitting  Diode  (LED).  The  conventional  “H-bar”  Transmission  Electron  Microscopy  (TEM) 
sample  preparation  method  using  Focused  Ion  Beam  Micromachining  (FIBM)  was  adapted  to 
create  an  electron-transparent  membrane  approximately  300  nm  thick  on  the  sample  while 
preserving  the  electrical  activity  of  the  device.  A  STEM-EBIC  sample  holder  with  two  insulated 
electrical  feedthroughs  making  contact  to  the  thinned  LED  was  designed  and  custom  made  for 
these  experiments.  The  simultaneous  collection  of  Z-contrast  images,  EBIC  images,  and  In  and 
A1  elemental  images  allowed  for  the  determination  of  the  p-n  junction  location,  AlGaN  and  GaN 
barrier  layers,  and  the  thin  InGaN  quantum  well  layer  within  the  device.  The  relative  position  of 
the  p-n  junction  with  respect  to  the  thin  InGaN  quantum  well  was  found  to  be  (19  +  3)  nm  from 
the  center  of  the  InGaN  quantum  well. 

INTRODUCTION 

As  the  solid-state  electronics  industry  continues  to  shrink  the  dimensions  of  electronic 
devices  and  enter  into  the  nanotechnology  era,  the  field  of  analytical  techniques  for  materials 
and  device  characterization  is  presented  with  new  and  additional  challenges.  The  structural, 
chemical,  electrical,  and  optical  properties  have  to  be  studied  with  nanometer  resolution  and 
higher  sensitivity.  Therefore,  nano-characterization  techniques  are  needed  to  investigate  the 
properties  of  new  materials  and  the  performance  and  failure  of  devices  formed  from  these  new 
materials.  Scanning  Electron  Microscope  (SEM)-based  Electron  Beam  Induced  Current 
(EBIC)  is  a  technique  that  can  be  used  for  the  electrical  characterization  of  materials  and 
devices.  EBIC  can  provide  information  on  electrically  active  defects,  diffusion  of  carriers, 
surface  recombination  mechanism,  bulk  recombination  mechanism,  trapping  centers,  and 
especially  p-n  junction  width,  position,  and  homogeneity  [1,2, 3,4].  However,  in  the  SEM- 
based  EBIC  technique,  the  beam  excited  volume  of  electron  hole  pairs  (EHPs)  limits  the  spatial 
resolution.  Therefore,  there  is  a  need  for  a  high-resolution  EBIC  technique.  The  STEM-based 
EBIC  technique  combines  a  thin  sample  and  a  high-energy  electron  beam  to  reduce  the  spatial 
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resolution  of  STEM  analysis  to  the  nanometer  level  by  decreasing  the  amount  of  beam 
spreading  to  a  few  nanometers. 

The  STEM-EBIC  technique  was  first  demonstrated  in  the  late  1970’s  by  Sparrow  and 
Valde  in  the  correlation  ol  crystal  defects  and  the  electrical  properties  of  Si  transistors  [5J.  A 
few  years  later,  Petroff  et  al.  used  the  STEM-EBIC  method  to  obtain  information  on  the 
relationship  between  dislocation  cores  and  nonradiative  recombination  properties  in  GaAlAsP 
[6],  In  the  early  1990’s,  Cabanel  and  Laval  implemented  STEM-EBIC  to  relate  the  electrical 
activity  of  microstructural  defects  in  polycrystalline  Si  to  the  presence  of  impurities  [7].  More 
recently,  Cabanel  et  al.  used  cross-sectional  STEM-EBIC  to  relate  the  inhomogeneities  in  Si  p- 
n  junctions  to  variations  in  doping  concentrations  [8J.  In  this  work,  an  EBIC  system  in  a  HD- 
2000  dedicated  FESTEM  has  been  designed  and  implemented.  The  STEM-EBIC  method  is 
used  to  study  the  cross-section  of  an  InGaN  quantum  well  LED  in  order  to  determine  the  p-n 
junction  location  with  respect  to  the  quantum  well  of  the  device. 

EBIC  THEORY 

In  the  linescan  configuration,  the  plane  of  the  p-n  junction  is  perpendicular  to  the  sample 
surface,  and  the  electron  beam  scans  the  surface  perpendicular  to  the  depletion  layer  (Figure  1). 
As  the  incident  electron  beam  is  scanned  across  the  device,  EHPs  or  mobile  charge  carriers  are 
generated  within  a  small  volume  at  each  point.  The  built-in  electric  field  created  by  the  p-n 
junction  of  the  device  moves  the  mobile  charge  carriers.  Electrons  and  holes  tend  to  move  in 
opposite  directions,  and  this  motion  constitutes  a  current  that  can  be  detected  in  an  external 
circuit.  The  EBIC  signal  is  formed  by  scanning  the  electron  beam  across  the  p-n  junction  of  the 
device  and  plotting  the  short  circuit  current  at  each  point.  The  electrical  transport  mechanism  of 
the  carriers  towards  the  p-n  junction  produces  an  EBIC  curve  with  a  maximum  at  the  p-n 
junction  position  and  exponentially  decaying  tails  on  both  sides  of  the  depletion  layer  due  to  the 

diffusive  nature  of  the  electrical  transport  in 
those  regions.  The  EBIC  signal  does  not  fall  to 
zero  outside  of  the  depletion  region  due  to  the 
diffusion  of  the  minority  carriers  from  the  bulk 
to  the  depletion  region  of  the  device. 

If  an  EBIC  linescan  is  obtained  in  low 
injection  conditions  (i.e.  the  generated  minority 
carrier  concentration  is  less  than  the  majority 
equilibrium  concentration),  the  tails  of  the 
EBIC  profile  can  be  used  to  extract  minority 
carrier  diffusion  length  and  surface 
recombination  velocity,  and  the  maximum  of 
the  profile  identifies  the  p-n  junction  location 
[9].  Calculations  confirmed  that  high  injection 
conditions  were  used  in  the  STEM-EBIC 
experiments.  Therefore,  the  carrier  transport 
equations  that  describe  the  minority  carrier 
diffusion  length  and  surface  recombination 
velocity  are  not  valid.  However,  the  p-n 
junction  location,  as  determined  by  the 
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Figure  1.  Schematic  of  the  cross-section  of  the 
InGaN-quantum  well  LED  structure  and 
experimental  linescan  setup  used  in  the  STEM- 
EBIC  measurements  (Not  drawn  to  scale). 


maximum  in  the  EBIC  signal,  can  be  resolved  with  nanometer  precision  with  the  STEM-EBIC 
technique. 

SAMPLE  PREPARATION 


The  sample  used  in  the  STEM-EBIC  experiments  was  an  InGaN  quantum  well  LED. 

The  general  structure  of  this  device  is  shown  in  Figure  1.  The  device  was  grown  by  metal- 
organic  chemical- vapor  deposition  on  a  (0001)  Silicon  Carbide  (SiC)  substrate.  An  n-type 
AlGaN  buffer  layer  was  grown  on  the  SiC  substrate  followed  by  n-type  GaN.  A  3  nm  InGaN 
quantum  well  was  grown  on  top  of  the  n-type  GaN  material.  This  layer  was  followed  by  an 
AlGaN  layer  and  finally  a  p-type  GaN  contact  layer.  The  as-received  sample  was  a  1  mm2 
square  piece  cleaved  from  the  wafer  and  mounted  unpackaged  on  the  edge  of  a  TO  header.  The 
can  of  the  TO  header  made  contact  to  the  backside  of  the  device  (i.e.  n-type  material)  and  a  gold 
bonded  wire  made  contact  to  the  topside  of  the  device  (i.e.  p-type  material). 

The  sample  preparation  was  a  variation  of  the  traditional  ‘H-bar’  Transmission  Electron 
Microscopy  (TEM)  method  using  Focused  Ion  Beam  Micromachining  (FTBM).  The  TO  header 
was  embedded  in  wax  and  mechanically  ground  down  using  diamond  lapping  films  on  an  Allied 
Multiprep™  System.  The  sample  was  ground  down  to  a  final  wedge  of  less  than  50  jam,  while 
ensuring  that  the  gold  bonded  wire  was  still  attached  to  the  p-type  material  of  the  device.  The 
backside  of  the  thinned  device  was  attached  to  a  half  copper  mesh  TEM  grid  with  silver  paint, 
while  the  gold  bond  wire  remained  free  (Figure  2).  The  silver  paint  provided  electrical  contact 
between  the  backside  of  the  device  and  the  TEM  grid.  In  the  final  step,  a  FEI 200  TEM  with  a 
magnum  column  and  a  30keV  Ga+  beam  was  used  to  create  a  300  nm  thick  electron  transparent 
membrane.  Figure  3(a)  shows  a  SE  image  taken  on  the  HD-2000  of  the  region  of  the  sample 
thinned  by  FIBM  with  respect  to  the  gold  wire.  Figure  3(b)  shows  the  FIBM  area  and  reveals  the 
‘H-bar’  shape  of  the  region. 


Figure  2.  Schematic  of  the  steps  involved  in  the  STEM-EBIC  sample  preparation 
from  the  as-received  sample  to  the  electron  transparent  membrane  created  by  FIBM. 


Figure  3.  (a)  and  (b) 
SE  images  of  the 
FIBM  region  of  the 
LED  taken  on  the  HD- 
2000  at  200keV. 
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CUSTOM  SAMPLE 
HOLDER 

The  STEM-EBIC 
specimen  holder  was 
designed  after  a  standard 
single-tilt  side-entry  HD- 
2000  FESTEM  specimen 
holder.  A  ceramic 
feedthrough  was  placed  in  th< 
barrel  of  a  specimen  holder 
and  sealed  with  Torr  Seal,  a 
solvent  free  epoxy  resin,  to 


ensure  no  vacuum  leaks 

through  the  barrel.  Two  shielded  coaxial  single-stranded  and  silver-plated  copper  wires 
insulated  with  Kapton®  were  fed  through  the  ceramic  feedthrough  and  sealed  with  Torr  Seal. 
On  the  air-side  of  the  barrel,  the  two  wires  were  soldered  to  a  subminiature  A  (SMA)  connector 
that  was  mounted  in  a  plastic  handle.  The  shielding  and  the  Kapton®  insulation  were  removed 
from  the  ends  of  the  two  wires  on  the  vacuum-side  of  the  barrel  in  order  to  allow  electrical 
connections  to  be  made  to  the  sample. 

The  tip  of  the  specimen  holder  is  a  separate  component  and  attaches  to  the  barrel  with 
setscrews.  The  tip  has  a  3mm  cup,  which  holds  the  specimen,  and  an  isolated  jewel  bearing  that 
makes  mechanical  contact  to  the  column  of  the  STEM.  A  piece  of  mica  was  glued  down  on  the 
tip  and  a  hole  was  cut  in  the  mica  around  the  3mm  cup.  The  mica  was  used  to  create  electrical 
isolation  between  the  specimen  and  the  specimen  rod  holder  and  the  3mm  hole  in  the  mica 
allowed  for  the  transmission  ot  the  electron  beam  through  the  sample. 

The  fully  prepared  LED  sample  was  glued  onto  the  mica  surrounding  the  3  mm  cup, 
while  the  gold  bonded  wire  was  still  allowed  to  move  freely.  One  of  the  feedthrough  wires  was 
glued  to  the  top  of  the  copper  grid  and  silver  paint  was  used  to  make  the  electrical  connection 
between  the  feedthrough  wire  and  the  backside  of  the  sample  (Figure  4(a)).  The  end  of  the 
second  wire  was  placed  in  a  strip  of  Indium  that  was  positioned  near  the  3  mm  cup  on  the  tip. 
The  free  gold  bonded  wire  was  also  placed  in  the  Indium  strip,  thus  making  contact  between  the 
frontside  of  the  sample  and  the  feedthrough  wire  (Figure  4(a)).  Figure  4(b)  shows  the  fully 
prepared  LED  sample,  including  the  FIBM  area,  mounted  in  the  specimen  holder. 


ANALYSIS  AND  RESULTS 

The  goal  of  the  STEM-EBIC  experiments  was  to  determine  the  p-n  junction  location, 
defined  as  the  maximum  of  the  built  in  electric  field,  with  respect  to  the  position  of  the  InGaN 
quantum  well.  All  EBIC  experiments  were  performed  at  room  temperature  in  a  HD-2000 
FESTEM  with  a  200keV  electron  beam,  a  0.5  nm  spot  size,  and  a  beam  current  of  350  pA. 
Initially,  an  Oxford  ISIS  EDS  acquisition  system  was  used  t6  obtain  Z-contrast  and  EBIC  images 
simultaneously  (Figure  5(a)).  In  the  external  acquisition  system,  the  output  from  a  Keithley  614 
electrometer  was  fed  directly  into  the  auxiliary  port  of  the  imaging  system.  The  EBIC  and  Z- 
contrast  images  were  collected  with  a  1 2.8  ms  dwell  time  and  128  x  100  resolution.  The  EBIC 
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Figure  5.  (a)  EBIC  and  Z-contrast  images 
acquired  with  the  Oxford  ISIS  EDS  system,  (b) 
Mean  Z-contrast  and  EBIC  linescans  showing  p-n 
junction  is  located  (19+  3)  nm  from  center  of 
InGaN  QW. 


signal  varied  between  30  and  55  pA 
during  the  EBIC  image  acquisitions.  The 
Z-contrast  images  allowed  structural 
confirmation  of  the  GaN  and  AlGaN 
barrier  layers  as  well  as  the  InGaN 
quantum  well  (Figure  5(a)). 

In  order  to  determine  the  p-n 
junction  location,  a  mean  Z-contrast 
linescan  was  obtained  by  averaging  28 
lines  in  the  Z-contrast  image  and  a  mean 
EBIC  linescan  was  obtained  by 
averaging  70  lines  in  the  EBIC  image.  A 
comparison  of  the  maximum  in  the  mean 
Z-contrast  linescan  to  the  maximum  in 
the  mean  EBIC  linescan  revealed  the 
position  of  the  p-n  junction  with  respect 
to  the  center  of  the  InGaN  quantum  well. 
The  relative  position  of  the  p-n  junction 
with  respect  to  the  InGaN  quantum  well 
was  found  to  be  (19  ±  3)  nm  from  the 
center  of  the  InGaN  quantum  well 
(Figure  5(b)). 

A  Noran  Vantage  EDS  system 
was  used  to  simultaneously  obtain  Z- 
Contrast,  EDS,  and  EBIC  linescans 
(Figure  6(a)).  The  external  electronic 
acquisition  system  had  a  Keithley  614 
electrometer  connected  to  a  low  gain 
voltage  amplifier  that  converted  the 


negative  output  voltage  from  the  electrometer  to  a  positive  voltage.  The  positive  voltage  signal 
was  converted  to  a  frequency  using  a  to  Frequency  Converter  (VFC)  and  sent  to  one  of  the 
Multichannel  Scaler  (MCS)  ports  of  the  Thermo  Noran  Vantage  Energy  Dispersive  Spectroscopy 
(EDS)  system.  The  90  nm  linescans  had  a  total  of  100  data  points  acquired  with  a  2  second 
dwell  time.  These  linescans  were  taken  using  conditions  optimized  for  the  EBIC  signal. 

Typical  EDS  and  Z-contrast  linescans  optimized  for  good  signal  to  noise  are  shown  in  Figure 
6(b).  This  setup  allowed  for  simultaneous  acquisition  of  large  angle  scattered  electrons  (i.e.  Z- 
contrast),  EBIC,  and  EDS  images.  The  elemental  In  EDS  linescan  confirmed  the  position  of  the 
InGaN  quantum  well  that  was  previously  determined  with  the  Z-contrast  image. 


CONCLUSIONS 


The  EBIC  technique  can  be  implemented  in  a  SEM  or  a  STEM  in  order  to  obtain 
electrical  information  about  electrical  transport  properties  of  semiconductor  materials  and 
devices.  Due  to  the  high  energy  electron  beam  (200keV)  and  the  thin  specimen  (300nm),  the 
STEM-EBIC  technique  has  been  shown  to  be  superior  in  terms  of  spatial  resolution  when 
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Figure  6.  (a)  EDS  linescans  of  Al,  In,  and  EBIC  and  Z-Contrast  linescans. 
(b)  EDS  linescan  of  In  and  Z-Contrast  linescan  optimized  for  signal  to  noise. 
All  linescans  acquired  with  the  Thermo  Noran  Vantage  EDS  system. 


compared  to  the  SEM-EBIC  technique.  The  increased  resolution  is  an  important  feature  due  to 
the  decreasing  size  of  electronic  and  optoelectronic  devices  and  the  overwhelming  need  for 
micro-  and  nano-characterization  techniques  in  the  nanotechnology  industry.  The  sample 
preparation  and  electrical  connections  for  STEM-EBIC  are  challenging.  However,  the 
introduction  of  a  novel  sample  preparation  method  as  well  as  the  design  and  construction  of  a 
custom  specimen  holder  was  described  here  and  proved  to  be  a  viable  solution.  The  capability 
of  the  Hitachi  HD-2000  dedicated  FESTEM  in  conjunction  with  a  customized  STEM-EBIC 
holder  to  simultaneously  collect  structural  (i.e.  Z-contrast),  chemical  (i.e.  EDS),  and  electrical 
(i.e.  EBIC)  images  of  semiconductor  samples  was  also  demonstrated.  Finally,  the  STEM- 
EBIC  technique  resolved  the  position  of  the  p-n  junction  with  respect  to  the  InGaN  quantum 
well  with  nanometer  precision.  The  STEM  system  is  a  useful  and  powerful  tool  for  the  nano¬ 
characterization  of  structural,  compositional,  and  electrical  properties  of  semiconductor 
materials. 
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ABSTRACT 

Synchrotron  radiation  excited  soft  x-ray  emission  and  soft  x-ray  absorption  spectroscopies 
are  applied  to  the  study  of  the  electronic  structure  of  InxGat.xN  alloys  with  (0  ^  x  <> 0.29 ).  The 
elementally  resolved  partial  density  of  states  of  the  valence  and  conduction  bands  may  be 
measured  using  these  spectroscopies.  The  x-ray  absorption  spectra  indicate  that  the  conduction 
band  broadens  considerably  with  increasing  indium  incorporation.  The  band  gap  evolution  as  a 
function  of  indium  content  derives  primarily  from  this  broadening  of  the  conduction  band  states. 
The  emission  spectra  indicate  that  motion  of  the  valence  band  makes  a  smaller  contribution  to 
the  evolution  of  the  band  gap.  This  gap  evolution  differs  from  previous  studies  on  the  AlxGa,.xN 
alloy  system,  which  observed  a  linear  valence  band  shift  through  the  series  (0  £  x  £  1).  Instead 
in  the  case  of  InxGa,_xN  the  valence  band  exhibits  a  significant  shift  between  x  =  0  and  x  -  0.1 
with  minimal  movement  thereafter.  Furthermore,  evidence  of  In  4d  -N  2p  and  Ga  3d  -  N  2p 
hybridisation  is  reported.  Finally,  the  thermal  stability  of  an  In0  nGa0  89N  film  was  investigated. 
Both  emission  and  absorption  spectra  were  found  to  have  a  temperature  dependent  shift  in 
energy,  but  the  overall  definition  of  the  spectra  was  unaltered  even  at  annealing  temperatures 
well  beyond  the  growth  temperature  of  the  film. 

INTRODUCTION 

It  is  abundantly  clear  that  nitride  based  wide  band  gap  semiconductors  have  great 
technological  potential  due  to  their  application  in  light  emitting  devices  coupled  with  their 
extreme  hardness  and  the  ability  to  sustain  high  temperatures.1'5  Optoelectronic  devices  made 
from  alloys  of  InN,  GaN  and  AIN  cover  the  visible  to  ultraviolet  range  of  the  electromagnetic 
spectrum  as  their  band  gap  energies  are  1.9  eV,  3,4  eV,  and  6.2  eV  respectively.  However, 
experimental  data  on  the  detailed  electronic  structure  of  these  alloys  is  scarce,  particularly  in  the 
case  of  InxGaj.xN.  Although  photoemission  spectroscopy  is  a  standard  probe  of  electronic 
structure  in  solids,  it  is  difficult  to  apply  to  ft^Ga^N  since  it  requires  that  atomically  clean 
surfaces  be  prepared  before  bulk  properties  can  be  measured.6  Successful  methods  exists  for 
cleaning  surfaces  of  GaN  thin  films,  but  obtaining  clean  surfaces  of  InxGa].xN  alloys  suitable  for 
photoemission  studies  is  very  difficult.7  However  soft  x-ray  emission  (SXE)  and  soft  x-ray 
absorption  (SXA)  spectroscopies  are  ideal  probes  of  the  valence  and  conduction  band  density  of 
states  as  in  these  spectroscopies  there  is  a  sampling  depth  of  approximately  1000  A,  and  they 
can  thus  be  considered  insensitive  to  atomic  contamination  or  disorder  of  sample  surfaces.8  The 
electronic  structure  of  GaN,  AIN  and  AlxGa,.xN  alloys  have  been  previously  studied  by  both 
SXE  and  SXA  where  we  were  able  to  measure  the  elementally  resolved  partial  density  of  states 
(PDOS),  the  band  gap  evolution  as  a  function  of  AlxGa,.xN  composition,  and  shallow  core  level 
hybridization.9'11  An  SXE  and  SXA  study  of  the  electronic  structure  in  ft^Ga^N  has  been 
carried  out  and  we  report  the  first  full  measurement  of  the  elementally  resolved  valence  and 
conduction  band  PDOS.  The  highlights  of  these  studies  are  presented  here  while  a  more 
complete  analysis  of  this  data  has  been  presented  elsewhere.12 
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EXPERIMENT 

The  samples  of  InsGa,.vN  (0  <  v  <  0.29)  investigated  were  wurtzite  thin  films  of  thickness 
1.2,  1.1, 0.5  and  0.25|im  thickness  for  a-0,  0. 1 . 0.2  and  0.29  respectively.  All  samples  were 
grown  in  a  Varian  Genii  MBE  system  which  employs  a  compact  electron  cyclotron  resonance 
(ECR)  microwave  plasma  source  for  activating  molecular  nitrogen.  All  three  samples  were 
grown  on  sapphire  in  3  steps  employing  AIN  and  GaN  buffer  layers  with  a  top  layer  of  InGaN 
grown  at  650C-675C.  The  films  are  auto-doped  n-type.  Full  details  of  the  growth  conditions  and 
the  structure  of  the  films  have  been  reported  elsewhere.13  14  The  films  were  characterized  by  x- 
ray  diffraction  (XRD)  and  photoluminescence  (PL);  XRD  was  also  used  to  obtain  the  In  and  Ga 
ratios  and  to  ascertain  whether  any  phase  separation  is  present.11  The  SXE  and  SXA  experiments 
were  performed  on  the  undulator  beamline  XI  B  at  the  National  Synchrotron  Light  Source, 
Brookhaven  National  Laboratory.  Absorption  spectra  were  recorded  in  the  total  electron  yield 
mode  by  measuring  the  sample  drain-current  with  an  energy  resolutions  of  ~0.2  eV  at  400  eV  in 
the  vicinity  of  the  N  Is  edge.  Emission  spectra  were  recorded  using  a  Nordgren-type 
grazing-incidence  grating  spectrometer  using  a  5m.  1200  lines/mm  grating  in  first  order  of 
diffraction  at  a  resolution  of  approximately  0.3 1  eV  at  the  N  ]s  edge.  The  acquisition  time  for 
individual  SXE  spectra  was  approximately  90  min.  The  base  pressure  in  the  experimental 
system  was  better  than  1 .0  x  1 0'‘*  Torr.  Sample  surfaces  were  not  processed  or  cleaned  in  the 
vacuum  chamber.  Details  of  the  energy  calibration  for  the  SXE  and  SXA  spectra  can  be  found 
elsewhere.9, 1 1 

RESULTS 

Valence  and  conduction  band  PDQS.  and  band  gap  evolution. 

SXE  and  SXA  spectroscopies  at  the  N  Is  edge  probe  the  N  2p  occupied  and  unoccupied 
states  respectively.  Figure  1  presents  the  SXE  and  SXA  spectra  for  a  series  of  ln,Ga,.xN  alloys 
where  the  dashed  lines  indicate  movements  of  the  band 
edges  as  a  function  of  indium  content.  The  energy  axis  is 
referenced  to  the  valence  band  maximum  (VBM)  of  GaN. 

Due  to  the  limits  in  growing  high  quality  InGaN  with  an 
indium  content  beyond  x  -  0.3  due  to  phase  segregation, 
the  sample  series  only  extends  to  x=0.29.n  The  evolution 
of  the  elementally  resolved  band  gap  is  clearly  visible.  A 
shift  of  0.1 5eV  occurs  in  the  position  of  the  N  2p  VBM 
between  the  GaN  (,v  =  0)  and  In()_]xGa,t_„N,  but  no  further 
shift  in  the  band  edge  as  the  In  content  is  increased 
differing  from  the  behavior  observed  in  AlxGa,.xN 
alloys.1’  This  is  found  to  be  consistent  with  the  results  of 
large  supercell  empirical  pseudopotential  calculations 
which  predict  a  large  shift  of  the  VBM  between  .v  =  0  and 
x  =  0. 1,  with  a  minimal  change  thereafter.15  In  contrast  to 
the  measured  behavior  of  the  VBM,  the  N  2p  conduction 
band  edge  shifts  continuously  with  In  content  and  is 
highlighted  in  Figure  2,  where  the  SXA  spectra  were  recorded  at  normal  incidence.  The  motion 
of  the  conduction  band  edge  with  increasing  In  content  is  clearly  visible,  deriving  mostly  from 
the  broadening  of  spectral  feature  A.  A  arises  from  the  mixing  of  s  and  p7  atomic  orbitals  as  does 
C  while  B  is  a  transition  to  (pA,  p)  final  states.  Broadening  and  loss  of  spectral  feature  definition 
is  also  observed  in  the  SXA  spectrum  taken  at  the  Ga  2pvl  edge.  Further  the  SXE  spectrum 


Binding  Energy  (eV)  relative  to  VBM 


Figure  1:  N  2p  SXE  and  SXA 
spectra  from  a  series  of  InxGa,.xN 
alloys. 
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Figure  2:  Normal  incidence  SXA 
spectra  for  InxGa,.xN  as  a  function  of 
In  content. 


resulting  from  transitions  from  Ga  3d  states  to  the  Ga  2pm 
state  were  obtained  and  shows  broadening  of  the  FWHM 
of  the  Ga  3d  states  from  3.13  eV  to  3.71  eV  in  GaN  and 
In029Gao71N  respectively.  These  changes,  and  the  increase 
in  FWHM  of  the  Ga  3d  emission,  are  consistent  with  a 
speculated  alloy  disordering.16  The  observed  behavior  of 
the  experimentally  measured  N  2p  band  gap  derived  from 
the  SXE  and  SXA  spectra  of  Figure  1  is  plotted  in  Figure 
3.  Theoretically,  the  behavior  of  the  energy  gap  in  such  an 
alloy  system  may  be  described  by  Vegard's  law:17 

Eg (x)  =  Eg  +  AEg (x  )—  bx(l-x) 

Here,  Eg  is  the  average  gap,  AEg  is  the  difference  between 
the  gaps  of  the  pure  end-members  of  the  alloy  system,  and 
b  is  the  bowing  parameter.  The  fit  to  the  data  presented 
here  gives  a  value  of  b-  3.68  eV.  As  can  be  seen  in 
Figure  3,  the  measured  band  gap  for  the  InxGa,.xN  alloys 
(x^0.3)  exhibit  a  pseudo-linear  dependence  on  the  In 
fraction,  x.  A  linear  least-squares  fit  to  the  band  gap  data 
for x  ^  0.3  gives  Eg  =  3.35  -  4.04  •  x 

This  figure  is  comparable  to  a  number  of  recent  studies  of 
InxGa[.xN  epilayers  which  obtained  slopes  with  values  of  - 
3.57,  -3.86  and  -3.93. ,8‘21  A  review  of  the  band  parameters 
for  ffl-V  compound  semiconductors  and  their  alloys  gives 
an  overview  of  the  theoretical  and  experimental  results 
obtained  for  the  bowing  parameter  and  provisionally 
suggests  a  bowing  coefficient  of  3.0eV.22  Experimental 
results  have  varied  with  band-gap  bowing  values  ranging 
initially  from  b  ~  leV,23  to  b  =  2.6  -  4.1 1  eV,20, 24-26  The 
discrepancy  with  earlier  experimental  results  has  been 
largely  attributed  to  erroneous  estimates  of  the  alloy 
composition  which  lead  to  overestimates  of  the  bowing 
parameter.22  A  recent  study  of  I^Ga^N  alloys  using  a 
wide  range  of  experimental  techniques  resulted  in  a  large 
spread  of  gap  values  for  samples  with  x  <  O.4.27  The 
bowing  coefficient  for  the  band  gap  obtained  from  this  data  set  was  b  =  2.5  eV.  A  linear  fit  to 
the  same  data  set  gives  a  slope  of  -3.2  eV  for  the  variation  of  the  calculated  band  gap  with  In 
content.  In  contrast,  our  results  give  a  bowing  coefficient  of  b  =  3.68  eV  and  a  slope  of  -4.04 
eV.  Comparison  of  the  experimental  dependence  of  the  band-gap  on  composition  with 
calculations  has  often  proved  unsatisfactory.15,21  However  the  supercell  empirical  pseudo¬ 
potential  calculations  of  Bellaiche  et  al  produce  a  bowing  parameter  that  has  a  strong 
composition  dependence,  with  b  >  5  eV  for  small  (x  <  0.1)  compositions.15  The  calculations 
also  predict  strong  shifts  in  the  VBM,  particularly  at  small  x,  and  much  smaller  shifts  in  the 
conduction  band  minimum.  We  report  a  behavior  similar  to  these  predictions.  Figure  4  shows  a 
comparison  between  our  estimates  of  the  N  2p  VBM  and  CBM  compared  to  the  behavior 
predicted  by  the  above  supercell  empirical  calculations.  It  has  been  suggested  that  the  bowing 
term  x(l-x)  is  reasonable  only  when  based  on  the  assumption  that  the  mixed  crystal  is  an  ideal 


Indium  content  (k) 


Figure  3:  Data  points  indicate  the 
position  of  the  experimentally 
determined  gap  from  the  N  2p  SXE 
and  SXA  spectra;  the  solid  line  is  the 
fit  using  Vegard’s  law  with  constant 
bowing  parameter  b  =  3.68eV;  the 
dash-dot  line  is  a  straight  line  fit  to 
the  data  points  for  0  <  x  £  0.29,  the 
dashed  line  joins  GaN  to  InN. 
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solution  and  the  crystal  lattice  changes  gradually  through 

the  ternary  alloy  system. 28  While  phase  separation  is  well  ^  3.5[.  ■  ■  ■  ■ 

documented  in  InxGa,.xN  alloys  with  high  indium  content,  ^  3.0  -  — . _ ; 

i3, 29, 30  a  va|ence  force-field  calculation  of  a  relatively  low  £  25  : 

indium  content  (In0  2Ga()8N)  model  alloy  revealed  random  s  “  ■ 
alloying  or ’alloy  disorder’ as  opposed  to  complete  phase  >  10. 

separation.16  Due  to  the  In-N  and  Ga-N  bond  length  *  0.s  •  . . , . . . 

difference  (~  10.8%),  the  atomic  positions  are  considered  jf  00  —^  -*  *  *  - 

to  fluctuate  from  the  ideal  lattice  sites,  leaving  both  bond  0  5  0.00  0.05  0.10  0.15  0.20  0.25  0.30 

length  and  bond  angle  distortions  in  the  alloy.  Others  have  indium  content  oo 

suggested  that  the  large,  composition-dependent  band-gap 

bowing  coefficient  (along  with  many  other  optical  Figure  4:  Comparison  of  the  present 

anomalies)  in  InxGa,.xN  alloys  is  due  to  the  localization  of  data  showing  the  motion  of  the 
hole  states  in  the  upper  valence  band.15  Bellaiche  et  al  elementally  resolved  N  2p  VBM  and 

point  out  that,  in  contrast  to  conventional  alloys,  no  CBM  (so,id  line>  with  the  results  of 

chemical  clustering  of  In  atoms  is  needed  to  induce  this  tfie  supercell  calculations  (dashed 
localization.  Thus  the  results  presented  here  can  hne). 

reasonably  be  interpreted  as  obtained  from  random  alloys 
rather  than  from  the  existence  of  phase  separated  InN. 

Hybridisation  of  N  2n  states  with  Ga  3d  and  In  4d 

states  in  In.Ga.  ,N  F~=o  II 

SXE  has  been  shown  to  be  highly  sensitive  to  hybrid  *  | 

states.9, 11  This  is  a  consequence  of  the  strong  dipole 

selection  rules  that  govern  the  transitions,  and  the  I 

dominance  of  intra-atomic  transitions  over  interatomic  0.2  ~ 

transitions.  The  Ga3d  state  lies  approximately  19  eV  \  ™  J 

below  the  valence  band  maximum.  When  N  2p  to  Is  SXE  ;  0.29  • 

spectra  were  recorded  from  GaN,  a  weak  emission  feature  I^Ga,.^ 

was  observed  at  this  energy,  which  could  be  conclusively  "30  "25  '20  ‘1S  '10  '5 

identified  as  emission  from  N  2p  states  hybridized  with  Energy  relative  to  GaN  VBM  [eV] 

the  Ga  3d  shallow  core  level."  Figure  5  shows  a  series  of  Fjgure  5.  N  K  emission  spectra 
N  2p  to  Is  SXE  spectra  from  InxGa,„N  as  previously  seen  showing  N  2p.Ga  3d  hybrid  peak  at 
in  Figure  1 .  As  can  be  seen  in  the  spectrum  for  pure  GaN  j  jje]ow  ^  vbm  As  x 
Or  =  0),  there  is  a  clear  emission  feature  -19  eV  due  to  the  increases  a  N  2p  -In  4d  peak  at  lower 
N  2p  -  Ga  3d  hybridization.  As  the  In  content  increases,  binding  energy  is  visible, 
the  emission  feature  at  1 9  eV  decreases,  due  to  the 

reduction  in  relative  Ga  content.  The  Ga  atoms  are  being  substituted  by  an  element  that  has 
shallow  d  states  of  its  own.  Thus  we  also  anticipate  an  increase  in  hybridization  of  N  2p  states 
to  In  4d  states  as  the  In  content  increases.  Such  a  behavior  is  evident  in  Figure  5,  where  it  is 
clear  that  as  the  emission  feature  at  approximately  19  eV  decreases  with  In  content,  a  broad 
feature  at  approximately  17  eV  increases.  As  in  the  case  of  AlxGa,.xN,  this  hybridization  of  the 
shallow  core  levels  is  important,  since  it  must  be  taken  into  account  when  band  structure 
calculations  are  performed. 

Thermal  Effects. 

It  is  known  that  InxGa,.xN  alloys  have  a  propensity  to  phase  separate,  particularly  at  high 
indium  content  13,29,3l\  A  published  growth  phase  diagram  illustrates  the  growth  stability  of  the 
InN-GaN  quasi-binary  system  with  respect  to  indium  content  and  growth  temperatures.31'32  We 


Energy  relative  to  GaN  VBM  [eV] 

Figure  5:  N  K  emission  spectra 
showing  N  2p-G a  3d  hybrid  peak  at 
1 9eV  below  the  VBM.  As  x 
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used  SXE  and  SXA  to  study  thermal  effects  on  the  band 
structure  of  a  film  grown  in  the  stable  region  of  the  phase 
diagram.  An  additional  motivation  for  this  is  concerned 
with  studying  the  effect  of  the  typical  annealing 
performed  in  connection  with  preparing  atomically  clean 
surfaces  of  GaN.7  A  sample  of  In0 ^Ga^N  was  electron 
beam  heated  to  three  separate  temperatures:  610°C,  780°C, 
and  980°C  for  an  hour  in  vacuum  of  ~lxl0  8  Torr.  The 
sample  growth  temperature  was  ~650°C-675°C;  thus 
these  sample  temperatures  were  respectively  below,  near, 
and  well  above  the  growth  temperature.  Figure  6  shows 
the  SXE  and  SXA  spectra  of  the  N  2p  valence  and 
conduction  band  density  of  states  through  the  annealing 
series.  The  qualitative  features  of  the  spectra  are 
unaffected,  with  almost  no  broadening  effects,  but  upon 
inspection,  a  slight  shift  in  both  the  valence  band  and 
conduction  band  edges  is  evident  and  is  indicated  by  the 
dashed  lines.  After  annealing  to  610°C  the  both  spectra 
exhibit  a  decrease  in  energy.  Annealing  to  780°C  resulted 
in  no  further  spectral  shift  but  another  energy  shift  (to  a  lesser  extent  in  the  absorption  spectra)  is 
evident  after  annealing  to  980°C.  The  stability  of  the  bands  at  high  temperatures  is  evident  from 
the  constant  spectral  shape.  The  band  shifting  sequence  or  origin  is  not  understood  at  present  but 
may  be  related  to  the  diffusion  and  segregation  of  indium  to  the  surface  at  even  moderate 
annealing  temperatures  as  observed  in  initial  photoemission  studies.33 

CONCLUSION 

The  valence  band  and  conduction  band  electronic  structure  of  InxGaUxN  alloys  has  been 
studied  using  SXA  and  SXE  for  x  between  0  and  0.29.  The  elementally  resolved  N  2p  band  gap 
evolution  as  a  function  of  In  content  was  measured.  The  N  2p  valence  band  shows  little  change 
with  increasing  indium  content  except  on  going  from  x=0  to  x=0.1  where  a  0.15  eV  shift  of  the 
VBM  is  observed,  but  no  significant  movement  thereafter  while  the  CBM  showed  a  linear 
progression  to  lower  energies.  This  behavior  of  the  VBM  and  CBM  is  in  close  agreement  with 
calculations  which  attribute  this  and  the  anomalous  compositional-dependent  band  gap  bowing 
to  In-localized  hole  states  in  the  upper  valence  band.15  The  SXA  spectral  features  broaden  with 
increasing  In  content,  indicating  a  decrease  in  the  atomic  nitrogen  localization,  primarily  caused 
by  the  random  alloying  in  the  crystal.11 

ACKNOWLEDGEMENTS 

This  work  was  supported  in  part  by  the  National  Science  Foundation  under  grant  number 
DMR-99-86099  and  the  U.S.  Army  Research  Office  under  grant  40126-PH.  Our  x-ray  emission 
spectrometer  is  funded  by  the  US  Army  Research  Office  under  DAAH04-95-0014.  Experiments 
were  performed  at  the  NSLS  which  is  supported  by  the  U.S.  Department  of  Energy,  Divisions  of 
Materials  and  Chemical  Sciences.  PR  gratefully  acknowledges  support  from  the 
William  V.  Shannon  Memorial  Fellowship.  TDM  acknowledges  the  support  of  DoD/ARPA 
under  grant  MDA972-96-3-0014. 

*  Permanent  Address:  Advanced  Photon  Source,  Argonne  National  Laboratory,  Argonne,  IL 
60439,  USA 


Binding  Energy  relative  to  VBM  (cV) 


Figure  6:  SXE  and  SXA  spectra 
showing  the  N  2p  PDOS  of  both  the 
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In01[1Ga0  89N  sample  as  a  function  of 
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625 


**  Author  to  whom  correspondence  should  be  addressed.  Electronic  mail:  ksmith@bu.edu. 

REFERENCES 

i 

S.  Nakamura  and  G.  Fasol,  The  Blue  Laser  Diode:  GaN  Based  Light  Emitters  and  Lasers 
(Springer,  Berlin,  1997). 

3  F.  A.  Ponce  and  D.  P.  Bour,  Nature  386,  351  (1997). 

F.  A.  Ponce,  T.  D.  Moustakas,  I.  Akasaki,  et  aL,  in  Materials  Research  Society  Symosium 
Proceedings  (Materials  Research  Society,  Pittsburg,  1997),  Vol.  449. 

5  H.  Morkoc,  S.  Strite,  G.  B.  Gao,  et  al. ,  Journal  of  Applied  Physics  76,  1363  (1994). 

6  H.  Morkoc  and  S.  N.  Mohammad,  Science  267,  51  (1995). 

S.  D.  Kevan,  Angle  Resolved  Photoemission  (Elsevier,  Amsterdam,  1991). 

V.  M.  Bermudez,  D.  D.  Koleske,  and  A.  E.  Wickenden,  Applied  Surface  Science  126,  69 
(1998).  K 

9  J.  Nordgren  and  N.  Wassdahl,  Physica  Scripta  T31,  103  (1990). 

)0  C.  B.  Stagarescu,  L.-C.  Duda,  K.  E.  Smith,  et  al.,  Physical  Review  B  54,  17335  (1996). 

K.  E.  Smith,  L.-C.  Duda,  C.  B.  Stagarescu,  et  al..  Journal  of  Vacuum  Science  and 
Technology  B  U,  2250  (199&). 

p  L.-C.  Duda,  C.  B.  Stagarescu,  J.  Downes,  et  al..  Physical  Review  B  58,  1928  (1998). 

J3  P.  Ryan,  C.  McGuinness,  J.  E.  Downes,  et  al.,  Physical  Review  B  65,  art.  no.  (2002). 

]4  D.  Doppalapudi,  S.  N.  Basu,  K.  F.  Ludwig,  Jr.,  et  al.,  J.  Appl.  Phys.  84,  1389  (1998). 
(1999)  ^0PPa'aPu<^’  N.  Basu,  and  T.  D.  Moustakas,  Journal  of  Applied  Physics.  85,  883 

j6  L.  Bellaiche,  T.  Mattila,  L.  W.  Wang,  et  al..  Applied  Physics  Letters  74,  1 842  (1999). 

1?’  T.  Saito  and  Y.  Arakawa,  Physical  Review  B  60,  1701  (1999). 

l((  E.  A.  Albanesi,  W.  R.  L.  Lambrecht,  and  B.  Segall,  Physical  Review  B  48,  17841  (1993). 

J9  S.  Pereira,  M.  R.  Correia,  T.  Monteiro,  et  al..  Journal  of  Crystal  Growth  230,  448  (2001). 

2()  S.  Pereira,  M.  R.  Correia,  T.  Monteiro,  et  al.,  Applied  Physics  Letters  78,  2137  (2001). 

M.  D.  McCluskey,  C.  G.  Van  de  Walle,  C.  P.  Master,  et  al.,  Applied  Physics  Letters  72, 
2725  (1998). 

21 

C.  G.  Van  de  Walle,  M.  D.  McCluskey.  C.  P.  Master,  et  al..  Materials  Science  and 
Engineering  B-Solid  State  Materials  For  Advanced  Technology  59,  274  (1999). 

22 

(200O^Ur^a^mar1,  ^  ^  Meyer,  and  L.  R.  Ram-Mohan,  Journal  of  Applied  Physics  89,  5815 

24  K.  Osamura,  S.  Naka,  and  Y.  Murakami,  Journal  of  Applied  Physics  46,  3432  (1975). 

25  C.  Wetzel,  T.  Takeuchi,  S.  Yamaguchi,  et  al..  Applied  Physics  Letters  73,  1994  (1998). 

J.  Wagner,  A.  Ramakrishnan,  D.  Behr,  et  al.,  MRS  Internet  Journal  of  Nitride 
Semiconductor  Research  4,  U1 1 1  (1999). 

2fi 

27  M.  Goano,  E.  Bellotti,  E.  Ghillino,  et  al..  Journal  of  Applied  Physics  88,  6476  (2000). 

K.  P.  O’Donnell,  R.  W.  Martin,  C.  Trager-Cowan,  et  al..  Materials  Science  and  Engineering 
B-Solid  State  Materials  For  Advanced  Technology  82,  194  (2001). 

28 

E.  V.  Kalashnikov  and  V.  I.  Nikolaev,  Mrs  Internet  Journal  of  Nitride  Semiconductor 
Research  2,  18(1997). 

29 

3()  R.  Singh,  D.  Doppalapudi,  T.  D.  Moutakas,  et  al..  Applied  Physics  Letters  70,  1089  (1997). 

31  N.  A.  El-Masry,  E.  L.  Piner,  S.  X.  Liu,  et  al,  Appl.  Phys.  Lett.  72,  40  (1 998). 

32  I.  H.  Ho  and  G.  B.  Stringfellow,  Mater.  Res.  Soc.  Symp.  Proc.  449,  871  (1997). 

33  I.  H.  Ho  and  G.  B.  Stringfellow,  Appl.  Phys.  Lett.  69,  2701  (1996). 

J.  E.  Downes,  K.  E.  Smith,  A.  Y.  Matsuura,  et  al,  (MAX-lab  Activity  Report,  Lund,  2000), 
p.  74. 


626 


Poster  Session 


Mat.  Res.  Soc.  Symp.  Proc.  Vol.  743  ©  2003  Materials  Research  Society 


Lll.l 


Blue  Luminescence  in  Undoped  and  Zn-doped  GaN 
M.  A.  Reshchikov  and  H.  Morkog 

Virginia  Commonwealth  University,  Richmond,  VA  23284,  U.S.A. 

R.  J.  Molnar 

MIT  Lincoln  Laboratory,  Lexington,  MA  02420,  U.S.A. 

D,  Tsvetkov  and  V.  Dmitriev 

TDI,  Inc.,  Silver  Spring,  MD  20904,  U.S.A. 

ABSTRACT 

A  broad  band  with  a  maximum  at  about  2.9  eV  (blue  band)  is  widely  observed  in  the 
photoluminescence  (PL)  and  cathodoluminescence  (CL)  spectra  of  unintentionally  doped  GaN 
grown  by  metalorganic  chemical  vapor  deposition  (MOCVD)  or  by  hydride  vapor  phase  epitaxy 
(HVPE).  In  some  samples  this  band  exhibits  fine  structure  attributed  to  electron-phonon 
coupling,  in  others  it  appears  featureless.  Different  defect  origin  and  recombination  mechanisms 
responsible  for  the  blue  band  have  been  suggested  in  the  past.  The  situation  is  complicated  by  the 
fact  that  bands  similar  in  shape  and  position  were  observed  also  in  Zn-  and  Mg-doped  GaN,  as 
well  as  in  undoped  GaN  after  dry  or  wet  etching.  We  investigated  PL  in  HVPE-grown  undoped, 
Si-  and  Zn-doped  GaN  layers  in  wide  temperature  and  excitation  intensity  ranges.  We  have 
found  that  the  shape,  temperature  and  excitation  intensity  dependencies  of  the  blue  band  in 
undoped  GaN  are  almost  identical  to  those  in  GaN  lightly  doped  with  Zn.  Moreover,  in  both 
undoped  and  Zn-doped  samples  we  observed  a  distinctive  set  of  peaks  related  to  an  exciton 
bound  to  the  Zn  acceptor.  Although  the  exact  structure  of  the  Zn  acceptor  is  still  unknown,  our 
experimental  results  unambiguously  demonstrate  that  Zn  impurity  is  responsible  for  the  blue 
band  in  unintentionally  doped  GaN.  The  results  of  transient  PL  study  are  also  consistent  with  the 
above  attribution. 

INTRODUCTION 

A  blue  luminescence  (BL)  band  peaking  at  2.9  eV  is  often  observed  in  PL  and  CL  spectrum  of 
undoped  and  Si-doped  GaN  [1-10].  Kaufman  et  al.  [7]  attributed  the  BL  band  in  undoped  GaN  to 
deep  donor-acceptor  pair  (DAP)  transitions  involving  residual  Mg  impurity  as  acceptor  and  the 
VNMg  complex  as  a  deep  donor.  More  recently,  detailed  studies  of  the  BL  band  in  undoped  GaN  at 
different  temperatures  and  excitation  intensities  revealed  that  it  is  related  to  transitions  from  a 
shallow  donor  (or  from  the  conduction  band  at  elevated  temperatures)  to  a  deep  acceptor  [10,1 1]. 
Thermal  activation  energy  of  the  acceptor  was  estimated  as  0.34  eV  [1 1].  Various  proposals  have 
been  made  as  to  the  nature  of  the  defect  responsible  for  the  2.9  eV  band  in  undoped  GaN.  Besides 
the  above-mentioned  assignment  of  this  band  to  residual  Mg,  it  was  also  attributed  to  a  gallium 
vacancy  (Vca)-related  complex  [9,1 1,12],  in  particular  to  VghOn  [9]  and  VGaHn  [12].  Note  that  in  a 
few  studies  a  similar  band  centered  at  about  3.0  eV  has  been  observed  that  exhibited  a  strong  fatigue 
effect  [13-15].  We  also  observed  a  broad  blue  band  with  a  similar  fatigue  effect  in  a  GaN  epilayer 
grown  by  molecular  beam  epitaxy  (MBE).  With  etching  experiments  using  hot  phosphoric  acid,  we 
attributed  this  feature  to  manifestation  of  the  surface  states  [16].  To  elucidate  the  origin  of  the  2.9 
eV  band  in  undoped  GaN,  we  have  studied  temperature  and  excitation  intensity  dependencies  of  the 
BL  band  in  undoped  GaN  and  compared  its  behavior  with  that  in  Mg-,  Si-  and  Zn-doped  GaN.  Our 
results  suggest  that  the  2.9  eV  band  often  observed  in  undoped  GaN  is  caused  by  Zn  contamination. 
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EXPERIMENTAL  DETAILS 

Epitaxial  GaN  layers  with  thicknesses  ranging  from  6  tol  5  pm  were  grown  onto  the  c-plane 
of  sapphire  substrates  by  the  HVPE  method.  Room-temperature  concentration  of  free  electrons  and 
their  mobility  were  about  lxlO17  cm'3  (lxlO18  cm'3)  and  360  cmV  'sec’1  (370  cnvV  'sec1), 
respectively,  in  undoped  (Si-doped)  GaN.  Zn-doped  GaN  layers  were  semi-insulating  with  a  room- 
temperature  resistivity  of  about  109Q  cm  and  a  concentration  of  Zn  ranging  from  ~1017  to  1018  cm'3. 
Steady-state  and  time-resolved  PL  was  excited  with  HeCd  and  nitrogen  lasers,  respectively.  The 
emission  was  dispersed  by  a  0.5  m  grating  monochromator  and  detected  by  a  photomultiplier  tube. 
Excitation  density  was  varied  over  the  range  of  10‘5  -  200  W/cm2  by  means  of  neutral  density  filters. 
The  temperature  of  the  sample  was  varied  from  15  to  330  K  using  a  closed  cycle  optical  cryostat. 


RESULTS  AND  DISCUSSION 

The  PL  spectra  of  the  undoped,  Si-  and  Zn-doped  GaN  layers  are  shown  in  Fig.  1 . 


Figure  1.  Low-temperature 
PL  spectrum  of  undoped 
(#1011),  Si-doped  (#1721) 
and  Zn-doped  (#1394)  GaN 
layers  grown  on  sapphire. 
The  intensity  is  normalized 
at  maximum  of  the  BL  band 


In  all  these  samples  the  BL  dominated  among  the  defect-related  bands  in  the  PL  spectrum.  The 
internal  quantum  efficiency  of  the  BL  band  was  about  5%  in  all  studied  samples,  although  the 
efficiency  of  the  exciton  emission  differed  substantially.  The  shape  and  position  of  the  BL  band 
were  similar  in  undoped,  Si-  and  Zn-doped  GaN  (Fig.  1).  Even  the  fine  structure,  observed 
earlier  in  the  MOCVD-grown  undoped  GaN  and  attributed  to  electron-phonon  coupling  with  LO 
and  local  (or  pseudo-local)  phonon  modes  [10],  was  similar  in  these  samples,  although  in  Si-  and 
Zn-doped  GaN  it  was  blurred. 

Another  supporting  evidence  that  the  BL  bands  in  undoped  and  Zn-doped  GaN  samples 
have  the  same  origin  follows  from  an  analysis  of  the  excitonic  part  of  the  PL  spectrum  (Fig.  2).  The 
peaks  at  3.486  and  3.479  eV  are  attributed  to  the  free  exciton  and  the  exciton  bound  to  a  shallow 
donor,  respectively.  A  peak  at  3.463  eV  is  very  strong  in  the  Zn-doped  layer,  and  its  shape  and 
position  coincide  with  the  corresponding  peak  in  undoped  layer.  Previously,  the  peak  with  the 
binding  energy  of  23  -  25  meV  in  Zn-doped  GaN  has  been  attributed  to  the  exciton  bound  to  a  Zn 
acceptor  [17,18]. 
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Figure  2.  Excitonic  part  of  the 
PL  spectrum  of  undoped 
(#1011)  and  Zn-doped  (#1394) 
GaN.  The  spectrum  of  the  Zn- 
doped  sample  is  shifted  by  4 
meV  to  higher  energies  to 
compensate  the  difference  in 
strain-related  shifts. 


Photon  Energy  (eV) 

We  did  not  notice  any  shift  of  the  BL  band  in  undoped  and  Si-doped  GaN  to  an  accuracy 
of  10  meV  with  an  increase  of  excitation  density  from  10'5  to  102  W/cm2.  The  blue  band  in  Zn- 
doped  samples  shifted  by  at  most  70  meV  in  this  range  of  excitation  intensities.  Moreover,  the 
character  of  the  shift  and  position  of  the  BL  band  were  sample-dependent  in  semi-insulating  GaN 
(Fig.  3). 


Figure  3.  Position  of  the  BL 
band  in  semi-insulating  Zn- 
doped  GaN  samples  at  different 
excitation  intensities. 

The  shape  of  the  band  was  nearly 
the  same  in  all  samples  and  at 
any  excitation  intensity. 
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Earlier  we  attributed  this  fact  to  pinning  of  Zn  acceptors  to  dislocations  [18].  However  similar 
behavior  was  observed  in  dislocation-free  bulk  GaN  [19].  We  suggest  that  DAP-type  recombination 
involving  several  donors  and  the  same  Zn  acceptor  may  be  responsible  for  the  observed  shifts. 
Indeed,  in  undoped  or  Si-doped  GaN  the  Fermi  level  is  close  to  the  conduction  band  and  shallow 
donors  are  partially  filled  in  equilibrium  at  low  temperatures.  Probability  of  the  DAP-type  transition 
decreases  exponentially  for  deeper  donors  due  to  smaller  overlap  of  the  electron  and  hole 
wavefunctions.  Note  also  high  concentration  of  the  shallow  donors  is  these  samples.  Therefore 
contribution  to  the  BL  band  from  the  deeper  donors  may  be  neglected  in  «-type  conductive  GaN.  In 
contrast,  in  semi-insulating  GaN  shallow  donors  may  contribute  much  less  due  to  their  lower 
concentration  and  their  smaller  occupancy.  The  transitions  from  the  deeper  donors  are  slower  and, 
hence,  with  increasing  excitation  density  saturation  of  transitions  involving  the  deeper  donors  would 
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take  place  at  lower  excitation  levels,  causing  the  shift  of  the  broad  band  with  excitation  intensity. 
Another  manifestation  of  this  effect  is  the  shift  of  the  PL  band  with  time  delay.  We  indeed  observed 
a  red  shift  of  the  blue  band  in  Zn-doped  GaN  by  about  50  meV  at  1 0‘5  s  after  the  excitation  pulse 
provided  by  N-laser.  Note  that  the  origin  of  the  shift  of  the  BL  band  with  excitation  intensity  is 
different  in  Zn-  and  Mg-doped  GaN.  While  in  Zn-doped  samples  different  distribution  profiles  of 
relatively  shallow  donors  (with  ionization  energy  of  about  100  meV  and  less)  are  responsible  for 
different  positions  and  different  character  of  the  peak  shift  with  excitation  intensity  (Fig.  3),  the  BL 
band  in  GaN:Mg,  attributed  to  transitions  from  a  deep  (~  0.6  eV)  donor  to  the  shallow  Mg  acceptor, 
always  shifts  in  a  similar  way  (no  shift  in  the  low  excitation  limit  and  fast  shift  at  high  excitation 
levels)  typical  for  a  deep  DAP  [20].  In  contrast  to  the  Zn-related  BL  band  observed  in  Zn-doped  and 
undoped  GaN  samples  with  concentration  of  Zn  acceptor  starting  from  about  1015  cm 3  [1 1],  the  BL 
band  in  GaN:Mg  appears  only  at  high  concentrations  of  Mg  (10R  -  2020  cm'3)  [21]  because  of  small 
probability  of  transitions  between  really  deep  donors  and  shallow  acceptors. 

In  our  previous  work  [18]  we  reported  on  observation  of  nearly  identical  decays  of  PL  in 
insulating  and  n-type  degenerate  layers  of  a  GaN:Zn  sample.  In  this  work  transient  behavior  of  the 
BL  band  was  studied  in  a  few  Zn-doped,  as  well  as  undoped  and  Si-doped  samples  (Fig.  4). 


Figure  4.  PL  intensity  decay  of 
the  BL  band  (at  2.9  eV)  in 
undoped  (#1011),  Si-doped 
(#1721)  and  Zn-doped  (#560  and 
#1394)  GaN  samples. 
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The  decay  is  nonexponential  at  low  temperatures  in  all  the  samples.  The  difference  in  PL  decays 
for  different  samples  can  be  explained  by  difference  in  concentration  of  shallow  and  relatively 
shallow  donors.  In  particular  fast  PL  decay  in  the  Si-doped  GaN  and  slow  decay  in  undoped  GaN 
correlate  well  with  concentrations  of  the  shallow  donors  in  these  samples  (respectively  2.8  x  10 
and  6  x  1017  cm'3,  as  it  was  estimated  from  the  Hall-effect  measurements).  In  contrast  to  our 
earlier  report  [18],  the  decay  of  the  BL  is  not  identical  in  various  GaN:Zn  samples  (Fig.  4)  which 
is  in  conflict  with  our  tentative  assumption  that  the  BL  band  in  GaN:Zn  involves  transitions  from 
some  excited  state  of  the  Zn-related  defect  [18].  To  resolve  contradiction  with  the  results  of  the 
earlier  work  [18],  we  propose  that  when  the  GaN  layer  is  illuminated  from  the  backside  through 
sapphire  substrate,  very  strong  near-band-edge  emission  from  the  interfacial  degenerate  layer 
resonantly  excites  defects  responsible  for  the  BL  band  in  the  entire  GaN  layer.  Therefore 
unexpectedly  slow  and  identical  decays  of  the  BL  band  excited  in  front-scattering  and  back- 
scattering  geometry  can  be  attributed  to  emission  from  DAP  in  whole  GaN  layer,  not  in  the 
surface  and  interface  layers  as  was  proposed  earlier  [18], 

Following  the  method  proposed  in  Ref.  [22],  we  have  estimated  the  effective  lifetime  of 
the  BL  in  wide  range  of  temperatures  for  a  few  undoped  and  doped  GaN  samples  (Fig.  5)  [22]. 
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Figure  5.  Temperature 
dependence  of  the  effective 
lifetime  of  the  BL  in  undoped 
(#1011),  Si-doped  (#1721)  and 
Zn-doped  (560)  GaN  samples. 
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We  explain  a  decrease  of  the  effective  lifetime  of  PL  at  temperatures  above  200  K  by 
thermalization  of  holes  from  Zn  acceptor  to  the  valence  band.  The  dependence  can  be  fitted  with  the 
following  equation  [22] 

Trl  =  C„n„  +gex p(~|p)  ■  <•> 

where  Cn  is  the  electron-capture  coefficient,  Q  is  a  factor  depending  on  the  hole-capture 
characteristics  and  EA  is  the  ionization  energy  of  the  acceptor.  The  ionization  energy  (300  -  400 
meV)  is  similar  in  undoped,  Si-  and  Zn-doped  samples.  This  value  is  consistent  with  position  of  the 
zero-phonon  line  of  the  BL  (about  3.10  eV),  which  can  be  obtained  from  analysis  of  the  PL 
spectrum  (see  Fig.  1  and  also  Ref.  [10]).  Furthermore,  assuming  that  transitions  from  the  conduction 
band  to  Zn  acceptor  dominate  over  DAP-type  transitions  at  temperatures  before  quenching  (at  about 
200  K)  in  /2-type  GaN  samples  and  accounting  for  the  free  electron  concentration  at  200  K  obtained 
from  the  temperature-dependent  Hall  measurements  (5  x  1017  and  8  x  1017  cm'3  for  the  samples 
1011  and  1721,  respectively),  we  can  estimate  the  electron-capture  cross-section,  crn,  for  Zn- 
acceptor:  an  =  C„v~' ,  where  vnis  the  velocity  of  free  electrons  in  GaN  (approximately  1.9  X  107 
cm/s).  We  obtain  crn  =  2.1  x  10'20  cm2  (sample  101 1)  and  8  x  10‘20  cm2  (sample  1721),  within 
reasonable  accuracy  close  to  the  values  obtained  for  undoped  GaN  layers  grown  by  MOCVD 
(1 .6  -  3.0  x  10'20  cm2)  [22]. 

CONCLUSIONS 

We  demonstrated  that  the  blue  luminescence  band  peaking  at  about  2.9  eV  in  undoped 
(or  Si-doped)  /7-type  conductive  GaN  has  the  same  origin  with  the  blue  luminescence  in  Zn- 
doped  semi-insulating  GaN.  The  blue  band  is  attributed  to  DAP-type  transitions  from  relatively 
shallow  donors  (from  the  conduction  band  at  elevated  temperatures)  to  Zn  acceptor.  The  profile 
distributions  of  the  donor  states  in  semi-insulating  GaN:Zn  layers  are  responsible  for  slightly 
different  positions  of  the  blue  band  and  its  shift  with  excitation  intensity. 
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ABSTRACT 

Photoluminescence  (PL)  from  GaN  epilayers  is  found  to  be  sensitive  to  the  ambient 
atmosphere  and  length  of  UV  exposure.  We  studied  the  effect  of  UV  illumination  in  different 
ambients  including  air,  oxygen,  nitrogen  and  hydrogen  gases  on  room-temperature  PL  of  GaN 
grown  on  sapphire  by  molecular  beam  epitaxy.  In  some  samples  the  PL  intensity  increased 
markedly  in  vacuum  as  compared  to  excitation  in  air,  whereas  in  others  it  decreased  appreciably. 
While  air  and  oxygen  showed  strong  reversible  variation  of  the  PL  intensity  as  compared  to 
vacuum,  nitrogen  and  hydrogen  atmospheres  led  to  a  very  small  change.  In  some  samples  we 
observed  a  shift  of  the  yellow  luminescence  band  with  change  of  ambient,  in  others  no  shift  was 
detected.  PL  intensity  also  changed  during  UV  irradiation  when  the  sample  was  in  air  ambient. 
Possible  reasons  for  our  observations  are  discussed. 

INTRODUCTION 

Surface  quality  and  surface-related  effects  are  of  obvious  interest  for  semiconductor 
device  applications.  Photoluminescence  (PL)  from  GaN  has  been  reported  to  show  strong 
dependence  on  the  ambient  atmosphere  around  the  samples  during  excitation.  Air  evacuation,  for 
instance,  is  known  to  cause  a  strong  enhancement  of  the  luminescence  and  a  large  decrease  in 
photoreflectance  as  compared  to  excitation  in  air  [1,2].  On  the  other  hand,  exposure  to  air  at 
room  temperature  for  several  days  led  to  reduction  of  leakage  currents,  enhancement  of  barrier 
heights,  and  improving  ideality  factors  in  AlGaN  Schottky  diodes  [3].  These  effects  are  believed 
to  be  related  to  the  surface  states.  It  is  known  that  due  to  spontaneous  polarization  a  strong 
upward  band  bending  is  expected  at  the  Ga-face,  whereas  at  N-face  surface  positive  ionized 
donors  largely  compensate  the  downward  band  bending  in  rc-type  GaN  [4,5].  The  band  bending 
is  also  affected  by  surface  structural  defects,  broken  bonds,  oxidation,  formation  of  overlayers  of 
Ga  atoms  at  the  surface  [6],  and  presence  of  adsorbates.  Nienhaus  et  al.  [7]  have  demonstrated 
that  adsorption  of  oxygen  increases  the  ionization  energy  and  electron  affinity  of  GaN  and 
AlxGai.xN  surfaces.  Furthermore,  Bermudez  [8]  has  found  that  oxygen  removes  surface  states, 
resulting  in  reducing  the  band  bending  compared  to  clean  GaN  surface.  As  a  result,  band  bending 
at  the  surface  is  reduced  from  0.9  to  0.5  eV.  In  case  of  the  practical  surface,  the  band  bending 
was  found  to  be  about  0.4  eV  [8].  Oxidation,  adsorption  of  foreign  atoms,  existence  of  broken 
bonds,  etc.  depend  on  the  growth  conditions  and  surface  treatment.  Thus  we  may  expect  different 
band  bending  near  the  surface,  as  well  as  existence  of  different  surface  states  in  GaN  prepared  in 
different  conditions.  In  this  letter,  we  report  detailed  PL  study  of  GaN  under  different  ambient 
conditions,  including  air,  vacuum,  oxygen,  nitrogen  and  hydrogen  atmospheres.  The  effect  of 
UV-laser  exposure  on  PL  is  also  considered. 

EXPERIMENTAL  DETAILS 

GaN  layers  (thickness  from  1  to  3  pm)  were  grown  on  c-plane  sapphire  by  molecular-beam 
epitaxy  (MBE).  Samples  with  both  Ga  and  N  polarity,  grown  by  employing  AIN  and  GaN  buffer 
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layers,  respectively  [9],  including  samples  grown  in  N-  and  Ga-rich  conditions,  were  studied. 
Steady-state  PL  was  excited  with  a  He-Cd  laser.  The  PL  was  dispersed  with  a  SPEX  grating 
monochromator  and  detected  with  Hamamatsu  photomultiplier  tube  R955-P.  The  PL  spectra 
were  corrected  for  the  response  of  the  optical  system.  The  samples  were  placed  in  an  optical 
cryostat  with  the  vacuum  pressure  of  about  3x1  O'4  Tor. 


RESULTS  AND  DISCUSSION 

In  majority  of  our  samples,  regardless  of  the  growth  conditions,  a  strong  enhancement  in 
the  PL  intensity  under  ultra-violet  (UV)  illumination  was  observed  as  the  sample  chamber  was 
evacuated  [2].  The  effect  was  reversible  insofar  as  allowing  air  into  the  chamber  restored  the 
emission  signal  to  its  original  level.  However,  switching  off  the  excitation  light  for  several 
minutes  did  not  change  the  emission  intensity  on  re-excitation.  The  value  of  rise  of  the  PL  signal 
upon  evacuation  was  found  to  be  proportional  to  the  UV  illumination  intensity  [2]. 

In  order  to  ascertain  whether  oxygen  or,  for  instance,  water  vapor  in  air  plays  a  dominant 
role  in  the  evolution  of  PL,  we  carried  out  experiments  with  the  surface  of  GaN  exposed  to 
various  gases.  The  results  for  the  near-band-edge  PL  are  presented  in  Fig.  1 . 
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Figure  1.  Evolution  of  the 
near-band-edge  emission 
intensity  in  the  GaN  sample 
689  under  different  ambient 
conditions. 


Time  (min) 

It  can  be  seen  that  oxygen  ambient  produces  the  same  kind  of  effect  as  air,  i.e.  a 
prolonged  decay  of  the  PL  signal  as  compared  to  its  value  in  vacuum,  whereas  exposure  to 
nitrogen  or  hydrogen  leads  to  a  much  smaller  decrease  in  the  signal.  Exposure  to  different  gases 
followed  by  evacuation  was  repeated  several  times  for  one  sample,  and  the  effect  was  found  to 
be  reproducible.  The  clear  distinction  between  the  transient  changes  in  PL  emission  in  vacuum  and 
oxygen  as  compared  to  other  ambients  (nitrogen  and  hydrogen)  and  similarity  of  the  changes  in  air 
and  oxygen  ambients  suggest  that  oxygen  adsorption  is  responsible  for  the  degradation  of  the 
optical  quality  of  the  GaN  surface.  Fig.  2  presents  typical  PL  spectra  in  vacuum  and  in  different 
ambients  for  the  same  sample. 

The  spectra  include  near-band-edge  emission  and  a  yellow  luminescence  (YL)  band  related 
to  a  deep-level  acceptor  [lOj.  A  noticeable  red  shift  of  the  YL  band  has  been  observed  with  the 
various  gas  ambients,  as  compared  to  the  peak  position  in  vacuum  -  about  30  meV  for  oxygen  and 
air  and  somewhat  lower  for  other  ambients.  The  red  shift  of  the  YL  band  up  to  200  meV  was 
observed  in  some,  but  not  all,  of  the  samples  studied,  although  no  shift  or  a  red  shift  of  only  1  -  2 
meV  in  spectral  position  of  the  near-band-edge  emission  was  detected  in  all  the  samples  studied. 
Typically,  the  near-band-edge  emission  increased  noticeably  (up  to  5  times  in  some  samples)  with 
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air  evacuation  after  UV  illumination  of  the  sample,  whereas  the  YL  intensity  showed  no  increase  in 
some  samples  (Fig.  2),  increased  up  to  3  times  in  others  (Fig.  3),  and  even  decreased  several  times 
in  a  few  cases  (Fig.  4).  A  change  from  vacuum  to  nitrogen  gas  ambient  typically  caused  much 
smaller  changes  in  the  PL  intensity  and  spectrum. 


Photon  Energy  (eV) 


Figure  2.  Room  temperature  PL 
spectra  of  the  GaN  sample  #  689 
(N-polar,  Ga-rich)  under 
different  ambient  conditions.  The 
PL  spectrum  in  air  ambient  (not 
shown)  nearly  coincided  with  the 
spectrum  in  oxygen  ambient. 


Figure  3.  Room  temperature  PL 
spectra  of  the  GaN  sample  #  473 
(Ga-polar,  N-rich)  in  air  and 
vacuum  ambients. 


Figure  4.  Room  temperature  PL 
spectra  of  the  GaN  sample  #  728 
(N-polar,  N-rich)  under  different 
ambient  conditions. 
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Another  related  phenomenon  observed  in  our  experiments  is  a  slow  change  in  the  PL 
intensity  during  UV  irradiation  when  the  sample  is  in  air  ambient.  Usually  this  change 
manifested  as  a  decrease  in  the  PL  intensity,  which  varied  from  sample  to  sample,  although  an 
increase  of  the  emission  intensity  has  been  observed  for  some  time  intervals  in  a  few  samples 
(Fig.  5),  The  change  in  optical  properties  with  UV  illumination  was  metastable.  In  most  cases 
only  partial  restoration  of  the  PL  intensity  was  observed  after  the  sample  was  kept  in  dark  for  a 
few  hours,  while  the  PL  intensity  being  restored  to  its  original  value  after  two  weeks. 
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Figure  5.  Evolution  of  the  PL 
intensity  upon  exposure  time  in 
air  for  near-band-edge  emission 
at  3.42  eV  (black  curves)  and  YL 
band  at  2.3  eV  (gray  curves). 


DISCUSSION 

We  propose  that  oxygen  adsorption  creates  variety  of  surface  states,  the  radiative  and 
non-radiative  states,  which  compete  with  radiative  transitions  in  bulk,  resulting  in  the  observed 
enhancement  or  suppression  of  the  PL  signal  in  different  GaN  samples.  Our  results  suggest  that 
nitrogen  and  hydrogen  do  not  affect  the  surface  states  significantly.  This  could  either  imply 
lower  adsorption  of  these  gases  or  more  likely  that  their  adsorption  does  not  create  surface  states 
in  abundant  quantities.  The  observed  enhancement  (degradation)  of  PL  upon  evacuation  can  be 
explained  by  UV-induced  removal  of  the  non-radiative  (radiative)  surface  defects  introduced  by 
oxygen.  Note  that  evacuation  without  UV  irradiation  does  not  remove  oxygen-related  states  as 
discerned  from  the  experiments  with  variation  of  irradiation  intensity  [2j.  This  mechanism  is 
especially  plausible  for  explaining  the  increase  of  the  YL  intensity  in  air  (Fig.  4).  The 
suppression  of  the  near-band-edge  emission  in  air  ambient,  observed  in  all  studied  samples,  may 
suggest  another  mechanism  of  PL  degradation.  Indeed,  the  surface  states,  removed  by  the  photo- 
induced  desorption  of  oxygen,  may  not  participate  in  recombination,  but  only  change  the  band 
bending  due  to  change  of  electrical  charge  at  the  surface.  The  red  shift  of  the  YL  band  observed 
in  a  few  samples  can  also  be  explained  by  an  increase  of  the  band  bending  at  the  surface  in  air 
ambient.  The  surface  depletion  resulting  from  this  band  bending  may  lead  to  diagonal  (spatially 
indirect)  transitions  of  free  electrons  to  the  deep-level  states  located  closer  to  the  surface.  The  red 
shift  would  be  greater  for  the  larger  band  bending.  The  variety  of  PL  behaviors  upon  air  or  gas 
evacuation,  as  displayed  in  Figs.  2-4,  suggests  that  more  than  one  effect  is  responsible  for 
variations  observed  in  different  samples  studied. 
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The  decrease  of  the  PL  intensity  in  air  ambient  (Fig.  5),  observed  in  majority  of  the 
studied  GaN  samples,  can  be  explained  as  follows.  Photogenerated  holes  can  be  captured  by  the 
surface  states  and/or  accumulate  in  the  surface  space  region  (Fig.  6). 


Figure  6.  Schematic  representation  of 
transitions  near  the  surface  in 
unintentionally  doped  GaN.  The  band 
bending  leads  to  accumulation  of  the 
holes  in  the  valence  band  near  the 
surface  and  at  the  surface  states.  Both 
processes  result  in  accumulation  of 
positive  charge  near  the  surface  and  in 
increase  of  the  band  bending.  The 
increased  space  separation  between  the 
electrons  and  holes  reduces  probability 
of  radiative  recombination. 


The  positive  charge  at  or  near  the  surface  increases  the  barrier  (band  bending)  at  the  surface  and, 
hence,  increases  the  depletion  depth.  We  may  expect  a  decrease  of  both  near-band-edge  and 
defect-related  PL  intensities  in  this  model.  The  difference  in  PL  decays  for  the  near-band-edge 
emission  and  YL,  as  well  as  different  rate  of  the  PL  degradation  in  different  samples,  can  be 
attributed  to  a  variety  of  depth  distributions  of  the  defect  states  in  different  samples.  In  particular, 
if  the  defects  responsible  for  the  YL  band  are  located  at  the  surface,  a  fast  initial  decrease  of  the 
YL  intensity  is  expected  due  to  fast  saturation  of  these  states  by  photogenerated  holes.  In 
contrast,  if  in  another  sample  the  defects  contributing  to  the  YL  band  are  distributed  more  or  less 
uniformly  in  bulk  and  near  the  surface,  the  decay  may  be  slow.  We  suggested  previously  [1 1] 
that  different  kinds  of  defects  may  be  responsible  for  the  YL  band  with  nearly  the  same  shape 
and  peak  position.  Further  investigations  to  understand  the  variety  of  PL  degradation  types, 
including  increases  and  decreases  in  the  PL  intensity  (Fig.  5),  need  to  be  undertaken.  Detailed 
investigations  of  the  surface-related  effects  in  PL  of  GaN  grown  by  MBE  under  different  growth 
conditions  are  in  progress  and  will  be  reported  elsewhere  along  with  investigations  on  samples 
grown  by  other  techniques. 

CONCLUSIONS 

We  have  investigated  surface-related  effects  in  the  photoluminescence  of  GaN  grown  by 
MBE.  In  air  and  oxygen  gas  ambients,  we  observed  a  substantial  decrease  (but  in  some  samples 
-  an  increase)  in  the  PL  signal,  as  compared  to  vacuum.  In  contrast,  the  variations  of  PL  intensity 
in  nitrogen  and  hydrogen  gas  environments  were  negligible.  Moreover,  we  observed  a  red  shift 
of  the  YL  band  in  some  of  the  samples  for  the  above-mentioned  gas  ambients,  as  compared  to 
vacuum.  The  observed  effects  are  attributed  to  the  surface  states  associated  with  oxygen 
adsorption.  Furthermore,  we  observed  a  slow  change  in  the  PL  intensity  during  UV  irradiation 
when  the  sample  was  in  air  ambient.  This  phenomenon  is  also  related  to  the  surface  states  in 
GaN.  Most  of  the  observed  effects  could  be  explained  within  the  framework  of  the  suggested 
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model,  wherein  UV  illumination  leads  to  accumulation  of  holes  near  the  surface  and  at  the 
surface  states. 
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Excitons  bound  to  surface  defects  in  GaN 
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ABSTRACT 

Sharp  intense  peaks  are  sometimes  detected  in  the  low-temperature  photoluminescence  (PL) 
spectrum  of  undoped  GaN  samples  in  the  photon  energy  range  of  3.0  -  3.46  eV.  Some  of  these 
peaks  can  be  attributed  to  excitons  bound  to  dislocations  and  inversion  domains,  whereas  some 
others  originate  from  the  GaN  surface  because  they  can  be  affected  essentially  by  surface 
treatment.  In  our  samples,  grown  by  molecular  beam  epitaxy  on  sapphire  substrate,  the  3.42  eV 
peak  always  disappeared  after  removing  the  surface  layer  by  etching  for  a  few  seconds  in  hot 
phosphoric  acid.  Atomic  force  microscopy  images  confirmed  that  such  light  etching  modifies  the 
surface  morphology,  although  the  etched  depth  is  negligibly  small.  Moreover,  intensities  of  two 
other  peaks  (at  3.32  and  3.35  eV)  were  observed  to  depend  on  sample  etching,  as  well  as  on  the 
length  of  subsequent  exposure  to  air.  The  3.32  and  3.35  eV  peaks  evolved  with  time  of  UV 
illumination,  increasing  by  several  times  and  demonstrating  memory  effect  at  low  temperature. 
We  attribute  the  3.42  and  3.35  eV  peaks  to  bound  excitons,  whereas  the  3.32  eV  peak  is 
tentatively  attributed  to  a  surface  donor-acceptor  pair  transition. 

INTRODUCTION 

Structural  and  surface  defects  are  known  to  affect  markedly  electrical  and  optical  properties 
of  semiconductor  devices.  It  is  well  known  that  dislocations  can  bind  excitons  and  be  responsible 
for  intense  photoluminescence  (PL)  lines  detected  well  below  the  bandgap  energy  [1],  However, 
excitons  can  be  bound  also  to  other  types  of  structural  defects,  in  particular  to  surface  adatoms 

[2] .  In  high-quality  undoped  GaN,  only  free  excitons  and  excitons  bound  to  shallow  donors  and 
acceptors  comprise  the  low-temperature  PL  spectrum  at  photon  energies  between  3.0  and  3.5  eV 

[3] ,  along  with  the  characteristic  series  of  peaks  due  to  shallow  donor-acceptor  pair  (DAP) 
transitions  [4],  In  less  pure  samples,  sharp  unidentified  peaks  are  often  detected  in  the  range  of 
3.0  -  3.46  eV  in  addition  to  the  well-established  transitions  in  pure  samples.  The  origin  of  these 
additional  peaks  is  controversial.  For  example,  the  commonly  observed  3.42  eV  peak  [5-8]  has 
been  attributed  to  recombination  between  electrons  bound  to  oxygen  donor  and  free  holes  [5], 
DAP-type  transitions  involving  a  very  shallow  unidentified  acceptor  [6],  and  exciton  bound  to 
structural  defects  [7]  or  to  c-axis  screw  dislocations  [8].  Sharp  lines  at  3.31  and  3.36  eV  were 
repeatedly  reported  [9-14]  and  attributed  to  the  cubic  phase  inclusions  formed  by  stacking  faults 
[9,10]  or  to  excitons  localized  at  extended  defects  in  GaN  [11-14].  However  much  less  is  known 
about  other  peaks.  In  this  paper,  we  discuss  in  detail  the  behavior  of  the  3.32,  3.35  and  3.42  eV 
peaks  in  undoped  GaN  and  correlated  the  appearance  of  these  peaks  with  surface  morphology, 
crystal  structure  and  sample  history. 

EXPERIMENTAL  DETAILS 

Undoped  GaN  layers  with  thicknesses  in  the  range  of  1  to  2  pm  were  grown  on  c-plane 
sapphire  with  AIN  buffer  layer  by  MBE  with  ammonia  or  radio  frequency  (RF)  plasma  as  the 
source  of  nitrogen.  Chemical  etching  in  H3PO4  at  various  conditions  was  used  to  reveal  pits 
originating  from  threading  dislocations  and  to  analyze  transformation  of  the  surface  morphology 
with  etching.  Polarity  of  the  samples  was  established  from  etching  characteristics,  transmission 
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electron  microscopy  (TEM),  X-ray  diffraction  data,  and  surface  morphologies  analyzed  by 
atomic  force  microscopy  (AFM)  [15]. 

PL  experiments  were  earned  out  in  the  temperature  range  of  15  -  300  K  using  a  closed  cycle 
optical  cryostat.  The  luminescence  was  excited  with  the  325  nm  line  of  a  He-Cd  laser  with 
excitation  densities  (Pexc)  ranging  from  10'4  to  300  W/cm2.  The  luminescence  signal  was 
dispersed  using  a  0.5  m  grating  monochromator  and  detected  with  a  Hamamatsu  photomultiplier 
tube.  Particular  attention  was  given  to  any  possible  artificial  peaks  from  laser  lines  or  oil 
contamination.  The  selected  samples  were  etched  in  boiled  aqua  regia  (HNO3 :  HC1  =  1 :3)  to 
remove  possible  organic  contaminants. 

EXPERIMENTAL  RESULTS 

Oil-related  3.31  and  3.36  eV  peaks 

There  are  numerous  reports  regarding  the  3.31  and  3.36  eV  lines  in  GaN  [9-14]. 
Sometimes  these  lines  were  reported  to  appear  in  PL  spectrum  of  undoped  GaN  where  no 
emission  typical  for  undoped  GaN  was  observed  [9,12,13],  other  times,  they  were  observed  in  p- 
type  GaN  where  the  near-band-edge  emission  was  absent  or  very  weak  [11].  At  low 
temperatures,  the  3.36  eV  line  was  reported  to  be  stronger  and  shaiper  than  the  3.31  eV  line. 

With  increasing  temperature,  the  3.36  eV  line  quenched  faster  [9-13]  and  activation  energy  of  the 
quenching  did  not  exceed  30  meV  [9,13].  A  few  clearly  observed  phonon  replicas  of  the  3.3 1  eV 
line  (separated  by  about  70  meV)  were  reported  at  elevated  temperature  [1 1,12,13].  Increasing 
temperature  revealed  the  doublet  nature  of  the  3.36  eV  line  [11,12].  No  shift  in  the  position  of 
the  3.36  eV  line  was  observed  under  hydrostatic  pressure  up  to  4.4  GPa,  while  the  band  gap  of 
GaN  increased  by  about  190  meV  [13].  The  3.31  and  3.36  eV  lines  were  extremely  strong  and 
could  be  excited  by  light  with  photon  energy  below  the  band  gap  of  GaN  [10,1 1].  The  lines  were 
most  commonly  attributed  to  the  cubic  phase  inclusions  formed  by  stacking  faults  [9,10]  or  to 
excitons  localized  at  extended  defects  in  GaN  [11-14]. 

The  unusual  properties  of  the  3.31  and  3.36  eV  lines  (zero  pressure  coefficient,  lower 
than  LO  phonon  energy  separations  between  phonon  replicas,  appearance  of  these  lines  in  the 
samples  with  very  weak  or  zero  background  from  the  usual  excitonic  emission)  lead  one  to 
consider  the  possibility  of  an  artifact  of  measurements.  We  observed  these  lines  of  questionable 
origin  only  when  we  used  oil-based  thermal  compound  for  affixing  the  samples  to  the  sample 
holder.  The  detailed  study  of  PL  from  the  thermal  compound  alone  revealed  very  intense  sharp 
lines  with  maxima  at  3,363  and  3.306  eV  at  low  temperatures,  as  shown  in  Fig.  1.  The  3.36  eV 
peak  was  stronger  at  low  temperatures  and  quenched  faster  with  increasing  temperature.  In  the 
temperature  range  of  40-100  K,  we  observed  a  doublet  nature  of  the  3.36  eV  peak,  with  a  shape 
very  similar  to  that  observed  in  Refs.  [1 1]  and  [12].  Three  pronounced  phonon  replicas  of  the 
3.31  eV  peak  separated  by  70-72  meV  (Fig.  1)  were  observed  at  elevated  temperatures.  At  room 
temperature,  the  spectrum  from  thermal  compound  evolved  into  a  single  broad  blue  band,  in 
much  the  same  way  as  that  reported  in  Refs.  [10]  and  [12].  The  activation  energies  obtained  from 
the  quenching  of  the  3.36  and  3.31  eV  lines  (varying  from  15  to  35  meV  in  the  range  of  15  -  300 
K)  were  close  to  the  values  reported  earlier  [9,12,13].  We  conclude  that  the  3.31  and  3.36  eV 
peaks  often  observed  in  the  low-quality  GaN,  may  be  related  to  oil  from  thermal  compound 
and/or  contamination  of  the  cryostat  with  oil  vapor. 
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Figure  1.  PL  spectra  from 
oil-based  thermal 
compound  (without  any 
GaN  sample).  Four  phonon 
replicas  of  the  J4  line  with 
the  energy  separation  of  70 
meV  are  visible  at  1 00  K. 


The  3.32.  3.35  and  3.42  eV  lines  in  GaN 

In  PL  spectrum  of  many  undoped  GaN  layers  we  observed  the  3.42  eV  line  and  in  some 
samples  -  also  strong  lines  at  3.35  and  3.30  eV  (denoted  here  respectively  as  Y2,  Y4,  and  F6),  even 
after  careful  precautions  were  taken  to  provide  oil-free  environment  (cleaning  the  sample  in  aqua 
regia,  using  of  oil-free  pump  and  affixing  the  sample  without  any  glue  or  paste).  At  a  first  glance 
the  Y4  and  Ye  lines  could  be  confused  with  the  oil-related  3.36  and  3.31  eV  lines  (see  the  previous 
section),  however,  their  properties  were  very  different  from  those  of  the  3.31  and  3.36  eV  peaks 
studied  in  Refs.  [9-14].  With  increasing  excitation  intensity,  the  3.35  eV  peak  did  not  shift, 
whereas  the  3.42  eV  and  especially  3.30  eV  peak  shifted  significantly  (Fig.  2). 

~io 


Figure  2.  Normalized  PL  spectra 
of  N-polar  GaN  obtained  at 
different  excitation  intensities.  The 
peaks  denoted  as  Y$,  Ys,  and  Y-i  are 
related  to  structural  defects  in  GaN 
(apparently  not  at  the  surface)  and 
they  are  not  discussed  in  this  work. 
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Photon  Energy  (eV) 

The  shift  of  the  3.30  eV  peak  amounted  to  18  meV  and  was  reproducible  in  all  the  studied 
samples.  The  3.42  eV  peak  shifted  by  up  to  8  meV  in  N-polar  films  and  only  up  to  2  meV  in  Ga- 
polar  films.  The  3.31  and  3.42  eV  peaks  disappeared  or  significantly  reduced  after  a  brief 
etching  in  H3PO4  (see  Fig.  3). 
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Figure  3.  Effect  of  etching  of  Ga- 
polar  GaN  in  H3P04at  160°C  for  1 
min.  Pexc  =  0.3  W/cm2.  DAP  peak 
at  3.29  eV  disappeared  at  higher 
excitation  density. 


With  increasing  temperature  the  studied  PL  lines  quenched  and  activation  energy  of  this 
process  did  not  exceed  30  meV  at  temperatures  up  to  120  K  where  the  contribution  of  the  LO 
phonon  replicas  of  the  free  exciton  (FE)  peak  became  substantial.  Interestingly,  the  Y4  peak 
appeared  to  be  a  doublet  with  the  high-energy  component  (12  meV  above  the  main  peak) 
emerging  at  elevated  temperatures  due  to  slower  quenching  (Fig.  4). 


Figure  4.  Temperature  dependence 
of  PL  spectrum  at  Pexc  =  100 
W/cm2  for  the  Ga-polar  GaN  layer. 
Note  LO  phonon  replica  of  the 
3.35  eV  peak  at  about  3.26  eV. 


Note  the  small  peak,  90  meV  below  the  main  Y4  peak,  that  is  attributed  to  its  LO  phonon  replica 
(the  relative  intensity  of  the  phonon  replica  and  the  zero-phonon  line,  called  the  Huang-Rhys 
factor,  is  0.01),  thus  confirming  that  the  Y4  peak  originates  from  GaN. 

In  some  samples,  especially  after  a  brief  etching  in  H3PO4  and  extended  exposure  to  air 
ambient,  the  3.30  and  3.35  eV  peaks  evolved  with  duration  of  the  UV  laser  exposure,  while  the 
remaining  peaks,  including  the  FE  and  donor-bound  exciton  (DBE)  remained  essentially 
unchanged  (Fig.  5).  After  two  hours  of  UV  exposure  the  intensity  of  the  Y4  and  Ye  peaks 
increased  several  times.  This  effect,  reproduced  in  many  samples,  was  irreversible  at  low 
temperatures.  At  least  after  an  hour  the  PL  intensity  in  the  illuminated  spot  remained  nearly  the 
same  as  just  after  long  exposure  to  UV  light,  demonstrating  an  optical  memory  effect. 
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Figure  5.  Transformation  of  PL 
spectrum  with  time  of  exposure  by 
HeCd  laser  at  1 5  K.  Pe*c  =  200 
W/cm2.  The  sample  was  etched  in 
H3P04  at  160°C  for  1  min  and 
subsequently  exposed  to  air  during 
20  days 


DISCUSSION 

The  3.30  and  3.42  eV  peaks  were  detected  only  in  the  samples  with  columnar-  or  bubble¬ 
like  surface  morphology  and  they  never  appeared  in  the  samples  with  flat  surface.  In  contrast,  a 
few  samples  with  flat  surface  exhibited  the  3.35  eV  peak  (the  PL  spectrum  for  one  of  these 
samples  is  shown  in  Fig.  4).  Moreover,  the  3.30  and  3.42  eV  peaks  were  gone  or  significantly 
reduced  after  a  brief  etching  in  H3P04  when  the  surface  bubbles  were  etched  off  giving  way  to 
relatively  smooth  surface  with  etch  pits.  Based  on  these  observations,  we  conclude  that  the  3.30 
and  3.42  eV  peaks  are  related  to  defects  in  the  bubble-like  surface  layer  of  GaN.  Whether  these 
PL  peaks  are  due  to  the  DAP-type  recombination  or  annihilation  of  excitons  bound  to  defects  is 
still  an  open  question.  Small  values  of  the  Huang-Rhys  factor  (not  more  than  0,1  for  both  3.30 
and  3.42  eV  emissions)  and  small  activation  energy  (less  than  30  meV  in  the  temperature  range 
of  15  to  120  K)  point  to  the  exciton  origin  of  these  peaks.  However,  specific  shift  of  the  3.30  eV 
peak  with  excitation  intensity  (absence  of  the  shift  at  low  excitation  limit  and  gradual  shift 
without  saturation  in  the  high  excitation  limit)  is  a  signature  of  the  DAP-type  transitions  [16]. 
The  assumption  about  the  surface  location  of  the  donors  and  acceptors  in  the  DAP  responsible 
for  the  3.30  eV  peak  is  consistent  with  prediction  of  reduced  binding  energy  for  the  surface 
donors  and  acceptors  [17].  As  for  the  3.42  eV  peak,  a  notable  shift  was  observed  only  in  N-polar 
films  and  a  very  small  shift  in  Ga-polar  GaN;  therefore  the  origin  of  the  shift  may  be  different 
from  that  of  the  3.30  eV  peak.  We  attribute  the  3.42  eV  peak  to  recombination  of  excitons  bound 
to  some  surface  defects.  Finally,  the  3.35  eV  peak  is  evidently  related  to  a  bound  exciton.  Indeed 
it  has  a  very  low  Huang-Rhys  factor  (0.01),  linearly  increases  in  intensity  and  does  not  shift  in 
energy  with  the  excitation  intensity.  Evolution  of  the  intensity  of  the  3.36  eV  line  (similar  to  the 
3.30  eV  line)  may  point  to  the  surface  origin  of  the  corresponding  defect,  if  we  adopt  the  concept 
that  this  effect  is  caused  by  photo-stimulated  desorption  of  some  molecules  from  the  surface 
which  modifies  the  surface  states.  However,  we  cannot  exclude  the  possibility  of  some  charging¬ 
discharging  process  and  even  a  metastable  behavior  of  the  defect. 

CONCLUSION 

We  observed  sharp  peaks  at  3.30,  3.35  and  3.42  eV  in  the  PL  spectrum  of  GaN.  The 
peaks  at  3.30  and  3.42  eV  disappeared  after  shallow  etching  of  the  surface  in  hot  H3PO4.  The 
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3.30  and  3.35  eV  peaks  evolved  with  length  of  UV  exposure.  The  3.30  eV  peak  shifted  by  about 
18  meV  with  increasing  excitation  power,  whereas  the  3.35  and  3.42  eV  peaks  in  Ga-polar  GaN 
exhibited  a  negligible  shift.  Based  on  the  dependence  of  the  PL  on  temperature,  excitation 
intensity,  and  etching,  we  attribute  the  3.30  eV  peak  to  the  surface  DAP  and  the  3.35  and  3.42 
eV  peaks  to  excitons  bound  to  some  surface  or  near-surface  defects. 
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ABSTRACT 

Tunnel  effects  in  luminescence  spectra  and  electrical  properties  of  LEDs  based  on 
InGaN/GaN-heterostructures  made  by  different  technological  groups  were  studied.  The 
tunnel  radiation  in  a  spectral  region  of  1.9  *  2.7  eV  predominates  at  low  currents  (J<0.2 
mA).  The  position  of  the  tunnel  luminescence  maximum  ftcomax  is  approximately  equal  to 
the  voltage  U,  ftcGnm  =  eU.  The  low  energy  spectral  band  is  described  by  the  theory  of 
tunnel  radiative  recombination.  Tunnel  recombination  mechanisms  in  GaN-based 
heterostructures  are  caused  by  high  electric  fields  in  the  active  InGaN/GaN  -  MQW  layers. 
The  energy  diagram  of  the  structures  is  analyzed.  The  probability  of  tunnel  radiation  is 
higher  due  to  piezoelectric  fields  in  InGaN  quantum  wells.  The  tunnel  radiation  spectral 
band  was  not  observed  in  the  more  effective  LEDs  with  modulated  doped  MQWs.  The 
spectra  of  GaN-based  LEDs  are  compared  with  tunnel  radiation  spectra  of  GaAs-,  InP-  and 
GaSb-  based  LEDs.  The  equation:  #conm  =  eU  describes  experimental  data  in  various 
semiconductors  in  the  range  0.5  -  2.7  eV. 

INTRODUCTION 

It  was  shown  in  [1-3]  that  a  tunnel  radiation  spectral  band  dominates  at  low 
currents  in  the  luminescence  spectra  of  blue  light-emitting  diodes  (LEDs)  based  on 
InGaN/AlGaN/GaN  heterostructures  with  a  single  InGaN  quantum  well.  It  was  pointed  out 
[1,3]  that  models  of  tunnel  radiative  recombination  elaborated  for  other  AniBv  compounds 
[4, 5]  could  be  applied  to  an  analysis  of  the  new  results.  The  tunnel  spectra  and  electrical 
properties  of  blue  LEDs  described  in  [1-3]  were  studied  in  details  [6,  7].  It  was  shown  that 
the  tunnel  effects  dominate  when  the  electric  field  in  the  active  2D-layer  is  sufficiently 
high.  Spectra  were  described  using  theories  of  diagonal  tunneling. 

Then  the  tunnel  radiative  recombination  was  also  observed  at  low  currents  in  green 
LEDs  with  multiple  QWs  [8, 9]  and  in  violet  LEDs  [10].  The  tunnel  recombination  plays  a 
significant  role  in  the  structures  with  higher  electric  fields. 

In  this  paper  we  summarize  the  experimental  results  on  the  GaN-based  structures 
grown  by  various  groups  and  describe  them  with  the  theory  of  diagonal  tunneling.  The  role 
of  piezoelectric  fields  is  discussed.  It  is  shown  that  diagonal  tunneling  in  GaN-  based 
(hexagonal)  structures  and  that  one  in  p-n  -  junctions  in  cubic  AmBv  semiconductors 
(GaAs,  InP,  GaSb)  may  be  analyzed  from  one  general  point  of  view. 

EXPERIMENTAL  RESULTS 

We  studied  LEDs  made  from  heterostructures  InGaN/AlGaN/GaN  grown  by  MOCVD- 
methods  by  different  groups:  Nichia  Chemical  [1-3,  6,  7],  Hewlett-Packard  [8,  9],  CRHEA 
CNRS  [10],  Uniroyal,  LumiLeds  [11],  Special  attention  was  paid  to  spectra  at  low 
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currents,  J<0.2  mA  (j  <  0.2  A/cm  ).  General  views  of  the  spectra  for  various  LEDs  are 
shown  in  Figs.  1-3. 
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Figure  1.  Electroluminescence  spectrum  of 
violet  CRHEA’s  LED  G932  at  J  =  4  mA  and  U 
=  2.67  V  and  fitting  by  Eq.l  (circles)  with 
parameters  E2  =  3.5  eV,  mkT  -  32  meV.  E()  = 
0.15  eV,  E  =  1.2  106  V/cm. 
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Figure  2.  Electroluminescence  spectrum  of  blue 
Nichia’s  LED  at  J  =  0. 1  mA  and  U  =  2.25  V  and 
fitting  by  Eq.l  (circles)  with  parameters  Eg  =  2.7  eV, 
mkT  =  26  meV,  E„  =  0.077  eV,  E  =  0.5  10%  V/cm. 
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Figure  3.  Electroluminescence  spectrum  of  a 
green  Hewlett  Packard’s  LED  at  J  =  70  gA  and 
U  =  2.02  V  and  fitting  by  Eq.l  (circles)  with 
parameters  Eg  =  2.7  eV,  mkT  =  31  meV.  E(>  = 
0.26  eV,  E  =  2.8  106  V/cm. 
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Figure  4.  An  evolution  of  the  electroluminescence 
spectra  with  the  applied  voltage  (values  of  voltage  V 
multiplied  by  e  are  shown  with  circles)  for  a  violet 
CRHEA’s  LED  with  a  single  Si-doped  quantum  well 
[10]. 


The  main  spectral  band  at  high  energy  and  the  low  energy  side  band  arc  distinctly 
separated  at  low  currents.  An  evolution  of  the  spectra  with  the  applied  voltage  is  illustrated 
in  Fig.  4  for  violet  single  quantum  well  LEDs  [10].  The  main  (high  energy)  band 
dominates  only  at  high  currents.  J  >  10  mA.  Points  on  the  spectral  curves  show  the 
position  of  energies  /j(o  =  eU.  The  integral  intensity  <b  of  the  low  energy  band 
exponentially  depends  on  the  voltage  L  as  shown  in  Fig.  5. 
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The  maxima  of  the  low  energy  side  band  versus  the  voltage  U  are  shown  for  various 
LEDs  in  Fig.  6.  The  positions  of  the  maxima  flow  are  approximately  equal  to  the  applied 
potential:  fiow  =  eU.  These  low  energy  bands  are  attributed  to  tunnel  radiative 
recombination.  The  relative  role  of  the  tunnel  band  in  different  diodes  is  growing  as  the 


main  blue  peak  shifts  to  higher  energies. 


voltage,  V 

Figure  5.  Dependence  of  the  integral 
intensity  of  the  tunnel  band  on  the  voltage  for 
violet  CRHEA’s  LED  (equation  2a). 


Figure  6.  Position  of  the  tunnel  band  spectral 
maxima  flow  versus  applied  voltage  U  for 
various  LEDs  based  on  InGaN/AlGaN/GaN 
quantum  well  heterostructures. 


DISCUSSION 

1.  The  theory  of  tunnel  radiative  recombination  [4, 5]  was  elaborated  for 
homogeneous  degenerated  p-n-junctions.  The  spectrum  of  tunnel  radiation  can  be 
described  by: 

I(fcco)~[/ico/(Eg-/iCQ)] •  [(fico-eU)/(exp((/ico-eU)/mkT)- 1 )] •  [exp(-(4/3)((Eg-/iO))/Eo)3/2] ;  ( 1 ) 

Eg  is  an  effective  energy  gap,  m  is  a  parameter  depending  on  the  effective  masses  ratio. 
The  denominator  in  the  exponent  Eo  is  given  by  the  theory  of  the  Franz-Keldysh  effect: 

Eo  =  [(^/(2m*cv)1/2)-eJ?]2/3 ,  (2) 

m*cv  is  a  reduced  effective  mass  and  E  is  the  effective  electric  field  assumed  constant  in 
the  region  of  intersection  of  electron  and  hole  wave  functions.  We  have  used  equation  (1) 
in  the  case  of  heterojunctions  in  wurtzite  crystals.  The  integral  intensity  of  the  radiation  <3> 
exponentially  depends  on  the  applied  voltage: 

<b  ~  exp(eU/Eo).  (2a) 

2.  Let  us  discuss  the  modifications  of  the  theory  needed  for  heterostructures  with 
multiple  quantum  wells  of  the  type  InGaN/AlGaN/GaN  shown  in  Fig.  7.  The  electric  field 
E  in  the  structure  depends  on  p-  and  n-side  doping  (Na  and  No),  on  the  width  of  AlGaN 
and  GaN  barriers,  on  the  width  of  wells.  If  we  take  a  built-in  contact  potential  of  the 
structure  4>c  of  the  order  ~  3  eV  and  the  width  of  the  whole  space  charge  region  of  w  ~ 
80-5-100  nm  [7-9]  then  an  evaluation  of  the  electric  field  in  the  structures  is  in  the  range: 

E 4*  -  <j>c fw  «  (0.4  -  0.3)- 106  V/cm.  (3) 
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Figure  7.  An  energy  diagram  of  the  Figure  8.  Position  of  the  tunnel  band  spectral 

InGaN/AlGaN/GaN  heterostructure  maxima  flow  versus  applied  voltage  U  for  GaN- 

including  polarization  fields  in  the  wells  based  LEDs  in  comparision  with  analogous  data 
and  barriers.  A  thick  arrow  corresponds  to  0n  the  cubic  AmBv  semiconductors  GaAs  [4],  InP 
the  radiative  tunnelling  of  electrons  from  [4],  GaSb  [4,  16]  and  (Ga,In)Sb  [17]. 
the  well  to  the  holes  in  the  barrier. 

The  width  vr  in  (3)  depend  on  the  distribution  of  the  charged  impurities  (abrupt  or 
gradual)  in  our  complicated  heterostructures.  The  value  E^  is  sufficiently  higher  than  the 
electric  fields  in  Si  or  GaAs  p-n-  junctions.  It  is  to  be  noted  that  E  stands  in  the  exponent 
of  the  Eq.  (1)  and  that  the  probability  of  tunnel  radiation  crucially  depends  on  this  value. 

The  effective  field  E  depends  also  on  piezoelectric  and  spontaneous  polarization 
fields  £>in  barriers  and  wells.  The  polarization  fields  in  the  wells  are  directed  opposite  to 
the  p-n-junction  field  if  the  structures  are  grown  on  Ga-  polarity  c-planes.  The  fields  in  the 
barriers  are  directed  in  the  opposite  direction,  in  the  same  direction  as  the  p-n-junction 
field  (due  to  the  charges  on  heterointerfaces).  Tunnel  effects  depend  on  the  intersection  of 
electron  and  hole  wave  functions  under  the  barriers.  This  is  why  tunnel  radiation  would  be 
more  probable  in  the  structures  with  higher  electric  fields  Ep  in  the  barriers  due  to 
polarization. 

Values  of  polarization  fields  were  evaluated  for  InGaN/AlGaN/GaN  structures  in 
[12-14]  as  Ep  ~  0.5-106  V/cm,  i.e.  of  the  same  order  of  magnitude  as  in  equation  (3).  The 
experimental  data  shown  in  Fig.  4,  5  were  measured  for  a  sample  highly  Si-doped  in  the 
wells  on  the  n-side  of  the  junction.  This  fact  confirms  a  model  of  radiation  caused  by 
electrons  tunneling  to  the  p-side  barrier.  This  idea  is  illustrated  in  Fig.  7  by  a  thick  arrow 
from  the  n-  side  InGaN  well  into  the  p-side  AlGaN  barrier. 

The  values  of  reduced  masses  in  Equation  (1)  depend  on  crystallographic  directions 
in  hexagonal  semiconductors: 

m*cv  =  (l/m*c  +  1/m‘v)'1  .  (4) 

We  have  taken  in  our  analysis  m*cas  the  m*c  value  for  the  c-axis  in  InxGai.xN 
corresponding  to  a  position  of  the  main  spectral  band  in  each  sample  using  data  from  [15] 
(m*c<oooi>—  (0.20  -  0. 1 5)m0  for  x  =  0  -  0.2).  We  have  taken  m*v  as  for  the  higher  valence 
band  in  AlyGai.yN  at  the  T  point  neglecting  tunneling  from  the  lower  valence  bands 
(m*vi«x>oi>=  0.27mo). 
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3.  A  fit  of  the  experimental  tunnel  radiation  spectra  using  equation  (1)  taking  into 
account  the  above  evaluations  is  shown  on  Figures  1-3.  The  high  energy  blue  line  was 
subtracted  from  the  spectra  in  [6, 7].  The  voltage  ell  in  (1)  was  taken  equal  to  the 
measured  voltage  eV  on  the  structure.  The  effective  gap  Eg  needed  for  a  good  fit  was 
changed  in  the  limits  of  effective  energy  gap  in  the  well  up  to  the  Eg  value  in  GaN. 

The  parameter  Eo  in  equation  (1)  needed  for  a  good  fit  of  the  spectra  was  changing 
in  the  limits  Eo  =  0.15  -  0.4  eV.  It  was  essentially  higher  than  Eo  ~  0.07  eV  determined 
from  the  integral  intensity  versus  voltage  curve  (equation  (2a),  [6-8],  see  also  Fig.  5).  This 
discrepancy  may  be  understood:  the  long  wavelength  spectral  slope  depends  on  tunnel 
radiation  through  the  band  tails,  not  included  in  the  theory  [4,  5].  The  integral  intensity  is 
determined  by  the  density  of  states  at  the  band  gap  boundaries,  and  corresponds  better  to 
the  theory  assuming  parabolic  bands  in  the  plane  of  the  junction.  The  integral  intensity  is 
less  dependent  on  the  band  tails. 

An  evaluation  of  electric  field  E  needed  for  the  tunnel  radiation  effects  gives  values 
E  =  (1 .2-5)- 106  V/cm  if  we  use  Eo  =  0.15  -  0.4  eV  from  the  spectral  fit  andi?  =  (0.3- 
0.5)- 106  V/cm  if  we  use  Eo  -  0.07  -  0.08  eV  from  the  dependence  of  the  integral  intensity. 
The  latter  value  is  more  realistic  and  is  in  a  consistence  with  an  evaluation  deduced  from 
the  analysis  of  capacitance  measurements  and  charge  distributions. 

4.  The  theory  [4,  5]  gives  a  dependence  of  the  position  of  the  tunnel  band  spectral 
maximum  versus  temperature  T.  The  (fcow  -  eU)  value  depend  on  the  statistical  part 
[exp((fico-eU)/mkT)-l]  in  the  equation  (1).  If  the  temperature  is  low,  kT  «  Eo,  the 
difference  (/iow  -  eU)  is  positive  and  if  it  is  high,  kT  »  Eo,  the  (fiow  -  eU)  value  is 
negative.  The  maximum  ft©inax  is  equal  to  eU  at  kT  =  (l/3)-Eo  [5].  If  we  use  Eo  equal  to 
0.074-  0.08  eV,  fi©max  =  eU  at  room  temperature,  kT  =  0.026  meV,  in  good  agreement  with 
the  results  in  Fig.  5. 

5.  The  theoretical  evaluations  of  the  electric  field  in  the  structures  do  not  take  into 
account  inhomogeneities  in  heterojunctions  and  potential  fluctuations  caused  by  InGaN 
composition  fluctuations.  Tunnelling  is  more  probable  in  “hot  points”  with  maximal 
electric  fields.  The  tunnel  band  in  [8, 9]  was  seen  in  the  samples  with  the  lower  quantum 
efficiency.  We  have  interpreted  this  fact  as  caused  by  nonradiative  tunnel  currents  due  to 
inhomogeneities  in  the  samples  with  lower  quantum  efficiency. 

We  have  studied  the  luminescent  spectra  of  the  high  efficiency  LEDs  grown  in 
LumiLeds  laboratories  and  could  not  find  a  tunnel  radiation  band  at  low  currents  [11]. 
These  samples  had  multiple  quantum  wells  modulated  doped  by  Si  donors  in  the  barriers, 
not  in  the  wells.  Electrons  from  the  donors  screen  polarization  fields  in  these  structures. 
These  data  confirm  the  model  shown  in  Fig.  7  in  which  diagonal  tunneling  is  more 
probable  due  to  higher  electric  fields  in  barriers  caused  by  polarization. 

6.  It  is  interesting  to  compare  the  results  on  GaN-  based  structures  with  older 
results  of  tunnel  radiation  studies  in  other  (cubic)  AmBv  semiconductors:  GaAs  [5],  InP 
[5],  GaSb  [5, 16]  and  (Ga,In)Sb  [17].  A  plot  of  fraw  versus  U  (Fig.  8)  gives  an  excellent 
result:  the  experimental  points  in  a  wide  range  from  the  infrared  to  violet  region  are 
situated  with  a  good  accuracy  on  the  theoretical  line  ftov™  =  eU.  This  is  a  proof  that  tunnel 
radiative  recombination  (diagonal  tunneling)  is  a  fundamental  phenomenon  for  homo-  and 
hetero-  p-n  junctions  in  direct  gap  AniBv  semiconductors. 
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CONCLUSIONS 

Tunnel  radiative  recombination  (diagonal  tunnelling),  an  effect  inverse  to  the  Franz 
-  Keldysh  effect,  is  essential  in  GaN-based  p-n-  hctcrojunctions  with  quantum  wells  at  low 
currents  in  high  electric  fields  ( E  =  (0.2+1  )-106  V/cm).  The  probability  of  this  effect  is 
higher  if  piezoelectric  and  spontaneous  polarization  fields  play  a  sufficient  role  in  the 
AlGaN/InGaN  heterojunctions. 

The  experimental  electroluminescence  spectra  of  GaN  based  LEDs  at  low  currents 
are  described  by  the  theory  of  tunnel  radiation.  The  parameter  Eo  of  the  theory  determined 
from  the  spectral  fitting  is  higher  than  the  one  determined  from  the  dependence  of  the 
integral  intensity  versus  voltage.  This  is  described  by  the  band  tails  influence. 

The  spectral  maxima  of  the  tunnel  band  /taw  are  almost  equal  to  the  applied 
voltage  eU  for  InGaN/AlGaN/GaN  heterostructures  at  room  temperature.  The  diagonal 
tunneling  is  a  fundamental  phenomenon  for  homo-  and  hetero-  p-n  junctions  in  direct  gap 
A,llBv  semiconductors  in  a  wide  energy/voltage  range:  eU  =  0.5  to  2.7  eV. 
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ABSTRACT 

We  have  calculated  the  change  of  interband  absoiption  spectra  of  a  quantum  well  based  on 
hexagonal  group-HI  nitride  semiconductors  under  photo-injection  of  high  densities  of 
electron-hole  pairs.  The  screening  of  internal  electric  Fields  by  such  optical  excitation  is 
known  to  blue-shift  and  reinforce  the  ground-state  optical  transition.  Due  to  the  large  values 
of  densities  of  states  and  of  internal  fields,  we  predict  novel  properties  that  rather  concern 
optical  absorption  via  transitions  between  excited  states.  The  absorption  coefficient  can  be 
strongly  enhanced  by  the  optical  excitation  itself,  in  this  particular  spectral  region,  yielding 
the  possibility  for  self-induced  absorption  properties.  In  other  words,  if  sufficiently  intense,  an 
excitation  laser  can  increase  the  absorption  coefficient  of  the  system  at  its  own  wavelength, 
thus  providing  a  strong  nonlinear  optical  response.  Finally,  we  briefly  discuss  the  potential 
application  of  these  optical  phenomena. 


INTRODUCTION 

After  the  first  demonstration  of  a  light  emitting  device  based  on  hexagonal  (wurtzite) 
group-BI  nitride  semiconductors  [1],  the  interest  of  the  scientific  community  has  risen  up 
considerably.  Low-dimensional  structures,  like  quantum  wells  (QWs)  or  quantum  boxes 
(QBs)  have  received  the  main  part  of  the  attention  since  it  was  clear  that  the  understanding  of 
the  physical  processes  that  are  responsible  for  the  light  emission  mechanisms  in  these 
structures  would  lead  to  an  improvement  of  the  device  performance.  The  main  peculiarity  of 
these  quantum  systems  is  the  presence  of  huge  internal  electric  fields,  in  the  order  of  1 
MV/cm,  along  the  growth  axis,  due  to  the  difference  of  both  spontaneous  and  piezoelectric 
polarization  between  the  barrier  and  well  materials  [2-4].  Because  of  this  electric  field,  the 
optical  transitions  exhibit  a  large  red-shift,  even  below  the  material  band-gap,  due  to  the 
quantum  confined  Stark  effect  (QCSE)  [5-10],  Also,  the  electrons  and  holes  are  separated  at 
the  opposite  sides  of  the  well  (box)  [5,8,11,12]  leading  to  a  considerable  increase  of  the 
radiative  recombination  time.  Lifetime  changes  by  several  orders  of  magnitude  can  be 
obtained  simply  by  increasing  the  well  (box)  width  (height)  by  few  nanometers  [8]. 

In  this  work,  we  investigate  the  behavior  of  a  GaN-based  quantum  well  under  high  photo¬ 
excitation  conditions.  In  particular,  we  calculate  the  entire  absorption  spectrum  of  such  a 
system,  including  the  excited  states,  and  we  follow  its  evolution  when  a  high  density  of 
electron-hole  pairs  is  injected.  Until  now,  a  number  of  interesting  phenomena  have  already 
been  predicted  and/or  experimentally  verified  like,  for  example,  the  bleaching  of  the  excitonic 
interaction  [13],  We  are  mainly  interested  in  the  screening  of  the  electric  field  [14-16]  which 
can  lead,  among  others,  to  (1)  a  blue-shift  of  the  transition  energies  due  to  the  partial 
cancellation  of  the  QCSE  [17-20],  (2)  a  reduction  of  the  electron-hole  spatial  separation  and, 
hence,  a  decrease  in  the  radiative  lifetime  [19,23]  and  (3)  a  change  in  the  absorption 
coefficient  due  to  its  dependence  on  the  oscillator  strength  [24-25].  The  oscillator  strength  is 
proportional  to  the  square  overlap  integral  of  the  electron  and  hole  wavefunctions  (hereafter 
referred  to  as  the  “overlap  integral”)  which  can  be  very  small  in  nitride-based  quantum 
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structures  for  the  el -hi  transition  and  depends  largely  on  the  well  (box)  width  (height).  We 
should  also  note  that  the  injection  of  a  high  density  of  carriers  in  the  well  can  lead  to  a  band- 
gap  renormalization  (BGR)  due  to  many-body  effects  [25-27].  This  phenomenon  will  only 
affect  the  spectral  position  of  the  optical  transitions  (by  introducing  an  overall  red-shift  of  the 
spectrum)  but  will  not  cause  any  change  in  the  electron  and  hole  wavcfuctions  and  to  the 
respective  overlap  integral. 

In  the  rest  of  this  work,  we  will  show  some  original  phenomena  that  should  be  observed  in 
nitride-based  quantum  systems,  linked  to  the  screening  of  the  effective  electric  field  under 
high  photo-excitation.  Given  the  present  uncertainty  of  several  physical  parameters,  our  aim  is 
not  to  give  exact  prescriptions  for  the  use  of  these  phenomena  in  optoelectronic  devices. 
Instead,  we  will  present  a  qualitative  description  of  the  physical  processes  and  emphasize  on 
the  advantages  of  the  group  IH-nitride  materials. 


THEORETICAL  MODEL 

In  order  to  calculate  the  effect  of  high  densities  of  e-h  pairs,  we  solve  self-consistently  the 
Schrodingcr  and  Poisson  equations,  within  the  envelope  function  approximation.  We  only 
consider  the  first  three  confined  subbands  for  electrons  and  the  first  two  subbands  for  "heavy" 
and  "light"  holes.  In  fact,  the  valence  band  of  wurtzite  nitrides  is  threefold,  with  the  maxima 
of  the  so-called  A  ("heavy-holes":  H),  B  ("light-holes":  L)  and  C  bands  lying  within  a  few 
tens  of  meV.  As  we  assume  normal  incidence  of  light,  the  dipolar  matrix  element  is 
nonvanishing  for  H  and  L  hole  states  and,  due  to  the  lattice  mismatch  biaxial  compression 
[28,29],  these  matrix  elements  are  nearly  equal.  Thus,  we  assume  equal  oscillator  strengths  for 
both  A-  and  B-rclated  valence  subbands.  Moreover,  excitonic  effects  are  not  included  since  it 
has  been  shown  [13]  that,  in  GaN-based  quantum  wells,  the  exciton  binding  energy  drops  to 
zero  for  carrier  densities  of  ~10n  cm'2,  an  order  of  magnitude  lower  than  those  considered  in 
this  work. 

Assuming  continuous- wave  excitation,  we  model  a  quasi-equilibrium  situation  leading  to  a 
steady-state  density  of  carriers.  The  population  of  each  subband,  together  with  the 
corresponding  quasi-Fermi  level,  are  calculated  by  using  a  two-dimensional  density  of  states 
proportional  to  the  in-plane  effective  mass  of  the  carrier.  Then,  we  calculate  the  resulting 
potential  modification  by  using  the  Poisson’s  equation: 

(1)< 

dz2  ££0 

where  p(z )  is  the  charge  density  profile  given  by: 

p(z)  =  <?.£[«*,-  |/,,(z)|2  -  nei  |/fI(z)|2]  (2), 

wher ef.xi.2j  (z)  are  the  envelope  functions  for  the  electrons  and  holes  in  the  well,  neJ,,i,2j  are 
the  carrier  populations  for  each  subband,  i.  Moreover, 

(3)- 

i=i  ;=i 

where  n  is  the  total  density  of  e-h  pairs.  By  using  Eqs.  (2)  and  (3),  we  account  for  the  fact  that 
the  charge  distribution  in  the  QW  is  affected  by  the  population  of  excited  states,  and  not  only 
of  the  ground  state. 

The  interband  absorption  coefficient  is  calculated  by  multiplying  the  overlap  integral  of 
the  electron  and  hole  wavefunctions  by  the  step-like  joint  density  of  states  for  each  transition. 
The  exclusion  principle  is  considered  by  multiplying  the  resulting  spectrum  with  another  step- 
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like  factor,  i.e.  zero  for  occupied  states  and  1  for  the  unoccupied  ones,  which  corresponds  to 
T  =  0K.  Inhomogeneous  broadening  is  introduced  by  the  convolution  of  the  calculated 
spectrum  with  a  sigmoidal  function  : 

S(£)  =  [  \  +  eEiJ~E/AEJ'  (4), 

where  Eg  is  the  energy  for  each  transition,  with  a  broadening  factor  of  zf£=50  meV.  We 
believe  that  that  it  is  a  reasonable  choice  considering  the  state-of-the-art  optical  features  and 
the  high  degree  of  excitation.  This  broadening  is  quite  larger  than  the  light-  to-heavy-hole 
splitting  that  we  calculate,  and  we  believe  that  a  more  tedious  treatment  of  the  valence  band 
will  not  affect,  in  general  terms,  the  validity  of  our  results. 

We  use  a  normalization  procedure  in  order  to  estimate  the  optical  density  of  a  GaN/AlGaN 
QW  under  normal  incidence.  Taking  the  absorption  coefficient  of  GaN  (105  cm'1)  as  a 
reference  [30],  we  calculate  the  optical  density  for  the  fundamental  transition  of  an  ideal  and 
wide  (8  nm)  GaN  QW  without  an  electric  field,  thus  with  an  overlap  integral  close  to  unity. 
Using  this  value,  we  calculate  the  optical  densities  for  all  "realistic"  situations,  accounting  for 
electric  fields  and  narrower  wells,  being  simply  proportional  to  the  appropriate  overlap 
integral.  Also,  we  follow  a  step-by-step  procedure  when  we  increase  the  density  of  e-h  pairs 
in  order  to  describe  correctly  the  change  in  energy  levels  and  in  the  corresponding  densities  of 
states. 

In  order  to  account  for  the  BGR  resulting  from  the  carrier-carrier  scattering  effects,  we 
referred  to  previous  works  [25-27]  where  the  effect  is  calculated  for  nitride-based  quantum 
wells  including  or  not  the  electric  field  and/or  valence  band  mixing  effects.  The  main  effect 
resulting  from  the  BGR  that  was  described  in  these  works  was  an  overall  red-shift  of  the 
optical  transitions.  In  fact,  the  authors  of  Refs.  26  and  27  have  established  that  this  red-shift 
follows  some  "universal"  behavior  for  nitride  QWs,  although  electric  fields  were  not  included 
in  Ref.  26.  We  have  checked  that  the  calculation  in  Ref.  27,  which  includes  the  electric  field, 
follows  the  same  general  behavior.  Then,  the  BGR  can  be  deduced  from  the  following  law, 
which  fits  the  results  of  Ref.  26: 


^-  =  -1.61  (rwY 


(5). 


where  R2d  is  the  binding  energy  of  two-dimensional  excitons,  i.e.  four  times  the  three- 
dimensional  value  for  GaN  (R2D  =  0.1  eV)  and  r2n  the  so-called  "dimensionless  interparticle 
distance",  which  is  deduced  from  the  exciton  two-dimensional  Bohr  radius,  aB2D  =  0.5  an30, 
by  r2D  =  1  /  [n  n  («b2D)2]i/2,  where  aB2D  =  1.5  nm,  for  GaN.  Using  this  procedure,  we  estimate 
a  red-shift  of  0.083  eV  for  n-  2  1012  cm'2,  and  of  0.136  eV  for  n  =  8  1012  cm'2. 


RESULTS  AND  DISCUSSION 

We  present  results  obtained  for  a  GaN/Alo.4Gao.6N  QW  with  a  width  of  Lw=  16  atomic 
monolayers  (MLs),  i.e.  4.1  nm  and  barriers  of  Lb=30ML.  By  using  a  scaling  procedure 
based  on  previous  experimental  studies  [31,32],  we  estimate  an  internal  electric  field  of  1.4 
MV/cm.  For  the  carrier  masses,  we  used  mt,z  =  0.2 mo  [33],  mj  =  0.2 mo  [34],  m*;/  =  1 .65  mo 
[35]  and  m„!  =  0.15m,?  [35]. 

In  Figure  1  we  present  the  different  effects  contributing  to  the  absorption  onset  involving 
the  El  and  HI  subbands:  the  blue  shifts  induced  by  the  screening  of  the  electric  field  and  by 
the  filling  of  the  subbands,  the  red-shift  induced  by  the  BGR.  In  figure  2  we  present  the 
optical  density  spectrum  for  four  different  densities  of  injected  e-h  pairs.  Clearly,  the  optical 
density  is  always  very  small  in  the  vicinity  of  the  El  HI  transition,  precisely  due  to  the  QCSE 
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ELECTRON-HOLE  PAIR  DENSITY  n  (10'2  cm'2) 


Figure  1.  The  various  contributions  to  the  shift  of  the  absorption  onset  for  the  El  HI 
transition,  for  a  16  ML-wide  GaNAAlo.4Gao.6N  quantum  well. 


and  the  subsequent  reduction  of  the  overlap  integral.  This  is  not  the  case  for  the  transitions 
involving  the  excited  states,  where  the  overlap  integral  can  be  larger  by  two  orders  of 
magnitude. 

The  dynamical  aspect  of  the  absorption  spectrum  is  governed  by  several  competitive 
mechanisms.  First,  the  classical  bleaching  of  lower-energy  transitions,  by  population  of  the 
lower  subbands,  tends  to  induce  a  negative  differential  absorption  (NDA)  in  this  region. 
Second,  the  screening  of  the  electric  field  induces  a  blue-shift  of  the  E1H1  transition  together 
with  an  enhancement  of  the  optical  density  for  transitions  involving  some  excited  states. 
Finally,  the  BGR  causes  an  overall  red-shift  of  the  spectrum.  As  a  result,  a  positive 
differential  absorption  (PDA)  is  present  for  energies  above  -3.3  eV.  Because  of  the  red-shift 
induced  by  the  BGR,  the  PDA  is  enhanced  and  occurs  in  a  larger  spectral  region,  compared  to 
the  case  where  the  BGR  is  not  included  in  the  calculation.  An  interesting  effect  occurs  in  the 
region  between  3.4  cV  and  3.6  cV.  When  the  carrier  density  is  increased,  the  system  exhibits 
a  PDA  but  above  a  critical  carrier  density,  due  to  band-filling  effects,  the  absorption 
coefficient  largely  decreases. 


PHOTON  ENERGY  <eV) 

Figure  2.  Optical  density  spectra  for  a  16  ML-wide  GaN-AIo.4Gao.6N  single  QW,  for  densities 
of  electron-hole  pairs  n  =  0  (solid  line),  2  1012  cm'2  (dashed  line),  5  1012  cm'2  (dotted  line)  and 
8  1012  cm'2  (dash-dotted  line). 
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Nitride-based  quantum  systems  present  several  great  advantages  in  view  of  the  observation 
of  these  phenomena.  First  of  all,  their  very  large  density  of  states  will  limit  the  population 
effects  to  a  small  spectral  region  allowing  for  the  presence  of  a  PDA  in  a  large  spectral  region 
where  the  excited  states  are  present.  Also,  band-gap  differences  in  the  order  of  1  eV  or  more 
can  be  easily  produced,  which  leads  to  an  efficient  confinement,  thus  there  is  a  possibility  to 
observe  these  effects  at  room  temperature. 

The  absorption  coefficient  change  with  an  externally  applied  voltage  is  the  phenomenon 
upon  which  electro-optical  modulators  and  bistable  switches  rely.  Moreover,  as  it  was  pointed 
out  by  Miller  et  al.  [361,  the  enhancement  of  the  absorption  coefficient  with  the  increase  of 
the  excitation  degree  of  the  system  can  lead  to  optical  bistability  even  without  an  external 
feedback  mechanism.  We  believe  that  the  original  phenomena  that  were  described  in  this 
work  show  the  potentiality  of  nitride-based  quantum  systems  as  excellent  candidates  for  the 
realization  of  sophisticated  optoelectronic  devices  based  on  “quantum  engineering”. 


CONCLUSION 

We  have  examined,  by  using  envelope-function  calculations,  the  original  nonlinear  optical 
properties  induced  by  high  populations  of  e-h  pairs  in  low-dimensional  systems  based  on 
wurtzite  group-III  nitride  semiconductors.  In  addition  to  the  straightforward  blue-shift  of  the 
ground-state  emission,  we  have  found  clear  possibilities  of  self-induced  photo-absorption.  We 
have  explained  why  these  materials  can  exhibit  such  effects  which  could  not  be  obtained  with 
more  familiar  semiconductor  systems. 

We  believe  that  this  theoretical  work  opens  the  way  for  a  new  type  of  "band-gap 
engineering",  accounting  for  the  huge  electric  fields  in  these  low-dimensional  systems.  We 
believe,  too,  that  this  work  will  lead  to  an  interesting  experimental  research  on  properties 
which  have  not  been  investigated  yet. 


ACKNOWLEDGMENTS 

S.  Kalliakos  acknowledges  the  financial  support  provided  through  the  European 
Community’s  Human  Potential  Programme  under  contract  HPRN-CT- 1999-001 32, 
CLERMONT.  We  also  acknowledge  support  of  the  French  Ministry  of  Education,  Research 
and  Technology  within  the  "BOQUANr,  "NANILUB,,  and  "INTRANIT"  Programs. 


REFERENCES 

].  S.  Nakamura,  M.  Senoh,  A.  Nagahama,  N.  Iwasa,  T.  Yamada,  T.  Matsushita  and  H. 
Kiyoku,  Appl.  Phys.  Lett  70,  2753  (1997). 

2.  F.  Bemardini,  V.  Fiorentini  and  D.  Vanderbilt,  Phys.  Rev.  B  56,  R10024  (1997). 

3.  F.  Bemardini,  V.  Fiorentini  and  D.  Vanderbilt,  Phys.  Rev.  Lett.  79,  3958  (1997). 

4.  F.  Bemardini  and  V.  Fiorentini,  Phys.  Rev.  B  57,  R9472  (1998). 

5.  Jin  Seo  Im,  H.  Kollmer,  J.  Off,  A.  Sohmer,  F.  Scholz,  and  A.  Hangleiter,  Phys.  Rev.  B  57, 
R9435  (1998) 

6.  M.  Leroux,  N.  Grandjean,  M.  Laiigt,  J.  Massies,  B.  Gil,  P.  Lefebvre  and  P.  Bigenwald, 
Phys.  Rev.  B  58,  R13371  (1998). 

7.  P.  Lefebvre,  J.  Allegre,  B.  Gil,  H.  Mathieu,  N.  Grandjean,  M.  Leroux,  J.  Massies  and  P. 
Bigenwald,  Phys.  Rev.  B  59, 15363  (1999). 


657 


8.  P.  Lefebvre,  A.  Morel,  M.  Gallart,  T.  Taliercio,  J.  Allegre,  B.  Gil,  H.  Mathieu,  B. 
Damilano,  N.  Grandjean  and  J.  Massies,  Appl.  Phys.  Lett  78,  1252  (2001), 

9.  B.  Damilano,  N.  Grandjean,  F.  Semond,  J.  Massies,  and  M.  Leroux,  Appl.  Phys.  Lett.  75, 
962  (1999) 

10.  F.  Widmann,  J.  Simon,  B,  Daudin,  G.  Fcuillct,  J.L.  Rouvi6rc,  N.T.  Pelekanos,  and  G. 
Fishman,  Phys.  Rev.  B  58,  (1998)  R 15989 

1 1.  M.  B.  Nardelli,  K.  Rapcewicz  and  J.  Bemholc,  Appl.  Phys.  Lett.  71, 3135  (1997). 

12.  T.  Honda,  T.  Miyamoto,  T.  Sakaguchi,  H.  Kawanishi,  F.  Koyanca  and  K.  Iga,  J.  Cryst. 
Growth  189/190,  644  (1998). 

13.  P.  Bigenwald,  A.  Kavokin,  B.  Gil  and  P.  Lefebvre,  Phys.  Rev.  B  61, 15621  (2000). 

14.  P.  Boring,  B.  Gil  and  K.  J.  Moore,  Phys.  Rev.  Lett.  71,  1875  (1993). 

15.  D.L.  Smith  and  C.  Mailhiot,  Phys.  Rev.  Lett.  58,  1264  (1987). 

16.  X.R.  Huang,  D.R.  Harken,  A.N.  Cartwright,  A.L.  Smirl,  J.L.  Sanchez-Rojas,  A.  Sacedon, 
E.  Calleja  and  E.  Munoz,  Appl.  Phys.  Lett.  67,  950  (1995). 

17.  G.  H.  Gainer,  Y.  H.  Kwon,  J.  B.  Lam,  S.  Bidnyk,  A.  Kalashyan,  J.  J.  Song,  S.  C.  Choi  and 
G.  M.  Yang,  Appl.  Phys.  Lett.  78,  3890  (2001). 

18.  S.P.  Lepkowski,  T.  Suski,  P.  Perlin,  V.  Yu.  Ivanov,  M.  Godlewski,  N.  Grandjean  and  J. 
Massies,  J.  Appl.  Phys.  91,  9622  (2002). 

19.  F.  Della  Sala,  A.  Di  Carlo,  P.  Lugli,  F.  Bemardini,  V.  Fiorentini,  R.  Scholz  and  J.  Jancu, 
Appl.  Phys.  Lett.  74,  2002  (1999). 

20.  E.  Kuokstis,  J.W.  Yang,  G.  Simin,  M.  Asif  Khan,  R.  Gaska  and  M.S.  Shur,  App.  Phys. 
Lett.  80,  977  (2002). 

21.  A.  Reale,  A.  Di  Carlo,  P.  Lugli  and  A.  Kavokin,  Phys.  Stat.  Sol.  (a)  183,  121  (2001). 

22.  A.  Vinattieri,  D.  Alderighi,  J.  Kudma,  M.  Colocci,  A.  Reale,  A.  Di  Carlo,  P.  Lugli,  F. 
Semond,  N.  Grandjean  and  J.  Massies,  Phys.  Stat.  Sol.  (a)  190,  87  (2002). 

23.  A.  Reale,  G.  Massari,  A.  DiCarlo  and  P.  Lugli,  Phys.  Stat.  Sol.  (a)  190,  81  (2002). 

24.  A.  Shikanai,  T.  Deguchi,  T.  Sota,  T.  Kuroda,  A.  Takeuchi,  S.  Chichibu  and  S.  Nakamura, 
Appl.  Phys.  Lett  76,  454  (2000). 

25.  W.  Chow,  M.  Kira  and  S.  W.  Koch,  Phys  Rev  B  60,  1947  (1999).  [38]  S.H.  Park  and  S.-L. 
Chuang,  Appl.  Phys.  Lett.  72, 287  (1998). 

26.  S.H.  Park  and  S.-L.  Chuang,  Appl.  Phys.  Lett.  72,  287  (1998). 

27.  S.H.  Park  and  S.-L.  Chuang,  Appl.  Phys.  Lett.  76,  287  (2000). 

28.  B.  Gil  and  A.  Alemu,  Phys.  Rev.  B  56,  12446  (1997). 

29.  B.  Gil,  F.  Hamdani  and  H.  Morko$,  Phys.  Rev.  B  54, 7678  (1996). 

30.  A.  J.  Fischer,  W.  Shan,  J.  J.  Song,  Y.  C.  Chang,  R.  Homing  and  B.  Goldenberg,  Appl. 
Phys.  Lett.  71,  1981  (1997). 

31.  M.  Leroux,  N.  Grandjean,  M.  Laligt,  J.  Massies,  B.  Gil,  P.  Lefebvre  and  P.  Bigenwald, 
Phys.  Rev.  B  58,  R 1337 1  (1998). 

32.  P.  Lefebvre,  M.  Gallart,  T.  Taliercio,  B.  Gil  ,  J.  Allegre,  H.  Mathieu,  N.  Grandjean,  M. 
Leroux,  J.Massies  and  P.  Bigenwald,  Phys.  Stat.  Sol.  (b)  216,  361  (1999). 

33.  S.  L.  Chuang  and  C.  S.  Chang,  Phys.  Rev.  B  54,  2491  (1996). 

34.  A.S.  Baker  and  S.  Ulcgcms,  Phys.  Rev.  B  7,  53  (1973). 

35.  M.  Suzuki,  T.  Uenoyama  and  A.  Yanase,  Phys.  Rev.  B  52,  8132  (1995). 

36.  D.  A.  B.  Miller,  A.  C.  Gossard  and  W.  Wiegmann,  Optics  Lett.  9,  162-164  (1984). 


658 


Mat.  Res.  Soc.  Symp.  Proc.  Vol.  743  ©  2003  Materials  Research  Society 


L11.6 


Time  Resolved  Optical  Studies  of  InGaN  Layers  Grown  on  LGO 

Maurice  Cheung,  Gon  Namkoong1,  Madalina  Furls,  Fei  Chen,  Alexander.  N.  Cartwright,  W. 
Alan  Doolittle1  and  April  Brown  , 

University  at  Buffalo,  State  University  of  New  York, 

Buffalo,  NY  14260,  U.S.A. 

’Geogia  Institute  of  Technology,  Atlanta,  GA 
2Duke  University,  Durham,  NC 

ABSTRACT 

Radiative  recombination  processes  in  bulk  InGaN  grown  by  molecular  beam  epitaxy 
(MBE)  on  lithium  gallate  (LGO  or  LiGa02)  substrates  were  investigated  using  microscopic  PL 
and  time-resolved  photoluminescence  (TRPL).  The  improved  structural  quality  resulting  from  a 
better  lattice  match  of  the  LGO  substrate  to  III-V  nitride  materials  simplifies  these  investigations 
because  well-defined  composition  phases  can  be  analyzed  for  both  homogeneous  and  phased 
separated  InGaN  samples.  Epilayers  of  InGaN  intentionally  grown  with  and  without  indium 
segregation  were  studied.  X-ray  diffraction  measurements  showed  that  the  homogeneous 
epilayer  was  high  quality  Ino.20sGao.702N  and  the  segregated  epilayer  exhibited  peaks 
corresponding  to  both  Ino.2s9Gao.711N  and  Ino.443Gao.557N  indicating  the  presence  of  higher  In 
concentration  regions  in  this  sample.  Spatially  resolved  photoluminescence  spectra  confirm  the 
existence  of  these  regions.  The  photoluminescence  intensity  decay  is  non-exponential  for  both 
samples  and  a  stretched  exponential  fit  to  the  decay  data  confirms  the  existence  of  local  potential 
fluctuations  in  which  carriers  are  localized  before  recombination. 

INTRODUCTION 

InGaN-based  emitters  are  widely  used  for  commercial  high-brightness  light  emitting 
diodes  (LED)  from  UV  to  amber  [1,2].  There  have  been  numerous  reports  on  the  improvement 
of  efficiency  in  these  LED  devices  due  to  In-segregation  [3-7].  The  current  theory  suggests  that 
the  In-rich  regions  existing  inside  InGaN  act  as  localization  centers,  which  trap  the  carriers 
injected  into  the  system.  The  probability  of  non-radiative  recombination  for  a  carrier  localized  in 
a  potential  fluctuation  is  significantly  reduced  [4,6]  and  the  excitons  formed  in  the  vicinity  of  the 
localization  centers  have  greater  oscillator  strength  [6].  As  a  result,  the  optical  efficiency  of  the 
LED  is  greatly  improved. 

Most  of  the  commercially  available  InGaN  emitters  consist  of  a  multiple  quantum  well 
(MQW)  heterostructures,  which  are  characterized  by  emission  efficiency  that  depends  not  only 
on  the  In-segregation  but  also  on  the  built-in  electric  fields  present  as  a  result  of  the  piezoelectric 
polarization  [8-10].  Here,  we  have  studied  the  changes  induced  by  In-segregation  in  an  InGaN 
epilayer  grown  by  Molecular  Beam  Epitaxy  (MBE)  on  a  lithium  gallate  (LGO  or  LiGa02) 
substrate.  The  crystal  quality  of  GaN  and  InGaN  grown  on  this  substrate  is  significantly 
improved  as  a  result  of  a  better  lattice  match  between  the  substrate  and  the  nitride  materials 
[1U2]. 

In  this  paper  we  present  the  results  of  confocal  photoluminescence  (CPL)  and  time- 
resolved  photoluminescence  (TRPL)  measurements  on  two  InGaN  epilayers.  X-ray  and  CPL 
confirm  the  existence  of  In-segregation  in  one  of  the  samples.  The  results  of  a  stretched 
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exponential  fit  to  the  TRPL  intensity  decay  show  the  carrier  lifetimes  is  nearly  3  times  longer  in 
the  segregated  sample  in  comparison  to  the  non -segregated  one,  in  agreement  with  the  predicted 
decrease  in  the  non-radiative  recombination  rate  associated  with  increased  carrier  localization. 

EXPERIMENTAL  DETAILS 

The  two  samples  used  in  this  study  are  500nm  thick  InGaN  epilayers  grown  by  MBE  on 
a  LGO  substrate  on  the  top  of  an  equally  thick  (500nm)  GaN  buffer  layer.  One  of  the  samples 
was  intentionally  grown  to  exhibit  In -segregation,  whereas  the  other  was  grown  without  In¬ 
segregation,  thus  serving  as  a  reference. 

CPL  spectra  were  measured  using  the  400nm  frequency  doubled  output  beam  of  a 
Tirsapphire  laser  as  a  pump.  The  beam  was  focused  on  the  sample  by  a  confocal  microscope 
system  with  a  lateral  resolution  of  200nm.  The  PL  signal  was  collected  and  spectrally  analyzed 
through  a  fiber  attached  to  a  computer-controlled  spectrometer  equipped  with  a  CCD  camera. 
During  the  experiment,  several  PL  spectra  were  collected  at  different  locations  on  each  of  the 
samples. 

TRPL  measurements  were  performed  using  the  200  fs  laser  pulses  produced  by  a 
regenerative  amplifier  (Coherent:  RegA)  seeded  by  a  Ti:Sapphire  laser  at  800nm.  An  optical 
parametric  amplifier  (Coherent:  OP  A)  and  a  frequency  doubling  BBO  crystal  provided  the  up- 
conversion  of  the  RegA  pulses  to  330nm.  The  excitation  wavelength  was  chosen  such  that  all  the 
incident  photons  are  absorbed  in  the  nitride  layers.  The  incident  beam  is  focused  on  the  sample 
by  conventional  optics  with  a  spot  size  of  ~60  Jim.  The  back -scattered  light  from  the  sample  was 
collected  through  conventional  optics,  and  spectrally  and  temporally  resolved  by  a  Chromex 
250IS  monochromator  and  a  Hamamatsu  C4334  streakcamera  with  a  typical  jitter  of  50ps. 

RESULTS 

The  X-ray  diffraction  spectra  from  the  two  samples  under  study  are  presented  in  figure  1 . 
The  reference  sample  exhibits  three  peaks  associated  with  the  LGO  substrate,  the  GaN  buffer 
and  the  InGaN  layer.  From  the  difference  between  the  GaN  and  InGaN  peaks  we  estimate  the  In 
concentration  to  be  approximately  20.8%,  in  very  good  agreement  with  the  expected  nominal 
value.  The  peak  associated  with  the  Ino.20nGao.792N  has  a  full  width  half  maximum  (FWHM)  of 
289  arc-s,  and  is  broader  than  the  peak  corresponding  to  the  GaN  layer  having  a  FWHM  of 
148  arc-s.  The  broadening  indicates  there  is  likely  some  partial  phase  separation  in  the  sample 
and  additional  dislocations  in  the  InGaN  layer  not  found  in  the  GaN.  The  spectrum 
corresponding  to  the  In-segregated  sample  exhibits  two  peaks  associated  with  InGaN:  one 
corresponding  to  a  28.9%  In  concentration,  and  the  other  to  a  44%  In  concentration.  This  is  an 
indication  that  two  completely  separate  phases  are  present  inside  the  InGaN  layer.  We  can 
visualize  the  sample  as  44%  InGaN  “islands”  embedded  in  a  28.9%  InGaN  “matrix”.  The 
integrated  intensity  of  the  x-ray  spectra  indicates  that  the  44%  In  phase  makes  up  ~15%  of  the 
overall  InGaN  material  with  the  rest  of  the  InGaN  attributed  to  the  28.9%  In  phase  making  the 
average  In  composition  for  the  entire  film  ~3 1  %.  The  x-ray  peak  corresponding  to  the  28.9% 
InGaN  has  a  FWHM  of  278  arc-s  compared  to  the  GaN  width  of  155  arc-s  indicating  that, 
besides  the  existence  of  In-rich  regions,  random  alloy  fluctuations  are  also  present  in  the 
“matrix”.  The  peak  corresponding  to  the  Ino.44Gao.56N  is  205  arc-s  wide  and  thus,  is  likely  to  have 


660 


Figure  1.  X-ray  diffraction  spectra  for  the  (a)  reference  and  (b)  In-segregated  samples.  The  latter 
exhibits  two  peaks  indicating  the  existence  of  two  separate  phases. 


fewer  random  alloy  fluctuations. 

CPL  studies  confirm  the  presence  of  a  higher  concentration  phase  inside  the  segregated 
sample.  Figure  2  presents  the  PL  spectra  from  several  randomly  chosen  locations  across  the 
samples.  The  dotted  lines  represent  the  PL  taken  using  conventional  optics.  Both  samples  exhibit 
very  broad  (FWHM  =  400meV)  PL  features  as  expected  for  alloys  with  high  concentrations 
where  the  presence  of  random  In  fluctuations  determines  the  broadening  of  the  PL.  The  time- 
integrated  spectrum  of  the  segregated  samples  shows  an  overall  redshift  in  comparison  to  the 
reference  sample  suggesting  the  existence  of  a  higher  average  In  concentration  in  this  sample. 
The  confocal  microscope  allows  us  to  probe  small  areas  (200nm  in  diameter)  inside  the  sample 
and  investigate  the  nature  of  the  redshift  observed  in  conventional  PL  measurements.  Several  PL 
spectra  from  the  reference  sample  taken  at  different  locations  (figure  2(a))  exhibit  no  significant 
changes  when  the  beam  position  is  changed  on  the  sample  surface.  In  contrast,  the  segregated 
sample  PL  spectra  (figure  2(b))  taken  with  the  same  confocal  system  show  significant  changes  in 
the  PL  shape  for  different  beam  positions  on  the  sample  surface.  In  fact,  there  are  several  peaks, 
which  can  be  resolved  in  these  spectra.  The  relative  intensity  of  the  peak  centered  at  about  2.5eV 
to  the  one  centered  at  2.1eV  varies  as  a  function  of  beam  position.  TTiese  energies  match  very 
well  to  the  bandgaps  of  Ino.289Gao.7nN  (2.5eV)  and  Ino.44Ga56N  (2.1eV)  [13].  The  changes  in  the 
relative  intensity  of  the  two  spectral  components  prove  the  existence  of  well- 


Energy  (eV)  Energy  (eV) 

Figure  2.  Confocal  PL  (solid  lines)  and  time  integrated  PL  (dotted  lines)  spectra  of  the  reference 
sample  (a)  and  segregated  sample  (b),  taken  at  room  temperature. 
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defined  areas  where  the  high  In  concentration  component  is  dominant.  This  variation  shows  that 
the  size  of  the  In-rich  areas  is  large  (comparable  to  the  beam  size  -  200nm),  and  much  bigger 
than  any  alloy  fluctuations  existing  in  the  reference  sample. 

At  low  temperature,  we  observed  a  much  stronger  signal  for  TRPL,  allowing  us  to 
analyze  the  lifetimes  more  readily.  Figure  3  shows  the  TRPL  spectra  from  both  samples  at  15K. 
Unlike  the  spatially  resolved  measurement,  in  this  experiment,  the  spot  size  of  the  incident  beam 
is  much  greater  than  the  size  of  the  In-rich  regions.  Therefore  what  we  observed  is  the 
convolution  of  the  PL  contribution  from  several  In-rich  regions  as  well  as  the  28.9%  In  “matrix”. 
A  red  shift  is  observed  in  the  segregated  sample  similar  to  room  temperature  measurements.  The 
tail  emission  at  2.1eV  and  the  dominant  feature  at  2.5eV  in  the  segregated  sample  illustrate  the 
relative  abundance  of  the  two  phases,  mentioned  earlier.  The  PL  spectrum  is  dominated  by 
inhomogeneous  broadening  due  not  only  to  the  overlap  of  PL  features  associated  with  the  two  In 
phases,  but  also  to  the  partial  phase  separation  which  exists  within  the  28.9%  In  phase.  The 
partial  phase  separation  is  also  present  in  the  reference  sample  and  as  a  result,  its  PL  spectrum  is 
characterized  by  a  FWHM  comparable  to  that  of  the  segregated  sample.  The  PL  intensity  decay 
appears  to  be  slower  in  the  segregated  sample.  In  an  attempt  to  quantify  the  difference  in  PL 
decay,  we  plotted  the  decay  of  the  integrated  PL  intensity  for  each  sample  as  shown  in 
figure  4(a).  The  log  (PL  intensity)  vs.  time  plot  clearly  shows  that  the  PL  decays  for  both 
samples  are  non-exponential  in  nature.  This  is  most  likely  caused  by  the  alloy  fluctuation  in  these 
samples.  Previous  studies  [14]  of  PL  lifetime  have  shown  that  the  stretched  exponential  decay 
model  [15,16]  can  offer  insight  into  the  recombination  mechanisms  in  InGaN-related  structures. 
According  to  this  model  the  PL  intensity  decay  is  described  by  the  following  expression: 


lit)  -I (O)exp 


(1) 


based  on  the  assumption  that  potential  fluctuations  due  to  alloy  disorder  exist  inside  the  sample. 
The  carriers  are  trapped  in  the  potential  minima  of  these  fluctuations  .The  parameter  /?(the 
stretched  exponential  coefficient)  represents  a  measure  of  the  alloy  disorder  [14]. 
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Figure  3.  TRPL  spectra  at  different  delay  times  measured  at  15K  for  (a)  the  reference  and  (b)  the 
segregated  sample.  The  PL  spectrum  of  the  segregated  sample  is  redshifted  in  comparison  with 
the  reference  sample  confirming  the  presence  of  a  higher  indium  concentration  in  this  sample 
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Time  (ns)  Time  (ns) 

Figure  4.  (a)  Integrated  PL  decay  taken  at  15K  for  the  segregated  and  unsegregated  samples  and 
(b)  the  corresponding  ln(/0//)  vs.  t  plots  with  log-log  scales,  the  solid  lines  show  the  fitting  for  f$ 
and  t. 

In  our  samples,  we  fitted  the  decays  with  the  stretched  exponential  and  obtained  the  results  of  T= 
5  ns  and  P  =  0.38  for  the  reference  sample,  while  for  the  segregated  sample,  r=14  ns  and  /? = 
0.41.  Since  the  In-rich  phase  only  makes  up  15%  of  the  overall  InGaN  material  in  the  segregated 
sample,  most  carriers  are  generated  in  the  28.9%  In  region.  Subsequent  to  generation  carriers 
with  sufficient  energy  can  relax  to  the  potential  minima  induced  by  the  phase  separation. 
Therefore,  ( 3  should  not  be  affected  by  the  presence  of  the  In  rich  regions  as  long  as  the  28.9% 
phase  remains  dominant.  This  accounts  for  the  similarity  of  the  p  values  measured  for  the  two 
samples.  The  lifetime  that  characterizes  the  segregated  sample  is  nearly  3  times  longer  than  the 
one  measured  for  the  reference  sample.  Yamaguchi  et  al.  and  Narukawa  et  al.  have  shown  how 
segregation  and  carrier  localization  can  have  an  effect  on  the  PL  lifetime  [3,6].  In  TRPL,  the 
measured  emission  decay  rate  is  a  combination  of  the  rates  of  radiative  and  non-radiative 
recombination,  and  the  PL  decay  time  is  related  to  the  radiative  and  non-radiative  lifetimes  (Tpl, 
Tr  and  rNR)  through  the  following  equation: 


^pl  tr  ^nr 

With  In-segregation,  the  rate  of  non-radiative  recombination  is  expected  to  decrease  since 
carriers  are  now  trapped  by  the  In-rich  region  and  confined  away  from  the  non-radiative 
recombination  centers.  Assuming  rR  is  the  similar  in  both  samples  then  the  only  explanation  for  a 
longer  TpiJs  that  rNR  has  been  elongated  for  the  segregated  sample.  Therefore,  the  longer  lifetime 
observed  in  the  segregated  sample  is  most  likely  the  result  of  a  reduction  in  non-radiative 
recombination  rate  by  carrier  localization. 

CONCLUSIONS 

LGO  serves  as  a  very  good  substrate  for  growing  strain-free  GaN  and  InGaN  epilayers  in 
which  the  effects  of  dislocations  induced  by  lattice  mismatch  on  the  emission  efficiency  are 
greatly  reduced  and  the  influence  of  In-segregation  on  radiative  recombination  can  be  studied 
efficiently.  We  have  presented  spatially  and  time-resolved  PL  studies  of  InGaN  epilayers  grown 
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on  LGO  by  MBE.  The  changes  in  the  spatially  resolved  CPL  spectra  as  a  function  of  beam 
position  observed  in  the  segregated  sample  confirmed  the  existence  of  In— rich  regions  indicated 
by  the  x-ray  measurements  on  the  same  sample.  The  overall  redshift  of  the  PL  peak  energy  with 
respect  to  that  corresponding  to  a  non-segregated  samples  observed  using  conventional  PL 
techniques  is  in  agreement  with  the  existence  of  a  high  In  concentration  phase  inside  the  sample. 
Most  importantly,  the  PL  decay  times  obtained  as  a  result  of  a  stretched  exponential  fit  to  the 
decay  data  increased  by  nearly  a  factor  of  3  as  a  result  of  In  segregation.  This  observation 
implies  the  carriers  are  no  longer  trapped  by  the  non-radiative  centers  but  they  become  localized 
on  radiative  states  existing  in  the  potential  minima  created  inside  the  In-rich  regions. 
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ABSTRACT 

The  magnitudes  and  evolutions  of  two  photoinduced  absorption  nonlinearities,  absorption 
bleaching  and  field  screening,  were  compared  and  investigated  by  employing  electroabsorption 
and  femtosecond  pump-probe  spectroscopy  in  a  biased  InGaN/GaN  p-i-n  double  heterostructure. 
Steady  state  electroabsorption  measurements  indicate  the  field  induced  absorption  coefficient 
changes  in  this  structure  are  caused  by  the  Franz-Keldysh  effect.  The  temporal  resolution  of  the 
absorption  bleaching  spectra  suggests  that  the  photoinduced  carriers  rapidly  relaxed  to  the  InGaN 
band  edge  within  several  picoseconds.  As  the  applied  reverse  bias  field  was  increased,  the 
transition  of  the  differential  absorption  spectral  signature  from  the  signature  for  absorption 
bleaching  to  the  signature  for  field  screening  was  observed.  The  magnitude  of  the  change  in 
absorption  due  to  photoinduced  carrier  screening  of  the  applied  field  is  quantified  and  compared 
to  absorption  bleaching. 

INTRODUCTION 

The  development  of  III-V  nitride  based  laser  devices  has  continued  to  advance  since  the  first 
demonstration  of  an  InGaN  multiple  quantum  well  (MQW)  laser  diode  in  1996.1’2,3  Recently  the 
design  and  performance  of  a  two  section  InGaN  MQW  laser  diode  consisting  of  an 
electroabsorption  (EA)  modulator  and  amplifier  section  has  been  reported.4  Compared  with  the 
traditional  direct  current  modulation,  integrated  EA  modulator  reduces  the  transient  heating 
effects,  which  makes  it  attractive  for  printing  applications.  The  improvements  of  the  device 
performance  of  nitride  based  EA  modulators  and  future  applications  in  all-optical  switching  and 
computing,  such  as  self-electro-optic-effect  devices  (SEEDs),  require  the  detailed  study  on  the 
absorption  nonlinearities  in  these  devices. 

Two  fundamentally  different  types  of  absorption  non  linearities  have  been  clarified  in  the 
studies  on  Ga As-based  SEEDs  and  [111]  oriented  piezoelectric  InGaAs  devices:  excitonic 
bleaching  and  field  screen  ing.5,6,7  Excitonic  bleaching  is  due  to  various  many-body  mechanisms.8 
It  induces  a  decrease  and  broadening  of  the  excitonic  absorption  and  the  corresponding  change  in 
absorption  is  dominated  by  a  large  negative  peak  centered  at  the  excitonic  peak  energy.  In  field 
screening,  the  blue  shift  of  the  excitonic  absorption  due  to  reduction  of  the  quantum-confined 
Stark  effect  and  Franz-Keldysh  effects  (FKEs)  produces  a  change  in  absorption  coefficient  which 
will  consist  of  positive  and  negative  peaks,  with  a  zero  crossing  that  blue  shifts  as  the  injected 
carrier  density  is  increased.  However,  similar  time-resolved  studies  of  absorption  nonlinearities 
on  m-V  nitride  based  devices  are  lacking. 

In  this  article,  we  present  both  steady  state  EA  measurements  and  femtosecond  pump-probe 
spectroscopy  to  identify  different  photoinduced  changes  in  absorption  in  a  biased  InGaN/GaN 
double  heterostructure  at  room  temperature.  The  EA  measurements  show  the  field  induced 
absorption  coefficient  changes  in  the  InGaN  thin  film  are  caused  by  the  FKE.  The  contribution  of 


665 


field  screening  to  the  changes  in  the  absorption  coefficient  is  separated  from,  and  compared  to 
the  absorption  bleaching  through  time-resolved  differential  transmission  technique. 

SAMPLE  AND  EXPERIMENTS 

The  sample  used  in  this  study  is  an  InGaN/GaN  double  heterostructure  light  emitting  diode 
device  grown  by  metalorganic  chemical  vapor  deposition.  This  p-i-n  diode  consists  of  a  n-type 
GaN:Si  layer  grown  on  a  sapphire  substrate,  an  undoped  0.1  pm  Ino.6Gao.94N  active  layer,  and  a 
0.25  pm  p-type  GaN:Mg  cap  layer. 

For  the  steady  state  EA  measurements,  the  white  light  from  a  150  W  Xenon  lamp  was 
spectrally  filtered  using  a  0.25  m  spectrometer  and  then  focused  to  a  1  mm  diameter  spot  on  the 
sample  to  serve  as  the  probe  beam.  A  modulated  reverse  bias  voltage  was  applied  to  the  sample 
and  the  corresponding  modulated  transmission  signal  (AT)  with  and  without  applied  field  as  a 
function  of  probe  wavelength  was  detected  by  a  silicon  detector  using  standard  lock-in 
technique.  Using  this  technique,  the  absorption  changes  are  given  by  Aa  =  -l/d[ln(l+  AT/T)], 
where  d  is  thickness  of  the  (optically  active)  InGaN  layer. 

In  addition  to  steady  state  measurements,  femtosecond  single  color  pump-white  light 
continuum  probe  spectroscopy  was  used  to  time  resolve  the  differential  transmission  signatures. 
For  these  measurements,  a  portion  of  the  760  nm,  150  fs  laser  pulses  from  a  250  kHz 
regenerative  amplifier  (REGA)  was  frequency  doubled  to  380  nm  to  serve  as  the  pump  source 
for  carrier  excitation  above  the  InGaN  band  gap,  but  below  the  GaN  band  gap.  The  remaining 
output  from  the  REGA  was  used  to  create  a  broadband  white  light  continuum,  with  spectral 
components  from  370  nm  to  lOOOnm,9  which  served  as  the  probe  beam.  The  time  resolution  of 
this  system  is  limited  to  -300  fs  due  to  the  broadened  pulse  width  of  the  frequency-doubled  pulse 
and  the  white-light  continuum.  The  probe  beam  was  focused  to  an  80  pm  diameter  spot  on  the 
sample  and  the  transmitted  light  was  spectrally  resolved  using  a  spectrometer.  The  pump  spot 
size  was  chosen  to  be  160  pm  to  ensure  that  the  probe  beam  was  monitoring  a  relatively  constant 
injected  carrier  density.  Similar  to  EA  measurements,  standard  lock-in  techniques  were  used  to 
measure  the  difference  in  the  probe  transmission  (AT)  with  and  without  the  pump  present  as  a 
function  of  probe  wavelength,  and  delay  time  between  pump  and  probe  pulse.7 

RESULTS  AND  DISCUSSION 

Initially,  we  performed  steady  state  EA  measurements  to  investigate  the  field  induced 
absorption  coefficient  change.  The  typical  EA  spectra  under  various  reverse  biases  are  shown  in 
Fig.  1.  It  is  well  known  that  the  application  of  an  external  electric  field  in  a  bulk  semiconductor 
results  in  the  band  tilting  that  alters  the  envelope  electron  and  hole-wave  functions  so  that  they 
have  oscillating  behavior  in  the  bands  and  show  exponential  decay  in  the  band  gap.  This 
phenomena  is  known  as  the  FKEs.  Fig.  1  shows  that  the  electric  field  leads  to  an  increased 
absorption  below  and  oscillating  absorption  above  the  band  gap  on  this  structure.  In  addition,  the 
EA  spectra  curves  for  all  applied  fields  intersect  at  the  band  gap  energy  (3.20  eV,  consistent  with 
~6%  In).  This  does  resemble  the  typical  FKE  spectra  for  bulk  semiconductor.10  Thus,  modulating 
the  external  electrical  field  can  induce  absorption  changes  as  large  as  800  cm'1  at  the  photon 
energies  of  3.15  eV  and  3.24  eV  as  shown  in  Fig.  1.  Such  large  absorption  changes  can  be 
utilized  to  modulate  the  absorption  for  the  application  of  EA  modulator.  In  addition  to  the  peak 
absorption  changes,  photoinduced  absorption  bleaching  and  field  screening  which  affect  the 
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change  of  absorption  coefficient  need  to  be  investigated  for  the  optimization  of  device  design. 
These  optical  nonlinearities  can  be  employed  for  all-optical  switching  applications. 


0.8 


-0.6 
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Photon  Energy  (eV) 


Fig.  1.  Reverse  bias  voltage  dependent  EA  spectra  at  room  temperature. 

Subsequent  to  these  EA  measurements,  femtosecond  pump  and  probe  spectroscopy  was  used 
to  compare  and  temporally  resolve  the  absorption  bleaching  and  field  screening.  Fig.  2  shows  the 
variation  of  differential  absorption  spectra  under  a  pump  fluence  of  400  pJ/cnr  and  open  circuit 
condition  as  a  function  of  delay  tiriie.  At  the  initial  stage  of  excitation  in  Fig.  2(a)  (0  ps  to  2  ps), 
the  bleaching  of  the  photo-absorption  was  observed  in  the  vicinity  of  pumping  energy 
immediately  after  the  pump  pulse.  In  contrast,  at  the  photoluminescence  (PL)  peak  energy  (3.20 
eV,  the  InGaN  band  edge)  the  bleaching  signal  begins  to  increase  from  0.4  ps  and  reaches  the 
maximum  at  2  ps.  This  suggests  that  the  photoinduced  hot  carriers  rapidly  transferred  or  relaxed 
to  the  InGaN  band  edge  within  the  time-scale  of  a  few  ps.  Furthermore,  it  should  be  noted  that 
with  increasing  delay  time  the  peak  energy  exhibits  an  evident  red  shift  but  the  spectra  is  still 
dominated  by  a  single  negative  peak  as  shown  in  Fig.  2(b).  This  observed  red  shift  is  consistent 
with  the  reduction  of  band  filling  effects  due  to  carrier  recombination  or  escape  from  the  InGaN 
active  layer. 


Fig.  2.  Differential  absorption  spectra  under  a  pump  fluence  of  400  pJ/cm2  as  a  function  of  delay 
time  (a)  0  ps  to  2  ps,  and  (b)  10  ps  to  600  ps. 
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By  contrast,  Fig.  3  shows  the  detailed  differential  absorption  spectra  as  function  of  reverse 
bias  (0  V  to  9  V)  under  a  pump  fluence  of  60  pJ/cm2  at  a  delay  time  of  50  ps.  This  delay  time 
ensures  that  sufficient  relaxation  and  drift  of  photo-generated  carriers  in  the  InGaN  active  region 
have  occurred  with  negligible  recombination.  At  low  reverse  voltages,  a  single  negative  peak  due 
to  absorption  bleaching  dominates  the  spectra.  With  increasing  reverse  bias,  the  observed 
spectral  signature  is  consistent  with  the  presence  of  absorption  bleaching  and  field  screening. 
The  spectra  at  9  V  in  Fig.  3  is  similar  to  that  observed  by  EA  measurements  with  a  negative¬ 
positive  swing  due  to  the  reduction  of  the  FKE.  Specifically,  the  net  change  in  absorption  due  to 
bleaching  decreases  with  increasing  reverse  bias  because  of  the  spatial  separation  between 
electrons  and  holes  under  the  influence  of  the  applied  field,  while  the  change  in  absorption  due  to 
screening  of  the  applied  field  begins  to  dominate.  More  importantly,  the  peak  change  in  the 
absorption  coefficients  caused  by  field  screening  (9  V)  is  comparable  to  the  change  caused  by 
bleaching  (0  V)  without  applied  bias. 


Fig.  3.  Differential  absorption  spectra  with  a  pump  fluence  of  60  |oJ/cm2  at  a  delay  time  of  60  ps 
as  a  function  of  reverse  bias. 

The  studies  on  [100]  and  [1 1 1]  oriented  InGaAs  devices  have  shown  that  the  magnitude  of  the 
continuous-wave  absorption  change  due  to  field  screening  comparable  to  bleaching.  The  large 
Aa  has  been  attributed  to  the  accumulation  of  carriers  during  the  longer  lifetime  caused  by 
spatial  separation  between  electrons  and  holes. 

CONCLUSION 

In  summary,  in  this  article  a  detailed  study  including  steady  state  EA  and  femtosecond  pump- 
probe  techniques  is  used  to  provide  insight  into  the  absorption  nonlinearities  in  an  InGaN/GaN 
double  heterostructure.  EA  measurements  indicate  the  field  induced  absorption  coefficient 
changes  in  this  structure  are  caused  by  FKE.  The  transition  of  the  differential  absorption  spectral 
signature  from  absorption  bleaching  to  field  screening  as  the  applied  reverse  field  increases  was 
found.  The  observed  changes  in  the  absorption  coefficients  caused  by  field  screening  under 
reverse  bias  are  on  the  same  order  of  the  changes  caused  by  bleaching  without  an  applied  bias. 
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ABSTRACT 

The  existence  of  excitons  of  the  structure  in  zinc-blende  InxGai-xN  is  reported  in  this  paper.  The 
LCAO  electron  band  structure  of  zinc-blende  InxGaf_xN  is  calculated  as  function  of  both  the 
electron  wave  vector  and  the  electron  radius-vector.  The  observed  optical  absorption  edge  in  In¬ 
rich  regions  in  InxGai-xN  is  explained  on  the  basis  of  this  electron  band  structure.  The  excitons  of 
the  structure  are  found  on  the  basis  of  the  electron  band  structure  of  zinc -blende  InxGai-xN.  The 
binding  energy  and  the  hydrogen  like  energy  levels  of  these  excitons  are  determined.  It  is  found 
that  these  excitons  are  localized.  The  observed  photoluminescence  spectrum  in  In-rich  regions  of 
InxGai-xN  is  explained  by  the  excitons  of  the  structure.  It  is  found  that  destroying  of  these 
excitons  occurs  in  their  interactions  with  hetero-junction  and  that  the  electrons  and  the  holes  of 
exciton  origin  penetrate  in  the  semiconductor  of  wider  energy  band  gap.  This  phenomenon  is 
used  for  explanation  of  the  observed  spectral  blue  shift  of  the  electroluminescence  in  the 
quantum  well  structures  on  InxGai-xN. 

INTRODUCTION 

The  quantum  well  structures  on  the  basis  of  InxGai.xN  show  interesting  optical  characteristics. 
The  results  obtained  by  Y.  Narukawa  et  al.[  1]  are  connected  with  photoluminescence  spectra  of 
quantum  well  structures  on  InxGai-xN,  and  the  authors  explain  the  spectra  by  excitons  localized 
in  deep  traps.  S.  Chichibu  et  al.  [2]  and  P.  Eliseev  et  al.[ 3]  have  observed  blue  shift  of  the 
electroluminescence  in  quantum  well  structures  on  InxGai_xN.  Davydov  et.  al.  [4]  have  observed 
interesting  optical  absorption  and  photoluminescence  spectrum  in  In-rich  regions  of  InxGai.xN. 
Existence  of  excitons  of  the  structure  in  zinc-blende  InxGai.xN  is  reported  in  this  paper.  The 
LCAO  (Linear  Combination  of  Atomic  Orbitals)  electron  band  structure  of  zinc-blende  InxGa|. 
XN  is  calculated  as  function  of  both  the  electron  wave-vector  and  the  radius-vector  of  the  quasi¬ 
elementary  cell  where  the  electron  is  localized.  The  energy  band  intervals  corresponding  to  the 
different  energy  sub-bands  are  determined.  The  observed  optical  absorption  edge  [4]  is  explained 
on  the  basis  of  these  energy  intervals.  Existence  of  excitons  of  the  structure  in  zinc-blende 
InxGai-xN  is  found.  Part  of  the  properties  of  these  excitons  is  determined.  The  observed  blue  shift 
in  [2]  and  [3]  is  explained  on  the  basis  of  these  excitons.  Also  the  observed  photoluminescence 
spectrum  [4]  is  explained  on  the  same  basis  as  well. 

ELECTRON  BAND  STRUCTURE  OF  ZINC-BLENDE  IN.GA^N 
The  electron  band  structure  of  zinc-blende  InxGai-xN  is  calculated  by  the  method  developed  in 
[5].  The  multinary  crystal  of  zinc -blende  InxGai-xN  is  considered  to  be  periodical  crystal  having 
large  primitive  super-cell,  containing  finite  number  of  elementary  cells.  By  definition  elementary 
cell  of  the  primitive  super-cell  is  cell  having  the  same  symmetry  like  the  symmetry  of  the 
primitive  cells  of  the  crystals-constituents  (here  they  are  zinc-blende  InN  and  zinc-blende  GaN) 
if  the  symmetry  is  defined  only  on  the  basis  of  the  positions  of  both  the  cations  and  the  anions 
without  consideration  the  nature  of  the  atoms.  It  is  found  [5]  that  the  electron  energy  in  the 
crystal  can  be  presented  in  the  following  way. 
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E(k)  =  Zq  exp(/k.Rq)  E(q)  (1 ) 

Where  k  is  electron  wave-vector,  E(q)  is  electron  energy  in  the  elementary  cell  q  having  radius- 
vector  Rq  =  qia{  +  q2&2  +  q.< a.-?  (ai .  and  a.i  are  three  basis  vectors  of  the  primitive  super-cell 
defined  by  the  elementary  cell).  The  dependence  of  the  electron  energy  on  the  coordinates  can  be 
found  by  taking  the  Fourier  transform  from  both  sides  of  ( 1 ) 

E(r)  =  Z<j  tf(r-Rq)E(q)  (2) 

Where  r  is  the  radius-vector  of  the  electron,  and  <J(r  —  Rq)  is  delta-function.  The  expression  (2) 
shows  that  the  electron  energy  depends  on  the  electron  radius-vector  -  i.e.  it  depends  on  the 
elementary  cell  where  the  electron  is  localized.  (The  elementary  cells  are  equivalent.) 

The  electron  band  structure  of  zinc-blende  InxGaixN  can  be  determined  on  the  basis  of  the 
interactions  within  the  primitive  super-cell,  which  determine  the  corresponding  sub-bands. 

Quasi -elementary  cell  must  be  introduced  according  to  [5].  It  has  the  same  structure  as  the 
elementary  cell,  but  the  natures  of  the  building  atoms  are  considered  (here  they  are  In,  Ga  and 
N).  According  to  [5]  (and  it  can  be  seen  in  (2))  the  electron  band  structure  can  be  presented  by 
sum  of  the  electron  band  sub-structures  belonging  to  the  elementary  cells.  (It  is  very  important 
that  this  sum  contains  delta-function.)  This  one  will  be  applied  for  the  quasi-elementary  cells.  As 
a  matter  of  fact  the  electron  band  structure  of  zinc-blende  InxGai  xN  determined  in  this  way 
contains  the  same  sub-bands  like  these  determined  for  the  primitive  super-cell  of  zinc-blende 
InxGai-xN  without  consideration  of  the  localizations  of  the  interactions.  However  here  the 
corresponding  sub-bands  are  localized  in  the  corresponding  quasi-elementary  cells  and  the 
electron  band  structure  depends  on  both  k  and  Rq.  The  electron  band  structure  E(k,  Rq)  of  zinc- 
blende  InxGai_xN  determined  in  this  way  is  continuous  sequence  of  electron  band  sub-structures 
and  each  of  them  is  calculated  for  the  corresponding  quasi-elementary  cell. 

It  is  necessary  to  be  used  localized  wave  tunctions  for  calculations  of  the  electron  band  sub¬ 
structure  of  a  quasi-elementary  cell.  In  this  paper  linear  combinations  of  atomic  orbitals  (LCAO) 
are  used  as  functional  basis  and  the  electron  band  sub- structures  are  calculated  using  LCAO 
method  [6].  Tetrahedral  cell  of  zinc-blende  InxGaj_xN  will  be  introduced  to  represent  interactions 
between  the  nearest  neighbor  orbitals.  The  tetrahedral  cell  of  zinc-blende  InxGai.xN  contains  two 
atoms  -  cation  and  anion.  In  the  quasi-elementary  cells  the  cations  are  atoms  In  and  Ga,  and 
anions  are  atoms  N.  The  tetrahedral  cell  contains  these  atoms  as  well.  The  orbitals  corresponding 
to  both  5-  and  p-states  of  the  valence  electrons  of  the  atoms  In,  Ga  and  N  are  used  in  the 
calculations.  Also  it  is  considered  that  non-zero  matrix  elements  are  only  these,  which  represent 
interactions  between  the  nearest  neighbor  orbitals  and  between  the  second  neighbor  orbitals.  Due 
to  the  fact  that  the  valence  electron  states  engaged  in  the  interactions  are  one  s-  and  three  p-states 
(px,py  and/?-)  per  atom  the  corresponding  LCAO  Hamiltonian  matrix  of  the  tetrahedral  cell 


contains  16  rows  and  16  columns.  The  matrix  element  Haa  for  a  =  1 ,2,3, . ,8  represents 

orbital  energy  term  when  the  corresponding  atom  is  in  the  crystal. 

—  Cra  £«  (3) 


The  energy  terms  e /  (/  =  5,  p)  represent  the  energies  of  the  s-  and  p-states  of  the  isolated  atoms  In, 
Ga  and  N.  Their  values  are  taken  from  [7],  The  real  coefficients  C,  are  obtained  by  the  author  by 
using  the  fitting  method  for  zinc-blende  InN  and  zinc-blende  GaN.  They  describe  well  the 
corresponding  energy  bandwidths  and  they  are  in  good  agreement  with  the  experimental  results. 
It  is  found  that  Cs=0.65  and  Cp=0.26  for  In,  Cs=0.63  and  Cp=0.25  for  Ga,  Cs=0.65  and  Cp=0.26 
for  N  if  this  atom  is  in  zinc -blende  InN,  and  Cs=0.63  and  Cp=0.25  for  N  if  this  atom  is  in  GaN. 


BEST  AVAILABLE  COPY 


The  matrix  element  Hap  (ot^(3)  represents  the  interaction  between  atomic  orbitals  /  and  V 
belonging  to  different  atoms 

Hap  =  E(r  £jc'  k  <lj  (4) 

Where  d,  is  vector-distance  between  the  orbitals  l  and  /’  engaged  in  the  interaction  and  E//  is  the 
module  of  the  matrix  element.  The  sum  in  (4)  is  over  all  parts  of  the  interacting  orbitals  /  (/  =  s, 
p)  and  /’(/’  =  s,p).  The  modules  E //  can  be  expressed  in  corresponding  way  [8]  by  terms  V,w<7, 
V5pff,  Vppcr  and  VPPx  representing  different  types  of  the  interactions.  These  terms  are  designated 
by  Virn  where  /,  V  -s,p  respectively  and  tj=  cr,  ^represents  the  type  of  the  p  orbital.  The 
module  E//  is  equal  to  zero  if  there  is  no  interaction  between  two  orbitals. 

The  matrix  elements  Hap  for  (a  =  1, 2,  ...8  &  p  =  1, 2,  ...8  &  a*  P)  represent  the  interaction 
between  the  orbitals  of  the  atoms,  which  are  nearest-neighbors.  In  this  case  [8]  the  terms  V//-7  are 
Vii’jj  =  h2GSirn/  (mo  d/),  where  05 u-n  is  structural  factor,  and  mo  is  the  mass  of  the  electron.  The 
inter-orbitals  distances  d;  are  equal  to  the  corresponding  distances  between  atoms  engaged  in 
In-N  or  Ga-N  bonds.  The  term  Wirn  has  different  values  for  In-N  and  Ga-N  bonds. 

The  matrix  elements  Hap  for  both  (a  =  9, 10, . 16  &  p  =  1,2, . 8)  and  (a  =  1,2,... .8  &  p  = 

8,9 . 16)  represent  interaction  between  the  atomic  orbitals  belonging  to  the  tetrahedral  cell 

and  the  atomic  orbitals,  which  are  their  second  neighbors.  The  muffm-tin  orbital  method  [8, 9]  is 
used  by  the  author  for  the  determination  of  the  terms  V//'  n  (in  the  case  of  the  interactions  between 
second  neighbors)  in  zinc-blende  IhxGai.xN.  The  distances  between  atoms  (second  neighbors) 
engaged  in  the  interactions,  their  tetrahedral  covalent  radii  and  the  distribution  of  the  valence 
electrons  in  the  tetrahedral  cell  are  used  as  the  basis  of  the  calculations.  It  is  found:  i)  in  the  case 
of  In-In  interaction:  -V.„ff=  0.3045  eV,  Vppa  -  0.0428  eV,  -Vwwr=  0.0214  eV;  ii)  in  the  case  of 
Ga-Ga  interaction:  -VSSCt=  0.2928  eV,  VPPa=  0.0371  eV,  -Vppn r=  0.0170  eV;  Hi)  in  the  case  of 
In-Ga  interaction:  -Vssa=  0.5200  eV,  VppG  -  0.2000  eV,  -Vw^=  0.1000  eV;  iv)  in  the  case  of  In- 
N  interaction:  -VSSG=  0.0503  eV,  VspG=  0.0190  eV,  Wppa~  0.0071  eV,  -Vw>ir=  0.0035  eV;  v)  in 
the  case  of  Ga-N  interaction:  -VJJ£T=  0.0469  eV,  V, spG=  0.0195  eV,  VppG  =  0.0079  eV,  -VppJl= 
0.0040  eV;  vi)  in  the  case  of  N-N  interaction:  -VlW<T=  0.0400  eV  if  both  N  atoms  are  engaged  in 
In-N  bonds  and  -VWCT=  0.0372  eV  if  both  N  atoms  are  engaged  in  Ga-N  bonds,  VW(t=  0.0010 
eV,  -VPP7t-  0.0005  eV  (Vsper=  0  for  both  anion-anion  and  cation-cation  orbital  interactions). 

The  matrix  elements  H«p  for  (a  =  9, 10, . 16  &  p  =  9, 10, . 16)  are  taken  to  be  equal  to 

zero  because  only  the  interactions  between  the  nearest-neighboring  orbitals  and  the  second- 
neighboring  orbitals  are  considered.  The  LCAO  Hamiltonian  matrix  of  the  tetrahedral  cell  is 
determined  by  all  cases  of  matrix  elements  Hap  discussed  above.  The  electron  band  sub-structure 

of  a  quasi-elementary  cell  can  be  calculated  by  Hamiltonian  matrix  |  H  |  (a  =  1, 2, 3, . .  16;  p 

=  1, 2,  3 . 16)  of  the  corresponding  tetrahedral  cell. 

After  detail  investigation  the  author  has  found  that  in  regard  to  the  excitons  of  the  structure  (its 
ground  state)  it  can  be  taken  a  part  of  the  LCAO  electron  band  structure  of  zinc-blende  InxGai_ 
XN  corresponding  to  configuration  of  quasi-elementary  cells  giving  deepest  energy  pocket  for  the 
electrons  in  the  conduction  band,  deepest  energy  pocket  for  the  holes  in  the  valence  band,  and 
both  energy  pockets  are  on  shortest  distance.  (For  other  purposes  the  complete  LCAO  electron 
band  structure  must  be  considered.)  In  order  these  three  conditions  to  be  satisfied  a  configuration 
of  five  different  types  of  zinc-blende  quasi-elementary  cells  taken  in  the  following  order  must  be 
used:  -  7)  GaN  quasi-elementary  cell  surrounded  by  second  neighboring  Ga  cations;  2)  GaN 
quasi-elementary  cell  having  half  of  second  neighboring  cations  Ga  and  other  half  In;  3)  mixed 
hi- GaN  quasi-elementary  cell  containing  one  half  atoms  In,  one  half  atoms  Ga  and  one  atom  N, 
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having  half  of  second  neighboring  cations  Ga  and  other  half  In.  The  corresponding  tetrahedral 
cell  contains  one  half  atoms  In,  one  half  atoms  Ga  and  one  atom  N;  4)  InN  quasi -elementary  cell 
having  half  of  second  neighboring  cations  In  and  other  half  Ga;  5)  InN  quasi -elementary  cell 
surrounded  by  second  neighboring  In  cations.  The  electron  band  sub-structures  have  to  be 
calculated  for  all  quasi-elementary  cells  and  the  corresponding  configurations  of  the  surrounding 
cations.  Each  electron  band  sub-structure  will  be  localized  in  conformity  with  (2)  and  it  forms 
corresponding  sector  of  the  electron  band  structure.  The  LC AO  energy  sub-bands  CB 1  (the 
minimum  of  the  conduction  band)  and  VB1  (the  maximum  of  the  valence  band)  are  given  in 
Fig.  1  under  consideration  that  the  electron  energy  of  the  vacuum  level  is  equal  to  zero. 

The  electron  energy  state  Tvcl  belongs  to  the  sub-band  CB1  of  the  sector  v,  and  the  electron  state 
TV?  belongs  to  the  sub-band  VB1  of  the  sector  t)  (u  =  1,  2,  3,  4,  5).  The  energy  interval  (Tv ci  - 
T \is)  is  direct  energy  band  gap  (k  =  0)  corresponding  to  the  quasi-elementary  cell  of  the  sector 
v.  It  depends  on  the  number  of  the  surrounding  second  neighboring  cations  Ga  and  In,  and  it 
varies:  in  the  range  1.51-  2.93  eV  for  sector  2,  in  the  range  1 .08  -  1 .60  eV  for  sector  3,  and  in 
the  range  1 .58  -  2.94  eV  for  sector  4.  These  energy  intervals  determine  the  effective  energy  band 
gap  of  zinc-blende  InxGa|.xN,  which  is  equal  to  the  narrowest  interval.  (The  author’s  calculations 
for  wurtzite  InxGai.xN  [5]  show  variations  of  these  intervals  as  follows:  in  the  range  3.12-3.46 
eV  for  sector  2,  in  the  range  1 .90  -  2.87  eV  for  sector  3,  and  in  the  range  1.64  -  2.06  eV  for 
sector  4.)  The  results  obtained  by  the  author  are  close  to  these  reported  in  [4]  where  the  optical 
absorption  edge  of  In-rich  regions  of  InxGai_xN  (0.36  <  x  <  1)  is  found  to  be  in  the  range  0.9  - 
1.1  eV,  and  close  to  these  reported  in  [10]  where  the  energy  band  gap  of  Ino.4Gao.6N  is 
determined  to  be  1 .7  eV.  The  effective  energy  band  gap  is  determined  by  the  dominating  energy 
interval  in  the  technological  circumstances.  The  shifts  of  the  sub-bands  of  Fig.  1  and  the 
corresponding  energy  intervals  are  due  to  the  defects  in  the  crystal  lattice  of  zinc-blende  InxGai_ 
XN  -  i.e.  the  existence  of  two  sorts  of  cations  -  In  and  Ga.  The  nature  of  these  shifts  is  different 
from  the  nature  of  the  shifts  of  the  boundaries  of  the  energy  band  gap  described  in  [1 1,  12]. 


E(k)[.VJ 


Figure  1.  Electron  band  structure  of  zinc-blende  InxGai_xN 
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EXCITONS  OF  THE  STRUCTURE  AND  THEIR  PROPERTIES 

Exciton  of  the  structure  in  zinc-blende  InxGai_xN  is  the  exciton  formed  by  both  electron 
occupying  state  UV/  (of  CB1)  and  hole  occupying  state  T^/j  (of  VB1).  According  to  the 
conditions  for  the  choice  of  the  configuration  of  the  quasi-elementary  cells  and  the  surrounding 
cations  given  above  both  states  (T4^  and  rVO  are  deepest  and  they  are  on  shortest  distance. 

This  state  will  be  defined  as  ground  state  of  the  exciton  of  the  structure  in  zinc-blende  InxGai_xN. 
The  author  has  developed  method  for  determination  of  the  properties  of  the  excitons  of  the 
structure  given  in  [5].  The  following  parameters  of  the  excitons  of  the  structure  in  zinc-blende 
InxGai-xN  defined  according  to  Fig.l  are  determined  by  the  theory  given  in  [5]: 

a)  The  binding  energy  of  the  excitons  of  the  structure  is 

Ex=*2/(2pxK2Rn2)  (5) 

Where  Rn  =  (R  n)  is  defined  to  be  the  radius  of  the  nth-exciton  state  (R  is  the  shortest  distance 
between  T4^  and  r3v/5,  n  >  1  is  integer  and  n  =  1  for  the  ground  state  of  the  exciton),  k  is 
dielectric  constant  (it  is  considered  K  =1  for  n  =  1  because  the  electron  and  the  hole  of  the  exciton 
belong  to  neighboring  quasi-elementary  cells).  Also  we  have  px'1  =  m 4efx  +  nr ?/,r\  where  m4fris 
the  effective  mass  of  the  electron  in  T4^  and  m^ris  the  effective  mass  of  the  hole  in  F^/j.  The 
effective  masses  m^rand  m^r  in  zinc-blende  InxGai_xN  are  calculated  by  the  author  on  the 
basis  of  the  corresponding  sub-bands  of  Fig.l  and  by  method  for  LCAO  effective  mass 
calculations  given  in  [6].  It  is  found  that  the  electron  effective  mass  m4er  varies  in  the  range 
0.1 3mo  -  0.1 7m0  depending  on  the  number  of  In  and  Ga  cations  surrounding  the  quasi- 
elementary  cell  of  sector  4.  The  effective  mass  m  V  is  m*V=  1.1 9m0.  The  binding  energy  Ex  of 
the  ground  state  (n  =  1)  depends  on  the  number  of  Ga  and  In  cations  surrounding  the  quasi- 
elementary  cells  of  sectors  2,  3  and  4.  It  is  found  that  Ex  varies  in  the  interval  1.08  -  1.36  eV  for 
zinc-blende  InxGaj-xN.  The  author  [5]  is  obtained  for  wurtzite  InxGai_xN  that  the  binding  energy 
of  the  ground  state  varies  in  the  range  1.06-1.17  eV. 

b)  The  hydrogen  like  energy  level  En  (n  >  1)  is  determined  [5]  as 

E„  =  r4f,-r3w.5-»2/(2HxK2R„2)  (6) 

The  energy  En  of  the  ground  state  of  the  exciton  of  the  structure  in  zinc-blende  InxGai.xN  (n  =  1 
and  K  =1)  depends  on  the  number  of  the  surrounding  cations  In  and  Ga.  It  varies  in  the  interval 
0.03  -  0.21  eV.  It  is  necessary  to  be  noted  that  the  energy  level  En  represents  energy  level 
occupied  by  the  electron  of  the  exciton  of  the  structure  taking  into  account  that  the  energy  level 
occupied  by  the  hole  of  the  exciton  of  the  structure  has  energy  equal  to  zero.  The  corresponding 
author’s  result  [5]  for  En  of  the  ground  state  (n  =  1)  of  the  excitons  of  the  structure  in  wurtzite 
InxGai.xN  shows  that  E„  varies  in  the  interval  0.50  -  0.82  eV.  It  means  that  it  should  be  expected 
the  photoluminescence  due  to  annihilations  between  the  electrons  and  the  holes  belonging  to  the 
ground  state  of  the  excitons  of  the  structure  within  the  energy  intervals  given  above  or  around 
them  -  i.e.  the  interval  0.03  -  0.21  eV  for  zinc-blende  InxGaj.xN  and  the  interval  0.50  -  0.82  eV 
for  wurtzite  InxGai_xN.  Indeed  the  authors  [4]  report  about  photoluminescence  spectra  in  In-rich 
regions  of  hexagonal  InxGai-xN  (0.36  <  x  <  1)  close  to  ~  0.7  eV,  and  these  spectra  are  bellow  the 
fundamental  absorption  edge  found  to  vary  in  the  range  0.9  - 1.1  eV. 

c)  The  moving  of  the  exciton  of  the  structure  in  zinc-blende  InxGaj-xN  is  investigated  in  the  same 
way  like  the  moving  of  these  excitons  in  wurtzite  InxGai.xN  [5].  It  is  found  that  the  transmission 
coefficient  D,  ex  of  the  tunneling  of  these  excitons  through  the  potential  barrier  of  width  R  (the 
shortest  one)  depends  on  the  numbers  of  In  and  Ga  cations  surrounding  the  quasi-elementary 
cells  of  sectors  2,  3  and  4,  and  it  varies  in  range  0.02  -  0.04.  Conclusion  that  the  excitons  of  the 
structure  in  zinc-blende  InxGaj.xN  are  localized  quasi-particles  can  be  made. 
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d)  Energy  discontinuous^  AE,  =  T1,  /  -  I4,.,  and  AE,  =  r\./5  -  T \.i5  are  defined  for  hetero¬ 
junction  InxGai-xN  -  GaN  in  terms  of  the  excitons  of  the  structure.  This  definition  is  the  basis  for 
interaction  of  the  exciton  of  the  structure  in  ground  state  and  region  (cluster)  having  greater 
energy  band  gap.  When  electrical  field  having  strength  G  is  applied  on  the  hetero-junction 
defined  above  the  exciton  of  the  structure  in  zinc-blende  InxGai.xN  can  be  destroyed  and  as 
result  the  electron  and  the  hole  will  penetrate  in  region  (cluster)  having  wider  energy  band  gap 
(here  it  is  GaN).  The  transmission  coefficient  DJuiim  of  the  electron  belonging  to  the  exciton  of 
the  structure  in  zinc-blende  InxGai.xN  trough  the  hetero-junction  is  found  by  the  author  on  the 
basis  of  the  approach  described  in  [51 .  It  depends  on  both  the  electrical  field  strength  G  and  the 
numbers  of  Ga  and  In  cations  surrounding  the  quasi-elementary  cells  of  sectors  3  and  4.  It  is 
found  that  DjW,„  varies  in  the  interval  0-0.65  if  the  electrical  field  strength  G  varies  in  the  range 
5.6*105  -  60*105  V/cm.  The  transmission  coefficient  Dill/iiP  of  the  hole  belonging  to  the  exciton 
of  the  structure  varies  in  the  same  range  like  Dnuu,. 

The  spectral  blue  shift  in  multi-  or  single  quantum  well  structures  observed  by  S.  Chichibu  at  al. 

[2]  and  by  P.  G.  Eliseev  et  al.  [3]  can  be  explained  by  scheme  [5]  which  is  sequence  of  the 
following  processes:  1 )  Destroying  of  the  exciton  of  the  structure  in  its  interaction  with  hetero¬ 
junction.  2)  The  electron  and  the  hole  penetrate  in  the  semiconductor  of  wider  energy  band  gap. 
3)  Recombination  between  penetrated  electron  and  penetrated  hole  in  the  semiconductor  of 
wider  energy  band  gap.  The  difference  between  wurtzite  InxGa|.xN  and  zinc-blende  InxGai-xN  is 
that  the  recombination  of  both  the  electrons  and  the  holes  of  exciton  origin  in  zinc-blende 
hixGai-xN  occurs  mostly  in  the  mixed  In-GaN  quasi-elementary  cells  having  energy  band  gaps  of 
sector  2  or  close  to  them,  because  the  reported  spectral  shift  is  in  interval  2.32  -  2.43  eV. 

CONCLUSIONS 

The  results  obtained  in  this  paper  are  the  basis  for  further  investigations  of  other  properties  of  the 
excitons  of  the  structure  -  lifetime,  distribution  of  their  states  according  to  the  structure  of  zinc- 
blende  InxGai.xN,  interaction  of  these  excitons  with  radiation,  exciton-hole  and  exciton-electron 
interactions,  influence  of  these  excitons  over  the  transport  phenomena  in  zinc-blende  InxGai_xN 
etc.  These  results  can  be  used  for  design  of  electron  devices  using  the  excitons  of  the  structure. 
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ABSTRACT 

Monochromatic  cathodoluminescence  (CL)  imaging  of  metal-organic  vapour  phase  epitaxy 
(MOVPE)  grown  Ino.1Gao.9N  single  quantum  wells  (QW)  has  been  performed  in  a  scanning 
transmission  electron  microscope  (STEM).  Spatially  resolved  fluctuations  in  the  CL  emission 
wavelength  and  intensity  of  the  QW  luminescence  were  recorded.  The  presence  of  regions  with 
luminescent  features  asymmetrically  distributed  either  side  of  the  QW  peak  emission  was 
inferred.  These  fluctuations  may  be  attributed  to,  by  for  example,  variations  of  ±0.01  in  the  In 
fraction  of  the  Ino.1Gao.9N  alloy,  to  changes  of  up  to  0.6nm  in  the  QW  thickness.  However  these 
factors  do  not  explain  the  gross  fluctuations  in  QW  emission  intensity  observed  in  TEM-CL  on 
the  scale  of  ~  lpm. 

INTRODUCTION 

Light  emitting  and  laser  diodes  based  on  InxGa(]-X)N  quantum  well  (QW)  structures  have 
been  available  commercially  for  a  number  of  years  [1],  However  the  exact  relationship  between 
compositional  distributions  within  the  QWs  and  the  efficiency  and  wavelength  of  light  emission 
is  not  fully  described.  A  number  of  authors  describe  an  emission  process  based  around  the 
localisation  of  excitation  to  QW  composition  fluctuations  [2-4].  As  means  of  investigating  non 
uniformity,  emission  from  InxGa(i.X)N  QW  structures  has  been  investigated  by  CL  microscopy  in 
the  scanning  electron  microscope  (SEM)  by  a  number  of  authors  [5-7].  More  recently  this  work 
has  been  extended  by  measurement  of  CL  in  transmission  electron  microscopes  with  scanning 
attachments  (STEM)  [8, 9].  Measurement  of  CL  in  a  STEM  was  first  reported  by  Petroff  et  al 
[10]  and  has  been  reviewed  elsewhere  [11].  This  method  allows  spectroscopic  and  micro- 
structural  information  to  be  collected  simultaneously.  High  spatial  resolution  can  be  achieved 
with  this  technique  as  the  beam  broadening  in  electron  transparent  TEM  foils  is  small  [12],  and 
the  effective  carrier  diffusion  length  is  small  due  to  the  proximity  of  the  foil  surface.  These 
advantages  are  traded  off  against  the  smaller  signal  available  from  a  thin  foil  as  a  result  of  losses 
due  to  surface  recombination  and  the  limits  of  a  small  generation  volume. 

In  this  work  panchromatic  and  monochromatic  STEM-CL  imaging  and  spectroscopy  were 
used  to  investigate  the  uniformity  of  emission  from  an  InxGa(i.X)N  /GaN  single  QW. 

EXPERIMENTAL  DETAILS 

Specimens 

The  single  QW  specimens  were  grown  by  metal-organic  vapour  phase  epitaxy  (MOVPE)  on 
sapphire  (0001)  substrates.  A  GaN  buffer  layer  approximately  one  micron  thick  was  deposited 
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on  the  substrate  following  deposition  of  a  low  temperature  nucleation  layer.  The  InxGa(i.X)N 
QWs  were  grown  at  8325C,  with  nominally  2.5nm  thickness  and  were  capped  with  15nm  of 
GaN.  Further  details  of  the  growth  process  can  be  found  elsewhere  [13, 14].  High  resolution  X- 
ray  diffraction  studies  and  grazing  incidence  Rutherford  back-scattering  (RBS)  analysis  indicated 
the  indium  content  of  the  wells  to  be  x  =  0.1  ±  0.015  [15].  The  RBS  technique  used  averages 
over  an  area  of  approximately  1mm2.  Cross  section  electron  transparent  foils  were  prepared  by 
mechanical  polishing  and  thinning  in  a  liquid  nitrogen  cooled  Ion  Tech  argon  ion  thinner 
operating  at  4kV. 

Apparatus 

STEM-CL  measurements  were  carried  out  in  a  JEOL  200CX  TEM  equipped  with  an  Oxford 
Instruments  MonoCL  system  and  JEOL  scanning  unit.  CL  was  collected  using  a  retractable 
paraboloidal  mirror  inserted  between  the  sample  holder  and  upper  objective  pole  piece.  A  small 
hole  at  the  top  of  the  mirror  allowed  the  electron  beam  passage  to  the  sample.  The  collected  CL 
was  measured  in  either  panchromatic  or  monochromatic  imaging  modes  using  a  monochromator 
fitted  with  a  150  lines/mm  grating  blazed  for  peak  reflectance  at  300nm.  A  Peltier  cooled  Burle 
C31034  photomultiplier  was  operated  in  photon  counting  mode.  Spectra  could  be  recorded  in 
both  STEM  and  conventional  TEM  modes.  When  acquiring  spectra  in  the  STEM  operating 
mode  care  was  taken  that  the  integration  time  for  each  wavelength  recorded  was  longer  than  the 
time  taken  for  the  electron  beam  to  raster  over  the  image  area  several  times.  All  micrographs 
and  spectra  presented  in  this  work  were  recorded  at  a  nominal  temperature  of  100K  in  an  Oxford 
instruments  tilt-rotate  liquid  nitrogen  holder. 

A  factor  limiting  the  spectral  resolution  of  this  system  is  the  small  CL  signal  emitted  from  a 
TEM  foil  under  electron  beam  illumination.  In  order  to  achieve  count  rates  allowing 
monochromatic  imaging  it  was  necessary  to  use  the  spectrometer  with  the  exit  slit  set  at  1mm, 
corresponding  to  21 .6nm  dispersion. 

RESULTS  AND  DISCUSSION 

^  GaN 

- — InGaN  quantum  well 
_ -  epoxy 

* — ■  InGaN  quantum  well 
GaN 


Figure  1.  Panchromatic  cross-section  TEM-CL  image  of  a  single  Ino.1Gao.9N  /GaN  quantum 
well.  The  luminescence  from  the  sapphire  and  GaN  appears  to  be  largely  uniform  whereas  the 
luminescence  from  the  QWs  varies  in  intensity. 
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Figure  1  shows  a  panchromatic  CL  image  of  a  single  Ino.1Gao.9N  /GaN  QW.  Bright  contrast 
is  visible  from  the  outermost  surface  of  the  specimens  (ie.  from  where  the  QW  is  located)  and  the 
CL  is  inhomogeneous  on  a  sub  micron  scale.  In  an  earlier  paper  [9]  the  present  authors  report 
that  variations  in  CL  intensity  can  result  directly  from  variations  in  the  TEM  foil  thickness. 
Reference  [9]  reports  a  method  of  normalising  the  CL  intensity  for  thickness  variation  using  the 
STEM  image  intensity  as  a  reference  signal.  However  for  the  image  in  figure  1  the  variations  in 
thickness  over  the  region  of  interest  are  small  and  such  normalisation  was  unnecessary.  The 
contrast  variation  along  the  QW  is  therefore  likely  to  be  a  property  of  the  material  itself  rather 
than  a  thickness  artefact.  Since  in  panchromatic  CL  imaging  all  possible  wavelengths  are 
recorded,  the  contrast  seen  is  considered  unlikely  to  arise  from  small  variations  in  QW 
composition  or  thickness.  The  influence  of  dislocations  has  not  been  probed  in  this  work. 

Further  studies  of  these  wells  were  made  by  CL  spectroscopy  and  monochromatic  imaging. 


200  250  300  350  400  450  500  550  600 

Wavelength  (nm) 


Figure  2.  CL  Spectrum  taken  in  the  TEM  from  an  area  centred  on  the  Ino.1Gao.9N  QWs. 
Monochromatic  images  of  the  same  area  are  shown  in  b,  c,  and  d.  The  image  contrast  has  been 
inverted  from  the  conventional  sense  for  ease  of  viewing  (black  =  CL  intensity)  and  the  images 
have  been  thresholded  for  clarity. 

Figure  2(a)  shows  a  CL  spectrum  taken  in  the  TEM  from  a  24x20pm  area  centred  on  the 
hio.1Gao.9N  QW.  The  dominant  peak  at  350nm  is  from  the  GaN  layer  whilst  the  smaller  peak  at 
430nm  is  from  the  QW.  Before  describing  the  monochromatic  imaging,  some  differences 
between  these  CL  and  PL  spectra  reported  elsewhere  [13]  are  commented  upon,  i)  In  PL  the  QW 
luminescence  is  brighter  than  that  of  the  barrier.  Reversal  of  this  in  CL  is  likely  to  be  due  to  the 
sizes  of  the  relative  sampling  volumes,  ii)  The  shift  in  the  CL  peak  position  relative  to  PL  may 
be  influenced  by  the  difference  between  the  nominal  TEM  stage  temperature  and  that  of  the 
sample  itself  while  electron  beam  irradiated.  It  might  also  be  influenced  by  the  high  injection 
density  in  CL.  iii)  Finally  the  much  greater  breadth  of  the  CL  peaks  from  the  QWs  compared  to 
PL  is  due  to  the  low  resolution  of  the  CL  spectrometer  (~1 5nm)  chosen  to  allow  high 
transmission  for  imaging. 

Monochromatic  images  were  recorded  with  the  spectrometer  centred  on  the  peak  QW 
emission  wavelength  of  430nm  as  shown  in  figure  2(c).  Images  taken  with  centre  wavelengths 
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of  425  and  435nm  are  also  shown.  Attempts  to  record  images  with  the  spectrometer  centred  at 
±10nm  from  the  peak  QW  emission  were  unsuccessful  due  to  the  lack  of  signal.  The  images 
shown  in  figure  2  have  been  processed  to  remove  noise,  and  the  gain  and  contrast  have  been 
adjusted  equally  for  each  image.  Intensity  line  scans  from  the  QWs  are  shown  in  figure  3. 
Inspection  of  the  micrographs  in  figure  2  and  the  line  scans  in  figure  3  highlights  some  regions 
where  there  is  strong  CL  emission  at  all  three  wavelengths.  The  line  scans  taken  at  430nm  and 
435nm  have  similar  intensity,  and  while  they  have  the  same  general  shape  there  are  slight 
differences  between  them.  That  taken  at  425nm  shows  reduced  intensity  and  further  shape 
differences. 


Figure  3.  Intensity  profiles  along  the  monochromatic  CL  images  of  the  QW  shown  in  figure  2 
recorded  at  425nm,  430nm  and  435nm. 

To  interpret  the  micrographs  shown  in  figure  2  it  is  necessary  to  briefly  discuss  the  effects 
that  the  resolution  of  the  spectrometer  had  on  the  observations. 
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Figure  4.  Diagram  showing  the  transmission  range  of  the  spectrometer  (~15nm)  with  the 
different  centre  wavelengths  selected  for  the  images  in  figure  2. 

As  can  be  seen  in  figure  4  all  three  monochromatic  images  in  figure  2  have  a  contribution 
from  the  peak  of  QW  emission.  Hence  only  features  common  to  all  three  monochromatic 
micrographs  are  unambiguously  due  to  430nm  emission.  The  differences  in  fine  detail  in  the 
intensity  line  scans  may  be  attributed  to  localised  QW  luminescence  at  non  peak  wavelengths. 
Furthermore,  since  figures  2(b)  and  (d)  differ,  these  features  are  distributed  asymmetrically  about 
the  peak  of  the  QW  emission. 

Factors  which  could  account  for  the  differences  between  localised  luminescence  in  the 
monochromatic  images  will  now  be  discussed. 
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To  investigate  the  effect  that  fluctuations  in  the  In  content  of  the  QW  would  have  on 
emission  wavelength,  the  data  recorded  by  Martin  et  al  [16]  for  CL  peak  energy  E  vs  In 
composition  in  InxGa(i.X)N/GaN  epilayers  (0  <  x  <  0.23)  was  used: 

E  =  [(3.398  +  0.006)  -  (3.91  ±  0.05)*]  eV  (1) 

Hence  a  decrease  in  QW  emission  wavelength  from  430nm  to  425nm  would  require  a  decrease 
in  the  In  fraction  *  of  from  0. 1  to  0.09.  The  variations  seen  between  figures  2(b),  (c),  and  (d) 
could  therefore  in  principle  be  due  to  fluctuations  in  the  In  composition  of  the  QW  of  the  order 
of  +0.01 .  This  variation  is  within  the  experimental  error  limits  of  the  composition  determination 
of  0.1  ±  0.015  performed  on  these  samples  by  RBS  [15].  Strain  has  not  been  considered  in  this 
work. 

Considering  well  thickness,  data  presented  for  Ino.1Gao.9N  single  QWs  by  Chichibu  et  al  [4] 
shows  a  linear  change  of  effective  QW  bandgap  with  QW  width  over  the  range  2.9-3.  leV.  The 
gradient  of  this  is  0.05eV/nm'‘.  This  demonstrates  that  a  change  in  QW  thickness  of  0.6nm 
would  be  required  to  account  for  a  5nm  shift  in  the  peak  QW  emission  from  430nm.  It  is  not 
clear  at  this  stage  whether  QW  thickness  fluctuations  of  this  size  exist,  however  the  uniformity  of 
PL  peak  wavelength  from  wafers  is  high  indicating  good  QW  integrity,  but  this  could  be 
explained  by  compensatory  changes  to  both  the  well  thickness  and  indium  mole  fraction. 
Quantum  confinement  in  the  direction  of  the  electron  beam  is  judged  to  be  unlikely  as  the  area  of 
foil  investigated  has  a  thickness  greater  than  several  extinction  distances,  i.e.  several  hundred 
nanometers.  Hence  the  data  available  at  this  time  does  not  allow  us  to  determine  whether  the 
small  differences  in  shape  of  the  line  scans  in  figure  4  are  associated  with  composition 
fluctuations,  QW  thickness  variations,  or  a  combination  of  factors. 

CONCLUSIONS 

Panchromatic  TEM-CL  images  of  single  Ino.1Gao.9N  QWs  reveal  discontinuous 
luminescence  on  the  scale  of  ~l|im.  Monochromatic  CL  imaging  of  single  Ino.1Gao.9N  QWs  has 
been  performed  and  micrographs  were  taken  with  nominal  spectrometer  settings  at  the  peak 
emission  wavelength,  430nm,  as  well  as  at  430±5nm.  Luminescent  areas  common  to  all  three 
images  were  shown  to  be  associated  with  the  main  QW  emission  peak  at  430nm.  Small 
differences  between  the  images  were  attributed  to  luminescent  features  distributed 
asymmetrically  about  the  QW  peak.  These  differences  may  arise  from  fluctuations  in  the  In 
content  of  the  wells  contained  within  the  limits  of  errors  in  composition  determination  (*  =  0.1  ± 
0.015)  by  RBS,  from  variations  in  QW  thickness  of  up  to  0.6nm,  or  some  combination  of  these 
or  other  factors.  However,  this  investigation  does  not  reveal  the  cause  of  the  gross  fluctuations 
in  the  QW  luminescence  on  the  scale  of  ~lpm.  This  shall  be  the  subject  of  further  study  by  CL 
and  diffraction  contrast  imaging. 
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ABSTRACT 

The  effect  of  electron  beam  irradiation  on  the  cathodoluminescence  (CL)  emission  from 
Ino.1Gao.9N/GaN  single  quantum  wells  (QW)  has  been  investigated  by  in-situ  measurement  of  CL 
in  a  transmission  electron  microscope.  Analysis  of  CL  quenching  over  600s  showed  that  the  QW 
luminescence  decayed  more  quickly  than  the  barrier  emission.  Both  the  Ino.1Gao.9N  and  GaN  CL 
decay  curves  could  be  fitted  to  a  simple  recombination  based  model  suggesting  the  decay  was 
due  to  the  introduction  of  non-radiative  centres. 

INTRODUCTION 

Development  of  GaN  electronic  devices  for  high-power,  high-frequency  transistors  (HFETs) 
and  for  use  in  high  radiation  environments  has  led  to  an  interest  in  the  degradation  behaviour  of 
GaN  under  electron  irradiation  [1,2].  The  transmission  electron  microscope  (TEM)  provides  an 
ideal  vehicle  for  such  studies.  Measurement  of  cathodoluminescence  (CL)  [3]  is  routinely  done 
in  scanning  electron  microscopes,  and  CL  in  a  TEM  has  been  reported  by  a  number  of  authors 
[4-7].  More  recently  TEM-CL  has  been  used  in  the  investigation  of  InxGa(i.X)N  quantum  well 
(QW)  structures  [8-11].  With  this  in  mind  it  is  of  interest  to  investigate  any  effects  that  high 
energy  electron  irradiation  in  a  TEM  has  on  the  CL  emission  from  these  structures.  In  this  work 
in-situ  monitoring  of  the  CL  emission  from  InxGa(i.x)N/GaN  QWs  has  been  performed  in  a  TEM. 

EXPERIMENTAL 

InxGa(i.X)N/GaN  single  and  double  quantum  wells  were  grown  by  MOVPE  on  sapphire 
(0001)  substrates.  Growth  was  initiated  using  a  thin  low-temperature  nucleation  layer,  which 
was  followed  by  a  one  micron  thick  undoped  GaN  buffer  layer  grown  at  1 140SC.  The  quantum 
well  structures  were  grown  at  832°C.  The  InGaN  quantum  wells  were  nominally  2.5nm  thick 
with  a  15nm  thick  GaN  cap.  High  resolution  X-ray  diffraction  studies  and  grazing  incidence 
Rutherford  back-scattering  analysis  indicated  the  indium  content  of  the  wells  to  be  x  =  0. 1  ± 
0.015  [12].  Cross  section  electron  transparent  specimens  (<500nm)  were  prepared  by 
mechanical  polishing  and  liquid  nitrogen  cooled  Argon  ion  thinning. 

A  JEOL  200CX  TEM  has  been  adapted  to  allow  the  simultaneous  collection  of  CL  and 
transmitted  electrons  using  an  Oxford  Instruments  MonoCL  system.  CL  was  collected  using  a 
retractable  paraboloidal  mirror  inserted  between  the  sample  holder  and  upper  objective  pole 
piece.  Collected  CL  was  either  measured  in  panchromatic  or  monochromatic  modes  through  a 
monochromator  fitted  with  a  150  lines/mm  grating  blazed  for  peak  reflectance  at  300nm.  A 
Peltier  cooled  Burle  C31034  photomultiplier  was  operated  in  photon  counting  mode.  Spectra 
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were  collected  whilst  operating  in  both  STEM  (probe  size  ~10nm)  and  conventional  TEM 
(CTEM)  modes  (~lpm  diameter  beam  spot).  All  samples  examined  in  this  work  were  held  at  a 
nominal  100K  in  an  Oxford  instruments  tilt-rotate  liquid  nitrogen  holder.  All  the  experiments 
were  performed  on  electron  transparent  TEM  foils. 

RESULTS 

Figure  1  shows  the  development  of  panchromatic  CL  intensity  from  an  Ino.1Gao.9N  QW 
structure  with  time  under  constant  excitation  from  120kV  electrons  in  both  CTEM  and  STEM 
modes.  For  CTEM  illumination  the  QW  structure  was  positioned  at  the  centre  of  the  1pm 
diameter  beam  spot  and  the  magnification  adjusted  so  that  only  the  QW  and  GaN  buffer  layer 
were  illuminated  -  an  equivalent  arrangement  was  used  for  STEM  operation.  The  sampling  time 
was  limited  to  ten  minutes  to  minimise  the  effects  of  specimen  drift.  The  CTEM  data  shows  a 
smooth  decrease  in  CL  intensity  with  no  sign  of  levelling  off  after  600  seconds  irradiation  time. 
The  STEM  data  shows  no  such  decline  over  the  same  period  but  the  data  is  noisier  as  a  result  of 
the  smaller  count  rates  in  STEM  mode. 


Time  (seconds) 

Figure  1.  Decay  of  total  integrated  CL  versus  time  under  CTEM  and  STEM  illumination, 

120keV  beam. 

A  Faraday  cup  was  used  to  measure  the  electron  beam  currents  for  CTEM  and  STEM  which 
were  9.5  nanoamps  and  0.2  nanoamps  respectively.  This  difference  in  probe  current  is  suggested 
as  an  explanation  for  the  difference  in  CL  degradation  rates,  the  electron  fluxes  being  7.5xl018  s' 
‘cm'2  in  CTEM  mode  and  5xl016  s^cm'2  in  STEM  mode. 
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Figure  2.  CL  of  Ino.1Gao.9N/GaN  single  QW  taken  at  a  nominal  temperature  of  100K  with 
STEM  illumination  at  120kV. 

To  further  investigate  the  components  of  panchromatic  CL  degradation  seen  in  figure  1 ,  the 
decay  of  monochromatic  CL  emission  has  been  investigated.  Figure  2  shows  a  spectrum  from  an 
area  of  material  similar  to  that  sampled  in  figure  1.  The  dominant  peak  at  350nm  is  band  edge 
emission  from  the  GaN  buffer  layer,  whilst  the  peak  at  430nm  is  from  the  QW.  The  intensity  of 
the  QW  peak  is  less  than  is  typical  for  photoluminescence  (PL)  of  a  similar  structure  for 
geometric  reasons  [1 1].  Monochromatic  decay  curves  for  CL  emission  at  345  and  430nm  are 
shown  in  figure  3. 


Time  (seconds) 


Figure  3.  Decay  of  CL  intensity  at  345nm  and  430nm  versus  time,  CTEM  mode,  120keV  beam. 

Analysis  of  figure  3  shows  that  the  decay  curves  do  not  fit  a  simple  one  term  exponential 
model.  TTie  decay  of  CL  intensity,  Icl,  with  time  t  was  described  well  by  an  expression  for  a 
model  in  which  the  luminescent  output  is  decreased  by  the  presence  of  an  increasing  population 
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of  non-radiative  recombination  centres.  The  form  of  the  equation  previously  used  by  Ohno  et  al 
[13]  for  electron  beam  irradiation  of  III-V’s  is:- 


100 

(\+at) 


(1) 


The  fitting  parameter,  a,  is  0.0021s'1  for  the  QW  emission  and  0.0010s'1  for  the  GaN  band  edge 
emission,  these  values  being  of  a  similar  magnitude  to  those  reported  elsewhere  [13]  for 
degradation  of  CL  in  a  TEM  for  other  III-V  materials. 


DISCUSSION 

Rapid  degradation  of  CL  emission  is  recorded  during  CTEM  operation,  whereas  minimal 
changes  are  seen  in  STEM  mode.  This  difference  is  attributed  to  differences  in  electron  dose,  the 
flux  in  CTEM  mode  being  7.5xl018  s  ’cm'2  while  that  for  illumination  of  a  similar  area  in  STEM 
mode  is  5xl016  s''cm'2. 

When  considering  the  origin  of  the  decay  of  the  luminescence  we  first  discuss  the  possible 
minor  contribution  of  the  light  blocking  action  of  contamination  building  up  on  the  specimen 
under  the  influence  of  the  electron  beam.  For  a  blocking  layer  with  absorption  coefficient  a  cm'  , 
deposited  at  a  rate  of  k  cm.s'1,  the  attenuation  of  CL  with  time  is  expected  to  be  of  simple 
exponential  form  i.e. 

/  =  Ioeak‘  (2) 

However  since  the  data  in  figure  3  could  not  be  fitted  to  a  simple  exponential  there  is 
presently  no  evidence  for  this  contamination/light-blocking  mechanism.  It  is  not  anticipated  that 
this  mechanism  is  a  dominant  one.  Should  experimental  evidence  be  sought  for  it  in  the  future, 
then  it  may  be  borne  in  mind  that  contamination/light-blocking  may  be  independent  of  sample 
type  for  a  given  wavelength  of  luminescence. 

A  more  likely  mechanism  is  luminescence  quenching  by  the  introduction  of  beam  induced 
non-radiative  recombination  centres:  equation  1  describes  such  a  model  [3,  13],  and  its  fit  to  the 
present  data  is  good.  Assuming  that  the  capture  cross  sections  for  carriers,  the  carrier  velocity, 
and  the  carrier  lifetimes  for  radiative  and  non-radiative  recombination  are  constant  during  the 
experiment,  then  equation  1  describes  the  introduction  of  non-radiative  centre  concentration  that 
increases  linearly  with  electron  dose,  ie.  at  =  a'D  (where  D  is  the  electron  dose  and  a'  is  a 
constant  representing  the  introduction  rate  for  non-radiative  centres).  Hence  the  differences  in 
the  parameter,  a ,  for  the  QW  and  GaN  band  edge  emission  (0.0021  s'1  and  0.0010  s'1 
respectively)  are  related  to  the  formation  rate  of  a  non-radiative  centre,  or  centres.  Moreover  the 
larger  value  for  the  QW  indicates  that  these  centres  are  being  created  at  a  greater  rate  in  InGaN 
that  in  GaN.  Alternatively  the  difference  in  the  parameter  may  be  due  to  the  non-radiative  centres 
being  deeper  in  InGaN  than  in  GaN.  Further  work  to  investigate  the  electron  energy  dependence 
of  the  parameter  a '  is  anticipated. 

Higher  energy  electron  irradiation  experiments  on  GaN  (2.5  MeV  electrons),  and 
characterisation  through  PL  are  reported  by  Buyanova  et  al  [2],  It  was  shown  that  an  increase  in 
the  0.7-l.leV  band  is  induced  by  irradiation,  there  being  a  sharp  no-phonon  line  at  0.88eV  which 
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was  attributed  to  a  transition  between  a  deep  donor  and  radiation-induced  deep  acceptor. 
Transitions  in  the  deep  donor  range  in  GaN  at  0.8-1.  leV  below  the  conduction  band  edge  have 
been  previously  attributed  to  NCa  [14].  Possible  deep  acceptor  levels  in  GaN  are  due  to  (NGa-VN) 
and  GaNt  [15]. 

With  these  native  defects  in  mind  an  atomistic  mechanism  for  the  electron  beam  induced 
degradation  of  GaN  and  InxGa(i-x)N  is  postulated  by  analogy  with  the  accepted  model  of  electron 
beam  induced  degradation  for  halides  and  chalcogenides  due  to  Forty  [16,  17].  The  process  is 
presented  here  in  terms  of  the  nominal  charges  on  the  participating  species  and  is  as  follows:  an 
electron  is  ejected  from  the  N3'  species  by  the  electron  beam,  the  resulting  Nx’  (0<x<3)  is  a 
positive  hole  relative  to  the  lattice;  the  Nx‘  is  weakly  bound  in  the  lattice  and  is  displaced  to  an 
interstitial  site  by  recoil  or  thermal  energy;  the  electron  ionised  from  the  nitrogen  ion  can  either 
enter  the  conduction  band  or  is  captured  by  a  neighbouring  Ga3+  ion,  this  weakens  the  Ga 
bonding  structure  such  that  the  repulsive  force  from  a  neighbouring  Vn  can  eject  the  Ga2+  ion 
from  the  lattice  to  an  interstitial  site.  The  net  result  is  the  (VN+VGa)  strongly  bonded  vacancy 
pair  and  interstitial  N  and  Ga  which  are  free  to  move  in  the  lattice  and  may  form  antisite  defects 
or  clusters.  The  atomistic  process  has  been  described  above  for  GaN,  however  it  may  be 
suggested  that  the  same  process  is  also  occurring  with  In  atoms  in  the  same  manner  as  for  Ga 
atoms  in  the  InxGa(i.X)N  alloy.  It  should  be  made  clear  at  this  point  that  the  proposed  model  is 
drawn  by  analogy  and  makes  no  use  of  for  example,  calculations  of  the  specific  energetics  of 
individual  atomistic  processes. 

The  model  described  would  account  for  the  degradation  of  GaN  band  edge  and  Ino.1Gao.9N 
QW  emission  through  the  formation  of  alternative  recombination  routes,  and  may  account  for  the 
more  rapid  decay  of  the  QW  emission  compared  to  that  of  the  barrier  as  the  bond  energies  in  InN 
are  weaker  than  GaN.  In  addition  the  model  is  consistent  with  PL  observations  of  electron 
irradiated  GaN  [2].  However,  this  is  by  no  means  a  validation  for  the  model  which  is  only  drawn 
by  analogy  with  Forty’s  mechanism. 

CONCLUSIONS 

The  effects  of  electron  irradiation  on  the  CL  emission  of  Ino.1Gao.9N  QW  and  GaN  barriers  in 
a  TEM  have  been  investigated.  It  has  been  shown  that  the  lower  electron  dose  received  during 
STEM  imaging  results  in  minimal  CL  degradation  whereas  the  larger  dose  received  during 
CTEM  operation  causes  severe  CL  degradation.  It  is  therefore  recommended  that  during 
combined  TEM-CL  investigations  STEM  in  preference  to  CTEM  mode  is  used  until  all  CL  data 
required  has  been  recorded. 

Fitting  the  CL  decay  curves  to  a  simple  recombination  based  model  suggests  the  decay  is  due 
to  the  introduction  of  competing  non-radiative  centres  through  the  action  of  the  electron  beam. 
Decay  of  the  luminescence  is  faster  in  InGaN  than  in  GaN  for  a  given  electron  flux.  Atomic 
mechanisms  have  been  discussed  with  reference  to  PL  studies  and  by  analogy  with  the  electron 
beam  degradation  model  for  halides  and  chalcogenides.  However  the  experimental  evidence  of 
this  work  is  not  sufficient  to  identify  the  particular  mechanisms  responsible. 
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ABSTRACT 

Room  temperature  time-resolved  photoluminescence  (TRPL)  studies  of  multiple  quantum 
well  (MQW)  structures  of  the  binaries  GaN  and  AIN  grown  by  molecular  beam  epitaxy  are 
reported.  The  eventual  application  of  these  structures  is  for  GaN  intersubband  IR  light  emitters. 
However,  as  an  initial  study,  the  structures  are  evaluated  at  UV  to  investigate  materials 
parameters  relevant  to  IR  light  emission.  The  nominally  0.9,  1.3  and  1.5  nm  GaN  quantum  wells 
are  clad  by  6nm  of  AIN  on  top  of  a  thick  AIN  buffer  grown  on  sapphire.  All  samples  consisted  of 
20  quantum  wells.  The  observed  peak  energy  of  the  emission  spectrum  is  in  excellent  agreement 
with  a  model  that  includes  the  strong  confinement  present  in  these  structures  and  the  existence  of 
the  large  built-in  piezoelectric  field  and  spontaneous  polarization  present  inside  the  wells. 
Furthermore,  consistent  with  screening  of  the  in-well  field  as  carriers  are  injected  in  the  well,  a 
clear  blue  shift  of  the  emission  is  observed  at  short  times  after  carrier  injection.  Subsequently,  as 
the  carriers  recombine,  the  peak  emission  red-shifts  and  the  screening  of  the  field  is  reduced. 
Moreover,  the  observed  lifetimes  were  energy  dependent  as  should  be  expected  from  field 
dependent  elongation  of  lifetimes  due  to  spatial  separation  of  the  injected  carriers.  Specifically, 
the  decay  time  at  high  energies  can  be  fitted  by  a  stretched  exponential  with  a  beta  value  of  0.8 
which  is  consistent  with  carrier  spatial  separation.  The  lifetimes  obtained  from  the  fitting  are  of 
the  order  of  Ins,  longer  than  the  reported  recombination  lifetimes  in  similar  GaN/AlGaN 
MQW’s.  On  the  low  energy  side  of  the  PL  feature  the  intensity  time  decay  becomes  exponential 
with  lifetimes  ranging  from  3  to  10ns.  The  strong  UV  emission  at  room  temperature  makes  these 
structures  promising  for  UV  emitters. 

INTRODUCTION 

UV  emitters  characterized  by  wavelengths  shorter  than  350nm  are  essential  for  the 
development  of  optical  storage  and  biological  agent  detection  devices  such  as  hand-held 
biosensors.  The  need  for  such  emitters  for  biosensors  is  generated  by  the  nature  of  the  absorption 
and  fluorescence  spectra  of  organic  molecules.  For  example,  the  fluorescing  components  in 
proteins  are  amino-acids  such  as  phenylalanine,  tryptophan  and  tyrosine.  It  is  proposed  that  each 
biological  agent  is  characterized  by  a  distinct  ratio  between  these  components  of  emission 
determined  by  analyzing  the  fluorescence  spectrum  from  proteins.  The  difficulty  resides  in 
exciting  this  fluorescence  since  all  the  amino  acids  exhibit  an  absorption  edge  below  350nm.  At 
the  same  time,  the  development  of  UV  lasers  will  increase  the  storage  capacity  of  optical  storage 
devices  (such  as  CD’s  or  DVD’s)  due  to  the  much  shorter  wavelength  and  corresponding 
minimum  achievable  spot  size. 
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Nitride  semiconductors  are  one  of  the  materials  of  choice  in  developing  UV  LED’s  and  laser 
structures  due  to  their  large  bandgaps  (as  high  as  6.2eV  in  the  case  of  AIN).  Structures  such  as 
GaN/AlGaN  quantum  wells  with  high  aluminum  content  [1]  exhibit  emission  at  short 
wavelengths.  However,  the  large  lattice  mismatch  between  the  well  and  barrier  materials  results 
in  the  presence  of  growth  defects  and  dislocations  which,  in  turn,  causes  a  decrease  in  the 
emission  intensity,  especially  at  room  temperature  where  most  devices  operate.  The 
photoluminescence  intensity  in  this  quantum  wells  decreases  by  a  factor  of  100  when  the 
temperature  is  increased  from  10  to  300K.  Incorporating  A1  into  the  well  material  has  the  dual 
effect  of  reducing  the  lattice  mismatch,  which  yields  fewer  growth  defects,  while  pushing  the 
emission  deeper  into  the  UV.  Most  recently,  Chitnis  et  al.  [2]  have  shown  that  such  AlxGai_ 
xN/AlyGai-yN  heterostructures  exhibit  improved  optical  properties.  Growth  defects  can  also  be 
avoided  by  using  quaternary  alloy  AJGalnN  heterostructures.  Such  layers,  with  different  Al  and 
In  concentrations  in  the  wells  and  barriers,  can  be  lattice  matched  to  the  buffer.  Recent  time- 
resolved  photoluminescence  (TRPL)  measurements  on  such  structures  [3]  have  shown  that  the 
emission  efficiency  at  room  temperature  is  greatly  improved  in  comparison  with  GaN/AlGaN 
structures.  Despite  this  improvement,  the  PL  decay  is  still  dominated  by  non-radiative 
recombination  at  room  temperature.  In  fact,  both  the  ternary  and  quaternary  well  materials 
described  above  are  plagued  by  point  defects  which  are  related  to  alloy  fluctuation  and 
compositional  disorder.  In  addition  to  reduced  efficiency,  these  defects  result  in  broadening  of 
the  emission  spectrum.  Overall,  while  the  reduced  lattice  mismatch  in  these  structures  provides 
some  benefits,  the  use  of  ternary  and  quaternary  well  materials  introduces  other  problems. 

Unlike  all  other  potential  UV  emitters  materials  mentioned  in  the  previous  paragraph, 
GaN/AIN  heterostructures  avoid  the  issues  associated  with  point  defects  by  utilizing  only  pure 
binary  materials,  which  in  addition  exhibit  the  largest  possible  bandgap  offset  among  the 
nitrides.  Despite  this  attractive  characteristic,  the  large  lattice  mismatch  between  GaN  and  AIN 
(2.6%)  and  the  lack  of  thorough  optical  investigations  on  the  barrier  (AIN)  material  are  clear 
impediments  in  the  development  of  efficient  UV  emitters  based  on  such  heterostructures.  In  this 
work,  we  present  the  results  of  room-temperature  time-resolved  photoluminescence 
measurements  on  GaN/AIN  multiple  quantum  well  (MQW)  heterostructures  showing  that, 
despite  the  large  lattice  mismatch,  such  structures  exhibit  good  luminescent  properties  and,  most 
importantly,  the  emission  seems  to  be  dominated  by  radiative  recombination  at  room 
temperature. 

EXPERIMENTAL  DETAILS 

The  three  GaN/AIN  MQW  samples  were  grown  on  a  sapphire  substrate  by  plasma-enhanced 
molecular  beam  epitaxy  (MBE).  They  contain  20  GaN  0.9,  1 .3,  or  1 .5nm  wells  separated  by  6nm 
AIN  barriers  grown  on  the  top  of  a  thick  AIN  buffer  layer.  High-resolution  x-ray  characterization 
measurements  have  shown  satellite  peaks  indicating  a  very  good  superlattice  structure  with  fully 
relaxed  barriers  and  strained  wells  [4]. 

The  TRPL  measurements  were  performed  in  the  backscattering  geometry  using  conventional 
optics.  The  excitation  was  provided  by  the  frequency  tripled  800nm  output  of  a  Coherent 
REGA9000  regenerative  amplifier.  The  pump  beam  is  characterized  by  a  200fs  pulse  width,  a 
250kHz  repetition  rate  and  an  average  power  of  5mW  at  266nm.  The  photoluminescence  was 
spectrally  resolved  by  a  Chromex  250IS  monochromator  and  detected  by  a  Hamamatsu  C4334 
streak  camera  with  a  typical  jitter  of  50ps. 
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DISCUSSION 


Normalized  time-integrated  photoluminescence  spectra  taken  at  room  temperature  from  the 
samples  under  study  are  shown  in  figure  1(a).  The  energies  corresponding  to  the 
photoluminescence  peak  vary  as  a  function  of  well  width  and  are  in  good  agreement  with  a 
calculation  of  the  eih]  transition  energy  performed  using  the  Numerov  method  [5,6].  This 
calculation  takes  into  account  the  built-in  electric  field  present  in  the  wells  and  the  barriers  along 
the  growth  direction  as  a  result  of  the  piezoelectric  and  spontaneous  polarization  existing  in  both 
materials.  The  magnitude  of  the  piezoelectric  component  depends  on  the  strain  induced  by  the 
lattice  mismatch  and  the  barrier  and  well  widths.  A  detailed  discussion  of  the  built-in  electric 
fields  in  nitride  heterostructures  along  with  the  most  recent  update  on  the  numerical  values  of  the 
several  physical  constants  used  in  our  calculations  can  be  found  in  reference  [7].  For  the  case  of 
the  samples  under  study  the  electric  field  is  equal  to  approximately  -8MV/cm  in  the  GaN  wells 
and  1  MV/cm  in  the  AIN  barriers.  In  the  presence  of  such  an  electric  field  along  the  growth 
direction,  the  energy  corresponding  to  the  eihi  transition  in  the  quantum  well  is  red-shifted  with 
respect  to  the  zero-field  situation  (due  to  the  quantum  confined  Stark  effect  [8]  and  the  band 
filling  effects).  The  presence  of  the  build-in  electric  field  is  thus  confirmed  by  the  blue-shift 
observed  in  the  PI  energy  in  figure  1(b).  At  such  short  times,  the  space  charge  field  induced  by 
the  presence  of  spatially  separated  injected  carriers  in  the  quantum  wells  is  partially  screening 
the  build-in  electric  field  and  the  PL  energy  approaches  the  zero-field  value.  For  the  sample  in 
figure  1(b)  we  estimated  the  blue  shift  due  to  screening  effects  to  be  approximately  44  meV 
(considering  we  inject  approximately  6*  10,2cm'2  carriers  in  each  well).  The  difference  between 
this  number  and  the  actual  measured  blue  shift  (140meV)  is  due  to  band  filling  effects.  The 
Fermi  energy  is  equal  to  72meV  for  electrons  and  14meV  for  holes.  The  total  estimated  blue 
shift  is  equal  to  the  sum  of  the  screening  and  band  filing  contributions  (~  130meV)  in  good 
agreement  with  the  experimental  value.  In  addition  to  screening  and  band  filling,  another 
contribution  in  the  blue  shift  may  be  due  to  the  large  changes  in  the  recombination  lifetimes  due 
to  well  width  fluctuations. 


Energy(eV)  Energy(eV) 


Figure  1 .  Time-integrated  (a)  and  time-resolved  (b)  photoluminescence  spectra  from  the  samples 
under  study  at  different  delay  times.  The  blue  shift  at  short  delay  times  is  due  to  the  partial  field 
screening  by  the  injected  carriers  and  band  filing  effects. 
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As  the  time  passes  the  carriers  recombine  and  the  screening  effect  disappears.  The  Fermi  level  is 
also  moving  toward  the  bottom  of  the  first  energy  band  and  the  emission  energy  decreases. 

The  presence  of  electric  fields  in  quantum  well  heterostructures  results  in  the  spatial 
separation  of  the  electrons  and  holes  confined  in  the  wells.  The  carriers  accumulate  at  opposite 
sides  of  the  quantum  well  and  the  electrons  and  holes  wavefunction  overlap  decreases 
considerably,  as  well  as  the  emission  efficiency.  Our  calculations  show  that,  despite  the  high 
built-in  electric  fields,  for  a  thin  GaN/AIN  well  the  carriers  wavefunctions  remain  confined  in  the 
well  due  to  the  large  bandgap  offset  (1 .9eV)  between  the  GaN  wells  and  AIN  barriers. 

The  photoluminescence  decay  times  at  several  energies  across  the  photoluminescence  feature 
are  plotted  in  figure  2(a).  On  the  high  energy  side  of  the  PL  spectrum  the  decay  is  non¬ 
exponential  and  characterized  by  short  decay  times  (shorter  than  Ins).  On  the  low  energy  side  the 
decay  becomes  exponential  and  characterized  by  longer  lifetimes  (7ns).  This  behavior  is 
characteristic  for  nitride  heterostructures  and  has  been  observed  in  GaN/AlGaN  [9,10]  as  well  as 
InGaN/GaN[l  1,12,13]  quantum  well  heterostructures.  A  calculation  [14]  of  the  PL  decay  times 
which  takes  into  account  the  dynamic  screening  of  the  built-in  electric  fields  by  the  injected 
carriers  shows  that  the  lifetime  increase  on  the  low  energy  side  of  the  PL  feature  and  the  non¬ 
exponential  character  of  the  decay  can  be  the  result  of  the  presence  of  built-in  electric  fields. 

The  field-dependent  elongation  of  carrier  lifetimes  is  a  result  of  the  reduction  of  the 
wavefunction  overlap  in  the  presence  of  the  built-in  electric  field. 

The  long  lifetime  values  measured  on  the  low  energy  side  of  the  PL  feature  at  room 
temperature  indicate  the  recombination  is  dominated  by  radiative  processes  (non-radiative 
recombination  happens  on  a  much  faster  scale-hundreds  of  picoseconds).  This  demonstrates  that 
the  GaN/AIN  structures  are  promising  not  only  for  the  development  of  LED’s,  but  possibly  for 
achieving  population  inversion  and  lasing. 

In  order  to  further  investigate  the  possible  origins  of  the  non-exponential  PL  intensity  decay, 
we  fitted  the  decay  data  with  a  stretched  exponential: 


Figure  2.  (a)  Photoluminescence  intensity  decay  at  different  energies  across  the  PL  feature 
and  (b)  Stretched  exponential  fitting  to  the  decay  data  on  the  high  energy  side  of  the 
photoluminescence  spectrum. 
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I=I()exp 


(1) 


The  parameter  p  varies  between  0  and  1  and  provides  information  on  the  recombination 
mechanism.  This  type  of  PL  decay  has  been  explored  in  InGaN/GaN  heterostructures  [15]  and  a 
direct  connection  has  been  established  between  the  values  of  the  (3  parameter  and  the  nature  of 
carrier  localization.  According  to  this  interpretation,  the  non-exponential  character  of  the  decay 
is  due  to  the  presence  of  potential  fluctuations  ( e.g.  In  -rich  regions  in  the  case  of  InGaN/GaN 
MQWs)  where  the  carriers  are  localized  before  recombining.  Since  the  characteristics  of  such 
potential  fluctuations  are  not  the  same  across  the  sample,  we  expect  considerable  differences 
between  the  wavefunction  overlap  of  carriers  trapped  in  different  potential  fluctuations.  The 
nature  of  localization  centers  in  GaN/AIN  structures  is  not  know  at  the  present,  however,  we  can 
always  assume  the  existence  of  potential  fluctuations  associated  with  interface  roughness  or 
growth  defects.  The  non-exponential  behavior  and  the  carrier  lifetimes  dependence  on  energy 
can  also  be  due  to  the  presence  of  such  regions  where  carriers  are  localized  before 
recombination.  The  stretched  exponential  decay  model  is  based  on  the  assumption  that  there  is  a 
possibility  for  the  carriers  to  move  from  one  potential  fluctuation  to  another  through  a  hopping 
mechanism.  As  a  result  the  carrier  lifetimes  must  depend  on  the  hopping  distance  and  the  number 
of  potential  fluctuations  the  carrier  encounters  before  recombination.  This  type  of  mechanism  is 
described  quantitatively  by  the  magnitude  of  the  |3  parameter,  namely  (3  values  smaller  than  0.5 
correspond  to  the  hopping  mechanism  described,  whereas  for  |3  values  between  0.6-0.9,  the 
carrier  lifetimes  are  elongated  by  the  built-in  electric  field  and  the  subsequent  spatial  separation 
of  carriers  [16]. 

Figure  2(b)  summarizes  the  results  of  a  stretched  exponential  fitting  to  the  decay  data  on  the 
high-energy  side  of  the  photoluminescence  feature.  The  p  parameter  equals  0.8,  indicating  no 
hopping  mechanism  takes  place  and  the  non-exponential  character  is  determined  only  by  the 
built-in  electric  fields  and  possible  carrier  localization.  The  effective  lifetimes  are  very  short 
because  the  high-energy  side  of  the  PL  reflects  the  recombination  of  hot  carriers  which  relax 
very  quickly  to  the  bottom  of  the  conduction  band. 

CONCLUSIONS 

In  conclusion  we  have  shown  that,  despite  the  large  lattice  mismatch,  MBE  grown  GaN/AIN 
quantum  wells  exhibit  room  temperature  photoluminescence  associated  with  the  radiative 
recombination  of  electrons  and  holes  in  the  GaN  wells.  The  PL  peak  position  is  in  good 
agreement  with  a  calculation  that  takes  into  account  the  piezoelectric  and  spontaneous 
polarizations  existing  inside  the  wells  and  barriers.  A  blue  shift  of  the  emission  is  observed  at 
short  times,  due  to  the  in-well  field  screening  by  the  carriers  injected  in  the  well.  The 
photoluminescence  intensity  decay  varies  across  the  PL  feature  and  can  be  fitted  with  a  stretched 
exponential.  The  values  of  the  (3  exponent  are  greater  than  0.5  indicating  the  non-exponential 
character  of  the  PL  decay  can  be  attributed  to  the  built-in  electric  field  and  carrier  localization. 
The  carrier  lifetimes  vary  as  a  function  of  energy.  Most  importantly,  the  radiative  recombination 
is  the  dominant  carrier  relaxation  mechanism  at  room-temperature  making  such  structures  very 
promising  for  lasing  applications. 
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ABSTRACT 

Waveguide  prism-coupling  methods  were  used  to  measure  the  ordinary  and  extraordinary 
refractive  indices  of  AlAGaj.xN  films  grown  on  sapphire  substrates  by  HVPE  and  MOCVD. 
Several  discrete  wavelengths  ranging  from  442  nm  to  1064  nm  were  used  and  the  results  were  fit 
to  one-term  Sellmeier  equations.  The  maximum  standard  uncertainty  in  the  refractive  index 
measurements  was  ±  0.005  and  the  maximum  standard  uncertainty  in  the  self-consistent 
calculation  for  film  thickness  was  ±  15  nm.  Analysis  of  normal-incidence  spectroscopic 
transmittance  and  reflectance  measurements,  correlated  with  the  prism-coupling  results,  was 
used  to  determine  the  ordinary  refractive  index  as  a  continuous  function  of  wavelength  from  the 
band  gap  wavelength  of  each  sample  (between  252  nm  and  364  nm)  to  2500  nm.  The  A1 
compositions  of  the  samples  were  determined  using  energy-dispersive  X-ray  spectroscopy 
analysis  (EDS).  HVPE  grown  samples  had  compositions  x  =  0.279, 0.363, 0.593,  and  0.657. 
MOCVD  samples  had  x  =  0.00, 0.419,  0.507, 0.618, 0.660,  and  0.666.  The  maximum  standard 
uncertainty  in  the  absolute  EDS-determined  value  for  x  was  ±  0.02. 

INTRODUCTION 

ALGai^N  alloys  are  important  for  the  development  of  laser  diodes  and  LEDs  operating  in 
the  blue  and  ultraviolet.  These  applications  require  refractive  index  data  correlated  with  A1  mole 
fraction  and  estimates  of  the  uncertainties  of  these  quantities.  Various  methods  have  been  used 
to  measure  refractive  indices  in  Al.vGai-^N  alloys.  Spectroscopic  reflectance  and  transmittance 
(R/T)  has  been  used  to  measure  the  ordinary  refractive  index.  2  Spectroscopic  ellipsometry  (SE) 
has  been  used  to  measure  refractive  index,  birefringence,  and  extinction  coefficients.3,4  Both  SE 
and  R/T  permit  quasi-continuous  measurement  of  optical  constants  over  a  wide  spectral  range. 
Reference  5  describes  transmission-electron  microscopy  (TEM)  combined  with  reflectance 
studies  and  SE.  Inclusion  of  TEM  analysis  enabled  modeling  the  film/substrate  interlayers  and 
improved  the  SE  model  fitting.  In  order  to  obtain  the  most  accurate  results,  both  SE  and  R/T 
require  measurements  of  film  thickness  that  are  independent  of  refractive  index. 

Waveguide  prism  coupling  (WPC)  allows  measurements  of  refractive  indices  and 
thickness  of  Al.vGaj-xN  films.  If  at  least  two  TE  (polarization  in  the  plane  of  the  film)  or  two  TM 
modes  (polarization  perpendicular  to  the  film)  are  supported  at  a  given  wavelength,  then  an 
unambiguous  measurement  of  the  refractive  index  and  thickness  may  be  performed.6  WPC 
methods  have  been  used  for  refractive  index  measurements  of  MOCVD  and  MBE-grown  GaN 
and  AlxGai.xN  films  grown  on  c-plane  sapphire  substrates.7,8  These  earlier  analyses  treated  the 
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films  as  uniform  slabs  of  either  extraordinary  («e)  or  ordinary  («0)  refractive  index,  thus  ignoring 
birefringence  in  the  solution  procedure  for  ne.  In  our  approach,  we  show  that  a  solution  for  nt, 
obtained  from  analysis  of  the  effective  indices  of  TM  modes,  first  requires  knowledge  of  nQ, 
obtained  from  a  separate  analysis  of  the  effective  indices  of  TE  modes.9  Additional  problems 
have  been  encountered  with  the  calibration  of  the  A1  mole  fraction  for  determination  of  the 
composition-dependent  refractive  index  of  A1xGa|.xN  films.  It  is  convenient  to  use  optical 
absorption  and  assume  a  particular  form  for  the  bowing  of  the  band  gap  as  a  function  of  A1 
content  where  the  latter  has  been  separately  established.  However,  as  pointed  out  by  Ozgtir, 
bowing  parameters  may  depend  upon  growth  methods.8  It  is  therefore  important  to  explore 
alternative  direct  methods  to  calibrate  the  AI  content  of  the  samples. 

EXPERIMENTAL  PROCEDURE  AND  RESULTS 

Samples  were  grown  with  standard  MOCVD  and  HVPE  methods  using  c-plane  sapphire 
substrates.  Crystal  growth  details  are  given  elsewhere.9  The  Al  composition  of  the  samples  was 
analyzed  with  a  scanning  electron  microscope  equipped  with  energy-dispersive  X-ray 
spectroscopy  (SEM/EDS)  capability.  The  EDS  spectra  were  normalized  using  data  from  GaN 
and  AIN  reference  samples.  Absorption  and  fluorescence  corrections  in  the  EDS  spectra  were 
made  using  the  NOR  AN  MICROZ  microanalysis  software.b  At  least  three  spectra  were  recorded 
from  locations  near  the  center  and  comers  on  a  sample  and  the  results  averaged.  The  samples 
measured  roughly  5  mm  square.  Each  spectrum  was  recorded  with  a  counting  time  of  100  s. 

The  typical  maximum  variation  in  x  across  a  sample  was  ±  0.003.  However,  the  estimated 
largest  standard  uncertainty  in  the  EDS-determined  value  of  x  was  ±  0.02  for  the  AlxGai.xN 
samples.  The  nomenclature  used  herein  for  the  description  of  uncertainties  is  summarized  in 
NIST  guidelines  on  error  analysis.10 

Figure  1  illustrates  the  WPC  apparatus  used  for  launching  modes  into  the  AlxGai.xN 
films.  The  positions  (df)  of  the  output  modes  on  an  observation  screen  are  shown.  A  rutile  prism 
(optic  axis  perpendicular  to  the  page)  is  clamped  to  the  film  surface.  All  samples  displayed  a 
significant  amount  of  intermodal  optical  scatter.  Thus,  the  launch  angle,  set  to  preferentially 
excite  one  mode,  always  excited  additional  modes.  With  d,  and  the  screen-prism  separation 


Figure  1.  Schematic  of  WPC  apparatus.  A  rutile  prism  is  clamped  to  the  surface  of  the  sample. 
The  launch  angle  for  mode  #1  is  or/. 
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Figure  2.  Refractive  indices  of  HVPE  (H)  and  MOCVD  (M)  AlxGai-xN  samples. 

measured,  the  effective  indices  of  the  guided  modes  were  calculated.  A  numerical  routine  was 
then  used  to  compute  n0,  ne ,  and  thickness  L  of  the  AlxGai_xN  films.9 

Refractive  index  data  resulting  from  WPC  analysis  of  HVPE  (H)  and  MOCVD  (M) 
AlxGai_xN  samples  are  shown  in  Fig.  2.  The  laser  wavelengths  used  were  442, 457.9, 488, 514.5, 
532,  632.8,  690,  750,  850  and  1064  nm.  These  data  were  fit  to  the  one-term  Sellmeier  equations 

«2=i+v7(a2-B»)  (1) 

n2  =  1  +  AeX2 /(.I2  -  B2). 

The  wavelength  X  is  in  nanometer  units  and  the  coefficients  A0,e  and  Box,  are  given  in  Table  1 . 

The  table  includes  a  sample  with  x  =  0.660  which,  for  clarity,  is  omitted  from  Fig.  2. 
Representative  data  for  L  (also  in  Table  1)  were  computed  for  TE  modes  at  632.8  nm.  The 
maximum  standard  uncertainty  for  L  was  estimated  to  be  ±  15  nm.  The  maximum  standard 
uncertainty  of  refractive  index  was  estimated  to  be  ±  0.005. 

Spectroscopic  R/T  measurements  fit  to  model  functions  were  used  to  derive  a  two-term 
Sellmeier  equation  for  n0(X).  The  model  functions  included  effects  of  optical  scattering, 
loss/absorption,  and  variation  in  L.  The  R/T  data  were  collected  using  a  spectrophotometer 
operating  over  the  range  of  190  -  2500  nm,  and  representative  R/T  data  are  illustrated  in  Fig.  3. 
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3.520 

146.4 

3.696 

149.0 

1.025 

0.666 

(M) 

3.511 

145.7 

3.695 

148.0 

Table  1.  Sellmeier  coefficients  derived  from  WPC  methods  for  n0  and  nc  as  a  function  of  A1 
mole  fraction  x.  The  wavelength  X  is  in  nanometer  units.  Sample  thickness  L  is  also  given. 
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A  least-squares  fitting  procedure  was  used  to  fit  the  model  functions  to  the  R/T  data  and  a 
comparison  was  made  both  with  and  without  correlation  to  the  WPC  results.  To  perform  the 
correlation,  a  “pinning”  wavelength  Xr=  632.8  nm  was  selected  and  the  fitted  refractive  index  at 
the  pinning  wavelength  was  denoted  by  nP  =  n0(XP).  The  sum-of-squares  deviation  between  the 
model  function  (uncorrelated  with  WPC  data)  and  the  R/T  data  is  defined  as  Zr/t  (ftp).  The  sum- 
of-squares  deviation  between  the  model  function  correlated  with  the  WPC  results  is  defined  as 
Z„{jip).  For  X  below  the  band  gap,  nP  was  found  that  minimized  the  sum-of-squares  deviation 
between  the  n0{X)  values  given  by  two-term  Sellmeier  equation 

and  the  corresponding  n„  values  measured  by  prism-coupling  methods.  The  width  of  the 
minimum  of  is  narrower  than  the  width  of  the  minimum  in  ZritM  by  a  factor  of  80. 

This  illustrates  that  nP,  and  n0  at  other  wavelengths,  is  determined  more  accurately  by  the  R/T 
analysis  correlated  with  WPC  data  than  by  R/T  alone.  The  coefficients  describing  Eq.  3  are 
given  in  Table  2  and  corresponding  graphs  of  n(,(X)  appear  in  Fig.  4. 


DISCUSSION 

The  results  obtained  here  for  the  MOCVD  grown  GaN  (x=0)  sample  were  compared  to 
earlier  work  that  used  SE3’5  and  prism  coupling7,8.  With  the  discrepancies  in  the  literature 
concerning  calibration  of  A1  mole  fraction,  we  confine  the  discussion  to  GaN  films  only.  The 
comparative  results  of  the  prism  coupling  analyses  for  n0  between  the  earlier  cited  work  and  the 
present  study  are  all  consistent  to  within  approximately  0.008.  The  prism  coupling  results  for  ne 
are  consistent  to  within  approximately  0.003.  The  deviation  of  the  SE  data  of  Yu  et  al.  (Ref.  3) 
with  all  of  the  prism  coupling  results  is  generally  larger.  However,  comparison  of  our  results 
with  the  SE  work  of  Goldhaun  et  al.  (Ref.  5),  shows  that  the  values  of  n0  agree  to  within  0.005 
for  488  nm  <  X  <  856  nm,  and  the  values  of  ne  are  found  to  agree  to  within  0.005  for  442  nm  < 

X  <  1064  nm.  Also,  our  two-term  Sellmeier  equation  for  n0(X),  which  was  derived  from 
correlated  R/T  and  WPC  work,  generally  agrees  within  0.005  (over  the  range  442  -  1064  nm) 
with  our  one-term  Sellmeier  equation  for  n0  derived  from  WPC  methods  alone.  However,  for  the 
x  =  0.279  HVPE  sample,  the  deviation  is  greater.  Values  of  L  computed  with  TM  modes 
generally  exceed  by  10-30  nm  L  values  computed  with  TE  modes.  However,  for  the  MOCVD 
sample  with  x  =  0.4 19,  the  disagreement  was  less  than  10  nm.  These  effects  appear  unassociated 
with  substrate/film  buffer  layers  present  in  MOCVD  samples  since  they  are  still  observed  in  the 


Table  2.  Sellmeier  coefficients  for  Eq.  3  as  a  function  of  *  for  X  in  nanometer  units. 
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In  the  SE  work  of  Goldhahn  et  al.  (Ref.  5),  effects  of  non-abrupt  interlayers  on  both  sides  of  the 
growth  interface  are  included  in  their  models.  Such  effects  may  arise  from  disorder,  void 
formation,  strain,  and/or  scratch  filling  in  the  substrate  during  film  growth.  Taken  together,  these 
observations  suggest  that  discrepancies  in  L  may  result  from  anisotropy  in  the  defective  interface 
that  is  manifest  by  a  slightly  different  optical  thickness  computed  from  TE  and  TM  mode  data. 
We  have  incorporated  similar  assumptions  about  the  film/substrate  interface  in  the  model 
functions  used  to  fit  to  the  spectroscopic  R/T  data.  Specifically,  the  quantity  («0-l)  near  the 
interface  was  assumed  reduced  from  its  bulk  value  by  as  much  as  7  %.  The  magnitude  of  the 
reduction  factor  for  each  film  was  determined  as  part  of  the  curve-fitting  procedure  for  the  R/T 
model  functions. 

SUMMARY 

The  refractive  indices  of  MOCVD  and  HVPE  AlxGai.xN  samples  were  measured  using 
WPC  alone,  and  R/T  analysis  correlated  with  the  WPC  results.  The  Al  mole  fraction  x  of  the 
samples  was  measured  with  EDS.  The  estimated  maximum  standard  uncertainty  in  n0  and  ne  is  ± 
0.005,  and  the  estimated  maximum  standard  uncertainty  in  x  is  ±0.02.  Our  results  compare 
favorably  with  earlier  WPC  work  (for  jt=0)  considering  the  stated  uncertainties  in  the  earlier  and 
present  studies.  Our  results  compare  more  favorably  with  the  SE  work  of  Ref.  5,  that 
incorporated  film/substrate  interlayers  to  fit  their  results,  than  with  the  SE  work  of  Ref.  3,  that 
apparently  did  not. 


1x1  O'3  2x1  O'3  3x1  O’3  4x1  O'3 

1 /wavelength  (nnrr1) 


Figure  3.  R/T  spectra  of  the  x=0.618  MOCVD  sample  plotted  as  functions  of  1/A,.  Measured 
R/T  data  are  open  circles  and  the  model  functions  are  solid  lines. 
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Figure  4.  Graphs  of  Eq.  3  using  coefficients  in  Table  2.  Results  for  jp=0.660  are  omitted  for 
clarity.  Fitted  functions  are  extrapolated  to  1  A=0,  although  the  lower  limit  of  the  measured 
domain  was  lA^xlO-4  nm'1. 

a.  Contribution  of  an  agency  of  the  U.  S.  Government,  not  subject  to  copyright. 

b.  Reference  to  a  specific  product  or  service  is  made  only  for  complete  technical  description  and 
does  not  constitute  endorsement  by  the  National  Institute  of  Standards  and  Technology. 
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ABSTRACT 

The  optical  properties  of  InN  thin  films  (0.5  pm  thick)  grown  on  sapphire  substrates  by 
plasma  source  molecular  beam  epitaxy  deposition  have  been  measured  in  order  to  study  the 
effect  of  electron  degeneracy  on  the  band  gap  measurement.  X-ray  diffraction  measurements 
show  that  the  films  are  wurtzite  polycrystalline  at  a  growth  temperature  of  325  °C,  whereas  a 
completely  c-axis  textured  growth  at  a  temperature  of  475  °C.  The  Raman  bands  Aj  (LO)  and  E2 
are  rather  broad  indicating  the  presence  of  a  large  number  of  structural  defects.  Hall  effect 
measurements  show  that  both  the  films  are  n-type  with  carrier  concentrations  of  (8.0  ±  1.6)  x 
1020  cm"3  and  (3  ±  0.6)  x  1020  cm"3,  respectively.  The  optical  absorption  data  on  these  samples 
show  n  dependent  band  gap  edge  and  a  peak  corresponding  to  plasmon  due  to  strong  electron 
degeneracy.  The  band  gap  absorption  data  were  analyzed  assuming  a  direct  band  gap  and 
incorporating  the  Moss-Burstein  shift  effect.  By  taking  into  account  the  non-parabolic 
dispersion  and  the  band-renormalization  effects  for  the  conduction  band  of  InN,  the  calculated 
true  band  gap  (0.7  eV)  agrees  with  other  recent  measurements  on  high  quality  InN  films. 


INTRODUCTION 

Recently,  the  value  of  the  optical  band  gap  energy  of  InN  has  come  under  intense 
reinvestigation  due  to  a  disagreement  between  the  generally  accepted  value  of  1.9  eV  *'3  and 
recently  reported  values  in  the  range  of  0.7- 1.0  eV.  The  smaller  reported  band  gap  values  (<  1 
eV)  are  thought  to  be  associated  with  improvements  in  the  thin  film  fabrication  techniques 
leading  to  higher  quality  InN  films  with  relatively  less  disorder,  and  are  more  consistent  with 
values  predicted  by  theoretical  calculations.9 

One  possible  hypothesis  for  the  larger  band  gap  energies  measured  in  earlier  InN  films  is 
that  higher  levels  of  donor  impurities  existed,  which  led  to  an  increased  concentration  of 
electrons  in  the  conduction  band  causing  a  strong  electron  degeneracy.  In  addition,  a  small 
effective  electron  mass  in  this  system  would  promote  a  larger  electron  degeneracy.10  Since  the 
optical  absorption,  which  is  traditionally  used  to  determine  the  band  gap  value,  is  sensitive  to 
both  electron  degeneracy  and  the  existence  of  impurities,  these  effects  on  the  band  gap 
determinations  must  be  considered  in  order  to  determine  the  true  band  gap  energy.  In  this  paper, 
we  show  that  band  gap  determination  using  optical  absorption  data  even  on  polycrystalline  InN 
films  yields  0.7  eV  in  agreement  with  the  most  recent  values,  after  accounting  for  electron 
degeneracy  and  band-renormalization  effects.1 1 
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EXPERIMENT 


Thin  InN  films  (thickness  ~  0.5  pm)  were  deposited  on  (0001)  sapphire  by  a  plasma  source 
molecular  beam  epitaxy  (PSMBE)  technique utilizing  a  hollow  cathode  source  lined  with  MBE 
grade  indium.  Base  pressures  of  approximately  10  s  torr  and  substrate  temperatures  in  the  range 

°fJ325'  °C  Were  maintained  during  the  growth  of  the  films.  0-20  X-ray  diffraction  scans 
indicated  that  films  grown  at  475  °C  were  completely  c-axis  textured,  whereas  film  growth  at 
3^5  C  resulted  in  polycrystalline  films.  Hall  effect  measurements,  using  Van-der-Pauw  method, 
show  that  both  the  films  are  /i-type  with  carrier  concentrations  of  3  x  102°  cm-3  and  8  x  1 02<) 
cni  ,  respectively.  These  high  levels  of  carrier  concentration  could  result  from  the  presence  of 
detects  in  the  films  stemming  from  oxygen  impurities  that  are  typically  found  in  InN  films. 

Raman  scattering  was  also  used  to  characterize  the  crystalline  quality  of  these  films.  Figure 
shows  the  Raman  spectra  of  these  films  measured  using  the  488-nm  excitation  line  in  the  back- 
scattering  geometry.  The  observed  Raman  bands  A,  (LO)  and  E2  are  rather  broad  indicating  the 
presence  of  a  large  number  of  structural  defects.  However,  the  sharper  peak  structures  observed 
tor  the  475  C  grown  film  indicate  improved  crystalline  quality  of  this  film14  as  compared  to  the 

325  C  grown  film.  The  phonon  structure  at  -451  cm  1  and  at  -449  cm'1  in  the  325  °C  and  475 
C  grown  film  spectra,  respectively,  matches  the  experimental  and  calculated  values  1517  of  the 
A, (TO)  mode.  Although  the  A,(TO)  mode  is  forbidden  in  the  backscattering  geometry  for  a  c- 
AX/T^iented  a.  Sma11  ieakagc  of  thc  polarization  could  lead  to  the  observation  of  the 

ATTO)  peak.  This  effect  could  be  further  reinforced  by  the  presence  of  any  inherent  disorder  or 
defects  m  the  films.  The  observation  of  the  A,(TO)  mode  in  the  Raman  spectra  raises  the 
possibility  ot  the  A,(LO)  mode  interacting  via  its  macroscopic  electric  field  with  a  degenerate 
plasmon  (due  to  high  level  of  carrier  concentration),  if  it  is  not  damped.  This  coupling  would 
produce  two  coupled  modes  whose  energy  can  be  analytically  calculated18  from  the  plasmon  and 
phonon  energies,  assuming  the  damping  is  small.  Because  of  the  relatively  large  plasmon  energy 
(see  below)  and  small  damping  found  in  both  films,  the  low-energy  coupled-mode  (PLP-)  would 
merge  with  the  A, (TO)  mode,  while  the  high-energy  coupled-mode  (PLP+)  would  lie  very  close 
to  the  right  hand-side  of  the  corresponding  plasmon  mode. 
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Fig.  I  The  Raman  spectra  of  InN  films  grown  at  .125  "C  (a),  and  475  "C  (h) 
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Optical  transmittance  and  reflectance  spectra  were  measured  from  175  to  3300  nm  for  both 
films  to  calculate  the  absorbance  and  hence  the  absorption  coefficient  (a)  plotted  as  a  function 
of  photon  energy,  hco  in  Fig.  2.  The  low-energy  absorption  peak,  which  corresponds  to  plasmon 
excitations  in  the  conduction  band,  is  followed  by  a  transparent  region  and  a  rise  near  the 
absorption  edge. 


Fig.  2.  Absorption  spectra  measured  for  InN  films  grown  at  325  °C  (a)  and  475  °C  (b).  Theoretical 
fits  to  the  plasmon  absorption  peak  given  by  Im  (-He)  are  shown  by  the  solid  lines. 


Due  to  the  large  electron  carrier  concentration,  the  measured  absorption  data  was  fitted  using 
the  Drude  model  for  conduction  electrons,19  in  terms  of  the  plasmon  response  of  the  electron  gas 
and  its  damping.  The  corresponding  damped  dielectric  function  is  given  by 


e(of)=£0 


1- ■ 


a)  +ior/ 


(1) 


where  y  is  the  electron  damping  due  to  scattering  from  randomly  distributed  stationary 
impurities,  o>p  is  the  plasmon  frequency,  and  e M  is  the  dielectric  response  in  the  high-energy  limit 
for  the  film.  The  peak  position  and  width  of  this  low-energy  absorption  peak  can  be  reproduced 

by  the  energy  loss  function  Im^ — j .  The  experimental  absorption  data  for  the  325  °C  (475 

°C)  grown  film  can  be  reproduced  as  shown  by  the  solid  lines  in  Fig.  2  for  physically  reasonable 
values  of  =  6.7, 20  y  =  0.28  eV  (0.23  eV),  and  a)p=  0.71  eV  (0.51  eV).  Using  this  rvalue, 
and  the  measured  carrier  concentrations  from  Hall  effect  measurements,  the  values  of  effective 
electron  mass  m*  have  been  determined  to  be  0.30  ±  0,06  me  (0.24  ±  0.04  mc)  for  the  325  °C 
(475  °C)  grown  film.  A  pronounced  increase  in  the  electron  effective  mass  indicate  a 
nonparabolic  conduction  band  in  InN.11 


703 


CALCULATION  OF  THE  BAND  GAP  ENERGY 


Figure  3  shows  the  experimental  optical  absorption  coefficient  squared  (at2)  as  a  function  of 
photon  energy.  At  higher  energies,  the  direct  band  gap  transition  dominates  the  absorption 
process.  The  optical  transition  across  the  band  gap  to  an  empty  parabolic  conduction  band  is 
described  by:2 

a\  ft  o)  i = ot,  (ft (o  -/■.  „) 1 ' 2  (2) 


Energy  (eV) 

Fig.  3.  a  A  as  a  function  of  photon  energy  for  InN  films  grown  at  325  °C  (a )  and  475  °C  (h). 
The  dotted  lines  are  linear  interpolations  to  determine  the  hand  gap  energies  from  the 
intercepts. 

where  Eg  is  the  direct  band  gap  energy  and  a:  is  a  constant.  Eq.  (2)  predicts  a  linear  behavior  of 
a  as  a  function  of  photon  energy  and  the  value  ol  band  gap  (Ev)  is  determined  by  extrapolating 
the  linear  region  to  a1  =0.  This  procedure  results  in  band  gaps  of  1.90  ±  0.05  eV  (1.45  ±  0.05 
eV)  for  the  325  C  (475  C)  grown  InN  film.  This  extrapolation  procedure  for  Ev  is  valid  for  an 
empty  or  nearly  empty  conduction  band.  However,  when  the  electron  carrier  density  becomes 
large,  the  conduction  band  is  not  empty  at  finite  temperatures,  and  the  chemical  potential  may  no 
longer  be  negligible  compared  to  Ey.  Furthermore,  as  InN  becomes  more  strongly  degenerate  at 
larger  carrier  concentrations,  the  Fermi  energy  can  move  deep  into  the  conduction  band  and  shift 
the  absorption  edge  towards  higher  energies,  resulting  in  overestimations  of  the  band  gap 
energies  from  the  simple  linear  extrapolation  procedure.  This  shift  in  absorption  edge,  the  well- 
known  Moss-Burstein  effect,"  becomes  more  pronounced  when  carrier  densities  exceed  102l) 
cm  .  Thus  in  order  for  the  optical  transition  to  take  place  the  incident  photon  energy  must 
overcome  the  combined  effective  energy  barrier  due  to  the  band  gap  energy  and  the  chemical 
potential. 


Recently,  Wu  et  aln  have  measured  the  free-electron  effective  mass  ( m )  using  infrared 
plasma  reflection  edge  in  various  InN  films.  They  have  shown  that  the  Moss-Burstein  shift  of  the 
absorption  edge  observed  in  InN  samples  with  3.5xl017  <n<  5.5xl018  is  well  explained  by  the 
non-parabolic  conduction  band  model  and  the  true  energy  bandgap  is  ~  0.7  eV.  By  taking  into 
account  the  conduction-band  renormalization  effects  due  to  electron-electron  (AEe-e)  and 
electron-ionized  impurity  (AEe.j)  interactions,  the  optical  absorption  edge  (E)  is  given  by, 1 1 


2m „ 


nX 

2m o 


-Ec\+AE„+AE_t 
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is  the  Fermi-Thomas  screening  wave  vector,  £s  is  the  static  dielectric 


constant,  Eg  is  the  real  energy  bandgap,  and  ag  =  0.53&  m0lm  is  the  Bohr  radius  in  A.  Using 
Eq.  3,  es  =  1 1.4  (using  Lyddane-Sachs-Teller  relation  eje*.  =  C0iq  I Cdfo )  and  Eg  =  10  eV,  we 


have  evaluated  the  values  of  the  E  for  the  samples  studied  in  this  work.  Using  Eg  ~  0.7  eV,  the 
calculated  values  of  E  are  2.0  ±  0.1  eV  (1.5  ±  0.1  eV)  for  the  sample  grown  at  325  °C  (475  °C). 
These  values  are  in  excellent  agreement  with  the  values  determined  from  optical  measurements 
(Fig.  3),  suggesting  a  value  of  ~0.7eV  for  the  true  bandgap  of  InN.  This  value  is  also  in 
agreement  with  other  recently  measured  values.11 


CONCLUSIONS 

InN  films  with  large  carrier  concentrations  ( n  -  3-8  x  1020  cm'3)  have  been  prepared  and  the 
corresponding  optical  bandgap  absorption  edge  (E  =  1 .5  -  1 .9  eV)  and  plasmon  absorption  peaks 
have  been  measured.  The  fitting  of  plasmon  absorption  peak  using  the  Drude  model  for 
conduction  electrons  yields  free-electron  effective  masses  0.24  -  0.30  mc,  which  are  consistent 
with  the  values  reported  in  the  literature.  The  band  gap  absorption  data  were  analyzed  assuming 
a  direct  band  gap  and  incoiporating  the  Moss-Burstein  shift  effect.  By  taking  into  account  the 
nonparabolic  dispersion  and  the  band-renormalization  effects  for  the  conduction  band  of  InN,  the 
observed  n  dependent  absorption  edges  have  been  explained  using  a  single  bandgap  energy  value 
of  0.7  eV.  This  value  is  in  agreement  with  recent  measurements  by  other  researchers. 
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ABSTRACT 

The  band-gap  of  indium  nitride  has  long  been  believed  to  be  about  1 .9eV  with  slight  variations  due  to 
band-tailing  in  polyciystalline  samples  and  degenerate  doping.  Recently,  other  values  as  low  as  0.7  eV  have 
apparently  been  observed.  We  have  compared  samples  spanning  this  apparent  range  of  band-gap  using 
secondary  ion  mass  spectroscopy  (SMS),  X-ray  Photoelectron  Spectroscopy  (XPS)  and  heavy  ion  elastic 
recoil  detection  analysis  (ERDA),  in  conjunction  with  spectral  optical  density  measurements.  Once 
structural  inhomogeneiteies  are  taken  into  account,  we  show  that  much  of  the  conflicting  data  are 
compatible  with  direct  photoionisation  with  a  threshold  energy  of  about  1  .OeV.  This  feature  was  first 
reported  in  polycrystalline  indium  nitride  over  15  years  ago  and  attributed  to  a  |p>  like  defect  state.  We  ask 
whether  the  feature  may  instead  be  a  direct  band-gap. 

INTRODUCTION 

Indium  nitride  is  potentially  a  very  high  mobility  material,  but  preparation  of  satisfactory  samples  has 
proven  difficult  and  many  of  its  basic  properties  are  still  being  assessed.  A  group  of  low  carrier 
concentration  polycrystalline  thin  films  were  grown  by  RF  sputtering  in  the  early  1980s,  with  one  having  a 
mobility  of  2700  cm2/V-s  for  a  carrier  concentration  of  5xl016  cm'3  [1].  Those  samples,  along  with  a  series 
reported  by  other  workers,  established  an  optical  transmission  band-gap  of  1 .89  eV  in  the  low-concentration 
limit  [2]  with  a  systematic  carrier  concentration  dependence  ascribed  to  a  Moss-Burstein  shift. 

Recent  MBE  InN  has  been  reported  to  have  other  band-gaps,  apparently  as  low  as  0.7  eV  [3-5].  Oxygen 
has  been  suggested  as  being  responsible  for  the  2  eV  band-gap.  A  counter  view  is  that  the  lower  band-gap 

material  may  be  metal  rich  as  a  result  of  growth  near  the  InN 
decomposition  temperature.  Figure  1  illustrates  the  point  by 
showing  the  well  known  reduction  in  the  band-gap  of  GaN 
grown  under  metal  rich  conditions  (inset). 

We  have  carried  out  a  series  of  measurements  in  an  effort 
t  z  3  4  6  to  gain  a  better  understanding  of  the  spread  of  observed  band- 

Energy  (eV)  gap  values.  Films  from  three  different  laboratories  were 

Figure  1.  The  band-gap  of  GaN  grown  analysed-  MBE  grown  InN  from  Cornell  University  and  from 

under  gallium  rich  conditions  (inset).  **  Ioffe  Physico-Technical  Institute,  and  RF  sputtered 
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material  from  Macquarie  University.  The  InN  from  these  three  groups  span  the  range  of  results  observed. 
We  use  a  combination  of  ERDA,  optical  transmission  spectroscopy,  SIMS  and  XPS  to  examine  the 
material  differences.  We  also  examine  published  absorption  data. 


THE  MATERIALS 

The  Cornell  MBE  samples  were  grown  on  sapphire  substrates  with  a  200  nm  AIN  buffer  layer.  The  InN 
layers  supplied  to  us  were  between  500  nm  and  800  nm  thick  and  were  grown  at  about  500  C.  Room 
temperature  electron  mobilities  for  these  samples  were  between  780  and  1 165  cm2/V-s,  though  we  note  that 
the  Cornell  group  have  recently  reported  material  with  mobility  as  high  as  2000  cm2/V  s  [6].  XRD  results 
indicate  single  crystal  or  at  least  material  with  a  relatively  low  dislocation  concentration.  Other 
characteristics  are  reported  elsewhere  [7]. 

Two  Ioffe  MBE  samples,  330nm  and  700  nm  thick,  were  grown  directly  onto  sapphire  substrates 
without  a  buffer  layer  at  a  temperature  of 470°  C.  Raman  measurements  indicate  material  that  is  probably 
single  crystal,  or  again  has  low  dislocation  density  [5].  The  material  suppled  to  us  has  mobilities  of  up  to  66( 
cm 2/V  s  for  a  can'icr  concentration  of  2.5x1 019  cm'3.  Material  from  this  group  spans  a  large  range  of 
apparent  band-gap  values  [5],  which  they  have  recently  attributed  to  a  Moss-Burstein  shift  from  a  limit  of 
0.70  eV  for  carrier  concentrations  in  the  mid  1018  cm'3  to  2x1 019  cm'3  range  [4].  Most  recently  the  Ioffe 
group  have  asserted  that  the  2.0  eV  band-gap  seen  in  polycrystalline  material  grown  by  RF  sputtering  with 
earner  concentration  of  5x1 O21  cm'3  [4,8]  is  also  a  Moss-Burstein  shifted  value  from  a  base  of  0.7eV .  This 
appears  incompatible  with  the  Moss-Burstein  shift  from  1 .89  eV  to  2.1  eV  demonstrated  over  a  range  of 
carrier  concentrations  between  5xl016  cm'3  to  SxlO20  cm'3  [2]  and  would  also  appear  to  require  a  conduction 
band  with  unusual  properties.  The  group  also  reported  oxygen  as  the  donor.  The  role  of  oxygen  in  indium 
nitride  has  not  been  clarified.  In  low  temperature  grown  GaN,  however,  oxygen  forms  neutral  complex 
structures,  in  contrast  to  its  role  as  a  donor  impurity  in  high-temperature  grown  films  [9].  The  results 
obtained  for  GaN  suggest  several  possible  roles  for  oxygen  in  InN,  including  different  behaviours  in 
different  growth  regimes. 

The  RF  sputtered  material  was  grown  in  the  same  apparatus  originally  used  to  grow  the  high  mobility 
samples  reported  by  Tansley  and  Foley  [1],  The  films  produced  by  this  system  were  grown  on  glass  at 
approximately  80°  C.  The  system  has  been  recently  upgraded  with  a  significant  reduction  in  carbon 
incorporation  (three  oiders  of  magnitude  reduction  in  SIMS  signal).  The  films  produced  are  polycrystalline 
with  a  narrow  spread  of  band-gap  values  as  previously  reported  [2],  carrier  concentrations  are  typically 
above  1019  enr  though  a  small  number  of  low  carrier  concentration  samples  (~1017  cm'3)  have  been 
grown.  XRD  shows  that  the  material  is  hexagonal  with  a  strong  c-axis  orientation  [10].  We  have  recently 
shown  that  the  high  earner  concentrations  correlate  with  high  levels  of  excess  nitrogen  incorporation  [11]. 


SIMS,  XPS  AND  ERDA  ANALYSIS 

The  SIMS  measurements  were  carried  out  using  a  Cameca  5F  dynamic  SIMS  system  with  a  Cs+  ion 
beam.  The  methodology  of  Gao  [  1 2]  was  applied,  whereby  CsVF  (where  M  is  the  element  being  analysed) 
molecules  are  collected  instead  of  M*.  The  influence  of  Cs+  ion  beam  fluctuation  was  eliminated  by 
normallising  the  collected  signals  to  the  average  of  the  Cs+  ion  beam  signal.  For  all  the  samples,  charging 
effects  at  the  substrate  prevented  measurements  beyond  that  point,  while  for  the  Cornell  samples  charging  ai 
the  AIN  buffer  layer  prevented  measurements  in  that  region.  The  SIMS  results  are  therefore  only  for 
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the  conductive  InN  layers.  Because  there  is  percentage  variation 
in  the  elemental  compositions  for  all  the  samples  these  SIMS 
results  should  only  be  regarded  as  qualitative. 

figure  2  show  typical  SIMS  results  for  the  Macquarie,  Ioffe  and 
Cornell  samples  respectively.  Only  O,  N,  C,  In  and  A1  signals  are 
shown.  The  apparent  high  level  of  the  A1  signal  for  the  first  1 00  nm  of 
the  samples  is  actually  an  artefact  due  to  the  collection  of  COH  ions  in 
the  presence  of  the  high  C,  O  and  H  (not  shown)  species  present  near 
the  surface.  Similarly  the  apparent  increase  in  the  A1  at  the  substrate 
interface  for  the  Macquarie  sample  is  COH,  related  to  the  increase  of 
the  component  species  at  the  interface.  The  polycrystalline  RF  sputtered 
sample  shows  a  high  oxygen  signal  due  to  its  percolation  through 
i ntercry stall ite  boundaries  [13].  ERDA  indicates  the  O  contents  are  9  - 
1 1  atomic  percent.  Interestingly  it  has  recently  proved  possible  to  obtain 
electron  concentrations  as  low  as  lxlO17  ciri  with  an  older  of 
magnitude  reduction  in  oxygen  content . 

Cornell  and  Ioffe  sample  SIMS  results  show  high  levels  of  A1 
apparently  diffusing  from  the  back  interface.  This  A!  diffusion  is  real, 
since  carbon  was  low  in  this  region  and  there  is  no  COH  ion 
interference  evident.  The  Ioffe  group  have  previously  reported  on  the 
formation  of  an  Ino.6RAlo.32N  interface  transition  layer  for  InN  with  a  2.1 
eV  band-gap,  MBE  grown  on  sapphire  [14].  However,  the 
accompanying  oxygen  diffusion  was  not  reported  and  here  the  SIMS 
profile  shows  a  graded  interface.  For  the  Cornell  sample  the  A1 
diffusion  from  the  AIN  buffer  layer  appears  to  be  greater. 

XPS  measurements  were  performed  using  a  VG  ESCALAB  220i- 


0  100  200  300  400  500  600 

Depth  {nm) 


0  200  400  600  800 

Depth  (nm) 


Figure  2.  SIMS  of  a)  RF,b) 
Cornell,  c)  Ioffe  samples. 


XL  spectrometer  with  AlKcx  X-ray  source  in  order  to  quantify 

the  A1  content  of  the  MBE  samples.  The  Cornell  sample  GS-1322  was  examined  using  3  keV  argon  ion 
depth  profiling.  Nitrogen  loss  during  the  measurements  was  significant,  especially  in  the  InN  layer,  however 
the  analysis  was  carried  out  through  both  the  InN  top  layer  and  AIN  buffer  layer  to  determine  the  metal 
ratios,  figure  3  shows  the  metal  ratios  obtained  as  a  function  of  depth.  The  etch  rates  of  the  InN  and  AIN 
components  were  known  independently  and  were  extrapolated  in  the  interface  region.  The  InN  depth  given 
by  a  Tencor  profilometer  measurement  of  the  SIMS  etch  crator  was  found  to  be  540  nm,  in  agreement  with 
the  550  nm  provided  by  Cornell.  This  value  also  coincides  with  the  diffusion  cross-over  point.  The  XPS 
results  clearly  show  strong  cross  diffusion  between  the  AIN  buffer  layer  and  the  InN  layer  for  the  Cornell 
sample  (SIMS  indicated  the  same  for  all  four  films  analysed).  Based  on  the  quantification  provided  by  the 
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XPS  we  would  estimate  that  the  A1  diffusion  into  the  InN 
from  the  sapphire  for  the  Ioffe  sample  (using  the  nitrogen 
signal  as  a  guide  for  comparison)  becomes  significant  (in 
percentage  terms)  at  approximately  200-300  nm  of  sample 
depth,  and  that  the  oxygen  appears  to  become  significant  at 
this  point  as  well. 

The  ERD  technique  [15],  previously  applied  by  us  to 
determine  the  stoichiometry  of  GaN  films  [9],  was  used  here 


Dep|h  <nm)  to  measure  the  N/Tn  ratio  of  all  the  samples.  In  addition,  it 

Figure  3.  XPS  depth  profile  of  provided  information  on  film  thickness  and  the 

In  and  A1  for  Cornell  sample. 
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compositional  changes  in  the  interface  region  between  the  InN  Table  I.  N/In  ratios  for  samples, 
film  and  the  back  contact.  For  all  films  analyzed  with  ERD  the 
spectra  confirm  that  the  In  and  N  content  is  uniform  between  the 
sample  surface  and  the  onset  of  the  interface  region. 

For  the  Ioffe  films  in  the  interface  region  some  of  the  detected 
N  may  be  bound  to  AJ  rather  than  to  In.  The  N/In  ratio  measured 
with  ERD  is  therefore  only  an  upper  limit  of  the  actual  N/In  ratio 
in  the  InN  film.  The  SIMNRA  simulation  for  a  typical  Ioffe 
sample  suggests  a  film  thickness  of  250  ±  25  nm  and  an  interface 
thickness  of  about  60  nm.  Simulations  assuming  a  sharp  interface 
do  not  agree  with  the  experimental  data. 

For  the  Cornell  samples  the  mid-point  of  the  interface  region  between  the  film  and  the  buffer  layer  can 
be  identified  in  the  measured  energy  spectra  for  the  N  recoil  ions.  By  fitting  these  energy  spectra,  the  total  N 
content  measured  for  these  samples  has  been  divided  into  that  below  and  that  above  the  interface  mid-point, 
respectively.  Analysis  of  the  energy  spectra  for  sample  GS-1322  using  SIMNRA  simulation  software 
shows  that  the  mid-point  of  the  interface  region,  corresponds  to  590  ±  50  nm.  This  is  consistent  with  the 
results  from  XPS  and  SMS  quoted  earlier.  The  simulated  energy  spectra  are  well  adapted  to  the 
experimental  data,  when  the  In  and  A1  depth-profiles  are  assumed  to  be  similar  to  those  shown  in  Figure  3. 
The  SIMNRA  calculation  then  suggests  that  the  interface  region  has  a  thickness  of 420  ±  40  nm. 

The  high  nitrogen  content  of  this  batch  of  RF  plasma  grown  samples  is  noteworthy.  It  has  been 
confirmed  independently  by  Raman  spectroscopy  and  is  discussed  in  detail  elsewhere  [11].  The  high 
nitrogen  content  affects  band-gap,  extrapolating  to  1 .89  eV  for  N/In=l . 


Sample  ID 

Band-gap 

N/In 

RF  InN  <5-11 -Ul) 

2.30  rV 

1.31  ±0.03 

RF  InN  (8-11-01) 

2.27  eV 

1.32  ±0.04 

1.30  ±0.03 

RF  InN  <27-03-021 

2.14  eV 

1.14  ±0.03 

Ioffe  InN  W275 

1.04  ±0.05 

Ioffe  InN  W431 

1.06  ±0.09 

Cornell  InN  Gs- 1353 

1.19 +- 0.07 

Cornell  InN  GS-1322 

- 

1.03  +-  0.05 

ABSORPTION  MEASUREMENTS 

Typical  room  temperature  absoiption  measurement  results  for  the  three  sets  of  samples  are  shown  in  figure 
4  Figure  4  (a)  is  for  the  RF  sputtered  material.  The  transmission  data  for  these  samples  fit  the  relationship 

a  =  Oo(hf-Eg),/2  (1) 

appropriate  to  a  direct  band-gap  semiconductor  with  parabolic  band  structure  [16].  The  absorption 
coefficient  is  found  from 

I  =  Ioexp  (-ax)  (2) 

where,  properly  correcting  for  reflection  effects  [1 6],  I  is  the  transmitted  light  intensity,  E  is  the  incident  light 
intensity  and  x  is  the  thickness  of  the  film.  These  equations  assume  a  uniform  film.  Hence  a  plot  of 
absorption  coefficient  squaied  (or  alternatively  ln(\J I),  the  optical  density,  squared)  will  have  an  x  axis 
intercept  equal  to  the  materials  band-gap.  Close  to  the  band-edge  band  tailing,  bound  state  and  exciton 
effects  become  apparent.  The  region  evident  at  energies  below  the  linear  plots  of  both  figures  1  and  4  (a) 
has  ana°=  (hf-Er)2  dependency,  where  Er  is  the  ionisation  threshold  energy  for  gap  states  whose  symmetry 
forbids  direct  ionisation  into  the  conduction  band  minimum  [17].  The  region  is  replotted  as  hf  against  a,/2  in 
the  inset  of  figure  4  (a)  and  has  strong  linearity  with  &i=l  .47  eV. 

The  strong  intcrcliffusion  at  the  InN/AIN  interface  in  the  Cornell  samples  means  the  absorption 
measurements  cannot  provide  reliable  band-gap  determination.  Figure  4  (b)  is  typical  of  the  measurements 
taken  for  these  samples.  The  inset  shows  that  there  is  a  large  region  with  a  strong  (hf-Eg)1  dependence, 
indicative  of  neither  direct  nor  indirect  band-gap  but  instead  resulting  from  the  combined  effects  of 
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absoiption  throughout  the  graded  heterostructune.  The  Ioffe  sample, 
shown  in  figure  4c,  appears  to  be  strongly  influenced  by  indirect 
transitions,  though  again  this  may  be  due  to  the  graded  heterostructure 
at  the  InN/sapphire  interface.  Inference  of  a  non-parabolic  band 
structure  cannot  be  drawn  from  such  absorption  data. 

Photoluminescence  data  derived  from  graded  structures  may  also 
indicate  properties  at  a  specific  location  within  the  heterostructure. 

We  note  that  the  Cornell  group  have  recently  published  absorption 
data  that  fits  a  (Eo-hf)1/2  direct  band-gap  dependence  tolerably  well, 
presumably  because  of  the  presence  of  an  InN  layer  much  thicker  than 
the  interface.  In  that  work  by  Wu  et  al.  [3],  the  absorption  coefficient 
versus  energy  is  plotted  for  a  sample  that  also  shows  0.77  eV  room 
temperature  photoluminescence  (PL)  and  0.8  eV  77  K  photomodulated 
reflectance  (PR)  features.  In  figure  5  we  have  appropriately  replotted 
their  absoiption  coefficient  data  and  a  0.98  eV  threshold  is  indicated  by 
extrapolation  to  the  x  axis.  This  implies  that  the  0.77  eV  PL  and  the  0.8 
eV  PR  features  fall  well  inside  the  optical  band  gap.  This  possibility  is 
strongly  supported  by  the  literature,  principally  by  the  same  group 
where  the  same  PL  peak  is  observed  for  various  In  fractions  of  InGaN 
[18].  Appropriate  replotting  of  absoiption  coefficient  yields  thresholds 
about  0.5-0. 1  eV  higher  than  indicated.  Wu  et  al.  [18]  show  that  the 

photoluminescence  peak  energy  for  the  InGaN  alloy  system  Figure  4.  Absorption  data  for  a) 

increasingly  diverges  from  the  optical  band-gap  of  the  InGaN  as  Ga  RF  w  C  ]]  d  x  r  TnN 
content  increases.  This  further  establishes  the  0.77  eV  PL  and  0.8  eV  ,  }  ] 

PR  features  as  sub  band-gap  for  InN  and  increasingly  so  for  the  alloy. 

Finally  it  is  noteworthy  that  some  of  the  polycrystalline  material  reported  by  Tansley  and  Foley  over  15 
years  ago,  with  carrier  concentrations  between  1  and  3xl017  cm'3,  also 
included  strong  sub  band-gap  absoiption.  Absorption  coefficient 
squared  versus  energy  plots  showed  threshold  energies  between  0.9 
andl  .2  eV  (see  figure  2  of  reference[l  9])  although  die  strong  1 .9eV 
band  edge  was  omnipresent.  The  similarity  of  this  absoiption  feature  to 
the  data  shown  in  figure  5  is  remaikable.  The  earlier  report  [19] 
attributed  the  feature  to  transitions  between  bound  electrons  in  |p> 
orbitals  associated  with  point  defects,  and  the  CB.  Further  work  on  the 
Figure  5.  Replotted  absorption  optical  properties  of  InN  in  conjunction  with  microcompositional 
coefficient  data  of  Wu  [3] .  studies  is  clearly  in  order. 

CONCLUSIONS 

In  this  work  we  have  used  ERDA  measurements  to  confirm  that  InN  grown  by  RF  sputtering  can  be 
nitrogen  rich.  The  excess  nitrogen  content  of  the  films  correlates  with  the  1.89  eV  band-gap. 

We  have  shown  through  a  combination  of  SIMS,  XPS  and  ERDA  measurements  that  MBE  InN  grown 
on  AIN  buffer  layers  shows  strong  inteidiffusion  between  the  Al  of  the  buffer  layer  and  the  In  of  the  InN. 
Given  the  relatively  low  growth  temperatures,  the  strong  diffusivity  is  suiprising.  Al  diffusion  was  also 
noted  for  InN  MBE  layers  grown  on  sapphire.  The  graded  heterostructures  present  at  the  substrate/buffer 
interface  strongly  affects  the  absorption  data  and  there  is  no  need  to  invoke  a  nonparabolic  conduction  band. 


SimoyfaV) 
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Sharper  interfaces  arc  required  with  wide  band-gap  substrate  material  for  proper  evaluation  of  the  absorption 
data. 

It  was  further  shown  that  the  0.77  eV  PL  and  0.8  eV  PR  observed  for  some  MBE  grown  films  are  sub 
band-gap  features.  A  nearby  direct  absorption  feature  with  threshold  energy  of  approximately  1.0  eV,  was 
observed.  We  note  that  the  same  1 .0  eV  absorption  has  previously  been  reported  for  InN  polycrystalline 
material,  but  was  thought  at  that  time  to  be  defect  related.  The  question  of  the  nature  of  the  1 .0  eV  transition 
remains  open. 
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ABSTRACT 

Using  a  first-principles  method,  we  study  the  effect  of  pressure  on  the  band  gap  energies  of 
wurtzite  In(Gai.xN,  and  InvAl[_,N.  The  fundamental  band  gap  energies  are  direct  and  increase 
rapidly  with  pressure.  The  pressure  coefficients  vary  in  the  range  of  19.8-24.8  meV/GPa  for 
InvGai-AN,  and  16.7-20.7  meV/GPa  for  ImAli-vN;  they  depend  on  alloy  composition  with  a 
strong  deviation  from  linearity.  The  band  gap  bowing  of  the  InGaN  increases  continuously  with 
pressure  while  those  of  In  AIN  strongly  decreases  at  p= 14  GPa. 


INTRODUCTION 

The  development  of  light-emitting  diodes  and  laser  diodes  operating  in  green  and  blue  spectral 
regions  has  stimulated  the  study  of  the  Di-nitrides  GaN,  InN,  AIN  and  their  ternary  alloys  InuGai- 
XN,  and  InxAli.xN.  The  first  motivation  comes  from  their  large  and  direct  band  gaps  3.5  eV  [1]  for 
GaN,  1 .89  eV  [2]  or  0,8  eV  by  recent  PL  measurement  [3,  4]  for  InN,  and  6.28  eV  [5]  for  AIN, 
which  would  allow  to  cover  an  exceptionally  large  spectrum. 

Not  withstanding  an  important  research  activity  for  the  last  decade  on  these  compounds,  a 
number  of  their  properties  are  not  yet  well  understood  or  agreed  on  such  as  the  band  gap  bowing 
parameter  of  the  ternary  alloys  [6,  7].  Moreover,  the  band-gap  pressure  coefficients  are  not  well 
known.  For  the  InGaN  alloys,  the  available  experimental  studies  reported  pressure  coefficients 
for  a  limited  composition  range:  from  0.04  to  0.14  [8,  9,  10].  These  values  are  almost 
independent  of  the  composition.  Theoretically,  to  our  knowledge  only  the  recent  work  of  Perlin 
et  al.  [1 1]  reported  the  pressure  coefficients  of  InAGai-.vN,  by  means  of  the  full-potential  LMTO 
method.  An  important  dependence  of  the  pressure  coefficient  on  the  alloy  composition  was 
shown.  For  InxAli,vN,  no  results  are  available. 

The  InGaN  alloys  are  and  will  be  more  and  more  necessary  in  LEDs,  LDs,  as  well  as  in 
transistors  based  strained  heterostructures.  Therefore  it  is  important  to  know  the  pressure 
dependence  of  their  band  gap  with  a  given  mole  fraction  in  order  to  calculate  the  band  alignment 
for  designing  and  optimizing  such  devices.  The  InAAli.xN  alloy,  exhibits  the  largest  variation  in 
the  band  gap  and  it  is  a  candidate  for  less  lattice  mismatched  confinement  layers  in  optical 
devices. 

In  the  following,  we  use  the  full-potential  linear  augmented  plane- wave  (FP-LAPW)  method, 
to  study  the  behavior  of  the  band  gap  under  pressure  for  wurtzite  InAGai_AN,  and  In.vAli.AN,  and  to 
investigate  the  band  gap  bowing  dependence  on  pressure. 
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DETAILS  OF  CALCULATION 


The  calculations  are  performed  using  the  density-functional  theory  within  the  local  density 
approximation  (LDA)  [12J,  as  implemented  by  the  non-scalar  relativistic  full  potential  linearized 
augmented  plane  waves  (FP-LAPW)  method  (WIEN97  [13]).  The  LDA  functional  of  Perdew 
and  Wang  [14]  is  used.  We  have  included  the  3 d  of  Ga,  and  4 d  of  InN  as  valence  state.  In  the 
muffin-tin  (MT)  spheres,  the  /-expansion  of  the  non-spherical  potential  and  charge  density  was 
carried  out  up  to  /max^lO.  In  order  to  achieve  energy  eingen values  convergence,  the  wave 
functions  in  the  interstitial  region  were  expanded  in  plane  waves  with  a  cutoff  /rmax  =8/  Rm 
(where  Rmt  is  the  average  radius  of  the  MT  spheres).  For  the  ternary  alloys,  we  have  chosen  the 
MT  radii  values  of  1.75  bohr  for  gallium,  aluminum,  indium,  and  1.65  bohr  for  nitrogen. 

To  model  the  InvGai,tN,  and  InAAli..,N  random  wurtzite  alloys,  we  have  used  32-atom 
„/Vi6  supercell  (X=A1  or  In  and  Y-  Ga  or  A1  )  supercell,  which  correspond  to  2x2x2  supercell 
which  has  twice  the  size  of  the  primitive  wurtzite  unit  cell  in  both  directions  of  the  basal  plane 
and  along  the  c-axis.  For  a  given  number  /t=0,...,l6  of  X  atoms,  different  atomic  configurations 
have  been  optimized  structurally.  However,  it  is  impossible  to  treat  all  different  atomic 
configurations.  Therefore,  for  a  given  number  n  of  X  atoms  we  usually  study  only  a  small 
number  of  different  configurations  in  which  the  X  atoms  are  not  really  randomly  distributed.  For 
each  configuration  and  each  atomic  number  n ,  the  fundamental  physical  properties  (total  energy, 
and  band  gap)  are  determined.  The  configurationally  averaged  quantity  is  computed  using  the 
Connolly-Williams  approach  [15]  for  each  given  v.  The  composition-dependent  weights  are 

determined  for  an  ideal  solid  solution.  We  have  used  only  the  X4my4(4.w)Ni6  clusters  (m=0 . 4)  to 

calculate  the  quantities  for  the  entire  composition  region.  A  mesh  of  7  special  ^-points  was  taken 
in  the  irreducible  wedge  of  the  Brillouin  zone  using  the  Monkhorst  and  Pack  mesh  [16].  The  two 
dimensional  minimization  of  the  total  energy  vs  (u,  c/a)  for  a  fixed  volume  requires  that  each  of 
the  self  consistent  calculations  is  converged,  so  the  iteration  process  was  repeated  until  the 
calculated  total  energy  of  the  crystal  converged  to  less  than  I  mRyd. 


RESULTS  AND  DISCUSSION 

In  a  previous  work,  we  studied  the  effect  of  the  pressure  on  the  binaries,  GaN,  InN,  and  AIN 
[17].  It  was  shown  that  for  GaN  and  InN,  the  fundamental  band  gap  increases  and  stay  direct 
with  pressure,  while  for  AIN,  the  fundamental  band  gap  becomes  indirect  (Kc~rv)  at  P=  13.88 
GPa,  indicating  that  AIN  probably  becomes  an  indirect  band  gap  material  before  reaching  the 
phase  transition,  at  least  with  reference  to  known  experimental  data.  For  the  first  derivatives  a  of 
the  rc  rv  band  gap,  our  calculations  give  31.8  meV/GPa  for  GaN,  18.8  meV/GPa  for  InN,  and 
40.5  meV/GPa  for  AIN. 

In  the  ternary  InAGai,vN  and  In^Ali^N  alloys,  while  the  lattice  parameters  c  show  an  almost 
linear  variation  versus  concentration,  the  lattice  parameters  a  deviate  from  VCA  with  a  slope  of  - 
0.09  A  and  -0.16  A  [18],  respectively.  This  deviation  is  due  to  the  relaxation  of  the  In-N  and  Ga- 
N  bond  lengths  in  IntGai.,N,  and  the  In-N  and  Al-N  in  InAAl!  vN.  It  is  important  for  InAAli,vN, 
since  the  lattice  mismatch  is  larger  than  that  of  In,Gai.AN.  The  band  gap  bowing  parameter  is  1 .7 
eV  for  InvGai-.vN,  and  4.09  eV  for  ln,Al|..vN  [18]. 

The  variation  ot  the  energy  gap  versus  volume  was  calculated  using  the  equilibrium  u  and  rj 
parameters  (at  p= 0).  Near  equilibrium  and  at  each  composition,  we  calculated  the  electronic  band 
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structures  at  different  values  of  the  hydrostatic  pressure.  The  pressure  behavior  of  the 
fundamental  band  energy  is  shown  in  figure  1  for  IncGai  JN,  and  InxAl].xN. 

For  UnuGai.jtN  (figure  la)  and  InAAli-AN  (figure  lb),  the  fundamental  band  gap  decreases  when 
In  composition  increases.  For  all  In  composition  (25,  50,  and  75  %  In),  the  fundamental  band  gap 
(77-/7)  increases  and  remains  also  direct  versus  pressure  (from  0  to  ~28  GPa).  For  InGaN,  it 
increases  from  1.29  to  1.78  eV  for  Ino.25Gao.75N,  0.77  to  1.55  eV  for  Ino.5Gao.5N,  0.46  to  0.79  eV 
for  Ino.75Gao.25N,  and  for  In  AIN  from  2.22  to  2.63  eV  for  Ino.25Alo.75N,  1.31  to  1.64  eV  for 
Ino.5Alo.5N,  and  from  0.72  to  1.03  eV  for  Ino.75Alo.25N.  This  variation  is  consistent  with  the 
experimental  one  for  the  InGaN  [8, 9,  10]. 

The  energy  band  gaps,  Eg,  first  a  and  second-order  (3  pressure  derivatives  coefficients  of  the 
fundamental  band  gaps,  bulk  moduli,  B,  and  their  pressure  derivatives,  B\  of  InAGai-.(N,  and 
InvAl[-.vN  alloys  are  given  in  table  I,  For  InxGai,vN  (table  I),  there  is  a  decrease  of  the  pressure 
coefficients  with  In  composition  from  24.8  meV/GPa  for  Ino.25Gao.75N,  to  21.7  meV/GPa  for 
Ino.5Gao.5N,  to  19.8  meV/GPa  for  Ino.75Gao.25N.  From  their  photoluminescence  results,  Shan  et  al. 
deduced  pressure-coefficients  of  39  meV/GPa  for  Ino.osGao.92N,  40  meV/GPa  for  Ino.11Gao.g9N 
[10],  and  35  meV/GPa  for  Lio.14Gao.86N  [9].  In  their  photoluminescence  measurements  and 
photomodulation  spectroscopy  [8]  on  InAGai..vN  alloys  (0  <  x  <0.2),  they  reported  values  of 
pressure  coefficients  of  39  meV/GPa  for  GaN,  39  meV/GPa  for  In0.04Ga0.96N,  35  meV/GPa  for 
Lio.0sGao.92N,  and  40  meV/GPa  for  Lio.11Gao.s9N.  From  these  data,  no  clear  dependence  of  the 
pressure  coefficient  on  alloy  compositions  could  be  drawn. 

In  our  case,  the  introduction  of  In  reduces  the  pressure  coefficient  significantly  and  does  not 
lead  to  linear  variation  with  alloy  composition.  We  have  a  bowing  parameter  of  15.1  meV/GPa. 
The  recent  work  of  Perlin  et  al.  [11]  reported  pressure  coefficients  of  the  InvGai-AN  alloys  using 
FP-LMTO  and  PL.  They  showed  a  dependence  of  the  pressure  coefficient  of  the  fundamental 
band  gap  (rc-rv)  on  alloy  composition  with  a  significant  deviation  from  those  of  linear 
interpolation,  in  agreement  with  our  calculations. 


Figure  1.  Variation  of  the  fundamental  energy  band  gap  versus  pressure  of  (a)  IntGaj-.vN  and  (b) 

LivAh-.N. 
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Table  I.  Energy  band  gaps.  E i,,  first  a  and  second-order  [3  pressure  derivatives  of  the 
fundamental  band  gap,  bulk  moduli.  B .  and  their  pressure  derivatives,  B\  of  InAGa,AN  and  InvAI,. 
,N.  For  InAGai_AN,  The  experimental  data  are  given  from  PL  measurements  from:  aRef.  [8],  bRef. 
[9],  and  LRef.  [10],  and  the  theoretical  one  from  dRef.  [11]. 
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(meV/GPa) 
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Exp. 
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40.5 
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214 

3.88 

lno.25AIo.75N 

7  77 

20.7 

-0.18 

196 

4.24 

Ino.5Alo.5N 

1.31 

17.6 

-0.14 

195 

2.14 

Ino.75Alo.25N 

0.72 

16.7 

-0.2 

171 

7.79 

InN 

0.17 

18.8 

-0.23 

152 

4.45 

For  InvAl].AN  (table  1),  there  is  a  strong  dependence  of  the  pressure  coefficients  on  alloy 
composition.  It  varies  from  20.7  meV/GPa  for  Ino.25Alo.75N,  to  17.6  meV/GPa  for  Ino.5Alo.5N,  and 
to  16.7  meV/GPa  for  Ino.75Alo.25N.  with  a  strong  deviation  from  linearity.  It  appears  that 
introducing  In  decreases  the  pressure  coefficient  significantly,  for  50  and  75  %  of  In,  the  values 
are  lower  than  that  of  InN. 

From  the  variation  of  the  fundamental  band  gap  energy  with  alloy  composition  for  different 
pressures  (between  0  and  20  GPa).  we  calculated  the  band  gap  bowing  parameter  at  each 
pressure.  This  is  shown  in  figure  2  for  ln,Ali  AN,  and  InAGai_vN.  For  InvAl|-vN,  the  bowing 
parameter  increases  with  pressure  until  a  pressure  ~14  GPa,  after  that  it  decreases  rapidly.  The 
reason  is  the  change  of  the  fundamental  band  gap  in  AIN  from  F  (rc-rv)  to  K  (Kt.-rv);  the  Tc-rv 
band  gap  increases  quickly  in  contrast  to  that  of  Kc-V,  which  remains  almost  constant  and 
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Figure  2.  Variation  of  the  band  gap  bowing  parameter  versus  pressure  of  InAGai-AN  and  InAAli. 

jfN. 


smaller  than  that  of  rc-Fv,  after  the  crossing  of  the  two  bands  at  p  =13.88  GPa  [17].  For  InAGai_ 
AN,  the  band  gap  bowing  parameter  increases  continuously  with  pressure. 


CONCLUSION 

In  this  work,  we  calculated  the  pressure  coefficient  of  the  InGaN  and  In  AIN  alloys  over  a  wide 
range  of  composition.  We  see  that  the  introduction  of  In  in  InAGai-AN  and  JnAAli-AN  decreases  the 
pressure  coefficient,  however  this  variation  is  not  linear.  We  report  also  the  variation  of  the 
fundamental  band  gap  bowing  with  pressure.  There  is  a  continuous  increase  with  pressure  for 
InAGaj-AN,  and  the  same  variation  for  InAAli„AN  until  a  pressure  of  ~  14  Gpa,  beyond,  it  decreases 
significantly.  This  is  in  the  pressure  range  where  we  see  that  the  fundamental  band  gap  of  AIN 
becomes  indirect. 
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Japan 


ABSTRACT 

Single  crystalline  InN  films  were  grown  on  Si  substrates  by  radio-frequency 
plasma-excited  molecular  beam  epitaxy.  Electrical  property  of  InN/Si  heterojunction  was 
investigated.  We  obtained  rectifying  characteristics  in  n-InN/p-Si  heterostructure  for  the  first 
time.  Forward  I-V  characteristics  were  affected  by  both  the  buffer  layer  deposition  and  the 
nitridation  process.  Strong  photoluminescence  peaks  for  both  single  crystalline  and 
polycrystalline  InN  films  grown  on  the  Si  substrates  were  observed  at  around  0.8  eV,  which 
were  smaller  than  the  previous  reported  PL  emission  peak  of  around  1 .9  eV. 


INTRODUCTION 

Nitride  semiconductors  are  promising  materials  for  photonics  and  electronics.  However, 
growth  and  characterization  as  well  as  device  application  of  InN  have  not  been  widely 
studied  compared  with  other  nitrides.  This  is  because  of  the  difficulty  to  obtain  high  quality 
InN  due  to  its  low  dissociation  temperature  and  high  equilibrium  vapor  pressure.  Thus, 
among  nitride  semiconductors,  physical  properties  of  InN  have  not  been  well  known  up  to 
now  enough  to  be  applied  to  photonic  and  electronic  devices.  For  example,  InN  has  been 
understood  to  have  a  direct  bandgap  of  1 .9  eV.  However,  it  is  reported  very  recently  that  the 
bandgap  energy  of  InN  is  less  than  1  eV  [1-3].  Furthermore,  high  quality  InN  films  with  high 
electron  mobility  have  been  obtained  on  a  sapphire  substrate  [4-7].  These  results  are  getting 
us  to  explore  new  application  fields  of  nitrides  semiconductor. 

Growth  of  nitride  semiconductors  on  a  Si  substrate  is  also  an  important  issue  since  using 
Si  as  a  substrate  can  overcome  several  restrictions.  For  example,  a  Si  substrate  is  easily 
obtained  at  high  quality  and  low  cost,  and  has  a  variety  specification  we  asked  for.  In  the  case 
of  InN  growth,  the  lattice  mismatch  for  a  Si  (111)  substrate  (7.6  %)  is  much  smaller  than  that 
for  a  sapphire  (0001)  substrate  (25.4  %).  Furthermore,  device  application  using  hetero 
junction  of  nitride  semiconductors  on  Si  has  a  prospect  in  semiconductor  technology.  Some 
possible  devices  applying  this  combination  are  monolithic  integration  devices,  tandem-type 
solar  cells  [8],  light  emitting  diode  and  so  on.  In  the  case  of  nitride  semiconductors,  since  N 
atoms  are  not  electrically  active  in  Si,  the  Si  side  of  the  interface  is  expected  to  show  p-type 
due  to  possibly  diffused  group-III  atoms  from  the  nitride  semiconductor.  Therefore,  hetero 
junction  composed  of  InN  and  Si  is  expected  to  be  applicable  to  pn  junction.  Recently, 
Yoshimoto  et  al.  reported  fabrication  and  characterization  of  InN/Si  heterostructure  [9,10]. 
They  found  that  no  rectifying  characteristic  was  observed  in  the  heterojunction  of  n+-InN/p-Si 
due  to  a  large  number  of  interface  states.  These  results  suggest  that  quality  of  the  InN  films 
grown  on  Si  should  be  improved  for  achieving  the  applicable  InN/Si  heterojunction. 

In  this  paper,  we  report  on  successful  growth  of  high  quality  InN  films  with  single 
crystalline  on  Si(lll)  substrates  by  radio-frequency  plasma-excited  molecular  beam  epitaxy 
[11,12].  Electrical  properties  of  the  InN/Si(lll)  heterojunction  was  studied.  Rectifying 
characteristic  in  the  n-InN/p-Si  heterostructure  was  obtained  for  the  first  time.  Effects  of 
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initial  growth  processes  of  InN  on  the  electrical  properties  were  also  investigated.  Optical 
properties  of  InN  films  grown  on  Si  (1 1 1)  were  also  studied.  We  observed  photoluminescence 
emission  at  about  0.8  eV  for  both  single  crystalline  and  polycrystalline  InN  films  grown  on 
the  Si  substrates. 

EXPERIMENTAL 

Epitaxial  n-InN  films  were  grown  on  a  Si  (111)  substrate  by  RF-MBE.  The  elemental 
indium  (In)  was  evaporated  from  a  standard  Knudsen  effusion  cell,  and  RF-plasma  source 
(SVT  associates  model  4.5)  with  mass-flow  controlled  N2  gas  was  used  to  obtain  excited 
nitrogen.  The  substrates  used  in  this  study  were  p-type  conductivity  with  a  resistivity  of  0.02 
£2cm.  Prior  to  growth,  Si  substrates  were  cleaned  by  organic  solutions,  etched  in  HF  solution 
and  thermally  cleaned  over  800°C  for  20  min  under  a  pressure  of  1x1  O'9  Torr  in  the  growth 
chamber  such  that  they  showed  a  clear  (7x7)  reflection  high-energy  electron  diffraction 
(RHEED)  pattern  of  a  clean  Si  (1 1 1)  surface.  InN  films  were  then  grown  at  390°C  for  1  hour 
after  substrate  nitridation  and  low  temperature  buffer  layer  deposition.  For  comparison,  InN 
films  were  also  directly  grown  without  these  initial  growth  processes.  In  situ  RHEED 
observations  were  carried  out  during  growth.  The  film  thickness  determined  by  a  mechanical 
profilometer  (DECTAK3)  was  -250  nm.  Aluminum  used  as  contact  material  was  deposited  by 
vacuum  thermal  evaporation  for  investigating  the  electrical  properties.  The  carrier  densities 
were  measured  by  Hall  effect  measurement  at  room  temperature  using  van  der  Pauw  method. 
Forward  (If-Vf)  and  reverse  (Ir-Vr)  current-voltage  curves  were  measured  at  room 
temperature.  Optical  properties  of  the  InN  films  were  also  investigated  by  photoluminescence 
(PL).  PL  measurements  were  carried  out  using  Ar+  laser  at  77K  in  the  spectral  range  from  600 
to  1700  nm. 


RESULTS  AND  DISCUSSION 

Figure  1  shows  RHEED  patters  of  InN  films  grown  on  Si  substrates.  As  shown  in  Fig. 
1(b),  when  InN  film  was  directly  grown  on  Si  substrates,  a  ring  pattern  was  observed, 
indicating  that  polycrystalline  InN  with  poor  c-axis  orientation  was  obtained.  Using  a  low 
temperature  InN  buffer  layer,  the  RHEED  pattern  shown  in  Fig.  1(c)  changes  a  spotty  pattern. 
It  is  found  that  c-axis  orientation  of  InN  films  grown  on  Si  (111)  is  improved  by  the  low 
temperature  InN  buffer  layer.  However,  a  double  domain  structure  was  still  observed  as 
shown  in  Fig.  1(c)  by  an  arrow,  indicating  a-axis  orientation  of  InN  was  random.  Figure  1(d) 
shows  a  RHEED  pattern  of  the  InN  film  grown  after  substrate  nitridation  and  the  buffer  layer 
deposition.  A  clear  streak  pattern  of  a  single  domain  structure  was  observed.  From  these 
results,  we  confirmed  that  single  crystalline  InN  film  was  successfully  grown  on  Si  (111) 
substrate  using  the  nitridation  and  the  buffer  layer  deposition. 

The  InN  films  used  in  this  study  showed  n+-type  conductivity  without  an  intentional 
doping.  The  carrier  density  of  InN  films  was  about  lxl 02i  cm'3.  The  current- voltage  (I-V) 
characteristics  of  InN/Si  grown  with  the  low  temperature  buffer  layer  are  shown  in  Fig.  2.  All 
heterostructure  measured  showed  rectification  at  room  temperature.  The  n-InN/p-Si 
heterostructure  exhibited  a  breakdown  voltage  of  about  4.3  V.  A  high  current  could  be  derived 
at  forward  voltage  drops  of  0.6  ~  1  V.  The  I-V  characteristics  showed  an  exponential 
dependence  of  the  current  on  voltage:  I=I0exp(qv/nkT).  The  minimum  value  of  the  ideality 
factor  n  was  about  2.5. 
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Figure  1  RHEED  patterns  of  the  InN  films  grown  on  Si  (111);  (a)  Si(lll)  substrate,  (b) 
directly  growth,  (c)  with  the  low  temperature  buffer  layer  deposition  and  (d)  with  both 
substrate  nitridation  and  the  buffer  layer  deposition. 

Effects  of  growth  processes  on  the  electrical  properties  of  InN/Si  heterojunction  were 
investigated.  Figure  3  shows  I-V  characteristics  of  four  types  of  n-InN/p-Si  heterojunctions  at 
room  temperature.  As  shown  in  Fig.  3(a)  and  (b),  using  the  buffer  layer  growth,  1-V 
characteristic  of  the  InN/Si  heterojunction  was  improved  compared  to  the  heterojunction  in 
which  InN  was  directly  grown  on  Si.  On  the  other  hands,  the  I-V  characteristic  was 
remarkably  changed  by  introducing  the  nitridation  process  of  Si,  and  showed  similar  profile 
with  the  InN/Si  heterojunction  formed  without  chemical  cleaning  of  Si  before  InN  growth  as 
shown  in  Fig.  3(c)  and  (d).  As  we  discussed  before  in  this  paper,  the  nitridation  process 
improved  crystallinity  of  the  InN  film.  However,  the  InN/Si  heterojunction  in  which  InN  was 
grown  with  the  nitridation  process  exhibited  a  poor  electrical  property.  These  results  suggest 
that  the  nitridation  process  has  harmful  effects  on  the  heterojunction  of  InN/Si  due  to  possibly 
formed  defects  at  the  interface.  We  can  notice  that  a  new  initial  growth  process  without  the 
nitridation  process  of  Si  should  be  considered  to  realize  improvements  of  both  crystal  quality 
and  electrical  property  of  InN/Si  heterojunction  simultaneously. 

Figure  4  shows  the  PL  spectrum  at  77K  from  the  single  crystalline  and  polycrystalline 
InN  films  grown  on  Si  substrates,  corresponding  to  RHEED  patterns  of  Fig.  1(d)  and  Fig. 
1(b),  respectively.  A  strong  peak  was  observed  at  about  0.8  eV  (A=1550nm)  for  both  InN 
films  with  single  crystalline  and  poly  crystal  line.  The  luminescence  peak  energy  is  consistent 
with  recent  reports  for  InN  films  grown  on  sapphire  substrates.  PL  peak  couldn’t  be  observed 
at  near  1 .9  eV  (650  nm),  which  was  the  previously  reported  value  of  bandgap  energy  of  InN. 
These  results  confirmed  that  origin  of  the  difference  in  InN  bandgap  between  0.8  eV  and  1.9 
eV  is  not  depend  on  neither  substrates  for  InN  growth  (Si  or  sapphire)  and  crystallinity  of  InN 
(single  or  poly).  On  the  other  hand,  Yodo  et  al.  recently  confirmed  a  PL  peak  at  about  1.8  eV 
for  InN  films  grown  on  Si  by  ECR-MBE  [13].  At  this  moment,  reasonable  explanation  to 
understand  these  different  results  on  PL  emission  of  InN  is  not  established.  Further  study 
should  be  necessary  for  carrier  concentration  and  oxygen  incorporation  of  these  InN  films, 
which  seem  to  affect  the  bandgap  of  InN  [1,14]. 
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Figure  2.  1-V  characteristics  for  n-InN/p-Si  heterostructure  at  room  temperature,  (a)  Linear 
I-V  characteristics,  (b)  Logarithmic  I-V  characteristics. 
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Figure  3.  I-V  characteristics  of  n-InN/p-Si  heterojunction  at  room  temperature.  (a)InN  film 
directly  grown  on  Si  substrate,  (b)  InN  film  grown  with  low  temperature  buffer  layer 
deposition  on  Si  substrate,  (c)  InN  film  grown  with  low  temperature  buffer  layer  deposition 
and  substrate  nitridation  on  Si  substrate,  (d)  InN  film  directly  grown  on  Si  substrate  without 
chemical  cleaning  by  HF  solution. 
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Figure  4.  PL  spectrum  at  77K  for  InN  films  on  Si  substrate,  (a)  polycrystalline  InN  film,  (b) 
single  crystalline  TnN  film. 


Conclusion 

Purely  hexagonal  single  crystalline  InN  films  grown  on  Si  substrates  could  be  obtained 
by  using  appropriate  initial  growth  processes.  Clear  rectifying  characteristics  in  n-InN/p-Si 
heterostructure  were  obtained.  However,  it  was  found  the  nitridation  process  has  harmful 
effects  on  the  heterojunction  of  InN/Si  due  to  possibly  formed  defects  at  the  interface.  We  can 
notice  that  a  new  initial  growth  process  without  the  nitridation  process  of  Si  should  be 
considered  to  realize  improvements  of  both  crystal  quality  and  electrical  property  of  InN/Si 
heterojunction  simultaneously. 

Strong  PL  peaks  of  both  single  crystalline  and  polycrystalline  InN  on  Si  substrates  were 
observed  at  around  0.8  eV,  which  were  smaller  than  reported  PL  emission  peak  of  about  2  eV. 
These  results  confirmed  that  origin  of  the  difference  in  InN  bandgap  between  0.8  eV  and  1 .9 
eV  is  not  depend  on  neither  substrates  for  InN  growth  (Si  or  sapphire)  and  crystallinity  of  InN 
(single  or  poly). 
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ABSTRACT 

Utilizing  plasma  source  molecular  beam  epitaxy  (PSMBE),  we  have  grown  epitaxial  InxAli.xN 
films  on  (0001)  sapphire  substrates;  the  indium  concentration,  x ,  varied  from  0  to  1.  The  atomic 
force  microscopy  of  the  films  reveals  characteristic  surface  patterns  of  nanometer  scale.  The 
feature  size  distribution  is  determined  by  the  film  composition  and  thickness.  Both  absorption 
and  reflection  spectra  of  the  films  have  additional  peaks  below  the  fundamental  absorption 
threshold.  These  peaks  cannot  be  associated  with  N  vacancies  or  any  other  known  crystal  defects 
and  impurities.  We  attribute  the  peaks  to  electron  confinement  in  the  hillocks  of  the  lateral 
structure  by  the  strong  electric  field  of  piezoelectric  and  spontaneous  polarization  that  is 
characteristic  to  nitride  semiconductor  compounds.  The  calculated  values  of  the  electron  energy 
levels  are  in  good  agreement  with  the  spectroscopic  data;  moreover,  the  electron  confinement 
model  explains  the  observed  temperature  dependence  of  the  additional  peaks.  The  hillock  size 
control  will  allow  one  to  control  the  optical  and  transport  properties  of  the  films. 

INTRODUCTION 

Ternary  alloys  of  AIN  and  InN  have  been  studied  extensively  in  the  regard  of  their  potential 
application  in  light-emitting  and  laser  diodes  [1],  primarily  because  of  their  wide  direct  band  gap, 
tunable  by  composition  and  ranging  from  0.7  eV  for  InN[2],  to  6.2  eV  for  AIN.  The  devices, 
based  on  quantum  wells  or  on  self-assembled  arrays  of  quantum  dots,  are  expected  to  cover 
wavelength  region  from  ultraviolet  to  near  infrared  light.  Given  excellent  radiation  and  thermal 
stability  of  the  materials,  such  devices  will  be  especially  useful  in  space  and  medical 
applications.  However,  the  progress  toward  these  goals  is  impeded  by  technological  difficulties 
of  the  Al]-xInxN  film  growth  [3-6].  These  difficulties  are  associated  with  spinodal  phase 
separation  that  frustrates  solubility  between  AIN  and  InN  [7].  Various  substrates  and  various 
growth  techniques  have  been  tried  to  achieve  reliable  growth  of  Ali.xInxN  thin  films:  metal- 
organic  vapor  phase  epitaxy  [1],  magnetron  reactive  sputtering  [3,6],  metal-organic  chemical- 
vapor  deposition  [4],  and  microwave-excited  metalorganic  vapor  phase  epitaxy  [5],  The  films 
obtained  varied  from  spontaneously  segregated  polycrystalline  to  highly  oriented  epitaxial.  In  the 
present  work,  we  have  studied  a  series  of  Ali.xInxN  alloy  films  with  thickness  ranging  from  100 
nm  to  8000  nm  and  In  concentration  ranging  from  0  to  1.  We  have  identified  the  presence  of  a 
large  number  of  bulges  as  the  specific  feature  of  the  film  morphology.  We  focused  our  attention 
on  how  the  bulge  structure  depend  on  the  film  composition  and  growth  conditions,  and  studied 
theoretically  and  experimentally  the  electron  localization  in  the  bulges. 
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EXPERIMENT 


The  films  of  InN,  InAlN.  and  AIN/c-AFOi  were  grown  by  plasma  source  molecular  beam 
epitaxy  (PSMBE)  with  unique  two  A1  (99.999%)  and  In  (99.9999%)  magnetron-like  hollow 
cathode  cells.  RF  power  usually  was  in  range  300  -  40  (Wt).  Hollow  cathode  bias  was  -500  to 
-150  V,  the  ratio  of  Ar/N:  flow  was  40/10  (SCCM).  The  system  operates  at  base  vacuum 
Pb  <  5x  1  O'9  Torr  and  dynamic  pressure  Pj  =  1  x  1 0 4 -  1  x  1 0  4  Torr.  The  growth  of  AIN  buffer  layer 
includes  a  temperature  ramp  from  350-400°C.  The  growth  temperature  was  400  -  650°C  for  AIN 
films  and  375°C  for  InN  and  InAlN  films.  The  negative  substrate  bias  ranged  from  -12  to  -5  V. 
Distance  from  the  center  of  hollow  cathode  cells  to  substrate  was  80  -  175  mm.  The  values  of  In 
mole  fraction  have  been  extracted  from  (0002)  XRD  peak  position  (@/2@-scans  RIGAKU  CuKa 
x-ray  spectrometer)  and  corrected  by  taking  into  account  for  the  deviation  from  Vegard’s  law. 
The  reflection,  transmission,  and  absorption  measurements  have  been  performed  using  a 
Perkin-Elmer  >.-900  spectrometer  with  resolution  of  1  nm  for  the  wavelength  range  of 
175-3300  nm  at  700  K  -  71  K  temperatures.  The  atomic  force  microscopy  (AFM)  was  performed 
using  Molecular  Image  PICOSPM.  The  properties  of  the  films  are  summarized  in  Table  1 . 

Table  1.  The  growth  conditions  and  the  properties  of  thin  AlInN  films. 
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The  AFM  studies  indicate  that  the  surface  of  the  films  contains  a  large  number  of  bulges, 
whose  typical  size  depends  on  the  growth  temperature  and  composition.  Fig.  1  shows  the  film 
surface  for  an  Alo.45Ino.55N  film  with  an  AIN  buffer  layer  grown  at  400-C  (left  panel)  and  for  an 
InN  film  grown  at  475gC  without  the  buffer  layer  (right  panel).  For  Alo.45Ino.55N  film,  the  average 
in-plane  size  of  a  bulge  is  600  A,  the  average  height  of  a  bulge  is  100  A,  while  the  underlying 
film  thickness  is  about  800  A;  the  density  of  bulges  is  5x10s  cm  2.  For  InN  film,  the  bulge  in¬ 
lane  size  is  1 100  A,  the  bulge  height  is  150  A,  and  the  underlying  film  thickness  is  about  5000  A. 

The  parts  of  typical  absorption  curves  near  the  absorption  threshold  are  shown  in  Fig.  2 
for  Alo.45Infl.55N  (right)  and  for  InN  (left).  On  the  right  curve,  two  deep  energy  levels  are  clearly 
seen  that  are  separated  by  about  1  eV  from  the  conduction  band  and  from  each  other.  On  the  left 
curve,  there  is  one  deep  energy  level,  about  0.2  eV  below  the  conduction  band  edge. 
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these  vacancies  are  known  to  act  as  shallow  donors  with  activation  energy  in  the  range  of 
5  -  70  meV  [8].  Such  donors  would  only  lead  to  a  smearing  of  the  absorption  edge  [3]. 


Fig.  2.  The  absorption  coefficient  of  thin  films  of  In  AIN  on  100  A  buffer  layer  (right  panel)  and 
InN  without  buffer  layer  (left  panel)  near  the  absorption  threshold.  The  inserts  represent  the 
transmission  and  reflection  coefficients. 
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Further  insight  into  the  nature  of  the  unusual  features  of  the  absorption  curves  is  brought 
about  by  their  temperature  dependence.  We  tound  out  that  the  additional  absorption  peaks 
become  more  pronounced  with  growing  temperature,  as  shown  in  Fig.  3.  This  behavior  is  quite 
unlike  the  usual  temperature  smearing  of  absorption  peaks. 
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Fig.  3  Temperature  evolution  of  additional  absorption  peaks  for  In„.4Al0.6N  film  (left  panel)  and 
Ino.9Alo.1N  film  (right  panel). 

In  the  following  section,  we  offer  a  possible  explanation  of  these  unusual  additional  features  of 
the  absorption  curve  as  being  caused  by  electron  states  localized  in  the  bulges.  We  estimate  the 
characteristic  localization  energies  and  show  that  they  lie  in  the  range  of  the  observed  levels. 


DISCUSSION 

The  bulges  by  themselves  could  not  provide  the  electron  quantization  except  for  extremely  low 
temperatures,  because  the  typical  bulge  size  is  100-M50  A  on  the  background  of  >1000  A-thick 
film.  The  additional  confining  mechanism  is  the  strong  built-in  electric  field  existing  in  nitride- 
compound  films.  The  wurtzite  symmetry  allows  spontaneous  polarization,  with  typical  values  of 
-0.08  C/m  for  AIN  and  -0.03  C/m'  lor  InN  [9].  In  addition,  the  piezoelectric  coefficients  of  the 
nitride  compounds  are  an  order  of  magnitude  larger  than  in  traditional  II1-V,  leading  to  strong 
piezoelectric  polarization  of  a  biaxially  strained  layer. 

Pz  =  2 dM  j^'M  +ri:  -  2 

where  d.<,  is  the  relevant  component  of  the  piezoelectric  tensor,  c0  are  the  elastic  constants,  and 
M.v..v=Myy  are  the  in-plane  components  of  the  strain  tensor.  For  a  pseudomorphic  layer  of  AIN  on 
sapphire,  z<u~0.12;  for  InN  on  sapphire.  wu  =  0.23  [  10].  The  coefficient  of  u.v,  in  Eq.  (1)  is  almost 
the  same  for  AIN  and  InN  and  is  about  -0.90  C/nr.  The  total  polarization  induces  electrostatic 
field  E  ~  1.5  V/nm  in  InN/AlN/Sapphire  structure  and  E  ~0.6  V/nm  in  InN/Sapphire  structure. 
These  fields  are  strong  enough  to  cause  effective  electron  quantization  near  the  top  of  a  bulge. 

To  estimate  energies  of  the  resulting  quantum  states,  we  model  a  bulge  as  a  parabolic  tip, 

z  =  z()-p2/R  (2) 


(1) 
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Here,  the  film  lies  in  the  xy  plane,  the  z  axis  is  directed  outward  the  substrate;  zq  and  R  are  the 
height  and  the  curvature  radius  of  the  bulge.  In  this  case,  the  parabolic  coordinate  system,  £,77, 
is  the  natural  choice,  so  that  the  bulge  surface  of  Eq.  (2)  coincides  with  the  coordinate  surface 
£  =  4  =  7?(m*e£/2ft2)1/3 .  In  these  coordinates,  the  electron  wavefunction  is  factorized, 
W(Z>1I)=X\ the  functions X\ (£)  and  XiiV)  being  determined  by  the  system  of  two 
ordinary  differential  equations. 


1  1  dz,  fe  C  £ 

d?  $dS  U  S  8. 


!Zi=0; 


£12  ( '  dzi ,  [  g  c  ,  n 

drf  t}  dr}  1.4  1}  8 


Z2=0, 


(3) 


coupled  through  the  variable  separation  constant,  C ,  and  the  dimensionless  electron  energy. 
The  total  energy  of  the  localized  electron  state  is  then  determined  as 


E(N,M,z0,R)  = 


1/3 

|  £(N,  M&)-<Eez0, 


(4) 


£ . 


where  the  quantum  numbers  N  and  M  correspond  to  the  £ -coordinate  and  the  77 -coordinate, 
respectively,  and  m  is  the  electron  effective  mass.  Typical  curves  of  £  as  a  function  of  4  are 
shown  in  Fig.  4.  When  4  increases,  the  positive  contribution  to  the  localized  state  energy 
rapidly  decreases,  resulting  in  overall  increase  of  the  binding  energy  in  Eq.  (4). 


Fig.  4.  The  energy  levels  of  electron  states  in  a  bulge  as  a  function  of  the  bulge  curvature  radius, 
for  the  quantum  numbers  N  =  0,  M  =  0  (left  panel)  and  TV  =  1,  M  =  2  (right  panel). 

For  numerical  estimates,  we  considered  two  cases,  in  accordance  with  morphology  of  the 
films:  (i)  the  film  Alo.5Ino.5N  on  a  buffer  layer  of  AIN  on  sapphire,  with  zo=  100  A  and  R=360 
nm;  (ii)the  film  InN  on  sapphire,  with  zo=  150  A  and  /?=820nm.  In  case  (i),  we  obtain  the 
energies  of  the  first  two  localized  states,  those  of  N  =  0,  M  =  0  and  N  =  0,  M  =  1  as  -1 .8  eV  and 
-1  eV;  in  case  (ii),  the  energy  of  these  states  are  -0.17  eV  and  -0.05  eV.  Thus,  the  model  predicts 
the  energy  level  values  that  are  in  good  agreement  with  the  obtained  absorption  data.  These 
results  correlate  with  recent  numerical  simulations  of  small  GaN  quantum  dots  [11]  and  with 
experimental  results  on  exciton  localization  in  GaN  quantum  wells  [12],  Additional  evidence  of 
the  electron  localization  in  the  bulges  is  the  unusual  temperature  dependence  of  the  absorption 
peaks  (see  Fig.  3).  This  dependence  concurs  with  our  model,  because  the  very  electric  field  that 
localizes  electrons  should  shove  the  holes  off  the  tips.  This  spatial  separation  of  the  electrons  and 
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the  holes  impedes  their  radiative  recombination,  unless  at  higher  temperatures.  More  convincing 
support  of  our  interpretation  can  be  obtained  from  the  future  photoluminescence  measurements. 

CONCLUSIONS 

We  have  investigated  Alj_xInxN  films  grown  by  plasma  source  molecular  beam  epitaxy  on  c- 
plane  sapphire  (0001)  substrates  with  thin  buffer  layers  of  AIN  and  without  such  layers.  In  both 
cases,  we  succeeded  to  obtain  films  of  good  epitaxial  quality.  The  common  feature  of  all  the 
obtained  thin  films  is  a  bas-relief  structure  of  their  surface,  containing  a  large  number  of  self- 
assembled  bulges.  Absorption  spectra  of  these  nanostructures  have  additional  peaks  that  can  be 
only  associated  with  additional  energy  levels.  We  ascribe  these  levels  to  electrons,  which  are 
confined  and  quantized  in  the  bulges  by  strong  built-in  electric  field  caused  by  piezoelectric 
polarization  due  to  biaxial  strain  and  by  spontaneous  polarization.  This  field  is  capable  of 
capturing  and  quantizing  the  electrons  near  the  tops  of  the  bulges.  The  electron  binding  energy 
grows  with  the  bulge  height  and  decreases  with  the  bulge  curvature  radius.  Calculated  values  of 
the  electron  confinement  energy  are  in  good  agreement  with  the  absorption  data.  The 
temperature  dependence  of  the  additional  peaks  also  confirms  the  picture  of  electron  localization 
and  electron-hole  separation  by  the  built-in  electric  field.  The  electron  energy  levels  may  be 
modified  and  modulated  by  external  electric  field.  Photoluminescence  experiments  are  proposed 
for  further  investigation  of  the  quantum  dots  of  a  new  kind. 
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ABSTRACT 

Annealing  experiments  were  carried  out  on  gallium  nitride  layers,  which  were  grown  on 
sapphire  through  Metal  Organic  Chemical  Vapor  Deposition  (MOCVD).  Rutherford 
Backscattering  Spectrometry  (RBS)  was  performed  on  as-grown  and  annealed  GaN  samples 
using  a  2  MeV  proton  beam  to  study  the  stoichiometric  changes  in  the  near-surface  region  (750 
nm)  with  depth  resolution  better  than  50  nm.  No  decomposition  was  measured  for  temperatures 
up  to  800  °C.  Decomposition  in  the  near-surface  region  increased  rapidly  with  a  further  increase 
of  temperature,  resulting  in  a  near-amorphous  surface-region  for  annealing  at  1100  °C.  The 
depth  profiles  of  nitrogen  and  incorporated  oxygen  in  the  decomposed  GaN  are  extracted  from 
the  nanoscale  RBS  data  for  different  annealing  temperatures.  The  surface  roughness  of  the  GaN 
layers  observed  by  atomic  force  microscopy  (AFM)  is  consistent  with  RBS  decomposition 
measurements.  We  describe  the  range  of  annealing  conditions  under  which  negligible 
decomposition  of  GaN  is  observed,  which  is  important  in  assessing  optimal  thermal  processing 
conditions  of  GaN  for  both  conventional  and  nanoscale  optoelectronic  devices. 


INTRODUCTION 

Ultraviolet  (UV)  and  blue  wavelengths  have  numerous  applications  in  optical 
communication  systems,  full-color  displays  and  data  storage  etc.  [1].  Therefore,  wide  bandgap 
semiconductors,  specifically  gallium  nitride  and  related  materials  have  great  potential  for  highly 
efficient  blue  and  UV  light  emitting  diodes  (LEDs)  and  laser  diodes  (LDs).  These  materials  are 
also  suitable  for  high  temperature  devices.  Gallium  nitride  and  its  alloys  are  now  also  of  interest 
due  to  their  use  in  electronic  and  optoelectronic  nanoscale  devices  as  nanowires  and  nanorods  [2- 
3].  All  these  applications  are  possible  due  to  the  wide  direct  band  gap  of  GaN,  the  possibility  of 
band  gap  engineering  and  its  high  bond  strength  and  high  melting  temperature  (>1700  °C)  [4-7]. 

High  temperature  annealing  of  GaN  is  an  important  step  in  producing  blue  and  UV  light 
emitters  and  high  temperature  devices.  However,  annealing  above  a  certain  temperature  can 
cause  decomposition  of  gallium  nitride,  especially  near  the  surface,  where  evaporated  nitrogen 
and  gallium  leave  vacancies,  which  may  result  in  the  incorporation  of  oxygen.  This  incorporation 
of  oxygen  can  cause  n-type  conductivity  in  initially  p-type  gallium  nitride  as  discussed  in 
theoretical  studies  from  Mattila  and  Nieminen  [8]  and  Park  and  Chadi  [9].  A  number  of  authors 
[10-14]  have  reported  annealing  results  of  gallium  nitride  but  there  have  not  been  any  studies  of 
the  elemental  depth  distributions  in  annealed  GaN. 

We  have  determined  the  elemental  depth  distribution  of  annealed  GaN  samples  with 
resolution  better  than  50  nm  in  the  near-surface  region  (up  to  750  nm)  using  2  MeV 
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backscattered  protons.  Our  results  give  information  on  the  thermal  stability  of  gallium  nitride 
over  a  wide  range  of  temperatures  and  describe  quantitatively  the  evaporation  of  nitrogen  and 
gallium  after  decomposition  during  annealing.  Incorporation  of  oxygen  during  annealing  is  also 
quantified.  We  describe  the  range  of  annealing  conditions  under  which  negligible  decomposition 
of  gallium  nitride  is  observed.  This  is  important  in  assessing  optimal  thermal  processing 
conditions  of  GaN  during  device  fabrication  and  operational  temperature  of  GaN  based  high- 
temperature  devices.  Our  results  of  thermal  behavior  of  the  near-surface  region  of  GaN  with 
nanoscale  depth  resolution  are  also  useful  for  fabrication  and  operation  of  GaN  based  nanoscale 
devices. 


EXPERIMENTAL  DETAILS 

Annealing  experiments  were  carried  out  on  GaN  layers,  which  were  grown  on  sapphire 
through  Metal  Organic  Chemical  Vapor  Deposition  (MOCVD),  on  top  of  a  25  nm  thick  low 
temperature  GaN  buffer  layer.  The  samples  were  annealed  at  temperatures  between  500  and 
1 100  OC  for  a  time  interval  of  60  seconds,  with  ramp  up  and  down  times  of  20  seconds. 
Annealing  was  carried  out  in  nitrogen  ambient  and  samples  were  kept  uncapped  during 
annealing  to  study  the  process  of  decomposition.  The  sample  temperature  was  maintained  within 
±5  °C  from  the  set  temperature  during  annealing  of  all  the  samples. 

RBS  measurements  were  carried  out  using  the  3.5  MeV  Singletron  accelerator  at 
Research  Center  for  Nuclear  Microscopy,  National  University  of  Singapore.  The  backscattered 
protons  were  detected  using  a  semiconductor  surface  barrier  detector  of  resolution  13  keV  and  an 
area  of  50  mm2.  The  detector  was  located  at  a  scattering  angle  of  160°.  The  total  beam  fluence 
used  for  each  measurement  was  5-10  pC.  AFM  measurements  were  also  carried  out  on  the  same 
as-grown  and  annealed  GaN  samples  using  the  tapping  mode. 


RESULTS  AND  DISCUSSION 

RBS  measurements  were  carried  out  on  as-grown  and  all  the  annealed  GaN  samples. 
Figure  1  shows  proton  backscattering  spectra  from  GaN  samples  annealed  at  different 
temperatures.  Stoichiometric  changes  are  observed  in  the  near-surface  region  during  annealing. 
The  different  depth  scales  for  gallium,  nitrogen  and  oxygen  are  indicated,  only  selected  spectra 
are  shown  in  figure  1  to  avoid  overlapping.  These  spectra  allow  the  quantitative  depth  resolved 
determination  of  stoichiometric  changes  in  GaN  samples  under  different  annealing  conditions. 
The  presence  of  oxygen  in  the  near-surface  region  after  annealing  of  GaN  samples  can  be  seen 
clearly.  Oxygen  was  present  as  an  impurity  in  the  ambient  nitrogen,  which  was  used  during 
annealing  experiments.  With  increasing  temperature,  nitrogen  and  gallium  can  diffuse  from 
deeper  regions  to  the  surface.  This  decomposition  of  GaN  initiates  two  processes.  One  is  the 
displacement  of  atoms  to  new  equilibrium  lattice  positions  and  the  other  is  the  diffusion  of 
oxygen  from  the  ambient  into  the  GaN  to  fill  the  vacancies  produced  by  evaporation  of  nitrogen 
and  gallium. 

The  near-surface  region  becomes  depleted  of  gallium  and  nitrogen  during  annealing  due 
to  evaporation.  Figure  2  shows  the  percentage  nitrogen  (a)  and  oxygen  (b)  atoms  in  annealed 
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Fig.  1.  Proton  backscattering  spectra  from  GaN  samples  annealed  at  different  temperatures  for  60 
seconds.  The  spectrum  region  between  1600-1800  keV  has  been  omitted  to  highlight  the 
variation  of  the  signal  for  gallium,  oxygen  and  nitrogen.  Vertical  arrows  show  the  positions  at 
which  signals  from  gallium,  oxygen  and  nitrogen  atoms  at  the  surface  are  expected  to  appear. 
Lines  are  drawn  to  guide  the  eye. 

gallium  nitride  samples  as  a  function  of  depth.  These  percentage  fractions  of  above-mentioned 
species  are  determined  by  fitting  the  random  spectra  of  as-grown  and  annealed  GaN  samples 
using  the  simulation  code  SIMNRA  [15].  At  temperatures  above  1000  °C,  the  width  of  the 
depleted  region  extends  at  least  100  nm  beyond  the  oxygen-incorporated  region. 

It  is  well  known  that  hydrogen  enhances  incorporation  of  Mg-dopant  in  GaN  due  to  the 
formation  of  Mg-H  complexes,  but  it  must  be  removed  by  post-growth  annealing  [16-17].  The 
presence  of  hydrogen  is  responsible  for  low  p-type  conductivity  of  GaN  [18].  Oxygen  presence 
in  the  ambient  during  low  temperature  annealing  (up  to  600  °C)  is  useful  for  activation  of  Mg- 
doped  GaN  [18-19].  Our  results  show  that  decomposition  of  GaN  and  changes  in  its 
stoichiometry  is  negligible  during  annealing  at  temperatures  lower  than  800  °C,  at  least  for  time 
intervals  of  60  seconds.  So,  ambient  nitrogen  including  oxygen  as  a  fraction  can  be  used  during 
annealing  (up  to  800  °C)  for  removal  of  incorporated  hydrogen  during  Mg-GaN  growth. 

Figure  3  shows  AFM  images  showing  the  surface  morphologies  of  as-grown  and  selected 
annealed  GaN  samples.  Corresponding  annealing  temperatures  are  shown  in  the  figure.  Different 
scales  are  used  along  the  z-axis  because  the  large  changes  in  texture  make  it  difficult  to  see  the 
morphology  of  all  the  samples  at  one  scale.  Surface  morphology  improves  up  to  800  °C  but 
degrades  with  further  increase  of  annealing  temperature.  This  is  further  indicated  in  figure  4, 
which  gives  the  rms  roughness  of  as-grown  and  annealed  GaN  samples.  During  annealing  up  to 
800  °C,  incomplete  layers  on  the  surface  of  as-grown  samples  are  smoothened,  which  decreases 
surface  roughness.  Annealing  of  gallium  nitride  above  800  °C  causes  measurable  decomposition 
and  at  the  highest  temperature  (1100  °C),  almost  completely  disordered  near-surface  region  is 
observed. 
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Fig.  2.  Percentage  nitrogen  (a)  and  oxygen  (b)  in  the  near-surface  region  of  GaN  as  determined 
using  2  MeV  proton  beam  random  backscattering  measurements.  Lines  are  drawn  to  guide  the 
eye. 

CONCLUSIONS 

This  study  shows  for  the  first  time  the  elemental  depth  distribution  of  annealed  GaN 
samples  with  depth  resolution  better  than  50  nm  in  the  near-surface  region  (750  nm)  over  a  wide 
range  of  annealing  temperatures  between  500  and  1 100  °C.  Decomposition  of  GaN  is  found  to  be 
negligible  during  annealing  up  to  800  °C  and  this  range  of  temperature  is  safe  for  GaN  based 
materials  processing  and  device  operation  for  high  temperature  devices.  Thermal  annealing  of 
GaN  beyond  1000  °C  causes  a  considerable  decomposition  and  disruption  in  the  near-surface 
region,  which  is  important  for  electronic  and  optical  properties  of  devices. 
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Fig.  3.  AFM  images  showing  surface  morphologies  of  as-grown  and  annealed  GaN  samples  at 
different  temperatures. 
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Fig.  4.  RMS  roughness  of  annealed  GaN  samples  based  on  AFM  results.  Arrow  shows  the  rms 
roughness  of  as-grown  GaN  samples. 
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Abstract 

Temperature  programmed  desorption  (TPD)  was  performed  on  deuterated  GaN(0001) 
surfaces  which  had  been  exposed  to  various  doses  of  90-eV  electrons.  TPD  of  the  deuterated 
surface  without  electron  exposure  shows  a  broad  D2  desoiption  feature  with  a  peak  desorption 
temperature  at  -400  °C.  Electron  exposure  results  in  a  decrease  in  intensity  of  the  desorption 
peak  which  is  attributed  to  removal  of  surface  deuterium  by  electron  stimulated  desorption 
(ESD).  This  removal  of  deuterium  by  ESD  produces  no  change  in  the  peak  desorption 
temperature  indicating  that  recombinative  desorption  is  first  order  in  deuterium  coverage. 

I.  Introduction 

Gallium  Nitride  (GaN)  and  its  alloys  with  InN  and  AIN  have  been  studied  because  of 
their  applications  in  red  to  UV  light  emitting  diodes,  lasers,  and  detectors,  as  well  as  high- 
temperature,  high-power,  and  high-frequency  electronic  devices  [1-3]. 

Hydrogen  is  usually  present,  intentionally  or  unintentionally,  during  GaN  growth  by 
techniques  including  MBE,  MOCVD  and  HVPE  and  during  processing  such  as  etching  [4  -  14]. 
The  effects  of  hydrogen  on  growth  and  etching  are  numerous.  First,  hydrogen  introduced  in 
MOCVD  is  shown  to  form  Mg-H  complexes  and  passivate  the  dopant.  Although  this  effect  can 
be  reactivated  by  sample  annealing,  the  entire  migration  path  of  hydrogen  from  Mg  dopant  sites 
in  p-type  GaN  has  not  yet  been  understood.  Both  experimental  and  theoretical  studies  [15  -  21] 
of  hydrogen  bonding  sites  inside  GaN  conclude  that  it  first  migrates  from  the  dopant  to  the 
closest  defect  site  then  to  the  second  closest  defect  site  and  so  on.  To  find  if  hydrogen  can  finally 
migrate  to  the  surface  and  desorb  requires  characterizing  the  reaction  of  hydrogen  on  the  GaN 
surface.  Earlier  desorption  studies  are  very  limited  [22-24].  Experiments  performed  in  the 
author’s  lab  characterized  the  interaction  of  hydrogen/deuterium  on  the  GaN  (0001)  surface  by 
high  resolution  electron  energy  loss  spectrum  (HREELS)  [25,  26],  ELS  [26,  27,  28]  and  TPD 
[29].  The  surface  was  determined  to  be  Ga  terminated  [25].  TPD  shows  deuterium  recombination 
over  a  broad  temperature  range  [29].  The  broadening  of  the  peaks  can  be  attributed  to  either  a 
distribution  of  surface  bonding  energies  or  to  diffusion  during  recombinative  desorption.  This 
diffusion  may  involve  subsurface  hydrogen.  Since  electron  stimulated  desorption  is  a  surface 
sensitive  process,  studying  ESD  is  useful  in  discriminating  between  surface  and  subsurface 
species  and  revealing  links  between  the  hydrogen  reaction  on  the  GaN  surface  and  bulk 
migration. 

Studying  ESD  efficiency  for  hydrogen  on  GaN  (0001)  may  help  develop  electron 
stimulated  etching  techniques  on  GaN  such  as  low  energy  electron  enhanced  etching  (LE4)  [30] 
which  does  not  require  reactive  chemicals  or  high  temperature  in  contrast  to  other  dry  etching 
techniques  [3,  31-33].  It  may  also  help  in  developing  mask-free  patterning  techniques  on  GaN  as 
have  been  demonstrated  on  other  surfaces  [34-38].  Bermudez  et  al.  [39]  and  earlier  work  in  the 
author’s  laboratory  [27,  28],  both  using  ELS,  reported  that  ESD  is  an  efficient  process  on 
hydrogenated  or  deuterated  GaN  (0001).  However,  it  is  also  found  that  ESD  does  not  completely 
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return  the  ELS  spectrum  of  the  hydrogenated  surface  to  that  of  the  clean  surface.  This  implies 
that  there  is  more  than  one  site  for  hydrogen  adsorbates. 

II.  Experimental  Details 

The  GaN  samples  used  in  this  work  were  grown  by  MOCVD  at  the  Naval  Research 
Laboratory  [40],  Sample  preparation  and  experimental  setup  for  AES,  ELS,  LEED  D  dosing  and 
IPD  have  been  described  previously  [25,  29].  All  desorption  data  reported  here  are  for  exposures 
of  200  L  of  D2,  as  determined  by  an  uncorrected  ion  gauge,  where  1  L  =  10  6  Torr  s.  As  our 
earlier  experiments  showed,  200  L  exposures  are  sufficient  to  saturate  the  surface  [25,28].  All 
TPD  curves  discussed  below  if  not  specially  mentioned  are  obtained  after  preheating  to  190  °C 
for  2  minutes  to  eliminate  the  effects  deuterium  desorption  from  the  sample  mount  [29]. 

The  ELS  apparatus  used  tor  our  earlier  ESD  work  has  a  small  electron  beam  spot  size.  To 
study  the  effects  of  electron  exposure  by  TPD  requires  exposing  the  entire  sample  surface  to  to  a 
uniform  electron  beam.  For  this  work,  electron  exposures  were  performed  by  placing  sample  in 
front  of  a  wide  spot  electron  gun  [41].  Electrons  emitted  from  the  grounded  filament  of  electron 
gun  hit  the  sample  surface  floated  to  90  V.  A  filament  current  of  4.2  A,  produced  an  electron 
current  measured  at  the  sample  mount  of  up  to  500  pA  and  beam  spot  size  of  at  least  10  times 
the  area  ot  the  sample  and  mount.  Since  secondary  electrons  are  generated  at  the  sample  surface, 
the  incident  beam  current  should  be  larger  than  the  measured  sample  current.  Tests  from  our  ELS 
apparatus  show  that  striking  the  sample  and  mount  is  -2  times  the  current  transmitted  through 
the  sample  mount.  This  arrangement  is  then  able  to  expose  the  sample  to  a  90-eV  electron  beam 
with  uniform  current  density  up  to  -100  pA/cm2. 

Since  earlier  work  from  the  author’s  lab  shows  that  Ga-D  but  not  N-D  bonds  are  present 
on  the  GaN(0001)  surface  after  atomic  deuterium  dosing,  the  TPD  curves  may  be  interpreted  as 
desorption  from  Ga  sites  on  GaN  surface. 

III.  Results  and  Discussion 

™  is  Performed  on  GaN (000 1 )  which  has  been  exposed  to  200  L  of  atomic  deuterium 
followed  by  vanous  amounts  of  electron  exposure.  TPD  of  the  deuterated  surface  without 
electron  exposure  shows  deuterium  recombination  composed  of  two  overlapping  broad  peaks 
with  one  centered  at  -320  °C  and  the  second,  which  is  the  majority,  at  -400  °C  (Fig.  la). 
Comparing  that  with  TPD  of  the  deuterated  surface  followed  by  21 , 42,  and  170  pA  h/cm2  of  90- 
eV  electron  bombardment  (Figs,  lb  lc,  and  Id.  respectively)  indicates  that  both  peaks  are 
reduced  by  electron  exposure.  Increasing  electron  exposures  produces  decreasing  TPD  intensity 
with  the  largest  exposure  resulting  in  a  much  smaller  but  still  present  desorption  peak  at  400  °C. 
To  better  understand  the  effects  of  the  electron  bombardment,  the  TPD  curves  for  various 
electron  exposures  (Figs.  lb.  lc.  and  Id)  are  subtracted  from  the  data  acquired  with  no  electron 
exposure  (Fig.  la)  to  reveal  effective  TPD  of  the  removed  species  (Figs.  2a,  2b  and  2c 
respectively). 
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Fig.  1 TPD  curves  of  Dj  recombination  from  200  L  D  exposed 
GaN(0001)  following  a)  no  electron  exposure,  b)  electron  exposure  of 
21  pA  hr/cm'2,  c)  42  pA  hr/cm'2,  and  d)  170  pA  hr/cm'2 


Each  of  the  data  curves  in  Fig. 
1  are  from  a  surface  with  the  same 
initial  exposure  of  atomic  deuterium 
but  with  different  amounts  of  electron 
exposure.  As  is  seen  by  the  reduction 
in  area  under  the  curve  as  the  electron 
exposure  is  increased,  deuterium  is 
being  removed  by  the  incident 
electrons.  However,  each  TPD  curve 
has  the  same  peak  desorption 
temperature  despite  different 
deuterium  coverages,  all  peaking  at 
400  °C.  Independence  of  the  peak 
desorption  temperature  with  varying 
coverage  is  a  signature  of  a  first  order 
desorption  process  [42]. 
Recombinative  desorption  of  D2  from 
surface  Ga-D  species  would  be 
expected  to  be  of  2nd  order.  The  first 
order  desorption  process  observed 
suggests  deuterium  desorbed  in  this 
temperature  range  do  not  recombine 
directly.  There  probably  is  a  diffusion 
barrier  between  their  original  sites  to 
those  surface  sites  on  which  the 
deuterium  atoms  ultimately 
recombine.  At  400  °C  this  diffusion 
mechanism  is  dominant  and  shows  as 
a  1st  order  desorption  process. 

Earlier  investigation  of  the 
ESD  of  H  and  D  from  GaN(0001)  in 
the  author’s  group  shows  that  ELS 


features  at  3.4,  6.6  and  1 1.7  eV  are  changed  by  H  or  D  exposure  and  restored  by  exposure  to  90- 
eV  electrons  [23].  From  that  data,  the  cross-section  for  removal  of  hydrogen  by  ESD  was 
determined  to  be  2  x  1017  cm2  and  that  of  deuterium  to  be  7  x  1018  cm.  The  reduction  in  the 


total  amount  of  deuterium  desorbed  as  a  function  of  electron  exposure  can  be  used  to  estimate  an 
ESD  cross-section  for  deuterium  of  ~9  x  10'19  cm2,  however,  a  more  complete  data  set  is  needed 


before  conclusions  can  be  reached. 
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The  earlier  ESD  work 
also  showed  that  an  18-eV  ELS 
feature  was  changed  by  exposure 
to  H  or  D  atoms  and  only  slightly 
restored  by  exposure  to  17  pA 
h/cnr  of  90-eV  electrons,  which 
is  less  than  the  exposure 
corresponding  to  Figs.  1  b  and  2a. 
We  suggest  that  the 
recombinative  desorption  of 
deuterium  at  -400  °C  may  be 
related  to  this  18-eV  feature. 
Earlier  explanations  attribute  the 
18-eV  feature  to  either  volume 
plasmon  [43,  44]  or  surface 
plasmon  [43  -  46]  shifted  by 
exposed  hydrogen.  Since  the 
diffusion  mechanism  between 
sites  related  with  this  feature  and 
surface  Ga  sites  is  suggested,  we 
infer  that  18-eV  feature  and 
deuterium  bonding  sites  related  to 
-400  °C  desorption  are  related  to 
the  volume  plasmon,  that  is,  these 
sites  may  involve  subsurface 
layers. 


IV.  Conclusion 

Temperature  programmed 
desorption  (TPD)  curves  have 
been  acquired  following  various 
amounts  of  exposure  of  the  entire 
surface  of  a  deuterium-exposed 
GaN(OOOl)  sample  to  90-eV 
electrons.  Comparison  of  these  curves  shows  a  decrease  of  desorption  intensity  in  the  region 
from  270  to  500  °C  and  particularly  a  reduction  in  the  size  of  the  main  desorption  peak  at  -400 
°C.  The  reduction  in  the  desorption  intensity  is  attributed  to  electron  stimulated  desorption 
(ESD)  of  surface  or  near-surface  deuterium.  The  peak  desorption  temperature  does  not  shift  as 
hydrogen  is  removed  by  ESD  indicating  first  order  desorption  and  a  diffusion  mechanism  is 
suggested.  From  the  area  under  the  TPD  curves,  an  ESD  cross-section  of  -9  x  lO'19  cm2  is 
estimated.  In  earlier  work,  the  author's  have  reported  ESD  of  hydrogen  by  two  mechanisms,  one 
very  efficient  process  with  a  cross-section  for  removal  of  deuterium  of  7  x  10",K  cm2  which 


300  350  400  450  500 

Tenperature  < 

Fig.  2  Subtraction  of  D>  TPD  curves  acquired  after  electron  exposures 
of  a)  21  pA  hr/cm2  (Fig.  lb),  b)  42  pA  hr/cm2  (Fig.  lc),  and  c)  170  pA 
hr/cm2  (Rg.  Id)  from  curve  with  no  electron  exposure  (Fig.  la). 


caused  rapid  changes  in  electron  energy  loss  spectroscopy  (ELS)  and  another  slower  process 
associated  with  an  ELS  feature  at  1 8  eV. 
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ABSTRACT 

This  paper  deals  with  defects  induced  by  proton  irradiation  in  n-GaN.  The  samples  were 
HVPE  grown,  irradiated  with  24  GeV  protons.  DLTS  was  performed  on  both  as-grown  and 
irradiated  samples  with  planar  and  normal  collector  configurations  to  evidence  the  dislocation 
effect.  Two  electron  traps  were  identified  in  the  as-grown  material  by  both  diode  structures:  trap 
EC1  (Ec  -  0.1 9eV)  and  trap  EC2  (Ec-  0.25eV),  EC2  being  the  dominant  one.  Irradiation 
consistently  affects  the  pre-existing  levels  in  such  a  way  so  as  their  appearance  strongly  depends 
on  the  diode  structure,  hence  on  the  region  probed  by  DLTS. 

This  contribution  focuses  on  the  actual  existence  of  two  deep  traps  EC1  and  EC2  emitting  in 
GaN  at  low  temperature  and  on  the  different  nature  of  the  deep  levels  associated  to  EC1  and 
EC2.  Their  filling  kinetics  was  studied  since  we  supposed  that  EC2  would  be  associated  to 
extended  defects,  as  already  reported  in  literature.  Indeed,  the  site  density  of  EC2  logarithmically 
depends  on  the  filling  pulse  width,  demonstrating  that  this  trap  is  definitely  associated  to 
extended  defects.  The  trap  EC1,  on  the  contrary,  exhibits  the  filling  kinetics  peculiar  of  point 
defects. 


INTRODUCTION 

Recently,  a  strong  effort  has  been  devoted  to  the  study  of  defects  induced  by  irradiation  in 
gallium  nitride  (GaN)  and  a  wide  debate  [1,2]  is  currently  running  on  the  nature  of  the  electron 
traps  emitting  at  low  temperature.  Indeed,  Di-nitride  semiconductors  are  in  use  for  space-based 
applications  and  it  is  therefore  of  major  importance  to  know  how  irradiation,  mainly  by  electrons 
and  protons,  affects  the  GaN-based  device  properties.  Furthermore,  as  proved  from  ages  for  what 
concerns  silicon,  irradiation  is  a  powerful  tool  to  investigate  the  defect  properties  since  it 
introduces  in  a  controlled  way  elemental  defects. 

Concerning  deep  level  transient  spectroscopy  (DLTS)  investigations,  for  long  time  it  was 
suggested  that  low  temperature  spectra  were  due  to  the  convolution  of  three  traps,  the  levels  of 
which  would  range  from  60  to  about  200  meV.  However,  DLTS  conclusions  are  hard  to  be 
drawn  because  of  the  closeness  of  the  trap  energy  values  involved,  hence  of  the  overlapping  of 
their  DLTS  peaks.  Thus,  not  a  definitive  confirmation  of  how  many  traps  contribute  to  the  low 
temperature  emission  nor  their  association  to  specific  defects  has  been  up  to  now  reached. 

This  contribution  deals  with  such  low  temperature  emitting  traps,  comparing  their  features 
before  and  after  irradiation  with  high  energy  protons.  In  addition,  measurements  were  carried  out 
in  both  planar  and  cross-sectional  diode  configuration,  which  produces  a  depth-dependent 
variation  in  the  DLTS  spectra.  As  a  matter  of  fact,  the  two  geometries  probe  regions  with 
different  distribution  and  densities  of  dislocations  so  as  to  evidence  possible  dislocation-related 
effects. 
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EXPERIMENTAL  DETAILS 


Unintentionally  doped  n-type  GaN  layer  grown  by  hydride  vapor  phase  epitaxy  (HVPE)  on 
sapphire,  epilayer  thickness  equal  to 72  micrometers,  Nd  =  9.38  x  lCTcm'3,  was  irradiated  with 
24  GeV  protons  (fluence  7.5  x  1013  cm'2).  Schottky  barrier  diodes  were  fabricated  by  evaporation 
and  lithographic  processes  according  to  two  different  geometries  (figure  1).  The  former 
geometry  is  the  conventional  planar  structure  with  the  diode  fabricated  on  the  epilayer  (figure 
la),  while  the  latter  geometry  provides  a  cross-sectional  configuration  with  the  diode  fabricated 
on  the  cleaved  surface  of  the  epilayer  including  the  epilayer-sapphire  interface  (figure  lb).  From 
now  on  the  two  structures  will  be  called  “geometry  A”  and  “geometry  B”,  respectively.  By  this 
way  the  characteristics  of  the  regions  investigated  by  DLTS  significantly  differ  in  terms  of 
dislocation  contribution:  geometry  A  essentially  probes  the  slab  just  under  the  epilayer  surface, 
where  the  threading  dislocations  emerge,  and  geometry  B  tests  the  epilayer  across  its  thickness 
from  the  interface-substrate  towards  the  epilayer  surface. 

DLTS  analyses  were  performed  with  both  diode  configurations  on  as-grown  and  irradiated 
samples  in  the  temperature  range  80-400  K,  but  we  will  focus  here  only  on  the  results  relevant  to 
the  temperature  range  80-250  K.  The  reverse  quiescent  bias  Vr  was  -5  V,  and  the  forward  filling 
bias  VF  was  varied  between  +3  and  +5  V,  without  significantly  different  results.  The  filling 
kinetics  of  the  deep  levels  was  investigated  by  changing  their  filling  time  with  pulse  widths  tp 
spanning  from  5  x  10'7  s  to  10  ms. 

Electron  beam  induced  current  (EBIC)  analyses  of  scanning  electron  microscopy  were  also 
performed  with  both  geometries  to  map  the  recombination  activity  distribution,  particularly  that 
relevant  to  the  cleaved  surface  of  the  diode. 


a) 


Figure  1  Schottky  barrier  diodes  fabricated  according  to  the  following  geometries:  a)  planar 
structure  with  the  diode  fabricated  on  the  epilayer  surface,  b)  cross-sectional  configuration  with 
the  diode  fabricated  on  the  cleaved  surface  of  the  epilayer  including  the  epilayer-sapphire 
interface. 
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RESULTS  AND  DISCUSSION 


Irradiation  consistently  affects  the  DLTS  spectra,  but  the  changes  of  the  spectra  strongly 
depend  on  the  diode  geometry  adopted,  hence  on  the  region  actually  probed. 

With  geometry  A  it  results  (figure  2)  that  before  irradiation  a  trap  (from  now  on  labeled 
EC2)  exists,  peaked  at  about  160  K  using  an  emission  rate  en  =  465  s'1  and  a  pulse  width  of  1  ms, 
at  220-250  meV  below  the  conduction  band  Ec  and  with  capture  cross  section  a  =  1.7  x  10  15 
cm2,  as  well  known  from  literature  [1,  2,  3,  and  references  therein].  The  irradiation  does  not 
affect  this  preexisting  level,  the  concentration  of  which  is  2.3  x  10  cm'  before  irradiation  and 
only  slightly  increases  after  irradiation,  but  generates  a  new  trap  EC1  located  at  about  190  meV 
below  Ec,  the  density  of  which  is  3.7xl013  cm'3  and  the  capture  cross  section  is  a  =  5.5x10  15 
cm2.  It  is  worth  noting  that,  due  to  our  experimental  conditions  where  the  proton  energy  dose  is 
very  high,  the  density  of  the  trap  EC1  is  not  only  higher  than  that  of  the  trap  EC2  but  also  the 
resulting  DLTS  spectrum  is  broadened  and  peaked  in  correspondence  of  the  emission  by  EC1. 
Indeed,  the  shape  of  this  DLTS  spectrum  could  also  be  interpreted,  as  done  in  the  past,  as  the 
overlapping  of  three  closely  spaced  levels  in  a  large  energy  range. 

The  DLTS  investigations  carried  out  with  geometry  B  add  to  the  above  picture  some  pieces 
of  information  which  shed  light  on  the  nature  of  the  preexisting  defects  involved  in  the 
interaction  with  protons  and  on  the  localization  of  defects  induced  irradiation.  From  careful 
measurements  it  emerges  that  the  trap  EC1  is  already  present  before  irradiation  (figure  3,  A) 


Temperature  (K) 

Figure  2.  DLTS  spectra  achieved  with  geometry  A  before  (A)  and  after  (□)  proton 
irradiation.  Emission  rate  en  =  465  s'1,  pulse  width  1  ms. 
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Figure  3.  DLTS  spectra  obtained  with  geometry  B  before  (A)  and  after  (■)  proton 
irradiation.  Emission  rate  en=  1 162  s'1,  pulse  width  1  ms. 

even  if  in  a  very  low  concentration  in  comparison  to  that  of  the  defect  EC2,  that  is  equal  to 
7.1  xlO14  cm'3 .  After  irradiation,  on  the  contrary  to  what  happens  with  geometry  A,  the  DLTS 
spectrum  clearly  shows  two,  well-separated  peaks,  which  correspond  to  the  emissions  from  EC1 
and  EC2.  Another  feature  that  differentiates  the  spectrum  obtained  by  investigating  the  epilayer 
cross-section  is  that  the  dominant  peak  is  now  EC2,  no  more  EC1 .  Indeed,  even  though  the 
density  of  the  trap  EC1  notably  increases  after  irradiation,  EC2  keeps  dominating:  the  density  of 
EC1  is  now  3.1  xlO14  cm'3  and  that  of  EC2  is  1.6xl015  cm'3. 

The  Arrhenius  plots  of  the  two  traps  detected  in  geometry  A  and  B,  respectively,  coincide 
(figure  4),  hence  demonstrating  that  the  different  shapes  of  the  DLTS  spectra  originate  from  the 
differences  in  the  distribution  and/or  density  of  the  electrical  activity  of  the  regions  explored. 
These  findings  can  be  straightforwardly  correlated  to  the  EBIC  results,  which  expectedly 
evidenced  that  the  strength  of  the  electrical  recombination  activity  of  the  threading  dislocations 
increases  moving  from  the  epilayer  surface  towards  the  interface  epilayer-sapphire.  Last,  but  not 
least,  is  the  difference  in  the  DLTS  signal  intensity  measured  in  the  two  geometries:  the  scales  of 
figures  2  and  3  significantly  differ  showing  that  the  DLTS  signal  relevant  to  the  investigations  in 
cross  section  configuration  is  much  larger  than  that  in  planar  configuration. 

The  above  results  can  be  interpreted  as  follows.  In  the  as-grown  epilayer  the  density  of 
both  traps  EC1  and  EC2  increases  moving  towards  the  interface.  It  is,  in  other  words,  associated 
to  the  defective  region  in  close  proximity  of  the  interface.  Thus,  probing  the  layer  across  a 
cleaved  surface  evidences  the  presence  of  both  traps  differently  from  what  happens  probing  the 
surface  opposite  to  the  interface.  This  explains  both  the  scaling  of  the  DLTS  signal  in  the  two 
used  geometries  as  well  as  the  detection  of  the  trap  EC1  only  in  geometry  B,  since  in  the  as- 
grown  layer  the  density  of  this  trap  is  much  smaller  than  the  one  of  trap  EC2.  Proton  irradiation 
generates  new  defects  and,  as  observed,  increases  the  amount  of  both  traps,  but  their  localization 
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Figure  4.  Arrhenius  plot  of  the  diodes  investigated  in  geometry  A  and  geometry  B  before  and 
after  proton  irradiation. 


differs  as  the  shape  of  the  DLTS  spectra  suggests.  Traps  EC1  is  likely  generated  more 
homogeneously  in  the  layer,  while  EC2  is  generated  mostly  in  close  proximity  of  the 
dislocations.  Then,  EC2  keeps  being  the  densest  one  in  geometry  B  that  probes  the  region  richest 
in  dislocations,  while  in  geometry  A  after  irradiation  the  trap  EC1  prevails. 

First  results  of  the  filling  kinetics  analysis  performed  in  geometry  B  confirm  this 
hypothesis  since  the  peak  height  of  trap  EC1  keeps  constant  changing  the  filling  pulse  width  tp 
from  2  ps  to  1 0  ms  while  the  height  of  the  EC2  peak  exhibits  a  logarithmic  filling  dependence  on 
tp.  This  indicates  [4]  that  the  former  trap  is  associated  to  point  defects  and  the  latter  trap  is 
associated  to  a  potential  barrier.  This  result  suggests  that  trap  EC2  is  likely  to  be  associated  to  the 
potential  barrier  of  dislocations.  Furthermore,  its  logarithmic  dependence  on  tp  is  different  in  as- 
grown  and  irradiated  epilayers,  suggesting  that  these  centers  are  point-like  defects  associated  to 
dislocations  and  multiplied  by  the  irradiation  in  such  a  way  to  affect  the  dislocation  potential 
barrier.  Additionally,  the  dependence  of  the  peak  height  on  tp  shows  that  it  can  be  attributed  to 
localized  states  [5].  Accounting  for  a  dislocation  density  of  about  Ndisi  =  1010cm'2  and  the  density 
of  the  trap  EC2  equal  to  1.6xl015  cm'3,  the  distance  among  traps  roughly  results  about  500  A. 

It  has  also  to  be  mentioned  the  possible  effect  that  the  degenerate  region  close  to  the 
interface  [6]  has  on  the  present  results.  Indeed,  due  to  the  large  thickness  of  this  sample,  72  jam, 
this  region  only  slightly  should  affect  the  DLTS  signal  in  cross  section  configuration,  as  inferred 
by  the  very  low  value  of  the  leakage  current  (lower  than  10'9A)  at  the  bias  used  (VReVerse  =  -5V). 
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CONCLUSIONS 


The  results  presented  in  this  contribution  provide  evidence  of  two  defects,  EC  I  and  EC2, 
multiplied  by  irradiation,  but  both  existing  also  in  as-grown  GaN  epilayers.  EC1  exhibits  features 
peculiar  of  point  defects  randomly  distributed,  while  a  local  Coulomb  potential  is  associated  to 
EC2,  which  then  could  be  attributed  to  point-like  defects  associated  to  a  potential  barrier.  From 
this  finding  we  can  infer  that  EC2  is  associated  to  the  pre-existing  threading  dislocations,  even  if 
their  nature  is  not  yet  clear  at  this  time. 
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ABSTRACT 

High-temperature  (high-T)  illumination-induced  metastability  in  undoped  semi-insulating  (SI) 
GaN  grown  on  a-plane  sapphire  by  metalorganic  vapor  phase  epitaxy  has  been  studied  using 
thermally  stimulated  current  (TSC)  spectroscopy,  photocurrent  (PC)  and  persistent  photocurrent 
(PPC)  measurements.  The  metastability  can  be  induced  by  illumination  at  390>T>300K  (using 
either  white  or  360-nm  light),  followed  by  cooling  the  sample  to  83  K  in  the  dark.  Without  high- 
T  illumination,  the  SI-GaN  sample  stays  in  its  normal  state  (“off’  state),  and  shows  at  least  six 
TSC  traps,  B  (0.63  eV),  Bx  (0.51  eV),  Ci  (0.44  eV),  C  (0.32  eV),  D  (0.23  eV),  and  E  (0.16  eV). 
However,  after  high-T  illumination  the  sample  goes  into  a  metastable  state  (“on”  state),  and 
shows  a  strong  increase  in  both  the  PC  at  83  K  and  the  TSC  of  traps  D,  C,  and  E,  accompanied 
by  significant  change  in  their  relative  densities.  PPC  at  83  K  in  the  “on”  state  lasts  much  longer 
than  that  in  the  “off’  state.  Association  of  possible  point  defects  and  dislocations  with  the 
metastability  behavior  will  be  discussed. 

INTRODUCTION 

Undoped  semi-insulating  (SI)  GaN  films  are  preferred  for  device  structures  such  as 
AlGaN/GaN  HEMTs.  Recently,  yellow-luminescence  (YL)  related  optical  metastability  or 
memory  effects  in  undoped  GaN  layers  have  been  studied  using  photoluminescence  (PL)  or 
cathodoluminescence  (CL),  in  conjunction  with  exposures  of  samples  to  either  high-intensity 
ultraviolet  light  or  electron-beam  irradiation  at  room  temperature  [1,2].  Instead  of  PL  or  CL,  we 
have  successfully  used  thermally  stimulated  current  (TSC)  spectroscopy,  both  illumination- 
temperature  and  time  dependent,  and  photocurrent  (PC),  to  study  photo-induced  metastability  in 
undoped  SI-GaN  samples  grown  by  metalorganic  vapor  phase  epitaxy.  The  metastability  is 
induced  by  high-temperature  (high-T)  illumination  at  390>T>300  K  (using  white  or  360-nm 
light),  followed  by  cooling  the  sample  to  83  K  in  the  dark.  Without  high-T  illumination,  the  SI- 
GaN  sample  stays  in  its  normal  state  (or  “off’  state)  and  shows  at  least  six  TSC  traps,  B  (0.63 
eV),  Bx  (0.51  eV),  Ci  (0.44  eV),  C  (0.32  eV),  D  (0.23  eV),  and  E  (0.16  eV).  These  traps  are  very 
similar  to  the  electron  traps  observed  in  n-type  GaN  films  by  deep  level  transient  spectroscopy 
(DLTS).  High-T  illumination  puts  the  sample  into  a  metastable  state  (or  “on”  state),  which  shows 
a  strong  increase  in  both  the  PC  at  83  K  and  the  TSC  of  traps  D,  C,  and  E.  The  TSC  traps  also 
show  a  significant  change  in  their  relative  densities  in  the  “on”  state.  Persistent  PC  at  83  K  in  the 
“on”  state  lasts  much  longer  than  that  in  the  “off’  state.  Based  on  the  temperature  and 
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illumination-time  dependences  of  the  PC.  and  the  relative  magnitude  of  the  TSC  traps  in  the  "on’' 
and  “off’  states,  we  discuss  how  point  defects  and  dislocations  may  influence  the  metastability. 

SAMPLE  AND  EXPERIMENTS 


Unintentionally  doped  SI-GaN  samples  (with  thicknesses  of  ~1.5  pm.  total  dislocation 
densities  of  -5  x  109  cm  C  and  resistivities  as  high  as  1010  Q  cm)  were  grown  on  a-plane  sapphire 
by  metalorganic  vapor  phase  epitaxy  (MOVPE),  using  large-grained  AIN  nucleation  layers  [3J. 
One  ~4  x  4  mm  piece  cut  from  such  a  sample  was  used  in  this  study.  A  pair  of  non-annealed 
indium  contacts  was  soldered  onto  the  top  surface.  A  Bio-Rad  DL4600  system  and  a  Keithley 
617  electrometer  were  used  to  measure  dark  current  (DC),  photocurrent  (PC),  and  TSC  under  a 
bias  Vb=50  V,  with  temperatures  controlled  from  83  to  390  K.  PC  measurements  were  conducted 
using  a  bare  halogen  lamp  (white  light)  or  with  a  band-pass  filter  (light  centered  at  360  nm).  The 
light  intensity  could  be  adjusted  by  varying  the  lamp-voltage.  For  regular  TSC  measurements, 
the  sample  was  always  cooled  from  the  highest  temperature  (390  K)  to  a  lower  (illumination) 
temperature  (Tjnuin)  in  the  dark.  After  illuminating  the  sample  for  a  few  minutes  (tiuum)  at  a 
selected  Tjuum,  the  light  was  switched  off  for  a  period  of  time  (called  the  waiting  time  twait  or 
decay  time)  at  Tjllum.  Finally  the  sample  was  cooled  to  83  K,  and  the  TSC  spectrum  was 
measured  upon  warming,  with  a  heating  rate  |3=0.3  K/s.  Persistent  photocurrent  (PPC)  was 
measured  during  the  waiting  or  decay  period.  The  sample  shows  very  low  DC’s  (for  example,  -4 
pA  at  390  K),  which  allows  us  to  detect  TSC  traps  peaked  at  temperatures  as  high  as  300  K. 

RESULTS  AND  DISCUSSION 

Fig.  1  shows  TSC  spectra,  measured  at  different  values  of  Tjiium  (from  83  to  250  K),  with  tj|[ulT1 
of  4.5  min  and  twajt  of  2  min.  At  least,  six  traps  can  be  observed  in  the  spectra.  They  are  B  at  300 
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Fig.l  TSC  spectra  measured  by  illuminating 
the  sample  (using  white  light)  at  different 
values  of  Tjuum  and  cooling  it  to  83  K  in  the 
dark.  The  conditions  are:  Vb=50  V;  (3=0.3  K/s; 
lamp  voltage=10  V;  ilium,  time  @  83  K= 

4.5  min;  and  waiting  time=  2  min. 
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Fig.2  TSC  spectra  measured  by  illuminating 
the  sample  (using  white  light)  at  83  K  and 
with  different  values  of  twait:  a)  0.5  min,  b)  1 
min.  c)  5  min,  and  d)  17  min  (inset  is  PC 
and  PPC  measured  at  83  K).  The  other 
conditions  are  the  same  as  those  in  Fig.  1 . 
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K,  Bx  at  255  K,  Ci  at  220  K,  C  at  170  K,  D  at  130  K,  and  E  at  97  K.  The  higher  Tui«m,  the  fewer 
peaks  were  observed,  because  of  the  difficulty  of  filling  shallower  traps  by  illumination  at  higher 
Tinum.  Using  the  approximate  equation  ET=kT  In  Tm4/P  for  a  given  TSC  peak  at  Tm  [4],  the 
activation  energy  Ej  was  estimated  to  be  0.62  eV  for  B,  0.51  eV  for  Bx,  0.44  eV  for  Ci,  0.32  eV 
for  C,  0.23  eV  for  D,  and  0.16  eV  for  E,  respectively.  Interestingly,  these  TSC  traps  are  all 
similar  to  DLTS  electron  traps  observed  in  various  types  of  n-GaN  layers  grown  on  c-plane 
sapphire  [5],  and  most  of  them  are  believed  to  be  related  to  point  defects.  Fig.  2  shows  TSC 
spectra,  measured  at  Tinum=83  K  and  with  twait  ranging  from  0.5  to  17  min.  PC  and  PPC  data, 
measured  at  83  K  with  a  decay  time  of  15  min  (using  white  light),  is  shown  in  the  inset  of  the 
figure.  Low-T  peaks  E,  D,  and  C  reasonably  decrease  due  to  thermal  emission  during  the  waiting 
time;  however,  the  high-T  peaks  are  not  affected  due  to  negligible  emission  at  83  K.  For  each  of 
the  four  spectra,  it  is  noted  that  the  value  of  the  TSC  at  the  initial  time  (immediately  after  twait)  is 
equal  to  the  value  of  the  PPC  at  a  decay  time  equal  to  twajt.  This  observation  shows  that  the  PPC 
is  merely  the  result  of  electron  emission  from  traps  such  as  E,  D,  and  C.  This  same  correspon¬ 
dence  holds  for  other  values  of  Tinum  (not  shown  here),  which  further  proves  that  the  PPC 
observed  in  our  GaN  sample  is  due  to  contributions  of  electron  emission  from  relevant  traps 
filled  at  a  particular  Tjuum.  In  order  to  observe  high-T  illumination-induced  metastability  of  the 
PC  and  TSC,  the  sample  was  first  illuminated  at  380  K  (using  white  light)  for  5  min,  then  cooled 
to  83  K  in  the  dark,  then  illuminated  at  83  K  for  5  min  before  commencing  the  regular  TSC 
measurement.  Fig.  3  presents  an  observation  of  the  metastability,  i.e.,  sharp  differences  in  the  83- 
K  PC  and  in  the  TSC,  caused  by  the  380-K  illumination.  Note  that  both  the  PC  and  the  PPC  at  83 
K,  as  well  as  the  low-temperature  portion  of  the  TSC,  increase  significantly  due  to  the 
illumination.  Without  the  380-K  illumination,  the  SI-GaN  sample  stays  in  its  normal  state  (or 
“off’  state),  while  with  the  380-K  illumination,  the  sample  goes  into  a  metastable  state  (or  “on” 
state).  To  better  understand  this  metastability,  we  use  filtered  light,  centered  at  360  nm.  TSC 
spectra  for  the  sample  in  the  “off’  and  “on”  states,  measured  using  different  light  intensities  for 


I  (K)  or  Time  (sec) 

Fig.3  PC  at  83  K  and  TSC  measured  with  and 
without  380-K,  white  light  illumination.  The 
conditions  are:  Vb=50  V;  P=0.3  K/s;  lamp  vol- 
tage=7  V;  ilium,  time  @380  K=5  min;  ilium, 
time  @83  K=5  min;  and  waiting  time=2  min. 


Fig.4  TSC  spectra  versus  light  intensity  (or 
lamp  voltage),  measured  with  and  without 
380-K  illumination,  corresponding  “on”  and 
“off’  states  (using  360-nm  light).  The  other 
conditions  are  the  same  as  those  in  Fig.3. 
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both  380-K  illumination  (for  the  sample  going  to  “on”  states)  and  83-K  illumination  (for  regular 
TSC  measurements)  are  pictured  in  Fig.  4.  From  the  figure,  we  see  that  as  light  intensity 
increases:  i)  TSC  signals  in  both  the  “off’  and  “on”  states  rise  without  saturation;  and  ii)  the 
spectral  difference  (at  T<200  K)  between  the  two  states  becomes  larger.  Once  going  into  the 
“on”  state,  a  complete  recovery  from  the  “on”  state  to  the  “off’  state  (in  the  dark)  takes  many 
hours  or  days,  depending  on  the  initial  light  intensity.  To  understand  the  mechanism  causing  the 
metastability,  we  measured  TSC  spectra  in  the  “on”  state  as  a  function  of  illumination-  tempera¬ 
ture  and  time,  at  high-Tinuin’s.  The  TSC  spectra,  measured  at  different  values  of  Tnium,  are  shown 
in  Fig.  5.  An  Arrhenius  plot  of  PC  vs.  1/Tiiium  is  shown  in  the  inset.  From  the  figure,  we  see  that: 
i)  the  TSC  signal  in  the  “on”  state  is  greatly  increased  by  raising  Tnium  from  320  K  to  390  K;  ii) 
the  TSC  spectral  feature  at  T<200  K  is  significantly  changed  from  trap  E  dominancy  to  traps  D/C 
dominancy;  and  iii)  the  PC  drops,  as  Tin,,™  rises,  and  seems  to  be  controlled  by  a  deep  center  with 
Et~  2.1  eV,  which  is  close  to  the  energy  of  the  YL  center.  “On”  state  TSC  spectra,  measured 
using  different  values  of  tuium  (380-K  illumination),  are  presented  in  Fig.  6.  An  inset  shows  the 
relationship  between  the  83-K  PC  and  the  logarithmic  time.  From  the  figure,  we  find  that:  i)  the 
TSC  signal  in  the  “on”  state  increases  greatly  with  increased  tnium;  ii)  the  TSC  spectral  features  at 
T<200  K  are  also  changed  from  E  dominancy  to  D/C  dominancy;  and  iii)  the  83-K  PC  varies 
logarithmically  with  tj||um.  Since  the  PC  at  83  K  and  the  TSC  at  T<200  K  in  the  “on”  state  are 
highly  correlated  to  each  other,  and  since  both  depend  on  carrier  lifetime  (x)  and  mobility  (jl)  [4], 
it  is  useful  to  normalize  the  TSC  by  the  83-K  PC,  i.e.,  TSCn0rm=TSC/PC(83  K).  Normalized  TSC 
spectra  as  a  function  of  Tj||um  and  tmum  are  shown  in  Figs.  7  and  8,  respectively.  From  these 
figures,  we  see  that  the  high-T-illumination-induced  metastability  can  be  well  demonstrated  in 


Fig.5  “On”  state  TSC  spectra  measured  after 
illuminating  the  sample  at  different  high  -TjUum  S 
(using  360-nm  light).  The  inset  is  an  Arrhenius 
plot  of  PC  vs.  1 /TjUum.  The  conditions  are:  Vb=50 
V;  (3=0.3  K/s;  lamp  voltage=8  V;  ilium,  time  @ 
Tj)ium*s=5  min;  ilium,  time  @83  K=5  min;  and 
waiting  time=2  min. 


Fig.6  TSC  spectra  measured  using  360-nm 
light  and  different  values  of  tjnum  from  0.5  to 
50  min  for  380-K  illumination  (inset  is  plot 
of  PC  at  83  K  versus  logarithmic  tmum  of 
380-K  illumination).  The  other  conditions 
are  the  same  as  those  shown  in  Fig.5. 
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T  (K) 


Fig.7  Normalized  TSC  spectra,  demonstrating  Fig.8  Normalized  TSC  spectra,  demonstra- 
effect  of  illumination  temperature  on  TSC  traps  ting  effect  of  illumination  time  at  380  K  on 

in  the  low-temperature  range  (see  Fig.  5  for  the  TSC  traps  in  the  low-temperature  range  (see 

measurement  conditions).  Fig.  6  for  the  measurement  conditions). 

terms  of  the  absolute  and  relative  strengths  of  the  low-T  TSC  traps.  Furthermore,  optically- 
induced  YL-related  memory  effects,  similar  to  those  of  Chang  et  al.  [1],  were  also  observed  with 
PL  measurements  [6]. 

Based  on  the  observations  mentioned  above,  the  deep  centers  responsible  for  the  high-T- 
illumination-induced  metastability,  could  be  certain  TSC  traps  (C  at  0.32  eV,  D  at  0.23  eV,  and 
E  at  0.16  eV)  and  the  YL  center  at  2.2  eV.  By  comparing  these  TSC  traps  with  common  DLTS 
traps,  induced  by  electron  irradiation  or  enhanced  by  plasma  etching  in  n-GaN  layers  [7,8],  we 
believe  that  they  are  all  due  to  nitrogen-vacancy  (Vn)  related  point  defects.  Moreover,  there  is 
some  evidence  from  DLTS  and  transmission  electron  microscopy  studies  on  samples  with 
different  thicknesses  that  trap  D  may  be  a  complex  involving  both  Vn  and  the  gallium-vacancy 
(VGa).  This  evidence,  which  is  indirect,  is  based  on  the  observation  that  D  is  readily  observed  in 
thin  n-GaN  layers  with  high  dislocation  densities  [9],  and  that  high  dislocation  densities  are 
correlated  with  high  concentrations  of  VGa,  as  revealed  by  positron  annihilation  studies  [10]. 
Furthermore,  the  YL  center  is  also  strong  in  such  layers,  and  is  indeed  thought  to  be  a  complex 
containing  VGa  (for  example,  see  [1 1]). 

It  is  known  that  light-induced  metastability  often  involves  configurational  changes  of  a  given 
defect  or  defect  complex.  For  example,  in  GaAs,  the  As  antisite  can  move  from  a  tetrahedral  to 
an  off-center  position,  and  also,  reactions  such  as  VGa  —>  VasAsG!,  can  occur.  In  GaN,  similar 
reactions  would  be  VGa  VNNGa,  or  Vn  -»  VGaGaN.  Thus,  we  believe  that  traps  C,  D,  and  E,  as 
well  as  the  YL  center,  may  be  associated  with  complexes  of  Vn,  VGa,  NGa,  and  GaN,  and  that 
strong  light  might  be  able  to  produce  such  complexes,  or  at  least  to  transform  one  to  the  other. 
Also  important  is  the  carrier  lifetime,  which  will  affect  the  overall  intensity  of  the  TSC  and  PC. 
Some  of  the  potential  complexes  may  be  more  important  than  others  in  acting  as  recombination 
centers,  and  reducing  carrier  lifetime.  The  PC  versus  1/T  data  shown  in  the  inset  of  Fig.  5 
demonstrates  that  carrier  lifetime  probably  depends  upon  the  existence  of  a  capture  barrier,  such 
as  the  one  associated  with  AsGa  in  GaAs.  The  electron  capture  processes  due  to  presence  of 
dislocation-related  line-defects  have  been  well  studied  on  thin  and  thick  n-GaN  layers  grown  by 
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various  techniques,  using  DLTS  [12],  and  on  MOVPE-grown  undoped  n-GaN  using  long-term 
photocapacitance  decay  measurements  [13].  In  these  studies,  either  DLTS  signals  for  most  of 
traps  or  photocapacitance  after  suspension  of  white  light  illumination  were  found  to  depend  on 
logarithmic  filling-pulse  width  or  logarithmic  decay  time,  which  were  interpreted  as  anomalous 
electron  capture  kinetics  due  to  time-dependent  capture  barrier  associated  with  dislocation- 
related  line-defects.  Here,  we  find  two  facts:  i)  there  exists  a  logarithmic  relationship  between 
83-K  PC  and  380-K  illumination  time  and  ii)  there  is  no  saturation  of  low-T  TSC  peaks  as  light 
intensity  increases,  both  indicating  the  possible  presence  of  time-dependent  capture  barrier  and 
dislocation -related  line-defects.  To  determine  the  detailed  structures  of  the  point  defects  involved 
in  the  high-temperature-illumination -induced  metastability,  further  studies  are  needed. 

The  work  of  Z-Q.F  and  DCL  was  supported  by  AFOSR  Grant  No.  F49620-00-1-0347. 
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ABSTRACT 

We  investigate  implantation  of  high  purity  HVPE  GaN  with  Mg,  Be,  C,  Zn,  Cd,  Ca,  N,  O,  P,  As, 
Ne,  and  Ar.  After  annealing  at  1300  °C,  the  material  is  characterized  using  low  temperature 
photoluminescence  (PL).  The  Mg  acceptors  exhibit  much  better  optical  activation  than  Be,  C, 
Zn,  Cd,  or  Ca  acceptors  implanted  and  annealed  under  the  same  conditions.  Acceptor-bound 
exciton  peaks  and  well-resolved  donor-acceptor  pair  bands  are  observed  for  both  Mg  and  Zn.  A 
broad  peak  centered  near  2.78  eV  is  obtained  for  Cd,  confirming  that  it  is  deeper  than  Zn. 
Isoelectronic  As  or  P  exhibit  sharp  no-phonon  bound  exciton  lines  at  2.952  and  3.200  eV, 
respectively.  Defect-related  bands  centered  at  2.2  and  2.35  eV  are  studied.  Both  Be  and  C 
strongly  enhance  the  yellow  (2.2  eV)  PL  band,  but  no  other  impurities  do  so,  including  O. 

INTRODUCTION 

GaN  is  a  developing  wide  gap  semiconductor  material  with  important  applications  to  both 
optical  and  electronic  devices.  Diffusion  of  most  impurities  in  GaN  is  impracticably  slow,  so 
that  ion  implantation  is  the  preferred  method  for  selective  doping  of  GaN.  Ion  implantation  also 
permits  the  easy,  controlled  introduction  of  dopant  species  without  complications  due  to 
unintentional  passivating  agents  such  as  H.  The  behavior  of  implanted  impurities  and  defects  in 
GaN  is  not  yet  well  understood.  Therefore,  it  is  useful  to  survey  the  properties  of  various  dopant 
species  and  defects.  In  previous  work,  we  studied  Mg,  C,  and  Be  implants,  sometimes  together 
with  Ne,  Al,  P,  or  Ar  co-implantations,  using  low  temperature  photoluminescence  (PL)  [1,2]. 
Good  optical  activation  of  Mg  acceptors  was  obtained,  yielding  a  spectroscopic  binding  energy 
of  224  meV  from  the  conduction  band-to-acceptor  (e-A°)  PL  peak  position.  A  green  band  at 
2.35  eV  and  a  weaker  red  band  at  1.73  eV  were  also  observed.  Co-implantation  of  Mg,  Be,  and 
C  acceptors  with  various  other  species  showed  that  Mg  acceptors  incorporate  well,  whereas  Be 
and  C  only  enhance  the  yellow  PL  band.  We  found  that  P  forms  an  isoelectronic  hole  trap  on  the 
N  site  in  n-typc  GaN,  but  a  helium-like  double  donor  on  the  Ga  site  in  p- type  (Mg-doped)  GaN. 

Here,  we  extend  this  work  to  additional  impurities  and  defect  states.  Low  dose 
implantations  into  high  purity  starting  material  are  combined  with  high  temperature  annealing  to 
obtain  highly  resolved  optical  spectra.  We  study  Zn,  Cd,  and  Ca  as  p- type  dopants  at  various 
doses  and  compare  the  optical  activation  of  Mg,  Be,  C,  Zn,  Cd,  and  Ca  acceptors.  More  detailed 
studies  of  the  yellow  PL  band  at  2.2  eV  and  the  green  band  at  2.35  eV  are  performed. 
Implantation  of  As  and  P  into  n-type  GaN  is  studied  to  compare  the  behavior  of  these 
isoelectronic  hole  traps.  Control  samples  implanted  with  inert  species  and  annealed  or  just 
annealed  are  used  to  confirm  the  association  of  PL  peaks  with  specific  impurities  and  defects. 

EXPERIMENTAL  PROCEDURE 

The  starting  material  consisted  of  hydride  vapor  phase  epitaxial  (HVPE)  layers  on  sapphire 
(0001)  substrates,  about  15.9, 16.5,  20  or  22  pm  thick,  with  residual  «-type  doping  in  the  mid 
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1016  to  lxlO17  cm-3  range.  Some  of  these  layers  contain  residual  Zn  acceptors,  as  determined  by 
PL  prior  to  implantation.  Three  implantation  energies  and  doses  were  used  for  each  species,  to 
produce  an  approximately  flat  concentration  profile  to  a  depth  of  -300  nm  for  O,  N,  and  C;  and 
to  -120  nm  for  P,  As,  Ca,  and  Zn.  For  il4Cd,  the  depth  was  shallower  (-80  nm),  using  four 
energies  and  doses  to  produce  a  flat  profile  (all  profiles  were  designed  using  range  and  straggle 
values  from  TRIM  tables,  assuming  Gaussian  profiles).  Energies  and  doses  were  adjusted  for 
each  impurity,  so  that  heavier  species  were  implanted  at  higher  energies  than  lighter  species. 
Thus,  heavier  species  cause  even  greater  damage  than  would  be  expected  from  their  increased 
mass  alone.  The  implanted  species  were40Ca,  64Zn,  ll4Cd,  3IP,  75As,  l60,  l4N,  and  l2C.  The 
implanted  samples  were  encapsulated  with  sputtered  AlON  and  annealed  at  1 300  °C  for  8 
seconds  under  flowing  N2.  Low  temperature  photoluminescence  (PL)  measurements  were 
performed  under  305.5  nm  excitation  at  an  irradiance  of  about  260  mW/cm2,  unless  otherwise 
noted.  All  spectra  arc  corrected  for  the  spectra!  response  of  the  measurement  system. 

RESULTS 

Low  temperature  PL  spectra  are  shown  in  Figure  1  for  HVPE  GaN  samples  implanted  with 

1017  cm-3  Cd,  Zn,  or  Mg  and  then  annealed  (the  data  for  Mg  implantation  were  presented 
previously  [1],  but  are  repeated  here  for  reference).  The  implanted  Mg  acceptors  show  much 
stronger  optical  activation  than  do  Zn  or  Cd.  The  Mg-implanted  sample  produces  a  strong 
donor-acceptor  pair  (D°-A°)  peak  at  3.275  eV,  a  neutral  acceptor-bound  exciton  (A0,  X)  peak  at 
3.4712  eV,  and  a  broad  deep  level  peak  at  2.35  eV.  There  is  also  a  damage-related  deep  level 
peak  centered  at  1 .78  eV,  which  was  observed  in  many  of  the  implanted  samples.  In  the  Zn- 
implanted  sample,  there  is  a  strongly  phonon  coupled  (D°-A°)  peak  centered  at  2.92  eV  (note  the 
3x  scale  expansion),  and  an  (A0,  X)  peak  at  3.4624  eV.  In  the  Cd-implanted  sample,  the 
originally  present  neutral  donor-bound  exciton  (D°,  X)  peak  is  observed  at  3.4798  eV,  and  a  new, 
strongly  phonon-coupled  (D°-A°)  peak  is  centered  at  2.78  eV.  A  similar  Cd  (D°-A°)  peak  was 
also  reported  by  Pankove  and  Hutchby  at  2.7  eV  [3]  and  by  Lagerstedt  and  Monemar  at  2.72  eV 
[4].  Since  the  Cd-implanted  sample  (only)  contained  residual  Zn  prior  to  implantation,  the  Cd 
(D°-A°)  peak  overlaps  a  weaker 
Zn  (D°-A°)  peak,  which  may 
affect  the  apparent  position  of  the 
Cd  peak  somewhat.  Note  the 
1 50x  scale  expansion  for  the  Cd 
(D°-A°)  peak;  the  optical 
activation  of  implanted  Cd  is 
much  lower  than  that  of  Mg  or 
Zn.  This  may  be  partially  due  to 
the  greater  implantation  damage 
created  by  heavy  ions  such  as 
ll4Cd,  which  hampers  optica! 
activation.  The  shallower  depth 
of  the  Cd  implant  is  also  a  factor, 
but  should  only  cause  a  -67% 
reduction.  In  the  Ca-implanted 

sample  (discussed  in  Figure  6  Figure  1.  Low  temperature  PL  spectra  of  Cd-,  Zn-,  and 

Mg-implanted  pieces  of  HVPE  GaN,  after  annealing. 
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below),  no  acceptor-related  peaks 
are  observed.  This  problem  is  not 
yet  understood. 

An  expanded  view  of  the 
excitonic  regions  of  the  spectra  in 
Figure  1  is  shown  in  Figure  2. 

The  spectrum  of  the  Cd-implanted 
sample  is  virtually  unchanged 
from  that  before  annealing  or 
annealed  without  implantation 
(not  shown).  It  shows  a  sharp  (4 
meV  FWHM)  neutral  donor- 
bound  exciton  (D°,  X)  peak  at 
3.4796  eV,  together  with  a  LO 
phonon  replica  at  3.389  eV.  An  A 
free  exciton  (X^)  peak  is  observed 
at  3.4852  eV,  6  meV  above  the  Figure  2.  As  Figure  1,  but  on  an  expanded  horizontal 

(D°,  X)  peak.  In  the  Zn-implanted  scale  to  study  the  excitonic  features.  The  Mg  spectrum 

sample,  an  (A0,  X)  peak  is  was  rigidly  shifted  3  meV  higher  in  energy  to  align  the  (D°, 

observed  at  3.4624  eV,  which  was  X)  peaks  and  compensate  for  strain  differences. 

absent  in  the  starting  material. 

This  peak  is  even  more  clearly  evidenced  in  the  LO  phonon  replica  of  the  (A0,  X)  peak  at  3.37 
eV,  which  is  stronger  than  the  LO  phonon  replica  of  the  (D°,  X)  peak.  This  effect  is  due  to  the 
characteristically  much  stronger  LO  phonon  coupling  strength  of  (A0,  X)  peaks  compared  to  (D°, 
X)  peaks  [5],  In  the  Mg-implanted  sample,  an  (A0,  X)  peak  is  observed  at  3.4712  eV,  together 
with  a  LO  phonon  replica  at  3.3792  eV,  as  reported  earlier  (repeated  here  for  reference)  [1].  The 
localization  energies  of  the  Mg  and  Zn  (A°,  X)  complexes  are  12.2  and  24.5  meV,  respectively. 
Some  groups  have  suggested  that  the  3.4712  eV  peak  is  actually  due  to  ionized  donor-bound 

(D+,X)  excitons,  and  that  the  p- 
type  doping  merely  causes  the 
donors  to  become  ionized  in 
equilibrium,  enhancing  the  (D+,X) 
intensity  [6,  7].  The  Zn  implants 
(or  Zn  doping  during  HVPE 
growth,  which  we  have  also 
studied)  should  also  cause  this 
effect,  but  produce  only  the 
3.4624  eV  peak.  These 
observations  support  an  acceptor- 
specific  identification  of  the 
3.4712  eV  peak. 

A  low  temperature  PL 

2.40  2.60  2.80  3.oo  3.20  3.40  spectrum  of  a  P-implanted  sample 

Energy  (eV)  js  shown  in  Figure  3.  The  no- 

Figure  3.  Low  temperature  PL  spectrum  of  the  P  -  phonon  (NP)  line  of  the 

implanted  sample,  showing  the  no-phonon  (NP)  line  of  the  isoelectronic  Pn  bound  exciton 
isoelectronic  P-bound  exciton  and  its  phonon  replicas. 


Energy  (eV) 
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(IBE)  is  observed  at  3.200  eV,  together  with  various  acoustic  and  optical  phonon  replicas  (with 
mode  energies  of  39,  59,  77  and  91  meV).  The  sharp  (2.8  meV  FWHM)  (D°,  X)  peak  at  3.481 
eV  was  present  in  the  starting  material,  together  with  its  LO  phonon  replicas.  This  spectrum  is 
even  better  resolved  than  we  reported  previously  in  a  P+C  co-implanted  sample  [2].  A  similar 
broad  structure  was  previously  observed  at  slightly  lower  energy  in  P-implanted  [8]  and  P-doped 
[9]  GaN.  The  sharp  no-phonon  line  gives  an  accurate  exciton  localization  energy  of  287  meV  by 
comparison  with  the  XA  peak  position.  A  theoretical  calculation  by  Mattila  and  Zunger 
predicted  a  value  of  220  meV  [10],  in  reasonable  agreement  with  this  result. 

A  low  temperature  PL  spectrum  of  an  As-implanted  sample  is  shown  in  Figure  4.  The  no¬ 
phonon  (NP)  line  of  the  isoelectronic  Asn  bound  exciton  (IBE)  is  observed  at  2.952  eV,  with 
phonon  replicas  involving  the  same  phonon  modes  as  in  the  P-implanted  case.  The  (D°,  X)  peak 
at  3.4814  eV  was  present  in  the  starting  material,  together  with  its  phonon  replicas.  This  result 
agrees  with  a  previous  study  of  As-related  PL  in  GaN  using  implantation  of  radioactive  isotopes 
[12],  but  the  phonon  replicas  are  better  resolved  in  the  present  case.  The  sharp  no-phonon  line 
gives  an  accurate  exciton  localization  energy  of  535  meV  compared  with  the  XA  peak  position. 
This  result  again  agrees  reasonably  well  with  theoretical  predictions  of  410  or  310  meV  [10,1 1]. 
Another  important  result  is  that  same  acoustic  and  optical  phonon  modes  are  observed  in  the 
replicas  of  the  Zn  (D°-A°) ,  Mg  (D°-A°) ,  P  IBE  and  As  IBE  peaks.  This  result  implies  that  they 
are  lattice  and  not  local  modes.  The  intensity  of  the  As  IBE  peak  is  expanded  3000x  relative  to 
the  (D°,X)  peak  in  the  figure,  which  is  much  larger  than  the  lOOx  expansion  factor  used  in  the  P 
case.  The  better  optical  activation  of  P  compared  to  As  may  be  due  to  its  lower  mass  and 
reduced  implantation  damage.  The  As  IBE  shows  stronger  phonon  coupling  than  the  P  IBE, 
consistent  with  its  more  strongly  localized  hole  wave  function. 

We  have  also  investigated  the  behavior  of  defect-related  deep  level  PL  bands.  To  help 
establish  the  origin  of  the  yellow  PL  band  at  2.2  eV,  we  implanted  C,  O,  and  N  into  pieces  of  the 
same  sample  with  a  dose  of  1057  cm"3  in  each  case.  The  C  implant  is  performed  to  confirm  our 
earlier  association  of  enhanced  yellow  PL  after  C  implantation  [1,2],  and  to  compare  the  effects 

of  C  with  other  species  of  similar 
mass  (and  therefore  similar 
implantation  damage).  The  O 
implant  is  used  to  test  the  idea 
that  the  yellow  PL  involves  Vg8 
complexed  with  O  donors  [13], 
which  may  stabilize  implantation- 
induced  vacancies  and  prevent 
their  annihilation  during  the 
annealing  process.  Nitrogen  is 
used  as  a  control  implant,  to 
create  damage  similar  to  that 
caused  by  C  and  O.  PL  spectra  of 
these  three  samples  are  shown  in 
Figure  5,  along  with  a  spectrum  of 
2.40  2.60  2.80  3.00  3.20  3.40  a  Be-implanted  sample  from  our 

Energy  (eV)  previous  work  [1]  for  comparison. 

Figure  4.  Low  temperature  PL  spectrum  of  the  As-  The  starting  material  used  for  the 

implanted  sample,  showing  the  no-phonon  (NP)  line  of  the  C,  O,  and  N  implants  (but  not  for 

isoelectronic  As-bound  exciton  and  its  phonon  replicas. 
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Be)  contained  residual  Zn 
acceptors.  Both  C  and  Be 
implants  greatly  enhance  the 
intensity  of  the  yellow  (2.2  eV)  ^ 

PL  band.  But  none  of  the  other  s 

impurities  do  so,  including  O  and  = 

N,  as  well  as  other  impurities  not  "S 
shown  here  (P,  As,  Al,  Mg,  Ca,  * 

Zn,  Ne  and  Ar).  The  C,  O,  and  N  | 
results  are  similar  to  those  of  f 

Zhang  et  al.  using  300  K  PL  and 
1x10^  cm-3  doped  starting  HPVE 
material  [14].  These  observations 
provide  a  useful  database  to  help 
study  the  origin  or  origins  of  this 
yellow  band.  There  is  general 
agreement  that  the  2.2  eV  band  FiSure  5-  Low  temperature  PL  spectra  of  Be,  C,  O,  and  N- 

involves  transitions  from  shallow  implanted  and  annealed  pieces  ofHVPE  GaN. 

donors  to  a  deep  acceptor  level 

involving  VGa,  possibly  complexed  with  donors  [13,  15],  This  idea  is  supported  by  a  linear 
correlation  between  [Voa]  and  the  yellow  band  PL  intensity  in  both  H-type  MOCVD  GaN  [16] 
and  in  GaN:Be  [17].  Previously,  we  suggested  that  the  yellow  PL  is  not  uniquely  related  to  C, 
but  rather  to  VGa,  which  is  stabilized  by  complexing  with  certain  close-approaching  donor 
species  [2].  Based  on  the  lack  of  yellow  PL  after  O  implantation,  at  least  at  the  1017  cm-3  level, 
it  may  be  that  interstitial  impurities  such  as  Cj  or  Be;  are  more  effective  than  On  to  stabilize  Vgu- 
To  understand  the  origin  of  the  2.35  eV  PL  band  that  we  observed  after  Mg  implantation  [1], 
samples  implanted  with  other  acceptors  (Ca  and  Zn)  were  investigated.  Low  temperature  PL 
spectra  are  shown  in  Figure  6  for  pieces  of  HVPE  GaN  that  were  implanted  with  1018  cm-3  Zn, 

1018  cm-3  Ca,  or  1017  cm-3  Mg.  In 
the  Ca  and  Zn  cases  (only),  the 
starting  material  contained 
residual  Zn  acceptors.  A  green 
band  centered  at  2.35  eV  is 
observed  in  all  three  samples. 
However,  we  did  not  observe  this 
band  in  samples  implanted  with 
1 01 7  cm-3  or  less  Zn,  or  in 
material  implanted  with  10i7  cm-3 
or  less  C,  Be,  P,  As,  Al,  Ne  or  Ar. 
It  is  clear  that  this  band  is  not 
unique  to  Mg  implantation,  but 
may  involve  a  defect  whose 
formation  is  favored  when  the 
1.50  2.00  2.50  3.00  3.50  Fermi  level  is  low  in  the  band 

Energy  (eV)  gap.  Since  the  Ca  implants 

Figure  6.  Low  temperature  PL  spectra  ofZn,  Ca,  and  Mg-  produced  no  optically  evident 
implanted  and  annealed  pieces  ofHVPE  GaN. 


1.50  2.00  2.50  3.00  3.50 

Energy  (eV) 
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acceptor  levels  to  pull  down  the  Fermi  level,  the  residual  Zn  in  the  starting  material  may  have 
stimulated  the  occurrence  of  this  band.  Further  experiments  are  needed  to  test  this  hypothesis 
and  to  determine  the  precise  nature  of  this  band. 

CONCLUSIONS 

Ion-implanted  Mg  acceptors  exhibit  much  better  optical  activation  than  Be,  C,  Zn,  Cd,  or  Ca 
acceptors  under  the  same  conditions.  Different  positions  of  the  acceptor-bound  exciton  peaks  for 
Mg  and  Zn  acceptors  suggest  that  neither  peak  involves  ionized  donor  bound  (D+,X)  excitons. 
Highly  resolved  spectra  of  excitons  bound  to  isoelectronic  As  or  P  impurities  are  obtained  with 
sharp  no-phonon  lines  at  2.952  and  3.200  eV,  respectively.  Defect-related  deep  level  bands 
centered  at  2.2  and  2.35  eV  need  to  be  studied  further  to  understand  their  precise  origins. 

ACKNOWLEDGMENTS 

We  thank  R.  Molnar  for  providing  the  high  quality  HVPE  material  used  in  this  work.  This 
work  was  supported  by  the  Materials  Research  Science  and  Engineering  Center  at  ASU,  under 
Grant  No.  DMR  96-32635  from  the  National  Science  Foundation,  and  by  the  Office  of  Naval 
Research  Multidisciplinary  University  Research  Initiative  on  Ill-Nitride  Crystal  Growth  and 
Wafering,  Grant  No.  N000 14-01 -1-07 16,  monitored  by  Dr.  C.E.C.  Wood. 

REFERENCES 

1 .  B.J.  Skromme  and  G.L.  Martinez,  MRS  Internet  J.  Nitride  Semicond.  Res.  5S1,  W9.8 

(2000). 

2.  B.J.  Skromme,  G.L.  Martinez,  L.  Krasnobaev,  and  D.B.  Poker,  Mater.  Res.  Soc.  Sympos. 
Proc.  639,  G  11.39  (2001). 

3.  J.I.  Pankove  and  J.A.  Hutchby,  J.  Appl.  Phys.  47,  5387  (1976). 

4.  O.  Lagerstedt  and  B.  Monemar,  J.  Appl.  Phys.  45,  2266  (1974) 

5.  M.A.L.  Johnson,  Z.  Yu,  C.  Boney,  W.C.  Hughes,  J.W.  Cook,  Jr.,  J.F.  Schetzina,  H.  Zhao,  B. 
J.  Skromme,  and  J.A.  Edmond,  Mater.  Res.  Soc.  Sympos.  Proc.  449,  215  (1996). 

6.  B.  Santic,  C.  Mcrz,  U.  Kaufmann,  R.  Niebuhr,  H.  Obloh,  and  K.  Bachem,  Appl.  Phys.  Lett. 
71,  1837(1997). 

7.  D.  C.  Reynolds,  D.  C.  Look,  B.  Jogai,  V.  M.  Phanse,  and  R.  P.  Vaudo,  Solid  State  Commun. 
103,533  (1997). 

8.  W.M.  Jadwisienczak  and  H.J.  Lozykowski,  MRS  Sympos.  Proc.  482,  1033  (1998). 

9.  T.  Ogino  and  M.  Aoki,  Jpn.  J.  Appl.  Phys.  18,  1049  (1979). 

10.  T.  Mattila  and  A.  Zunger,  Phys.  Rev.  B  58,  1367  (1998). 

1 1 .  C.G.  Van  de  Walle  and  J.  Neugebauer,  Appl.  Phys.  Lett.  76,  1009  (2000). 

12.  A.  Stotzler,  R.  Weissenbom,  and  M.  Deicher,  Mater.  Res.  Soc.  Sympos.  Proc.  595,  W12.9 

(2000). 

13.  J.  Neugebauer  and  C.G.  Van  de  Walle,  Appl.  Phys.  Lett.  69,  503  (1996). 

14.  R.  Zhang,  L.  Zhang,  N.  Perkins,  and  T.F.  Kuech,  MRS  Proc.  512,  321  (1998). 

15.  T.  Mattila  and  R.M.  Nieminen,  Phys.  Rev.  B  55,  9571  (1997). 

16.  K.  Saarinen  et  al.,  Phys.  Rev.  Lett.  79,  3030  (1997). 

17.  F.B.  Naranjo,  M.A.  Sanchez-Garcia,  J.L.  Pau,  A.  Jimenez,  E.  Calleja,  E.  Munoz,  J.  Oila,  K. 
Saarinen,  and  P.  Hautojarvi,  Phys.  Stat.  Sol.  (a)  180,  97  (2000). 


760 


Mat,  Res.  Soc.  Symp.  Proc.  Vol.  743  ©  2003  Materials  Research  Society 


L11.38 


Plane-wave  pseudopotential  study  on  mechanical  and  electronic  properties  for  group  III-V 

binary  phases 


S.  Q.  Wang  and  H.  Q.  Ye 

Shenyang  National  Laboratory  for  Materials  Science, 

Institute  of  Metal  Research,  Chinese  Academy  of  Sciences, 

72  Wenhua  Road,  Shenyang  110016,  P.  R.  China 

ABSTRACT 

The  result  of  first-principles  density  functional  calculations  of  the  bulk  modulus  and  related 
structural  and  electronic  properties  of  the  total  25  group  III-V  binary  phases  with  zinc-blende  and 
wurtzite  structures  are  presented.  The  behavior  of  energy  band  structure  variation  under  high 
pressures  is  also  studied.  It  is  found  that  the  bulk  modulus  is  more  sensitive  to  the  local  atom 
configuration  than  the  lattice  structure.  The  crystallographic  geometry  plays  an  important  role  in 
the  electronic  property  of  these  phases. 

INTRODUCTION 

The  combination  of  III  and  V  elements  is  characterized  by  typical  covalent  bonds.  Zinc- 
blende  (ZB)  and  wurtzite  (WZ)  are  the  commonest  structures  of  III-V  binary  phases.  The 
particular  omni-triangulated  nature  in  atomic  structure  makes  these  crystals  unique  mechanical 
and  electronic  properties.  Most  of  the  III-V  solids  are  semiconductors.  Among  them  GaN,  InN 
and  GaAs,  due  to  their  excellent  electronic  and  optical  properties,  have  found  important 
application  in  microelectronic  and  information  industries.  However,  due  to  the  difficulty  in 
experimental  fabrication,  only  a  small  portion  of  these  compounds  has  been  fully  studied  in 
laboratory. 

In  this  work,  we  perform  a  thoroughly  computational  study  within  the  scheme  of  density- 
functional  theory  (DFT)  for  the  total  25  III-V  binary  compounds  in  both  of  their  ZB  and  WZ 
polytypes.  The  lattice  parameter,  bulk  modulus,  energy  band  structures  and  their  electronic 
behaviors  under  pressure  are  calculated  and  analyzed  in  detail. 


COMPUTATIONAL  DETAILS 

The  DFT  calculation  has  become  a  most  important  method  in  theoretical  research  of  solids, 
nowadays.  The  generality  and  efficiency  of  plane-wave  pseudopotential  (PW-PP)  method  makes 
it  as  one  of  the  most  powerful  ab  initio  quantum-mechanical  modeling  methods  presently 
available  [1,2].  Our  PW-PP  calculations  are  accomplished  using  the  ABINIT  computer  code  [2]. 
The  LDA  pseudopotentials  used  in  present  study  are  the  Hartwigsen-Goedecker-Hutter  (HGH) 
relativistic  separable  dual-space  Gaussian  pseudipotentials  [3].  The  details  for  the  general 
routines  of  our  DFT  ground  state  calculation  and  energy  band  structure  analyses  are  described 
elsewhere  [4,5]. 
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RESULTS 

Lattice  parameter  and  bulk  modulus 

Bulk  modulus  is  an  important  parameter  for  mechanical  property  of  solids.  It  is  directly 
related  to  the  hardness  of  materials.  One  knows  from  Mumaghan  equation  [6]  that  the  constant- 


table  I.  Equilibrium  lattice  constants,  bulk  modulus  B()  and  B0’  of  III-V  ZB  phases. 


Phase 

ao  (nm) 

Bo  (Mbar) 

Bo’ 

Calc. 

Exp. 

Calc. 

Exp. 

AIN 

0.4323 

0.437 

2.032 

4.028 

A1P 

0.5417 

0.5467 

0.886 

meem 

0.566 

0.82 

MSE2M 

0.6136 

■oral 

0.58 

AIBi 

■ 

GaN 

0.4335 

0.450 

GaP 

0.5322 

0.5451 

0.88 

■ 

GaAs 

0.5530 

'jgl 

iiiii 

■ 

InN 

0.4801 

InP 

0.5729 

0.5867 

Bsm 

■ 

mmm 

■ 

mmm 

MEM 

if 

■ 

3.763 

1.73 

3.712 

BAs 

0.4721 

mm  mm 

1.457 

3.984 

BSb 

0.5177 

Mssm 

BBi 

0.5390 

mmm 

4.542 

TIN 

0.4882 

1.411 

TIP 

0.5747 

0.713 

4.847 

TIAs 

0.5946 

KBS 

4.864 

TISb 

0.6356 

mmm 

4.943 

TIBi 

0.6544 

0.384 

4.771 
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temperature  equation  of  state  (EOS)  can  be  uniquely  determined  by  three  constants,  namely 
lattice  constant,  bulk  modulus  and  the  pressure  derivative  of  bulk  modulus  at  zero  pressure. 

The  equilibrium  lattice  and  mechanical  parameters  of  III-V  ZB  and  WZ  phases  from  fitting 
PW-PP  ground-state  results  with  Mumaghan  EOS  are  presented  in  table  I  and  II,  respectively. 
The  reliability  of  our  result  is  evaluated  by  comparing  with  available  experimental  data  [7-13] 
and  judging  from  the  value  of  B0’,  the  pressure  derivative  of  bulk  modulus  at  P=  0.  It  is  seen  that 
the  general  deviations  of  the  theoretical  data  from  the  experimental  ones  are  within  2%  and  9% 
for  lattice  parameters  and  bulk  modulus,  respectively,  and  B0  ’~4  to  consistent  with  the  universal 
theory  of  EOS  [14]. 

Table  II.  Equilibrium  lattice  constants,  internal  parameter  u,  bulk  modulus  Bo  and  Bo’  of  III-V 
WZ  phases. 


Phase 

a0  (nm) 

co(nm) 

B<>  (Mbar) 

Bo’ 

Calc. 

Exp. 

Calc. 

Exp. 

u 

Calc. 

Exp. 

AIN 

0.3077 

0.3112 

0.4982 

0.382 

2.0609 

2.10 

3.1401 

A1P 

0.3837 

0.6251 

0.376 

0.8826 

4.0448 

AlAs 

0.4001 

AlSb 

liKOTl 

15031 

0.5555 

AIBi 

0.7218 

It*V71 

4.4678 

GaN 

0.3189 

0.5005 

0.5185 

0.376 

2.10 

4.1965 

GaP 

0.3763 

0.6170 

GaAs 

0.3912 

0.6407 

0.7473 

GaSb 

wmuum 

4.6695 

GaBi 

■nEEntifti 

4.5942 

InN 

ItlcEM 

0.3548 

1.4845 

4.2538 

0.4054 

0.6625 

0.375 

4.4913 

0.4192 

4.5726 

4.6785 

■flERW 

0.7518 

I3B1 

■m 

0.4171 

BP 

BAs 

■  iEr.fr  V 

BSb 

KlTaillMi 

1.1050 

4.2538 

0.3799 

I!Z2£lifl 

0.8800 

4.4962 

0.3458 

0.5603 

1.4234 

0.6648 

0.374 

0.7100 

TIAs 

0.6866 

0.375 

4.8738 

0.4497 

0.375 

0.4511 

4.9155 

0.4674 

■11 liiWM 

0.382 

0.3748 

4.8486 
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By  comparing  table  1  and  table  II,  it  is  found  that  the  bulk  moduli  of  ZB  phase  and  its 
corresponding  WZ  phase  are  quite  close  in  value  in  despite  of  the  significant  difference  in  their 
lattice  configurations.  This  result  indicates  that  bulk  modulus  is  a  measure  of  bonding  strength 
among  local  atoms,  while  there  are  the  same  local  tetrahedral-bonding  configuration  in  both  ZB 
and  WZ  phases.  Our  theoretical  data  also  show  a  linear  relationship  between  the  bulk  moduli  and 
the  inverse  of  unit-cell  volumes  of  the  total  25  III-V  compounds  both  in  ZB  and  WZ  phases  as 
consistent  with  our  previous  studies  [4,  5].  The  following  Bo-l/Vo  equation  is  obtained  for  these 
ZB  phases  by  a  linear  fitting  of  our  theoretical  data: 


B0  =-0.32202  + 


0.19314 


(i) 


Similarly,  the  equation  for  WZ  phases  is 
A  =-0.34,99  +  ^^. 


(2) 


Energy  band  and  its  pressure  dependence 

Electronic  property  is  easily  explored  from  the  energy  band  structure  of  a  crystal.  In  present 
study,  we  perform  a  non-self-consistent  calculation  to  give  eigen-energies  at  a  large  number  of  k- 
points  following  each  self-consistent  DFT  ground  state  calculation  for  band  structure  analysis. 
Our  result  for  electronic  energy  band  information  of  the  25  III-V  phases  is  presented  in  table  III. 

It  is  seen  from  the  table  that  the  electricity-conducting  behavior  of  a  solid  strongly  depends 
on  its  crystallographic  configuration.  Both  band-gap  and  band-type  vary  with  lattice 
configuration.  AIN,  AlAs,  AlSb  and  BBi  are  indirect  bandgap  semiconductors  in  ZB  structure. 
However,  their  WZ  counterparts  are  direct  bandgap  semiconductors.  Cubic  GaBi,  InBi,  TISb  and 
TIBi  are  semimetal  marked  by  zero  bandgap  while  their  hexagonal  correspondents  change  to 
semiconductors.  It  is  worth  to  notice  that  since  LDA  result  is  typically  30-50%  less  than  the 
experimental  measurement  for  the  energy  bandgap  [15],  it  is  also  possible  that  some  of  the 
semimetals  predicted  in  present  calculation  could  be  semiconductors  with  quite  small  direct 
bandgap.  Even  though,  our  present  results  give  correction  estimation  of  the  band  types  for  all  the 
experimental  available  III-V  compounds  up  to  now. 

Photoluminescence  spectra  of  semiconductors  are  sensitive  to  hydrostatic  pressure. 
Experimental  investigation  of  the  pressure  dependence  of  energy  band  structure  provides  a  direct 
way  to  understand  the  chemical  trends  and  dielectric  behaviors  of  the  compound.  Our  theoretical 
data  for  the  pressure  coefficients  h=dE^  /  dP  are  also  listed  in  table  III,  which  may  be  used  to 

guide  experimental  band  structure  analysis.  There  are  two  k  values  for  some  phases  in  table  III, 
which  is  to  correspond  to  the  linear  fit  results  of  the  first  and  the  second  part  of  the  curve  due  to 
the  unique  two-part  character  of  their  Eg  -P  curves. 
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Table  III.  Energy  band  structure  and  pressure  coefficient  k=dEgr/dP  of  25  III-V  ZB  and  WZ 
phases.  The  band  type  is  classified  as  semimetal  (S),  direct  (D)  or  indirect  (I)  band-gap 
semiconductors. 


Phase 

Zincblende 

Wurtzite 

E/  (eV) 

Bandtype 

k  (meV/GPa) 

E/m 

Bandtype 

k  (meV/GPa) 

AIN 

4.503 

I 

45.0 

4.620 

D 

43.3 

A1P 

3.261 

I 

94.2 

2.261 

I 

35.3 

AlAs 

2.048 

I 

104.5 

1.565 

D 

40.6 

AlSb 

1.670 

I 

140.8 

0.952 

D 

41.7 

AIBi 

0.042 

D 

118.5 

0.022 

D 

127.6 

GaN 

3.211 

D 

41.7 

3.355 

D 

41.8 

GaP 

2.438 

I 

IHSEOH! 

1.439 

I 

GaAs 

1.008 

D 

HEEZH 

D 

GaSb 

0.547 

D 

140.3 

MilFM 

D 

34.1 

GaBi 

0.000 

S 

0.0 

0.132 

D 

2.3 

InN 

0.753 

D 

D 

37.0 

InP 

1.232 

D 

88.4 

1.270 

D 

InAs 

0.192 

D 

93.3 

0.205 

D 

90.3 

InSb 

0.213 

D 

132.7 

0.217 

D 

WllfiMAMM 

InBi 

0.000 

S 

0.0 

0.111 

D 

bo 

BN 

8.792 

I 

11.7 

8.307 

I 

9.9 

BP 

3.461 

I 

K91 

I 

3.3 

BAs 

3.344 

I 

10.0 

■ 

I 

35.5 

BSb 

3.096 

I 

■wjtHroai 

■eh 

I 

42.2 

BBi 

1.134 

I 

0.416 

D 

43.0 

TIN 

0.000 

s 

0.0 

S 

TIP 

0.158 

D 

iiMW 

D 

91.12 

TIAs 

0.000 

S 

0.000 

S 

0.0 

TISb 

0.000 

s 

0.129 

D 

4.7 

TIBi 

0.000 

s 

0.118 

I 

3.8, 2.8 

CONCLUSIONS 

We  have  done  PW-PP  electronic  structure  calculation  in  the  local-density  approximation  by 
using  the  Hartwigsen-Goedecker-Hutter  relativistic  separable  dual-space  Gaussian 
pseudopotentials  and  presented  the  theoretical  results  of  lattice  parameters,  bulk  moduli  and 
energy  band  structures  of  total  25  III-V  ZB  and  WZ  phases.  We  have  correctly  estimated  the 
band-type  for  the  all  known  phases  by  this  realization.  The  calculated  data  of  ao ,  co  and  Bo  have 
been  compared  with  the  available  results,  and  a  promising  consistency  is  reached.  The  two  full 
sets  of  theoretical  data  show  a  linear  relation  between  Bo  and  the  inverse  of  Vo  both  for  ZB  and 
WZ  phases.  To  convenient  for  experimental  investigation,  the  pressure  coefficients  of  bandgap 
for  these  materials  are  also  calculated. 
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ABSTRACT 

Samples  of  both  AIGaN  and  GaN  terminated  HEMT  structures  were  studied  using  x-ray 
photo  spectroscopy  (XPS).  It  was  found  that  the  XPS  spectra  of  both  AIGaN  and  native  oxide 
surfaces  were  shifted  by  a  surface  charge  of  0.5  to  1.0  eV.  The  samples  were  then  oxidized 
using  an  UV-ozone  treatment  for  25  minutes  at  room  temperature.  The  ozone  oxide  XPS  spectra 
of  the  AIGaN  terminated  surface  was  found  to  have  the  same  0.5  to  1.0  eV  shift  while  the  ozone 
oxide  XPS  spectra  of  the  GaN  terminated  surface  was  found  to  have  a  5.0  eV  shift,  indicating 
that  the  native  GaN  oxide  is  more  insulating.  Processed  HEMT  devices  using  both  surface 
terminations  were  given  the  same  UV-ozone  treatment  followed  by  a  lOnm  MBE  grown  SC2O3 
film  for  passivation.  The  GaN  terminated  HEMT  structures  showed  on  average  a  10%  increase 
in  channel  current  (from  gate-lag  measurements,  pulse  mode)  over  the  AIGaN  terminated  HEMT 
structures. 

INTRODUCTION 

Remarkable  progress  has  been  made  in  the  field  of  high  performance  and  high  power 
AlGaN/GaN  high-electron-mobility  transistors  (HEMTs);  namely,  in  understanding  the  device 
physics  and  demonstrating  excellent  microwave  power  performance. [1]  One  problem  with  the 
implementation  of  these  devices  is  that  the  RF  power  obtained  is  much  lower  than  that  expected 
from  the  dc  characteristics.  This  RF  power  decrease  is  manifested  by  a  drain  current  collapse 
that  is  believed  to  be  caused  by  the  presence  of  surface  states  between  the  gate  and  drain,  which 
further  depletes  the  channel.[2-12]  This  phenomenon  can  also  be  observed  by  a  current 
dispersion  between  dc  and  pulsed  test  conditions  or  a  degraded  rf  output  power. 

The  carriers  in  the  2-dimensional  electron  gas  can  be  lost  either  to  the  surface  or  buffer 
traps  [2,3,  13-16].  The  surface  traps  may  be  mitigated  by  the  use  of  appropriate  surface 
passivation,  most  often  SiNx  deposited  by  plasma-enhanced  chemical  vapor  deposition 
(PECVD).  The  bulk  traps  are  a  function  of  the  epitaxial  growth  conditions  and  can  only  be 
reduced  by  improving  material  growth  techniques.  In  the  situation  in  which  surface  states 
dominate  the  current  collapse,  the  use  of  SiNx  passivation  typically  restores  70-80%  of  the  dc 
current.  Other  surface  passivation  has  been  achieved  by  employing  MgO  or  SC2O3  and  the 
recovery  of  current  to  is  shown  to  approach  100%. [17-19]  After  performing  identical  treatments 
and  passivating  oxide  growths  on  AIGaN  terminated  and  GaN  terminated  HEMT  structures, 
tendencies  are  that  GaN  terminated  HEMTs  show  a  higher  degree  of  current  recovery  than  the 
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AlGaN  terminated  HEMTs,  Table  I .  In  this  paper,  XPS  spectra  of  as  received  AlGaN  and  GaN 
terminated  HEMT  structures  arc  compared  to  spectra  of  ozone  treated  surfaces. 


HEMT 

As-received 

LV-Ozone 

Treatment 

Sc203 

Passivation 

AlGaN  cap 

50%  of  dc 

35%  of  dc 

80%  of  dc 

GaN  cap 

40%  of  dc 

40%  of  dc 

95%  of  dc 

Table  1.  Comparison  ol  AlGaN  and  GaN  capped  HEMTs  (%  of  dc  refers  to  the  gate  pulse 
measurement  compared  to  the  dc  measurement  at  I00%)[19] 

EXPERIMENTAL 

Two  types  of  surface  terminated  HEMT  structures  were  examined.  The  first  structure 
was  undoped  AlGaN(20%  A1  )/GaN  (30nm/2fim)  and  second  structure  was  undoped 
GaN/AlGaN(20%Al)/GaN  (5nm/30nm/2pm).  Both  structures  were  grown  by  MOCVD  on  2” 
sapphire  substrates.  Sections  of  the  HEMT  wafers  (1cm  x  2cm)  were  loaded  into  a  Perkin-Elmer 
PHI  5100  X-ray  Photoelectron  Spectrometer  (XPS)  with  a  background  pressure  of  low  10  10 
Torr.  The  XPS  system  used  a  45-degree  nominal  takeoff  angle  between  the  sample  and  detector. 
A  Mg  anode  x-ray  (1253.6  eV)  source  at  an  energy  of  15  kV  was  employed.  The  spot  size  of  the 
XPS  system  is  approximately  5mm  x  15mm  of  the  total  surface. 

The  HEMT  samples  were  irradiated  by  the  Mg  x-ray  source  and  the  photoelectron  spectra 
was  collected.  The  samples  were  sputtered  using  an  in-situ  Ar+  ion  beam  (4E-8  Torr,  20mA)  to 
remove  the  surface  adsorbed  carbon  and  native  oxides  and  then  the  surface  spectra  of  the  two 
HEMTs  were  collected  again.  This  provided  a  baseline  for  a  native  GaN  and  AlGaN  surfaces. 
The  samples  were  removed  from  the  vacuum  system,  exposed  to  ozone  from  an  UV-ozone  oven 
(UV  Cleaner  model  42-220)  for  25  minutes,  then  returned  to  the  UHV  environment  of  the  XPS 
system.  The  as-ozone  treated  samples  were  rescanned.  Subsequent  2  minute  Ar+  sputters 
followed  by  surface  scans  were  repeated  for  a  total  sputter  time  of  8  minutes  (4  iterations).  At 
this  point,  the  O  Is  signal  intensity  was  the  same  as  the  as-grown  samples  after  a  2  minute  Ar+ 
sputter. 

RESULTS  AND  DISSCUSSION 

As  grown  HEMT  structures  with  AlGaN  and  GaN  caps  were  studied  with  XPS.  The 
native  oxide  surface  showed  a  surface  charge  of  0.6  eV  for  the  GaN  capped  HEMT  and  0.9  eV 
for  the  AlGaN  capped  HEMT  according  to  the  position  of  the  advantageous  surface  carbon.  This 
surface  carbon  has  a  known  peak  position  of  284.5  eV. 

From  the  fitting  of  the  Ga  3d  peak  and  the  O  Is  peak  (Figure  1)  of  the  as-grown  GaN 
capped  HEMT,  there  is  a  native  surface  oxide  consisting  of  Ga^Oi,  which  agrees  with  several 
other  GaN  surface  studies. [20-25 1  Post  Ar+  sputtering  (2  min.)  showed  a  significant  reduction  in 
the  O  Is  signal,  elimination  of  the  carbon  signal  and  reduction  of  the  Ga203  portion  of  the  Ga  3d 
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signal.  The  Ga  3d  peak  shifted  1.2eV  to  lower  energy.  A  similar  shift  in  the  O  Is  peak  is  also 
seen,  however  the  O  Is  peak  is  greatly  reduced  in  intensity. 


Figure  1 .  XPS  spectra  of  the  as-grown  GaN  capped  HEMT  (before  Ar+  sputter).  The  Ga  3d 
peak  is  resolved  to  Ga203  at  20.6eV  and  GaN  at  20.1  eV. 

From  fitting  the  Ga  3d  peak,  A1  2p  peak  and  the  O  Is  peak  (Figure  2)  of  the  as-grown 
AlGaN  capped  HEMT  ,  there  are  native  surface  oxides  of  both  Ga2C>3  and  AI2O3.  Post  Ar+ 
sputtering  (2  min.)  of  this  surface  showed  a  reduction  in  the  O  Is  signal  and  elimination  of  the 
carbon  signal.  The  Ga  3d  peak  and  the  A1  2p  peak  showed  reduction  of  both  oxide  signal 
portions  and  a  shift  of  0.8eV  to  lower  energy,  similar  to  the  GaN  capped  HEMT.  A  similar  shift 
in  the  O  Is  peak  is  also  seen  as  well  as  a  reduction  in  intensity. 


(a)  (b) 

Figure  2.  XPS  spectra  of  the  as  grown  AlGaN  capped  HEMT  (before  Ar+  sputter).  The  A1  2p 
peak  (a)  is  resolved  toAl203  at  75.1eV  and  AIN  at  74.4eV.  The  Ga  3d  peak  (b)  is 
resolved  to  Ga2C>3  at  21.8eV  and  GaN  at  20.5eV. 

The  HEMT  samples  were  then  exposed  to  UV-ozone.  The  time  for  the  ozone  exposure 
was  determined  from  earlier  studies  on  preparing  GaN  and  HEMT  surface  preparation  for  oxide 
growth,  this  was  25  minutes. [26]  The  samples  were  then  reloaded  into  the  XPS  system  and  the 
surface  spectra  were  recorded  again. 

The  properties  of  the  AlGaN  surface  oxide  created  by  the  ozone  treatment  showed  little 
difference  in  surface  charging  (comparing  the  advantageous  carbon  peak  position  to  the  known 
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value),  however  the  thickness  of  the  oxide  was  approximately  4  times  thicker.  This  was 
determined  by  comparing  the  time  of  Ar+  sputtering  required  to  reduce  the  O  1  s  peak  intensity  to 
that  of  the  as  received  native  oxide.  The  Al  2p  peak  showed  a  large  increase  in  its  AI2O3  portion 
(74.7eV)  and  the  Ga  3d  peak  show'ed  only  a  slight  change  in  its  Ga203  portion  (Figure  3a,b). 
After  the  initial  Ar+  sputter,  the  Ga.  Al,  and  O  peaks  all  shift  to  the  values  corresponding  to  the 
as-received  sample.  As  the  oxide  is  sputtered  away,  the  A1203  portion  is  reduced  and  the  AIN 
portion  (73.5eV)  is  increased. 


0  min 
sputter 


2  min. 
sputter 


4  min. 
sputter 


6  min. 
sputter 


8  min. 
sputter 


(a) 


<b> 


(c) 


Figure  3.  The  XPS  spectra  of  the  AlGaN  ozone  oxide  are  represented  by  the  Al  2p  (a)  and  the 
Ga  3d  (b)  peaks.  The  GaN  ozone  oxide  is  represented  by  the  Ga  3d  peak  (c).  Note  the 
5eV  shift  in  the  spectra  (c)  and  its  return  to  its  known  position  with  oxide  removal. 


The  properties  of  the  GaN  surface  ozone  oxide  showed  a  significant  increase  in  surface 
charge.  The  advantageous  carbon  peak  is  shifted  by  over  5eV  when  compared  to  its  known 
value  of  284.5eV,  and  in  fact  this  5eV  shift  is  seen  in  the  entire  XPS  spectra.  A  lack  of  mobile 
charge  transport  is  what  allows  for  the  5eV  charge  to  build  up.  The  spectra  does  shift  back  to  its 
known  values  as  the  oxide  is  sputtered.  The  Ga  3d.  N  Is  and  O  Is  peaks  return  to  their  correct 
position  at  a  rate  that  match  the  oxide  sputter  rate.  Or  in  other  words,  if  the  oxide  is  reduced  by 
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50%,  the  surface  charge  is  reduced  50%  (Figure  3b).  This  would  indicate  the  charging  effect  is 
directly  related  to  the  thickness  of  the  oxide  produced  by  the  UV-ozone  treatment. 

CONCLUSION  AND  SUMMARY 

The  addition  of  A1  to  GaN  has  a  significant  effect  on  the  type  of  oxide  formed  on  the 
surface  from  the  UV-ozone  treatment.  This  has  implications  on  the  passivation  procedure  to  be 
employed  to  reduce  the  current  collapse  on  the  HEMT  structure.  From  this  study,  employing  a 
GaN  cap  on  the  HEMT  structure  allowed  for  a  better  insulating  native  oxide  to  be  grown  before 
the  passivating  oxide  is  deposited.  A  lack  of  mobile  charge  transport  allows  the  5eV  charge  to 
build  up.  Further  research  is  required  to  determine  the  limits  the  charge  transport  so  more 
insulating  native  oxides  can  be  realized. 
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ABSTRACT 


Delta  doping  (paused  growth  doping)  was  investigated  as  an  alternative  to  uniformly 
distributing  the  dopant  in  the  nitride  semiconductor  layer.  In  this  work,  delta  doped  layers  were 
produced  in  MOVPE-grown  AlGaN  and  GaN  layers  at  a  susceptor  temperature  of  1220°C  by 
turning  off  the  group  III  precursors  (TMG  and  TMA)  and  introducing  into  the  reactor  a  silicon 
precursor  Si2H6  (disilane)  for  a  fixed  period  (pause  time)  before  growth  was  restarted.  The 
compositional  and  electrical  properties  as  a  function  of  aluminum  content  and  dopant  flux  were 
investigated  for  nitride  layers  on  2  inch  c-plane  sapphire  substrates.  Secondary  ion  mass 
spectroscopy  (SIMS)  measurements  revealed  a  sharp  silicon  peak  with  a  FWHM  of  5.7  ±  0,6  nm 
for  an  Alo.25Gao.75N  sample  and  10.0  ±  0.6  nm  for  a  GaN  sample  with  sheet  charges  of  7.9xl012 
cm'2  and  9.9xlOl2cm'2,  respectively.  Room  temperature  Hall  mobility  as  high  as  265  cm2  V'V1 
for  a  sheet  charge  7.9xlOI2cm'2  was  demonstrated  for  delta  doped  Alo.25Gao.75N  layers,  but  the 
mobility  enhancement  saturated  and  then  decreased  with  increasing  sheet  charge.  Room 
temperature  sheet  charge  increased  with  increasing  dopant  flux  for  delta-doped  AlGaN  and  GaN 
layers.  Sheet  charge  density  as  high  as  2.2xl013  cm'2  and  1.3xl013  cm"2  was  measured  at  room 
temperature  for  Alo.25Gao.75N  and  GaN  delta  doped  layers,  respectively.  Under  identical  doping 
conditions,  the  Hall  sheet  charge  of  the  delta  doped  Alo.25Gao.75N  layer  was  approximately  half  as 
large  as  GaN  layers.  The  impurity  and  electrical  characteristics  of  the  delta  doped  layers  are 
further  discussed. 


INTRODUCTION 


High  quality  delta  doped  structures  have  played  an  important  role  in  conventional  III-V 
semiconductors  [1]  and  are  well-known  to  reduce  DX  centers  and  the  corresponding  deleterious 
effects  in  AlGaAs  [2],  improve  p-HEMT  mobility,  increase  breakdown  voltage  [3,4]  and  provide 
improved  temperature-stability  in  laser  diodes  [5,6].  Given  these  significant  benefits  to 
AlInGaAsP,  it  is  surprising  little  systematic  experimentation  of  delta  doping  has  been  done  in 
IH-nitrides.  GaN  delta  doping  was  demonstrated  with  relatively  narrow  C-V  profiles,  a  few 
nanometers  in  width,  similar  to  GaAs  [7,8].  Delta  doped  layers  in  AlGaN  HEMT 
heterostructures  were  recently  demonstrated  exhibiting  high  peak  transconductance  of  240mS 
mm'1  [9]  and  high  mobility  of  12,000  cm2V'ls'1  at  77°K  [10].  In  this  paper  we  report  results  of 
measurements  made  on  samples  of  delta  doped  GaN  and  Alo.25Gao.75N  grown  by  low  pressure, 
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MOCVD.  The  differences  between  the  samples  are  investigated  via  SIMS  Si  impurity  profiling, 
300°K  and  77°K  Hall  sheet  charge  and  mobility  measurements. 


EXPERIMENT 


The  nitride  samples  in  this  study  were  grown  in  an  AIX  200  /  4  MOCVD  reactor  on  (0001) 
sapphire  substrates  with  a  conventional  low  temperature  nucleation  technique  described  in 
previous  work  [1 1].  Epitaxial  growth  was  performed  at  a  susceptor  temperature  of  1220°C  with 
TMG  and  TMA  used  as  the  column  Ill-precursors  and  2.5slm  of  NH3  used  as  the  column  V- 
precursor  in  an  H2  carrier  gas.  The  growth  rate  of  the  Alo.25Gao.75N  and  GaN  films  was  2.0jxm  hr 
at  lOOmbar. 

To  produce  the  delta  doped  layers,  GaN  or  AlGaN  films  were  first  deposited  on  a  sapphire 
substrate  for  54  minutes  to  yield  a  thickness  of  1 .8jum  of  IH-nitride  material.  Next,  the 
metal  organic  precursor(s)  were  diverted  to  the  vent  with  only  NH3  and  H2  flowing.  After  ten 
seconds,  Si  in  the  form  of  Si2H6  was  introduced  into  the  reactor  for  75  seconds  at  a  flowrate 
between  8.6xl0'5  and  3.3xl0‘4  seem.  At  the  end  of  the  75  second  pause  time,  the  Si2H6  was 
diverted  to  the  vent  and  the  metalorganic(s)  were  simultaneously  reintroduced  into  the  reactor 
vessel.  Finally,  6  minutes  of  growth  was  conducted  to  cap  the  structures  with  0.2pm  of  AlGaN 
or  GaN.  Under  these  conditions,  test  samples  without  the  Si  flux  during  the  pause  time  resulted 
in  a  resistivity  of  greater  than  >109  £2  cm  as  determined  from  high  temperature  measurements 
extrapolated  to  room  temperature.  After  growth,  the  sheet  resistances  of  the  delta-doped  layers 
were  measured  via  Lehighton  and  then  a  center  1cm  x  1cm  piece  of  material  was  prepared  for 
Hall  measurement  with  In:Sn  contacts.  An  adjacent  piece  of  material  was  sent  to  Charles  Evans 
East  for  SIMS  impurity  analysis  to  determine  Si  depth  profile  and  Si  areal  density  (sheet  density 
at  the  interface). 


RESULTS 

SIMS  Si  Impurity  Analysis 


For  a  constant  pause  time  of  75  seconds,  Si  incorporation  in  Alo.25Gao.75N  and  GaN  was 
found  to  be  a  linear  function  of  Si2H6  flux,  as  shown  in  Figure  1 .  At  2x10  4  seem  of  disilane, 
Alo.25Gao.75N  demonstrated  about  two  times  lower  Si  density  compared  to  GaN  and  a  comparable 
difference  in  sheet  charge.  We  attribute  the  difference  in  Si  incorporation  under  identical  doping 
conditions  to  differences  in  either  the  surface  adsorption/desorption  process  or  possibly  AlGaN 
SIMS  Si  analysis  error  [12,13]. 

Although  the  Si  incorporation  behavior  as  a  function  of  disilane  flux  was  consistent  with 
results  obtained  in  previous  delta  doping  studies,  the  FWHM  of  Si  concentration  in  the  GaN  and 
AlGaN  delta  doped  layers  exhibited  an  interesting  trend.  The  width  of  the  delta  doped  layer  (as 
determined  by  FWHM  of  the  SIMS  data)  increased  in  GaN  with  increasing  disilane  flux  while 
the  width  remained  constant  in  the  AlGaN  (Figure  2a).  The  FWHM  of  a  Si  profile  of  the  AlGaN 
layer  delta  doped  with  1  .lx  10l3cm‘2  Si  was  5.7±0.6  nm  while  GaN  delta  doped  layer  with 
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Figure  X.  SIMS  Si  areal  density  at  the  delta  doped  GaN  and  Alo.25Gao.7N  interface  layer  as  a 
function  of  disilane  flux  at  constant  pause  time  of  75  seconds. 


1.4xl013  cm'2  Si  was  10+0.6  nm  as  shown  in  Figure  2  (b).  Since  these  layers  were  grown  under 
identical  cap  layer  conditions  and  exhibit  comparable  SIMS  Si  areal  densities,  we  suspect  the 
broadening  is  due  to  greater  impurity  diffusion  and/or  segregation  in  GaN  as  a  consequence  of  a 
higher  diffusion  constant. 


(a)  (b) 

Figure  2.  SIMS  Si  impurity  profile  data  (a)  SIMS  Si  profile  FWHM  as  a  function  of  SIMS  Si  areal 
density  for  GaN  and  Alo.25Gao.75N  layers  and  (b)  SIMS  Si  impurity  concentration  as  a  function  of 
depth  for  Alo.25Gao.75N  (Si  density  =  l.lxl013cm'2)  and  GaN  (Si  density  =  1.4xl013cm'2) 


Hall  and  Lehighton  Electrical  Analysis 


Delta  doped  layers  exhibit  increased  room  temperature  Hall  sheet  charge  as  a  function  of 
disilane  flux,  as  shown  in  Figure  3,  with  GaN  layers  exhibiting  about  two  times  greater  sheet 
charge  for  a  given  disilane  flux.  This  is  consistent  with  the  SIMS  Si  impurity  incorporation  trend 
as  a  function  of  disilane  flux  discussed  in  the  preceding  section. 
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Figure  3.  Room  temperature  Hall  sheet  charge  as  a  function  of  disilane  flux  for  delta  doped 

AIo.25Gao.75N  and  GaN  layers 

The  Lehighton  sheet  resistance  decreased  with  increasing  Hall  sheet  charge  as  shown  in 
Figure  4  (a).  Interestingly,  the  delta  doped  Alo.25Gao.75N  layer  Lehighton  sheet  resistance  was 
lower  than  GaN  delta  doped  layer  for  a  given  Hall  sheet  charge.  We  attribute  the  lower  sheet 
resistance  of  Alo.25Gao.75N  delta  doped  layers  to  the  improved  room  temperature  Hall  mobility 
compared  to  GaN,  as  shown  in  Figure  4  (b).  However,  as  the  sheet  charge  increased  above 
2xl0I3cm‘2  for  Alo.25Gao.75N  the  mobility  was  reduced.  We  suspect  the  reduced  mobility  at  very 
high  sheet  charges  is  a  consequence  of  the  reduced  quality  and  increased  carrier  interactions. 
However,  mobility  as  high  as  265  cm2 V'V1  can  be  reached  in  Alo.25Gao.75N  layers  with 
7.9xlOl2cm-2  room  temperature  Hall  sheet  charge  while  slightly  lower  mobility  can  be  reached  in 
GaN  layers  at  165  cm2  V'V1  with  l.lxlOl3cm'2  Hall  sheet  charge. 


300 

_r- 

•  _  •AIGaN 

t/3  250 

•  • 

> 

OGaN 

"f  200 

>% 

O 

S  150 

o 

o 

o 

S  ioo 

• 

1 

“  50 

1  10  100 

Hall  Sheet  Charge  (10* 2  cm’2) 


(a) 


(b) 


Figure  4.  Electrical  characteristics  of  delta  doped  AIGaN  and  GaN  layers  (a)  Lehighton  sheet  resistanc 
as  a  function  of  Hall  sheet  charge  and  (b)  room  temperature  Hall  mobility  as  a  function  of  hall  sheet 


charge. 


Although  the  delta  doped  layers  discussed  in  this  report  exhibited  good  crystallinity  and 
surface  morphology  as  determined  by  X-ray  diffraction  peak  FWHM  and  AFM  respectively,  the 
fraction  of  electrically  active  Si  impurities  deviated  from  ideal  (one-to-one)  behavior.  In  the 
case  of  GaN  delta  doped  layers,  there  was  about  one  carrier  generated  for  every  two  Si  atoms  in 
the  delta  doped  interface,  but  the  slopes  of  the  two  curves  (empirical  and  ideal)  were  parallel. 
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indicating  that  as  Si  areal  density  in  the  delta  doped  layer  was  increased,  the  electrically  active  Si 
increased  proportionately.  The  offset  between  the  two  curves  may  indicate  there  is  a  defect  or 
other  compensation  mechanism  that  varies  with  silicon  concentration. 

However,  the  AlGaN  delta  doping  behavior  is  different.  The  absolute  AlGaN  SIMS  Si  level 
may  be  as  much  as  a  factor  of  two  off  due  to  an  inadequate  calibration  standard,  but  the  relative 
Si  density  levels  are  accurate.  The  slope  of  the  curve  of  AlGaN  sheet  charge  as  a  function  of  Si 
density  changes  with  increasing  Si  density,  deviating  significantly  from  ideal  behavior  at  high  Si 
areal  density.  This  result  indicates  that  at  high  Si  areal  density  a  lower  fraction  of  Si  is  activated 
in  the  AlGaN  layers,  indicating  a  different  or  additional  mechanism  is  reducing  the  fraction  of 
electrical  charge. 


Figure  5.  Room  temperature  Hall  sheet  charge  as  a  function  of  SIMS  Si  areal  density  for 
AlGaN  and  GaN  delta  doped  layers.  Line  is  ideal  one-to-one  Si-charge  behavior. 

Finally,  room  temperature  and  low  temperature  (77°K)  Hall  characteristics  of  delta  doped 
Alo.25Gao.75N  and  GaN  layers  are  summarized  in  Table  I.  For  comparable  SIMS  Si  areal  density 
and  room  temperature  Hall  sheet  charge,  the  low  temperature  Hall  characteristics  for 

Table  I.  Room  temperature  (300°K)  and  low  temperature  (77°K)  Hall  characteristics  of 


delta  doped  Aio.25Gao.75N  and  GaN  samples. 


Sample 

SIMS  Si 
areal 
density 
(cm'2) 

300°K 
Hall  sheet 
charge 

(cm'2) 

Hall 

mobility 

(cmW) 

300°KHall 
sheet 
resistance 
(Q  cm'2) 

77°K 

Hall 

sheet 

charge 

(cm-2) 

77°K  Hall 
mobility 
(cmW1) 

77°K  Hall 
sheet 
resistance 
(Q  cm'2) 

GaN 

1.4el3 

140 

4459 

139 

AlGaN 

l.lel3 

7.9xl012 

265 

2658 

No  data 

No  data 

>100000 

Alo.25Gao.75N  and  GaN  delta  doped  layers  are  quite  different.  Alo.25Gao.75N  demonstrated  a  large, 
two  order  of  magnitude  increase  in  Hall  sheet  resistance,  while  the  GaN  layer  remained 
unchanged  in  both  sheet  charge  and  mobility.  An  increase  in  the  activation  energy  for  the  Si 
donor  in  the  Alo.25Gao.75N  layer  to  approximately  31meV  to  account  for  the  increased  bandgap  of 
AlGaN  does  not  account  for  this  magnitude  of  change.  Further  investigations  are  underway  to 
better  understand  this  phenomenon. 
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CONCLUSION 


Delta  doped  Alo.25Gao.75N  and  GaN  epitaxial  layers  were  grown  on  sapphire  substrates.  The 
Si  impurity  incorporation  increased  linearly  as  a  function  of  disilane  flux  at  constant  pause  time 
for  both  layers.  However,  more  narrow  SIMS  Si  impurity  profiles  were  found  in  Alo.25Gao.75N 
with  FWHM  of  5.7  ±  0.6  nm  as  compared  to  10.0  ±  0.6  nm  in  GaN.  Room  temperature  Hall 
mobility  as  high  as  265  cm2  V'V  for  a  sheet  charge  7.9xl0,2cm'2  was  demonstrated  for  delta- 
doped  Alo.25Gao.75N  layers,  but  the  mobility  enhancement  saturated  and  then  decreased  with 
increasing  sheet  charge.  GaN  layers  demonstrated  a  lower  mobility  of  1 65  cm2  V  s  for 
1.3xl013cm‘2  Hall  sheet  charges.  For  identical  doping  conditions,  Alo.25Gao.75N  delta  doped 
layers  exhibited  2x  lower  sheet  charge  than  GaN  consistent  with  the  lower  Si  impurity 
incorporation.  The  slope  of  the  Alo.25Gao.75N  sheet  charge  versus  SIMS  Si  areal  density  plot  was 
found  to  deviate  significantly  from  ideality  at  higher  Si  incorporation  levels  indicating  a  different 
defect  or  compensating  mechanism.  Finally,  low  temperature  Hall  characteristics  of 
Alo.25Gao.75N  and  GaN  differed  since  GaN  sheet  charge  and  mobility  was  preserved  at  77°K 
while  the  Alo.25Gao.75N  was  not.  In  fact,  the  sheet  resistance  increased  to  a  value  >100,000  ohm 
cm'2.  We  attribute  this  difference  to  more  than  the  difference  in  carrier  concentration  arising 
from  lower  temperature  and  the  increase  in  Si  activation  energy  with  increased  aluminum 
content. 
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Abstract 

AlGaN/GaN  heterojunction  field  effect  transistors  (HFET)  on  sapphire  substrates  have 
demonstrated  ability  as  power  devices  operating  with  high  current  densities  and  high 
breakdown  voltages.  Additionally,  AlGaN/GaN  HFET  devices  have  a  very  low  on-state 
resistance.  This  makes  these  devices  ideal  for  automotive  applications  such  as  switching 
relays,  DC-DC  converters,  and  power  inverters.  By  2006,  switching  devices  using  GaN- 
based  FETs  are  anticipated  to  be  employed  in  luxury  automobiles  and  transitioned  to  the 
mass  market  by  2009. 

In  this  presentation,  data  from  AlGaN/GaN  HFET’s  grown  in  an  Emcore  D180  MOCVD 
system  will  be  presented.  Typical  production-scale  material  results  (on  2”  sapphire 
substrates)  for  these  wafers  were:  1 1  ~  1000  cm2/Vs,  Ns=  l.OxlO13  cm"2,  and  Rs~  450 
Q/square  with  <3%  variation  across  the  wafer.  These  wafers  were  then  processed  into 
devices  using  Pt/Au  gate  contacts  with  2  pm  gate  length,  200  pm  gate  width,  and  a 
source  to  drain  spacing  of  13  pm.  A  total  of  1000  FETs  were  combined  in  parallel  for  an 
effective  gate  width  of  20  cm  for  high  current  operation  (10A).  These  devices  have  a 
lower  on-state  resistance  (<0.01  Q-cm2)  and  higher  Schottky  breakdown  voltages  (400  V) 
than  the  theoretical  limit  of  Si  MOSFET  devices.  These  devices  demonstrate  suitability 
for  insertion  in  automotive  electrical  harnesses. 

Introduction 

The  Ill-Nitride  materials  system  has  shown  commercial  potential  for  many  high  power, 
high  temperature  applications  by  virtue  of  its  material  properties.1’11’"1  Most  of  the  current 
development  in  the  nitrides,  outside  optoelectronics,  has  focused  primarily  on  military 
applications  with  the  U.S.  Defense  Department  providing  much  of  the  funding.  This 
work  has  focused  on  AlGaN  on  GaN  heterostructures  creating  Heterojunction  Field 
Effect  Transistors  (HFETs)  produced  on  SiC  substrates  for  high  frequency  (>3GHz) 
power  device  applications.  The  primary  alternative  substrate  to  SiC  is  sapphire  which 
suffers  from  greater  lattice  mismatch  and  lower  thermal  conductivity  effectively  reducing 
device  performance. 1V’V  While  not  desirable,  these  material  challenges  can  be  designed 
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around  providing  for  mid-performance  low  frequency  (kHz)  devices  that  are  cost- 
effective. 

Automotive  applications  are  one  such  market  for  AlGaN  HFETs  on  sapphire.  These 
devices  require  the  intrinsic  advantages  of  GaN :  stability  at  high  temperatures  in 
corrosive  environments,  and  power  handling  capability  with  high  breakdown  voltages. 
These  applications  include  switching  relays,  DC-DC  converters,  and  power  inverters  to 
handle  large  currents  (>10  A)  and  corresponding  power  (420  W).  Targeted  initially  in 
luxury  automobiles,  AlGaN  HFET  devices  should  see  their  introduction  in  2006  with 
transition  to  the  broader  automotive  market  by  2009. 

Experiment  Details 

AlGaN  HFET  epilayers  were  deposited  at  Emcore  using  a  D180  rotating  disk  MOCVD 
reactor.  Trimethylgallium  and  trimethylaluminum  were  used  as  sources  of  Ga  and  A1 
respectively  with  NH3  as  the  source  of  atomic  nitrogen.  The  pressure  throughout  the 
entire  process  was  100  Ton*.  A  low  temperature  AIN  was  used  to  nucleate  on  sapphire 
and  semi-insulating  (SI)  GaN  and  AlGaN  films  were  deposited  at  1030°C  as  measured  by 
pyrometer.  The  SJ-GaN  thickness  was  nominally  2  pm  and  the  AlGaN  was  calculated  at 
25-30  nm  at  28%  A1  composition.  Average  sheet  resistivity  of  the  as-grown  samples  was 
450  ohms/square  with  <3%  uniformity.  These  wafers  were  then  processed  at  Furukawa 
into  FET  devices  with  Al/Ti/Au  metallization  for  the  ohmic  source  and  drain  contacts  and 
Pt/Au  for  the  gate.  The  AlGaN  surface  was  passivated  using  Si02  with  mesa  isolation 
between  devices  and  the  entire  structure  was  sealed  with  an  insulator  (Figure  1). 
Individual  FET  device  dimensions  were  gate  length  Lg  =  2pm,  gate  width  Wg=200pm 
with  a  source-drain  distance  of  Lsd=13pm.  These  individual  FETs  were  assembled  into  a 
larger  assembly  (L-FET)  that  had  an  effective  gate  width  of  20cm  on  a  5x5mm2  chip  for 
large  current  handling  capability. 


Figure  1:  Mesa-isolation  individual  HFETs  on  sapphire.  Device  dimensions  of  Lg  =  2pm,  Wg=200pm 
with  a  source-drain  distance  of  Lsd=13pm. 


Results 

The  materials  properties  were  uniform  from  the  as-grown  AlGaN  HFET  wafers  as  shown 
in  Figure  2.  The  sheet  charge  on  the  samples  averaged  around  lxl 013  carriers/cm2  with  a 
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mobility  of  1040  cm2/Vs. 

This  uniformity  is 
important  for 
development  of  large 
area  devices  on  sapphire 
since  it  is  difficult  to 
design  a  circuit  around  a 
chip  that  has  regions  of 
different  performance. 

Individual  HFETs  (Lg  = 

2pm,  Wg=200pm) 
processed  on  these 
wafers  had  high  reverse 
breakdown  voltages  at  Position  in  wafer  (cm) 

-400V  across  the  wafer.  Figure  2:  Material  uniformity  for  sheet  carriers  and  mobility  of 

This  performance  already  processed  AlGaN  HFETs  devices, 

exceeds  that  of 

traditional  Si  MOSFETs  used  in  automotive  applications  and  is  approaching  the 
performance  of  SiC  MOSFETs.  GaN-based  FETs  already  have  lower  on-state  resistance 
as  shown  in  Figure  3.VI  The  individual  HFETs  had  good  linearity  with  peak  current  of  61 
mA/mm  (Figure  4)  and  an  average  pinch-off  voltage  of-6V. 


100  1000  io4 


Breakdown  Voltage  (V) 

Figure  3:  Breakdown  voltage  vs.  On-resistance  for  the  GaN  HFETs 
on  sapphire  as  compared  to  devices  published  in  literature. 
Comparison  data  from  C.E.  Weitzel  et  al. 


These  individual  FETs  were 
combined  in  parallel  to 
create  a  L-FET  that  could 
handle  currents  >10A  such 
as  those  encountered  in 
switches  in  automotive 
applications.  Initial  results 
are  very  encouraging  for 
this  type  of  device 
containing  1000  individual 
FETs  on  a  5x5mm2  chip  on 
sapphire.  These  L-FET 
devices  were  air-cooled  for 
all  experiments  during 
operation  by  fan.  TheL- 
FET  was  able  to  switch  10A 
of  continuous  current  at 
50Hz.  The  gate-source 
capacitance  of  this  device 


was  600pF  until  pinch-off  where  it  drops  to  1  OOpF,  an  order  of  magnitude  better  than  a 
comparable  Si  MOSFET.  The  chip  could  sustain  a  maximum  power  of  100W  for  30 
seconds  before  failure.  In  continuous  operation,  the  L-FET  maintained  30W  of  power  for 


>  1  hour.  It  is  expected  that  the  performance  of  these  devices  can  be  improved  with 
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advanced  packaging  techniques 
such  as  sapphire  substrate  thinning 
and  heat-sink  bonding  or  flip-chip 
with  backside  vias. 

Summary 

AlGaN  HFETs  epitaxially 
deposited  on  sapphire  substrates 
by  MOCVD  were  processed  into 
small  FET  devices  (Lg  =  2pm) 
that  were  arranged  into  a  larger 
assembly  for  high  current 
operation.  The  operation  of  the 
individual  HFETs  already  surpass 
traditional  Si  MOSFET 


Vds(V) 


technology  on  several  key  Figure  4:  AlGaN  HFET  I-V  curves  for  the  devices  with  Lg  = 

parameters  including  breakdown  2Pm>  Wg=200pm.  Current  density  at  Vg=0  is  61 

voltage,  on-state  resistance.,  mA/mm. 

operation  temperature,  and  gate 

capacitance.  Indeed,  a  larger  assembly  consisting  of  1000  of  these  individual  HFET 
devices  in  parallel  can  switch  10A  of  current  at  50Hz  operation.  Further  refinement  of 
the  materials  and  device  design  can  lead  to  improvements  in  the  power  handling  and 
reliability  of  these  devices.  It  is  anticipated  that  AlGaN-based  HFETs  will  be  see  their 
introduction  in  automotive  electrical  harnesses  in  the  future. 
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ABSTRACT 

We  report  an  investigation  of  electronic  properties  of  two-dimensional  electron  gas  (2DEG) 
confined  at  AIGaN/GaN  heterostructures  by  magnetotransport  measurements.  The 
second-subband  population  is  manifested  by  the  multi-frequency  in  the  Shubnikov-de  Haas  (SdH) 
oscillations.  The  modulated  patterns  of  SdH  oscillations  which  are  due  to  the  two-subband 
occupancy  can  be  drastically  enhanced  by  employing  the  microwave  modulation  technique.  This 
unique  advantage  enables  us  to  provide  direct  experimental  evidence  that  the  2DEG  in  the 
second  subband  has  a  higher  mobility  than  that  in  the  first  subband  in  the  modulation-doped 
Alo.22Gao.7sN/GaN  heterostructures  by  means  of  microwave-modulated  magnetotransport 
measurements.  The  carrier  concentrations  and  2DEG  Fermi  energy  for  each  subband  were 
determined.  It  was  found  that  the  second-subband  population  ratio  increases  with  spacer 
thickness  up  to  5  nm,  while  the  subband  separation  decreases. 


INTRODUCTION 

In  the  past  several  years,  fundamental  properties  of  AlxGa|.xN/GaN  heterostructures  have 
received  a  great  amount  of  attention  for  the  application  of  heterostructure-field-effect  transistors 
(HFETs),  which  are  capable  of  working  at  high  frequencies  in  high-power  and  high-temperature 
environments  [1-4].  They  are  very  promising  for  applications  in  microwave  and  optoelectronic 
devices.  Compared  with  other  III-V  material  based  HFETs,  a  larger  amount  of  two-dimensional 
electron  gas  (2DEG)  can  be  easily  accumulated  in  GaN-based  ones.  The  lattice  mismatch  of  2.5 
%  between  AIN  and  GaN  and  the  lack  of  inversion  symmetry  in  the  wurtzite  structure  result  in 
large  induced  and  spontaneous  polarizations  [3].  Therefore  the  better  carrier  confinement  at 
AlxGai.xN/GaN  interface  than  that  at  AlxGai_xAs/GaAs  interface  arising  from  the  large 
conduction-band  offset  [4]  and  strong  piezoelectric  polarization  of  the  AlxGai-XN  barrier  layer 
naturally  leads  to  a  recent  research  interest  in  high-carrier-density  AlxGai.xN/GaN 
heterostructures  in  which  multiple  subbands  were  occupied  [5-9].  Because  of  the  different 
subband  wave  function  distribution  profile,  the  2DEG  mobility  is  expected  to  be  enhanced  once 
the  second  subband  becomes  more  populated,  and  hence  eases  the  design  limitations  and  allows 
higher  frequency  performance  for  microwave  and  optoelectronic  devices.  In  order  to  optimize 
the  performance  of  HFETs  with  high  electron  densities,  it  is  important  to  understand  the 
electronic  properties  of  2DEG  of  high  densities  at  AlxGai.xN/GaN  heterointerface.  In  this  paper, 
we  report  on  an  investigation  of  electronic  properties  of  2DEG  confined  in  spacer-dependent 
Alo.22Gao.78N/GaN  heterostructures  by  magnetotransport  measurements. 
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Figure  1.  Magnetoresistance  of  2DEG  in  Alo.22Gao.78N/GaN  heterostructures  as  a  function 
of  magnetic  field  at  3.6  K  in  sample  A.  The  inset  shows  successive  oscillation  numbers  (open 
circles)  as  a  function  of  inverse  magnetic  fields  of  the  SdH  minimum. 

EXPERIMENTAL  DETAILS 

We  performed  SdH  measurements  on  two  modulation-doped  Alo.22Gao.78N/GaN 
heterostructures  grown  by  atmospheric  pressure  metal-organic  chemical  vapor  deposition  on  the 
(000 1 )  surface  of  sapphire  substrates.  A  nucleation  GaN  buffer  layer  was  deposited  at  488  °C , 
followed  by  a  unintentionally  doped  GaN  (i-GaN)  layer  of  2  Jim  thickness  grown  at  1071  C. 

The  barrier  layer  is  a  Si-doped  Alo.22Gao.7sN  (n-AlGaN)  layer  of  thickness  25  nm  for  sample  A 
and  30  nm  for  sample  B.  The  doping  concentration  is  1.2  x  1018  cm'3.  The  one-side  doping 
results  in  the  triangular  confinement  of  carriers  in  the  heterojunctions.  Between  the  n-AlGaN  and 
i-GaN  layer,  a  5-nm-thick  unintentionally  doped  Alo.22Gao.7sN  spacer  was  inserted  for  sample  A 
to  reduced  remote  impurity  scattering.  The  samples  were  placed  inside  a  6  Tesla  Oxford 
superconducting  magnet  and  immersed  in  liquid  helium.  The  temperature  could  be  cooled  down 
to  as  low  as  3.6  K.  The  data  were  taken  by  conventional  lock-in  techniques. 

In  our  studies,  we  additionally  employed  a  novel  technique  of  SdH  measurement  that  can 
drastically  enhance  the  SdH  pattern  based  on  microwave  modulation.  Here,  the  measurements 
were  done  electrically  in  phase  under  microwave  modulation.  This  method  has  advantages  of 
unchanging  carrier  concentration  and  not  diminishing  modulation  pattern  compared  with  other 
variant  techniques  like  optically  modulated  SdH  and  optically-detected  microwave  modulated 
SdH  measurements.  In  our  previous  report  [10],  we  have  shown  that  this  technique  is  suitable  for 
studying  novel  wide  band-gap  heterostructures  where  moderate  mobilities  and  heavier  effective 
mass  (rapid  damping  SdH  amplitudes)  are  frequently  encountered. 


RESULT  AND  DISCUSSION 

Figure  1  and  2  show  SdH  oscillations  taken  at  3.6  K  for  sample  A  and  sample  B, 
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Figure  2.  Magnetoresistance  of  2DEG  in  Alo.22Gao.7gN/GaN  heterostructures  as  a  function  of 
magnetic  field  at  3.6  K  in  sample  B.  The  carrier  concentration  can  be  deduced  from  the  inset. 

respectively.  The  two-dimensional  characters  have  been  further  confirmed  by  rotating  the  sample 
orientation  against  the  magnetic  field.  The  strong  double  periodicity  of  the  SdH  oscillations  is 
easily  recognized  for  sample  A  and  also  exists  in  sample  B,  which  will  be  shown  below.  The 
modulation  doping  and  the  strong  polarization  field  give  rise  to  a  large  amount  of  confined 
2DEG  in  the  heterointerface.  The  electrons  start  to  populate  the  second  subband  because  of  the 
high  2DEG  sheet  concentrations  at  the  heterointerfaces,  resulting  in  the  double  periodicity. 
Besides,  it  is  worth  noting  that  the  onset  of  the  SdH  oscillations  for  both  samples  is  almost  the 
same  at  3.3  T  at  this  temperature. 

It  is  straightforward  to  obtain  the  carrier  concentrations  corresponding  to  the  first  subband 
from  high-frequency  oscillations.  The  successive  oscillation  numbers  as  a  function  of  inverse 
magnetic  fields  of  the  SdH  oscillation  minima  for  both  samples  are  plotted  as  open  circles  in 
both  insets  in  Fig.  1  and  2.  The  data  can  be  described  by  the  simple  linear  equation  [11] 


—  =N— +  C, 

7thn 


(1) 


where  BN  represents  each  magnetic  field  at  successive  oscillation  minimum,  N  is  an  integer,  C  is 
a  constant,  and  n  is  the  carrier  concentration.  The  choice  of  the  oscillation  number  is  arbitrary. 

The  solid  lines  in  both  insets  show  the  fittings  to  Eq.  (1).  The  slopes  of  the  lines  correspond  to 
carrier  densities  of  8.48  xlO1 2  cm'2  for  sample  A  and  9.6  xlO12  cm'2  for  sample  B,  respectively. 

Figure  3  and  4  display  the  microwave-modulated  SdH  patterns  at  the  same  temperature 
under  the  modulation  of  a  3.7  GHz  microwave  radiation  for  sample  A  and  sample  B,  respectively. 
The  SdH  patterns  are  considerably  enhanced  for  both  samples.  It  is  quite  amazing  that  the  visible 
signal  noise  is  almost  washed  out  and  the  onset  of  SdH  oscillations  is  noticeably  lowered.  For  the 
data  taken  in  sample  A,  it  is  significant  to  note  that  the  short-period  oscillations  die  away  at 
magnetic  fields  lower  than  2.5  T,  while  the  long-period  oscillations  persist.  Therefore  we  provide 
direct  experimental  evidence  that  the  2DEG  in  the  second  subband  has  a  higher  mobility  than 
that  in  the  first  subband  in  the  modulation-doped  Alo.22Gao.78N/GaN  heterostructures  by  means  of 
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Figure  3.  The  electrically  detected  microwave-modulated  SdH  oscillations  at  temperature  3.6  K 
for  sample  A.  The  long-period  oscillations  can  be  clearly  observed  in  the  low-field  region. 

microwave-modulated  magnetotransport  measurements.  On  the  other  hand,  the  resolution  of  the 
conventional  SdH  measurements  under  similar  condition  is  not  capable  of  comparing  these 
oscillations  due  to  two-subband  occupancy  directly.  This  shows  an  advantage  of  the 
microwave-modulation  technique. 

From  the  fit  to  Eq.  (1),  the  second-subband  carrier  density  in  sample  A  is  determined  to  be 
1 .78  xlO12  cm'2,  and  the  total  2DEG  sheet  concentration  in  the  triangular  well  is  1 .02  xlO13  cm'2. 
Due  to  the  long-period  modulation,  the  double  periodicity  in  sample  B  is  not  straightforwardly 
recognizable  in  conventional  SdH  measurement.  But  the  modulated  SdH  pattern  can  be  readily 
identifiable  in  microwave-modulated  SdH  oscillations,  as  shown  in  Fig.  4.  Again,  this  shows  the 
advantage  of  the  microwave-modulated  technique.  By  the  same  approach  above,  the 
second-subband  carrier  density  is  estimated  to  be  4.8  xlO11  cm  2.  Thus,  the  total  2DEG  sheet 
concentration  resides  in  the  heterojunction  for  sample  B  is  1.01  xlO13  cm'2,  which  is  very  close 
to  that  for  sample  A. 

To  optimize  the  design  of  AlxGai.xN/GaN  HFETs,  it  is  of  great  value  to  determine  the 
energy  separation  of  the  lowest  two  subbands.  Once  the  oscillations  from  the  upper  subband  can 
be  separated  by  means  of  microwave-modulated  SdH  measurements,  the  subband  separation  can 
be  inferred  from  the  respective  carrier  concentration,  and  hence  Fermi  levels: 


Epo  -  Efi  +  Eoi, 

7th2  7th2  _ 

— -no  =  — -n,  +  Eoi, 
m  *  m  * 


(2) 


where  m*  /  nh  2  is  the  two-dimensional  density  of  state,  n0  is  the  carrier  concentration  of  the  first 
subband,  ni  is  the  carrier  concentration  of  the  second  subband,  Eoi  is  the  energy  separation 
between  the  first  and  second  subbands,  and  Epo  and  Efi  are  the  energy  differences  between  the 
Fermi  levels  and  the  minima  of  the  first  and  second  subbands,  respectively. 

The  effective  mass  for  the  two  subbands  is  assumed  to  be  about  the  same  [2,  9],  m*  =  0.23 
mo,  the  energy  separation  between  the  two  subbands  can  be  obtained  accordingly.  The  subband 
separation  is  69.6  and  94.6  meV  for  sample  A  and  sample  B,  respectively. 

We  summarize  our  results  in  Table  1.  To  display  the  influence  of  spacer  thickness  on  the 
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Figure  4.  The  electrically  detected  microwave-modulated  SdH  oscillations  at  temperature  3.6  K 
for  sample  B.  The  modulated  SdH  pattern  can  be  readily  identifiable  in  this  way. 

subband  properties,  we  include  the  results  reported  by  Zheng  et  al.  [9]  who  studied  the  same 
Alo.22Gao.78N/GaN  heterostructures  with  different  spacer  thickness.  There  are  two  points  that  are 
worthy  of  mention. 

The  subband-energy  separation  decreases  as  spacer  layer  thickness  increases  from  0  to  5  nm. 
The  subband-energy  separation  depends  on  the  quantum  confinement  in  the  potential  well;  it 
increases  with  deeper  electron  confinement.  The  band  bending  in  the  triangular  quantum  well, 
which  is  determined  by  the  Coulomb  interaction,  decreases  with  the  increase  of  spacer  layer 
thickness.  As  a  consequence,  the  quantum  confinement  reduces  and  the  energy  separation  of  the 
two  subbands  decreases. 

Moreover,  when  the  spacer  layer  thickness  increases  from  0  to  5  nm,  the  second-subband 
population  ratio  increases.  As  the  spacer  layer  thickness  increases,  more  confined  electrons  in  the 
well  populate  in  the  second  subband  possibly  due  to  the  lowered  second  subband,  and  for  this 
reason  the  second-subband  population  increases. 

However,  the  trend  found  above  goes  to  the  reverse  side  once  the  spacer  thickness  increases 
to  10  nm.  The  actual  mechanism  of  the  anomaly  remains  unclear  and  calls  for  further  research. 

CONCLUSIONS 


Sample 

Spacer  thickness(nm) 

Bonset 

n,(xl01J  cm'2) 

m/nt  (%) 

E01  (meV) 

B 

3.3 

4.9 

94.6 

C 

3 

3.7 

1.3 

15 

93 

A 

5 

3.3 

1.02 

17 

69.6 

D 

10 

4.7 

0.93 

7.9 

81.6 

Table  I.  Characteristics  of  modulation-doped  Alo.22Gao.78N/GaN  heterostructures  with  different 
spacer  thickness.  Sample  C  and  D  are  taken  from  Ref.  9.  BonSet  denotes  the  onset  field  of  SdH 
oscillations  and  nt  is  the  total  two-dimensional  carrier  density. 
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In  conclusion,  we  present  the  investigation  of  electronic  properties  of  high-density  2DEG 
confined  at  Alo.22Gao.78N/GaN  heterostructures  by  magnetotransport  measurements.  The 
second-subband  population  is  manifested  by  the  multi-frequency  in  the  SdH  oscillations.  We 
demonstrated  that  the  modulated  patterns  of  SdH  oscillations  due  to  second-subband  occupancy 
could  be  drastically  enhanced  by  employing  the  microwave  modulation  technique.  In  addition, 
the  SdH  oscillations  can  be  observed  at  a  much  lower  magnetic  field.  We  provide  direct 
experimental  evidence  that  the  2DEG  in  the  second  subband  has  a  higher  mobility  than  that  in 
the  first  subband  in  the  modulation-doped  Alo.22Gao.78N/GaN  heterostructures  by  means  of 
microwave-modulated  magnetotran sport  measurements.  The  carrier  concentrations  and  2DEG 
Fermi  energy  for  each  subband  were  determined.  It  was  found  that  the  second-subband 
population  ratio  increases  with  the  increase  of  spacer  thickness  up  to  5  nm,  while  the  subband 
separation  decreases. 
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Abstract 

For  ohmic  contact  on  p  GaN,  palladium  is  one  of  the  best  candidates  showing  ohmic 
characteristics  already  without  annealing.  To  be  realized  in  devices,  it  is  necessary  to  know 
the  behavior  of  the  ohmic  contacts  at  accelerated  conditions,  especially  for  high  temperatures 
and  power.  We  report  on  the  structural  evolution  of  palladium  layers  (30  nm)  deposited  on 
GaN  (0001)  by  electron  beam  evaporation  without  intentional  annealing.  They  were  next  cut 
into  various  pieces  which  were  individually  submitted  to  rapid  thermal  annealing  at  400,  500, 
600,  700  and  800°C  for  10  sec.  We  investigate  the  differences  in  the  microstructure  and  the 
location  of  interfacial  phases  and  their  relationships  as  determined  by  X-ray  diffraction  and 
transmission  electron  microscopy,  we  then  suggest  the  formation  mechanism  based  on  the 
relationship.  It  is  shown  that  the  interface  is  disrupted  at  annealing  above  600°C  and  by  800°C 
only  very  small  patches  of  Pd  are  still  present,  however  they  area  completely  imbedded  in  a 
matrix  of  intermetallic  phases  (gallides)  formed  by  the  reaction  with  GaN. 

Introduction 

Gallium  based  nitrides  are  direct  wide-band-gap  semiconductors  which  have  a  large 
potential  for  high-temperature  and  high-power  applications1.  However,  this  wide-band-gap 
makes  the  device  fabrication  difficult  for  ohmic  contacts,  especially  for  p  type  material.  Many 
extensive  studies  have  been  made  for  developing  optimized  ohmic  contact  systems.2'4  Pd  is 
one  of  the  most  competing  candidates,  showing  a  promising  ohmic  characteristics  at  room 
temperature3.  In  order  for  Pd  to  be  used  as  a  reliable  metal  contact  on  GaN,  it  is  essential  to 
understand  the  thermal  stability  and  metallurgy  of  the  contact.  In  spite  of  the  increasing 
importance  of  Pd/GaN  system,  the  detailed  microstructure  of  the  Pd  layer  and  the  high 
temperature  structure  are  not  yet  understood.  For  device  applications  at  high  power  and  high 
temperature,  it  is  therefore  important  to  study  the  structural  evolution  of  metal  overlayers  and 
their  reactions  at  elevated  temperatures. 

In  this  work,  we  investigated  the  structural  evolution  of  Pd/GaN  (0001)  hetcrocpitaxy 
during  post  annealing  process.  We  reveal  the  existence  of  interfacial,  epitaxial,  Pd  grains  in 
the  as-deposited  Pd  film  that  was  evaporated  on  GaN(0001)  at  room  temperature.  During 
subsequent  annealing  up  to  600°C,  the  grains  of  Pd  grow  and  we  explain  the  origin  of  the  Pd 
epitaxy  on  GaN(0001)  to  a  six-to-seven  matched  interface  structure,  wherein  six-Ga  atomic 
distances  in  GaN  match  to  seven-Pd  atomic  distances.  At  high  temperature  annealings 
(~700°C),  the  Pd  film  transforms,  by  the  Pd-Ga  reaction  to  GajPds  and  GasPd  gallides  which 
encapsulate  the  remaining  Pd  patches  and  can  be  in  epitaxy  to  GaN. 


a)  corresponding  author:  mterana@ismra.fr 
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Experimental  procedures 

The  Mg-doped  p-GaN  films  (1.6  pm  thick)  were  grown  on  sapphire  (0001)  substrates 
using  metal-organic  chemical  vapor  deposition  (MOCVD).  For  deposition  of  Pd  films,  the 
GaN  samples  were  first  cleaned  with  organic  solvents,  then  etched  in  50  %  HF  and  50  %  HCf 
and  finally  loaded  into  an  e-beam  evaporation  system,  in  which  the  base  pressure  was  ~lxl0~ 
Torr.  Pd  films  were  deposited  to  a  nominal  thickness  of  280  A  at  a  rate  of  2  A/s  without 
heating  the  samples.  The  Pd/GaN  specimens  were  then  annealed  at  various  temperatures 
between  400  and  800  gC  for  30  s  in  a  rapid  thermal  annealing  (RTA)  furnace  under  N2  flowing 
atmosphere.  The  surface  and  the  cross  section  of  Pd/GaN  films  were  characterized  by  atomic 
force  microscopy  (AFM)  and  high  resolution  electron  microscopy  (HREM),  respectively. 
HREM  observations  were  carried  out  along  the  GaN  [1120]  direction  on  a  Topcon  002B 
electron  microscopy  operating  at  200  kV  with  a  point  to  point  resolution  of  0.1 8nm  (Cs=0.4 
mm).To  obtain  averaged  structural  information,  synchrotron  x-ray  scattering  measurements 
were  carried  out  at  beam  line  5C2  of  Pohang  Light  Source  (PLS)  in  Korea.  The  wavelength  of 
the  incident  x  rays  was  set  at  1.488  A  by  a  double  bounce  Si  (111)  monochromator.  The 
structural  evolution  of  the  Pd  films  on  GaN  was  studied  by  measuring  the  x-ray  powder 
diffraction  profile  (0-20 scan)  and  the  x-ray  reflectivity  curve  after  post  annealing  at  several 
temperatures.  We  employed  a  four-circle  x-ray  diffractometer  for  exploring  an  arbitrary 
momentum  transfer  in  3-dimensional  space,  which  provides  information  about  in-plane 
crystalline  state  and  structural  orientation. 

Results  and  discussion 

The  morphological  changes  of  the  surface,  as  well  as  the  metal/GaN  interface  under  the 
gallide  formation,  were  examined  by  atomic  force  microscope  (AFM).  For  the  interface,  the 
metal  overlayers  were  etched  off  using  3:1  HN03:HC1.  The  results  are  shown  in  Fig.  1.  As  the 
annealing  temperature  was  raised  from  600  2C  to  700  °C,  the  root-mean-squared  (RMS) 
roughness  of  the  Pd  surface  (the  Pd-interface)  increased  significantly  from  5.2  A  (4.5  A)  to  90 
A  (72  A),  respectively.  The  deteriorated  surfacial  and  interfacial  morphology  during  the 
formation  of  the  gallides  can  be  directly  related  with  the  optical  scattering  loss  in  the  light 
emitting  diode  (LED)  structures.  Furthermore,  the  electrical  properties  of  contact  may  be 
greatly  changed  by  the  formation  of  the  gallides  at  the  high  temperature  of  700  2C. 


?  ^U5nm  ^ 

h5m(b) 

Fig.  1:  Morphology  of  the  Pd/GaN  ohmic 
contact,  a)  AFM  image  just  after  the 
deposition,  b)  the  surface  after  annealing  at 
700  °C,  c)  AFM  image  of  the  interface  area 
after  annealing  at  700°C 
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We  have  used  the  TEM  to  examine  the  surface  morphology,  as  can  be  seen  in  figure  2  on  for 
the  layer  annealed  at  400°C,  the  surface  is  flat,  in  agreement  with  the  AFM  observations.  In 
this  image  some  moire  fringes  are  visible  at  the  GaN  side  of  the  interface.  They  may  be  due  to 
interdiffusion  between  the  metal  and  GaN  but  also  could  be  artefacts  of  TEM  sample 
preparation,  although  the  samples  were  prepared  by  ion  milling  at  the  LN2  temperature. 
Further  work  is  needed  to  confirm  their  occurrence. 


When  the  annealing  temperature  is  increased  to  700°C,  the  contact  degrades  completely.  The 
TEM  observations  show  that  all  along  the  surface,  the  Pd  has  peered  off  and  also  reacted 
strongly  with  GaN.  Intermediate  phases  are  visible  at  the  interface  reaction  area  and  identified 
as  follows  by  synchrotron  X-ray  scattering. 


Fig.  4:  The  Pd/GaN  ohmic  contact  after  annealing  at  700°C,  the  reaction  area  is  visible  at  the 
interface,  and  the  GaN  surface  has  remarkably  degraded. 

X-ray  scattering  observations  show  that  when  the  Pd  film  was  annealed  further  to  700  9C, 
interestingly,  the  Pd  (111)  reflection  completely  disappeared,  and  two  new  Bragg  reflections 
at  qz  =  2.772  A*1  and  qz  =  2.880  A'1  were  observed.  From  the  in-plane  orientation 
relationships,  it  turned  out  that  the  Bragg  reflections  at  qz  =  2.772  A  1  and  qz  =  2.880  A'1 
corresponded  to  the  Ga2Pds  (201)  (JCPDS  2.762  A'1)  and  GasPd  (213)  (JCPDS  2.878  A'1) 
reflections,  respectively.  Both  Ga2Pds  and  GasPd  phases  were  grown  epitaxially  on 
GaN(0001),  which  was  revealed  by  the  nonspecular  Ga2Pds  (221)  and  the  GasPd  (310) 
reflections  that  were  located  16.1°  and  47. 29  away  from  the  surface  normal  direction, 
respectively.  The  epitaxial  relationship  was  investigated  by  observing  the  orientation  of  the 
non-specular  reflections  of  the  film  with  respect  to  that  of  the  substrate  on  the  azimuthal 
circles.  The  scattering  profile  along  the  phi  scans  of  these  non-specular  gallide  reflections  are 
shown  in  Fig.  4.3.  The  well-defined  peaks  on  the  phi  scans  indicated  that  the  Ga2Pds  and 
GasPd  phases  were  in  fact  grown  epitaxially  on  GaN  (0001).  From  the  relative  directions  of 
the  film  and  the  substrate  crystalline  axes,  we  summarized  the  epitaxial  relationships  of  the 
two  gallides  as  follows.  The  Pd-rich  gallide,  Ga^Pds  has  a  crystalline  orientation  with  Ga2Pds 
(201)  //  GaN  (0001)  and  Ga2Pd5  [010]  //  GaN  [1 120] .  Meanwhile,  the  Ga-rich  gallide,  Ga5Pd 
has  a  crystalline  orientation  with  Ga5Pd  (213)  //  GaN  (0001 )  in  the  out-of-plane  direction,  and 
Ga5Pd  [310]  in  the  same  azimuthal  angle  with  GaN  [lolo]. 


Phi  Scan  (degrees) 

Fig.5:  The  typical  phi  scans  for  the  GaN  (1011),  Pd  (111),  Ga2Pds  (221),  and  GasPd  (310) 
nonspecular  reflections  along  the  azimuthal  direction.  The  well  defined  peaks  indicate  that  Pd 
and  Pd  gallides  were  grown  epitaxially  on  GaN  (0001). 

At  700°C,  there  are  still  Pd/GaN  patches  which  extend  from  the  Pd/GaN  interface  to  the  top 
surface.  When  the  annealing  was  done  at  800°C,  the  metal  layer  has  reacted  much  further  and 
is  covered  by  the  gallides,  at  this  point,  no  conduction  through  Pd  would  be  possible.  The 
surface  is  completely  disrupted  and  very  rough,  but  small  patches  of  Pd  can  be  still  found  on 
the  GaN  surface,  although  they  are  completely  imbedded  inside  the  gallide  layer  (fig.  6). 


Fig.  6:  The  Pd/GaN  contact  after  annealing  at  800°c 
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The  intermetallic  phases  can  be  epitaxially  grown  on  GaN  as  determined  by  the  above  Xrays 
experiments,  but  as  seen  in  figure  6,  they  are  mostly  spread  all  over  the  metallic  layer.  The  Pd 
patches  still  have  (1 1  l)Pd/(0001)GaN  epitaxial  relationship,  but  as  can  be  seen  in  fig.  7,  the 
interface  does  not  appear  to  be  abrupt,  or  atomically  flat  as  compared  to  the  non  annealed  or 
lower  temperature  annealed  contacts,  its  extension  is  1-1.5  nm. 


Fig.  7:  Atomic  scale  image  of  the  Pd/GaN  interface  after  annealing  at  800°C 

In  Summary 

In  the  Pd/GaN  contact,  after  annealing  below  600°C,  (Pd-Ga)  intermetallic  phases  are  not 
detected  by  X-ray  diffraction5  and  HREM  observations  show  abrupt  and  flat  Pd/GaN 
interfaces.  Higher  temperature  annealing  leads  to  a  rapid  extension  of  these  phases  and  they 
finish  by  embedding  the  remaining  small  Pd  patches. 

Acknowledgement 

This  work  is  supported  by  CNRS-KOSEF  project  9510. 

[  1  ]  M.  Asif  Khan,  M.  S.  Shur,  J.  N.  Kuznia,  Q.  Chen,  J.  Burm,  and  W.  Schaff,  Appl.  Phys. 
Lett.  66,  1083  (1995) 

[2]  Z.  Fan,  S.  N.  Mohammad,  W.  Kim,  O.  Aktas,  A.  E.  Botchkarev,  and  H.  Morkoc,  Appl. 
Phys.  Lett.  68,  1672  (1996). 

[3]  H.  Ishikawa,  S.  Kobayashi,  Y.  Koide,  S.  Yamasaki,  S.  Nagai,  J.  Umezaki,  M.  Koike, 
and  M.  Murakami,  J.  Appl.  Phys.  81,  1315  (1997). 

[4]  J.  K.  Kim,  J.  L.  Lee,  J.  W.  Lee,  H.  E.  Shin,  Y.  J.  Park,  and  T.  Kim,  Appl.  Phys.  Lett.  73, 
2953  (1998). 

[5]  CC  Kim,  PhD  dissertation  Pohang  University  of  Science  and  Engineering,  2001 


Mat.  Res.  Soc.  Symp.  Proc.  Vol.  743  ©  2003  Materials  Research  Society 


L11.54 
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ABSTRACT 

The  mechanism  of  Ti/Al  reaction  to  n-GaN  was  studied  to  form  ohmic  contacts  with  low 
contact  resistivity.  N-GaN  layers  with  a  carrier  concentration  of  2.17  X  1018  cm'3  were 
deposited  on  sapphire  substrates.  Ti/Al  metals  were  deposited  by  conventional  electron-beam 
techniques.  Contact  resistivity  decreased  as  the  Ti  thickness  increased,  and  increased  as  the  A1 
thickness  increased.  The  lowest  contact  resistivity  was  measured  at  1.20  X10'6  Qcm2  for  80 
nm  Ti  /100  nm  Al.  After  annealing  at  900  °C,  Al/AlTi/TiN  layers  on  GaN  were  formed  and 
AlTi  alloy  thickness  decreased  as  Ti  thickness  increased,  from  1 .5  MeV  Rutherford 
Backscattering  Spectroscopy(RBS)  measurement.  It  was  found  that  the  contact  resistivity  was 
reduced  as  alloy  metal  thickness  into  GaN  was  increased. 


INTRODUCTION 

GaN  has  a  wide  band  gap  and  its  applications  in  high  speed,  high  temperature  and  high  power 
electronic  devices  are  expected.  In  these  applications,  high  quality  ohmic  contact  formation  is 
very  important  to  obtain  high  performance  characteristics.  Contacts  containing  Ti/Al  layers 
have  observed  the  lowest  contact  resistivity  to  n-GaN  [1-3].  Due  to  a  TiN  layer  formed  by  Ti 
reaction  to  GaN  after  annealing,  a  high  concentration  of  N  vacancies  could  be  created  near  the 
interface,  resulting  that  ohmic  contacts  with  contact  resistivity  as  low  as  8  x  10'6  Qcm2  have 
been  achieved[2].  A  contact  resistivity  about  -10'6  Qcm2 on  GaN  using  plasma  treatment 
without  annealing  at  a  higher  temperature  has  been  reported[4].  However,  there  is  few  reports 
on  direct  measurements  of  TiN  formation  after  annealing.  This  paper  reports  the  reaction 
between  Ti/Al  and  GaN  in  order  to  realize  ohmic  electrodes  with  low  contact  resistivity. 


Table  1 .  The  thickness  of  Ti/Al  metal  electrodes. 


Sample 

1  |  2  3 

4 

5 

6 

7 

Ti 

20  [nm]  |  50  [nm]  80  [nm] 

50  [nm] 

100  [nm] 

Al 

100  [nm] 

50  [nm] 

100  [nm] 

150  [nm] 

0 

EXPERIMENTAL 

N-GaN  (n  =  2.17  X  1018  cm'3)  layers  were  grown  on  (0001)  sapphire  substrates  by  the 
MOCVD.  Ti/Al  metals  were  deposited  on  n-GaN  epitaxial  layers  by  conventional  electron  beam 
techniques.  The  thickness  of  Ti/Al  bilayer  is  shown  in  Table  1.  After  deposition,  thermal 
annealing  was  carried  out  at  900  °C  for  3  min  in  nitrogen  atmosphere.  1.5MeV  Rutherford 
Backscattering  Spectroscopy  (RBS)  was  used  to  clarify  the  composite  metal  systems. 


795 


Measurements  of  the  contact  resistivity  were  made  using  the  TLM  patterns  which  were  defined 
by  photolithography.  The  thickness  of  Al/Ti  and  Al/AlTi/TiN  layers  on  GaN  was  measured 
using  KLA-Tencor  alfa-step  AS500. 

RESULTS  AND  DISCUSSIONS 

The  contact  resistivity  of  the  Ti/Al  contact  to  n-GaN  as  a  function  of  as-deposited  Ti  thickness  is 
shown  in  Fig.  1.  The  contact  resistivity  becomes  low  as  Ti  thickness  increases.  Minimum 
contact  resistivity  of  1.20X10'6  Q -cm2  was  obtained  at  Ti(80  nm)/Al(100  nm)  system.  The 
contact  resistivity  as  a  function  of  as-deposited  A1  thickness  is  shown  in  Fig.  2.  As  shown  in  Fig.2, 
the  contact  resistivity  increases  as  the  A1  thickness  increases. 


Fig.  1 .  Contact  resistivity  of  Ti/Al  contact  to  GaN  layers  as  a  function  of  as-deposited  Ti 
thickness. 


Fig.  2.  Contact  resistivity  of  Ti/Al  contact  to  GaN  layers  as  a  function  of  as-deposited  A1 
thickness. 
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1.5  MeV  RBS  measurements  were  used  to  clarify  the  mechanism  of  Ti/Al  ohmic  contacts  to 
GaN  layers.  Fig.  3  shows  RBS  spectra  from  as-deposited  Ti(80nm)/Al(100nm)  metals  on  GaN 
and  after-annealed  metals.  The  channel  number  410,  371  and  290  correspond  to  Ga,  Ti,  and  A1 
at  surface,  respectively.  After  annealing,  the  Ti  thickness  increases  and  maximum  yield 
backscattered  from  Ti  atoms  reduces,  as  shown  in  Fig.  3.  This  shows  that  a  TiN  and  AlTi  layers 
were  created,  since  the  interface  between  Ti  and  GaN  moved  into  the  GaN  layer. 


Fig.  3.  RBS  spectra  from  as-deposited  and  after-annealed  Ti/Al  metals  on  GaN.. 


Fig.  4.  RBS  spectra  from  Ti  (20nm)/Al(100nm),  Ti  (50nm)/Al(100nm),  and  Ti(80nm)/Al(100nm) 
on  GaN  after  an  nealing. 
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RBS  spectra  from  Ti  (20nm)/Al(100nm),  Ti(50nm)/Al(100nm),  and  Ti(80nm)/Al(100nm) 
metals  on  GaN  after  annealing,  are  shown  in  Fig.  4.  When  initial  Ti  thickness  is  thin,  the 
thickness  of  Ti  and  GaN  alloy  becomes  thin.  The  thickness  of  a  TiN  and  AlTi  layer  can  be 
determined  at  Tn,  an  A1  and  AlTi  layer  TA1,  as  shown  in  Fig.  3.  An  A1  thickness  can  be  also 
determined  at  dr„  which  corresponds  to  He+  energy  loss  in  A1  layer  deposited  at  the  surface. 
Total  thickness  of  Al/AlTi/TiN  on  GaN  layers  was  measured  by  alfa-step  AS500.  The  thickness 
of  Al,  AlTi  and  TiN  layers  created  after  annealing  can  be  calculated,  and  are  shown  in  Fig.  5. 


Fig.  5.  The  thickness  of  Al,  AlTi  and  TiN  metals  after  annealing. 

After  annealing  at  900  °C,  Al/AlTi/TiN  layers  on  GaN  were  formed  and  AlTi  alloy  thickness 
decreased  as  Ti  thickness  increased,  but  TiN  alloy  thickness  did  not  depend  on  both  initial  Ti  and 
Al  thickness.  On  the  other  hand,  for  Ti-only  contact  to  GaN,  TiN  thickness  was  70nm  and 
contact  resistivity  became  low  as  3.02X10  7  Q-cm2.  This  means  that  contact  resistivity  of 
Ti/Al  to  GaN  did  not  determine  only  at  the  thickness  of  TiN  on  GaN. 
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Fig.6.  The  contact  resistivity  as  a  function  of  Ti-alloy  metal  thickness  into  GaN. 

The  contact  resistivity  as  a  function  of  Ti-alloy  metal  thickness  into  GaN  is  shown  in  Fig.  6. 
Contact  resistivity  is  inversely  proportional  to  Ti-alloy  metal  thickness  into  GaN.  Due  to  a  TiN 
and  an  AlTi  layers  formed  by  Ti  reaction  to  GaN  after  annealing,  a  high  concentration  of  N 
vacancies  could  be  created  near  the  interface.  It  is  considered  that  ohmic  contacts  with  low 
contact  resistivity  have  been  achieved,  since  the  concentration  of  N  vacancies  depends  on 
Ti-alloy  metal  thickness  into  GaN. 

CONCLUSIONS 

The  mechanism  of  Ti/Al  reaction  to  n-GaN  was  studied  to  form  ohmic  contacs  with  low 
contact  resistivity.  The  contact  resistivity  becomes  low  as  Ti  thickness  increases.  Minimum 
contact  resistivity  of  1.20  XI  O'6  Q  -cm2  was  obtained  at  Ti(80  nm)/Al(100  nm)  system.  1.5 
MeV  RBS  measurements  were  used  to  clarify  the  mechanism  of  Ti/Al  ohmic  contacts  to  GaN 
layers.  After  annealing  at  900  °C,  Al/AlTiyTiN  layers  on  GaN  were  formed  and  AlTi  alloy 
thickness  decreased  as  Ti  thickness  increased,  but  TiN  alloy  thickness  did  not  depend  on  both 
initial  Ti  and  A1  thickness.  Contact  resistivity  is  inversely  proportional  to  Ti-alloy  metal 
thickness  into  GaN.  Due  to  a  TiN  and  AlTi  layers  formed  by  the  reaction  of  Ti  to  GaN  after 
annealing,  a  high  concentration  of  N  vacancies  can  be  created  near  the  interface  and  ohmic 
contacts  with  low  contact  resistivity  have  been  achieved. 
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ABSTRACT 

AuTiAlTi,  AuPdAITi  and  AuAlTi  ohmic  contacts  to  AlGaN/GaN  layers  rapid  thermal 
annealed  at  temperatures  up  to  950°C  have  been  characterised  using  conventional  and  chemical 
transmission  electron  microscopy  techniques.  The  relationship  between  the  as-deposited  metallic 
structure,  annealing  temperature,  post-anneal  interfacial  microstructure  and  contact  resistance  is 
examined. 

The  presence  of  a  TiN  interfacial  layer  is  found  to  correlate  with  the  onset  of  ohmic 
behaviour.  Ti  and  Pd  barrier  layers  are  found  to  be  ineffective  at  stopping  the  diffusion  of  Au  to 
the  interface.  Au  is  implicated  in  the  development  of  the  inclusions,  which  are  associated  with 
threading  dislocations.  Once  activated,  the  presence  of  the  inclusions  has  little  influence  on  the 
ohmic  behaviour  of  the  sample. 

INTRODUCTION 

Devices  based  on  AlGaN/GaN  heterostructures  are  of  great  interest  in  the  area  of  high 
power,  high  frequency  applications.  Reproducible,  low  resistance  ohmic  contacts  are  required  for 
such  applications. 

Ohmic  contacts  to  n-type  GaN  and  AlGaN  are  normally  based  on  the  reaction  of  an  Al/Ti 
diffusion  couple  to  form  an  intermetallic  Ti:Al  -based  layer,  with  an  interfacial  Ti-nitride  layer 
and  a  nitrogen  depletion  layer  at  the  semiconductor  surface  to  activate  the  contact.  As  A1  and  Ti 
layers  are  both  susceptible  to  oxidation,  Au  capping  layers  are  used  as  an  oxidation  resistant 
material,  and  to  planarise  the  contact  to  assist  with  wire  bonding.  It  was  considered  undesirable 
to  have  Au  diffusing  to  the  contact/nitride  interface  [1],  and  so  diffusion  barrier  layers  of 
materials  such  as  Ti,  Pd,  Ni  and  Pt  were  introduced  within  the  Au/Al/Ti  contact  scheme. 

[2, 3, 4,5]. 

However,  TEM  analysis  of  such  layers  indicate  that  they  are  ineffective  at  preventing  the 
diffusion  of  Au  to  the  semiconductor,  and  it  has  more  recently  been  suggested  that  this  may  not 
actually  be  undesirable  [6] 

A  large  number  of  variables  affect  the  characteristics  of  a  metal  diffusion  couple  contact, 
including  the  nature  of  the  GaN  wafer,  which  makes  it  difficult  to  compare  results  published  in 
the  literature.  It  is  preferable  to  compare  samples  with  a  single  variable  altered,  processed  on  the 
same  GaN  wafer.  In  this  paper,  we  consider  three  contact  schemes,  typical  of  multilayer  contacts 
reported  in  the  literature,  to  AlGaN/GaN. 
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EXPERIMENTAL  METHOD 


Firstly,  a  300nm  Au  /  60nm  Ti  /  lOOnm  A1  /  20nm  Ti  contact  to  AlGaN/GaN  grown  by 
metal  organic  chemical  vapour  deposition  (MOCVD)  on  a  sapphire  substrate  with  samples 
annealed  at  temperatures  from  650  to  950°C.  Secondly,  a  lOOnm  Au  /  lOOnm  Pd  /  160nm  A1  /  x 
nm  Ti  contact  annealed  at  950°C,  where  x  is  30,  60,  100  or  160nm,  to  an  AlGaN/GaN  sample 
also  grown  on  a  sapphire  substrate,  and  thirdly  a  lOOnm  Au  /  x  nm  A1  (x=60  or  lOOnm)  /  20nm 
Ti  contact  to  an  AlGaN/GaN  layer  grown  on  a  SiC  substrate,  annealed  at  950°C.  All  contacted 
samples  were  rapid  thermal  annealed  in  flowing  nitrogen  using  a  30  second  ramp  to  the 
annealing  temperature  followed  by  a  30  second  hold  at  temperature,  followed  by  a  free  cool. 

Sequential  mechanical  polishing  and  low  angle  argon  ion  milling  were  used  to  prepare 
samples  for  conventional  and  chemical  TEM  analysis.  Elemental  profiles  were  obtained  using  a 
JEOL  201  OF  for  energy  dispersive  x-ray  (EDX)  and  a  JEOL  4000FX  for  energy  filtered  TEM 
(EFTEM).  Electrical  characterisation  was  carried  out  using  transmission  line  method  (TLM). 

RESULTS 

Bright  field  images  of  AuTiAlTi  contacts  to  AlGaN/GaN,  after  annealing  at  (a)  850°C  or 
(b)  950°C  are  shown  in  Fig.  1 .  The  structure  of  the  contact/nitride  interface  is  markedly  different 
between  the  two  anneals.  At  850°C  the  AlGaN  layer  is  still  largely  intact,  with  only  a  few  nm  of 
consumption.  After  annealing  at  950°C,  a  high  density  of  inclusions  was  observed,  penetrating 
through  the  AlGaN  layer  into  the  GaN  layer  beneath. 

Varying  the  thickness  of  the  Ti  layer  in  the  AuPdAlTi  contacts  was  found  to  have  a 
significant  difference  on  the  interfacial  morphology  after  annealing  at  950°C,  as  shown  in  Fig.  2. 
For  a  Ti  layer  of  30nm  (Fig  2a),  the  majority  of  the  AlGaN  layer  was  still  largely  intact,  with 
only  a  low  density  of  inclusions  observed.  Between  these  inclusions,  the  surface  of  the  AlGaN 
was  only  consumed  to  the  depth  of  a  few  nm.  Increasing  the  thickness  of  the  Ti  layer  to  60nm 
was  found  to  produce  a  higher  density  of  inclusions,  to  the  extent  that  the  inclusions  began  to 
merge  together,  with  little  AlGaN  being  left  intact  (Fig.  2b).  Increasing  the  Ti  layer  thickness 
further  did  not  increase  the  number  of  inclusions  formed,  but  clearly  increased  the  size  of  the 


Figure  1  -  Bright  field  images  of  AuTiAlTi  contacts  to  AlGaN/GaN  annealed  at  a)  850°C 
and  b)  950°C.  The  AlGaN  layer  can  still  be  seen  clearly  in  sample  a),  while  it  has  been 
completely  consumed  by  the  inclusions  in  sample  b). 


802 


Figure  2  -  A  Bright  field  images  of  AuPdAlTi  contacts  annealed  at  950°C  with  a  Ti 
layer  thickness  of  a)  30nm,  b)  60nm  and  c)  lOOnm.  The  AlGaN/GaN  interface  is  still 
largely  intact  in  the  sample  with  the  thinnest  Ti  layer,  but  has  been  consumed  by 
inclusions  in  samples  with  a  greater  amount  of  Ti. 


Figure  3  -  Bright  field  image  of  an  AuAlTi  contact  to  an  AlGaN/GaN  layer 
grown  on  a  SiC  substrate  annealed  at  950°C.  The  inclusions  observed  at  the 
contact/nitride  interface  are  all  associated  with  threading  dislocations. 
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inclusions  laterally  along  the  interface,  with  increased  depth  of  penetration  into  the  GaN  to  the 
extent  that  the  inclusions  have  merged  to  form  a  continuous  consumption  layer  parallel  to  the 
original  contact/nitride  interface  (Fig.  2c). 

Varying  the  A1  thickness  in  the  AuAlTi  contact  did  not  lead  to  any  major  changes  in  the 
contact/nitride  interfacial  morphology  after  annealing  at  950°C.  However,  the  greatly  reduced 
density  of  dislocations  within  GaN  layers  grown  on  SiC  substrates,  as  compared  with  those 
grown  on  sapphire  substrates,  emphasised  the  association  of  threading  dislocations  with 
inclusion  formation.  Fig.  3  shows  that  inclusion  formation  at  the  contact/semiconductor  interface 
is  directly  related  to  the  presence  of  threading  dislocations  emerging  from  the  nitride  layer 
surface,  with  no  inclusions  being  observed  in  the  absence  of  threading  dislocations. 

The  contact  resistances  of  the  samples  were  obtained  by  the  Transmission  Line  Method 
(TLM).  For  the  AuTi  AlTi  contacts,  an  anneal  of  750°C  or  higher  was  required  to  form  an  ohmic 
contact,  with  anneals  at  850°C  and  950°C  producing  similar  contact  resistances,  despite  the 
markedly  different  interfacial  morphologies.  In  the  case  of  the  AuPdAlTi  contact,  samples  with 
thicker  Ti  layers  were  found  to  have  superior  contact  resistivities  after  annealing  at  850°C  as 
compared  with  thinner  Ti  layers,  but  there  was  no  clear  trend  in  the  electrical  characteristics  after 
annealing  at  950°C.  Further,  no  clear  difference  in  the  electrical  characteristics  was  observed  for 
the  AuAlTiu  contacts  with  varying  A1  layer  thickness  after  annealing  at  950°C. 

For  samples  found  to  be  ohmic,  chemical  analysis  showed  a  similar  structure  in  all  the 
inclusions  and  inclusion  free  regions  observed.  Line  profiles  across  the  entire  interface  are  shown 
in  Figure  4,  higher  resolution  profiles  and  spot  analysis  have  also  been  performed  to  confirm  the 
compositions  of  features.  In  all  cases,  a  Ti-nitride  layer  is  identified  at  the  position  of  the  pre¬ 
anneal  contact/nitride  interface.  Where  no  inclusions  have  formed,  a  Au  layer  is  found  directly 
adjacent  to  this  Ti-nitride  layer  (Fig.  4a,  c).  Where  inclusions  are  observed,  the  inclusions  are 
also  found  to  be  a  Ti-nitride,  bounded  by  a  thin  Al/Au  rich  layer  that  may  also  be  present  as 
filaments  within  the  inclusions  (Fig.  4b,  d).  The  discrete  Ti-nitride  layer  at  the  original  pre¬ 
anneal  interface  is  apparently  unaffected  by  the  development  of  the  inclusions.  It  is  also  noted 
that  the  inclusions  in  the  AuAlTi  contacted  sample  after  annealing  at  950°C  did  not  appear  to  be 
significantly  larger  than  the  inclusions  observed  in  the  diffusion  barrier  samples  annealed  at  the 
same  temperature,  suggesting  that  the  Pd  or  Ti  barrier  layers  in  the  original  metallisation  contact 
are  inefficient  in  slowing  diffusion  of  Au  to  the  contact/nitride  interface. 

These  results  reaffirm  that  ohmic  behaviour  in  these  contacts  is  related  to  the  initial 
formation  of  a  Ti-nitride  phase  at  the  pre-anneal  contact/semiconductor  interface,  which  has  been 
found  by  high  resolution  TEM  to  be  comprised  of  grains  of  ~10nm  diameter  [7,8].  Al,  Au  and  Ti 
diffuse  through  this  Ti-nitride  layer  without  significantly  dismpting  it  to  form  the  inclusion 
structures,  with  displaced  Ga  diffusing  in  the  opposite  direction.  The  inclusions  all  originate 
from  the  intersection  of  a  dislocation  with  the  contact/semiconductor  interface.  The  implication 
being  that  the  emergent  core  of  a  threading  dislocation  provides  a  disrupted  surface  state  that  is 
conducive  to  enhanced  reaction  with  the  metallisation  layer  during  annealing.  The  development 
of  the  inclusions  is  also  dependent  on  the  annealing  temperature  and  the  presence  of  a  minimum 
amount  of  Ti,  while  the  size  of  the  inclusions  is  dependent  on  the  thickness  of  the  pre-anneal  Ti 
layer. 
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Figure  4  -  a,b)  EFTEM  and  c,  d)  EDX  profiles  (including  Secondary  Electron,  SE  profile) 
obtained  across  regions  without  inclusions  and  with  inclusions  respectively,  from  the  GaN  (left 
of  profile)  to  contact  layer  (right  of  profile).  A  Ti-rich  interfacial  layer  is  identified  at  the 
interface  where  no  inclusions  have  formed,  while  the  inclusions  themselves  are  also  observed  to 
be  Ti-rich.  The  inclusions  are  bounded  by  a  thin  Al/Au  rich  layer.  Another  Ti-rich  layer  is  also 
observed  above  the  inclusion,  at  a  position  which  corresponds  to  the  pre-anneal  contact/nitride 
interface.  Dashed  lines  mark  the  diffusion  front  of  the  inclusion  in  a)  and  c),  and  the  position  of 
the  Ti-rich  interfacial  layer  in  all  profiles. 
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CONCLUSIONS 

Ti  or  Pd  barrier  layers  do  not  prevent  the  diffusion  of  Au  to  the  contact/semiconductor 
interface  after  high  temperature  rapid  thermal  annealing.  The  presence  of  threading  dislocations 
and  interfacial  Au  are  implicated  in  the  development  of  Ti-nitride  inclusions  observed  in  these 
contacted  samples.  The  size  of  these  inclusions  is  related  to  the  amount  of  Ti  present  in  the 
contact  scheme.  However,  it  is  the  formation  of  the  thin  Ti-nitride  interfacial  layer  rather  than  the 
inclusions  that  arc  related  to  the  onset  of  ohmic  behaviour,  with  the  subsequent  development  of 
the  inclusions  having  no  discernable  effect  on  the  resultant  contact  resistivity. 
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ABSTRACT 

We  have  studied  thermal  stability  of  Nb  and  NbN  contacts  to  GaAs  and  GaN  by  x-ray  diffraction 
and  SIMS,  and  demonstrated  their  excellent  behaviour  under  high  temperature  annealing. 
GaAs/Nb  and  GaAs/NbN  contacts  are  stable  up  to  800°C  and  900°C,  respectively  while 
GaN/NbN  and  GaN/Nb/NbN  remain  stable  up  to  1000°C. 

INTRODUCTION 

Device  technology  is  usually  driven  by  industrial  and  commercial  requirements.  This  is 
particularly  true  in  the  field  of  high  temperature  and  high  power  electronics,  where  applications 
range  from  communication  links  and  electricity  networks  to  high  power  domestic  applications. 
Consequently,  much  of  the  work  is  concerned  with  fabrication  of  power  rectifiers,  HBTs  and 
HEMTs  based  on  GaAs  and  GaN,  materials  offering  a  high  power  handling  capability.  To  ensure 
long-term  device  reliability  in  hot  environments  and  power  dissipation  at  a  high  output  power, 
additional  research  is  required  to  develop  thermally  stable  metallization  systems.  Low  melting 
point  metallizations,  commonly  used  for  low  resistivity  ohmic  contacts,  readily  react  with 
semiconductor  forming  multiphase  structures.  Resultant  grain  boundaries  and  voids  enhance 
inter-diffusion  at  the  metal-semiconductor  interface  and  initiate  device  degradation  during 
operation  at  high  temperatures.  Amorphous  thin  films,  free  from  grain  boundaries  and  nucleation 
sites,  have  been  shown  to  have  many  orders  of  magnitude  lower  diffusivities  than  their 
polycrystalline  counter-partners.  Refractory  metals  and  their  nitrides,  offering  an  exceptional 
combination  of  properties  like  low  resistivity,  high  melting  point  and  resistance  to  corrosion  [1] 
are  considered  as  good  materials  for  the  development  of  thermally  stable  ohmic  and  gate  contacts 
for  high  temperature  GaAs-  and  GaN-based  electronics.  Until  now  the  research  effort  has 
concentrated  on  nitrides  and  borides  of  Ti,  Zr,  Mo,  Ta  and  W  [2].  On  the  other  hand,  promising 
results  have  been  obtained  with  single  niobium  and  niobium  nitride  metallizations  to  GaAs  and 
GaN  [3-6].  Moreover,  niobium  being  superconductor  has  attracted  recently  a  big  deal  of 
attention  for  fabricating  superconductor/semiconductor  hybrid  structures  involving  2DEG  in 
III-V  semiconducting  heterostructures  [7,  8]. 

In  this  work  we  report  on  the  applicability  of  thin  films  of  Nb  and  NbN  for  thermally 
stable  metallizations  to  GaAs  and  GaN.  The  effect  of  high  temperature  annealing  on  the 
microstructure  of  metal/semiconductor  contact  has  been  investigated  using  secondary  ion  mass 
spectrometry  (SIMS)  and  x-ray  diffraction  (XRD)  measurements.  The  electrical  characterisation 
involved  measurements  of  I-V  characteristics  for  rectifying  contacts  and  resistivity  for  ohmic 
contacts. 
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EXPERIMENTAL  DETAILS 


Bearing  in  mind  typical  device  structures  with  heavily  doped  semiconductor  region 
adjacent  to  ohmic  contact  metallization,  the  majority  of  experiments  was  performed  on  n-type 
GaAs  epilayers  with  a  doping  concentration  of  lxlO,9cm'3  and  n-type  GaN  films  doped  to  a 
concentration  of  5xlOl8cm'3.  2  jum  thick  GaAs  films  were  MBE  grown  on  semiinsulating  GaAs 
substrate.  2  pm  thick  GaN  epilayers  were  grown  by  MOCVD  on  sapphire  substrates.  Highly 
resistive  GaAs  and  GaN  samples  have  been  used  for  the  evaluation  of  the  specific  resistance  of 
metallic  films. 

Surface  preparation  prior  to  the  deposition  of  metallization  involved  cleaning  in  hot 
organic  solvents,  plasma  ashering  and  wet  etching.  GaAs  surface  have  been  processed  in 
20  NH4OH-7  H2O2-973  H20  followed  by  1  NH4OH-IO  H20  dip.  GaN  surface  was  etched  in 
10%  (NH2)2CS  :  HC1 :  15%H202  =  20  : 1  : 1.  The  surface  cleaning  was  completed  in  the 
deposition  chamber  by  in-situ  Ar+  ion  sputter  etching  at  300  V  for  30  s. 

Thin  films  of  Nb  and  NbN  were  deposited  by  DC  magnetron  sputtering  from  Nb  target  in 
Ar  and  Ar/N2  discharge,  respectively.  Nb  layers  were  deposited  at  a  pressure  of  4.3  xlO'3  mbar 
and  power  density  of  2.5  W/cm2,  at  a  rate  0.7  nm/s.  As  for  the  fabrication  of  NbN,  the  process 
parameters  were  first  optimised  with  regard  to  the  stoichiometric  composition  of  deposited 
films.  The  following  parameters  have  been  chosen  as  the  optimum  conditions  for  the  deposition 
of  NbN  films:  power  density  5  W/cm2,  the  total  pressure  6.8  xlO'3  mbar,  and  the  ratioAr/N2  of 
1.7.  NbN  was  deposited  at  a  rate  of  0.6  nm/s.  50  nm  thick  Nb  and  NbN  films  were  used 
throughout  experiments. 

Heat  treatments  were  carried  out  in  a  rapid  thermal  annealer  (RTA),  in  flowing  N2,  at 
temperatures  in  the  range  500-1 150°C  for  30  s. 

SIMS  was  applied  to  probe  composition  profiles.  The  measurements  were  carried  out  with  a 
Cameca  6F  instrument,  using  caesium  primary  beam  and  detection  of  CsX+  secondary  cluster 
ions.  XRD  was  applied  to  determine  crystalline  phases  and  their  orientation.  The  sheet  resistance 
of  thin  films  was  measured  with  four-point-probe,  while  their  thickness  was  determined  using 
Alpha-step  depth  profiler.  The  electrical  characterisation  of  metal/semiconductor  contacts 
involved  measurements  of  their  current-voltage  characteristics  and  the  specific  contact 
resistance.  These  were  performed  prior  to  and  after  heat  treatments.  Specific  resistance  of  ohmic 
contacts  (rc)  was  determined  by  circular  transmission  line  method  (cTLM)  [9].  To  get  knowledge 
on  the  mechanism  of  carrier  transport  through  the  ohmic  contacts,  additional  measurements  of 
the  temperature  dependence  rc(T),  T  =300°  -480°K  have  been  carried  out. 

RESULTS  AND  DISCUSSION 

The  resistivity  of  50  nm  thick  Nb  and  NbN  films  is  about  130  lUcm  and  400  lUcm, 
respectively. 

Both  metallizations  form  ohmic  contacts  on  highly  doped  (n>  8xl018  cm'3)  GaAs  and 
GaN,  with  the  specific  contact  resistance  of  the  order  10‘5  Qcm2  and  10'4  Qcm2,  respectively. 

The  measurements  of  the  temperature  dependence  of  the  specific  contact  resistance  have  shown 
that,  in  the  temperature  range  T=300°  -480°K,  rc  is  temperature  independent  and  thus  give 
evidence  that  tunnelling  is  the  main  carrier  transport  responsible  for  ohmic  behavior. 
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Nb  and  NbN  Contacts  to  GaAs 


According  to  the  results  of  XRD  analysis,  as-deposited  Nb  and  NbN  films  on  GaAs  are 
amorphous.  The  influence  of  the  heat  treatment  on  composition  profiles  of  GaAs/Nb  contacts  is 
presented  in  figure  1 .  It  shows  that  the  migration  of  gallium  into  metallization  film,  being  a 
measure  of  contact  stability,  after  annealing  at  800°C  in  negligible,  which  indicates  outstanding 
thermal  stability  of  this  single  metal  system.  The  use  of  NbN  enables  to  further  improve  the 
thermal  stability.  As  the  figure  2  shows,  sharp  interface  between  GaAs  and  metallization  ,  with 
no  sign  of  Ga  outdiffiusion  after  900°C  annealing  is  preserved. 

Both  Nb  and  NbN  metallizations  remain  amorphous  after  high  temperature  annealing. 


Figure  1.  SIMS  profiles  of  GaAs/Nb  contacts:  a)  as-deposited  contact,  b)  contact  annealed  at 
800°C. 


Figure  2.  SIMS  profiles  of  GaAs/NbN  contacts:  a)  as-deposited  contact,  b)  contact  annealed  at 
900°C. 
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NbN  and  Nb/NbN  Contacts  to  GaN 


Nb  films  on  GaN  are  amorphous,  while  NbN  films  deposited  either  directly  on  GaN  or  on 
Nb  film  were  polycrystalline  and  highly  textured.  The  results  of  XRD  and  SIMS  analyses  of 
NbN  contacts  on  GaN  are  presented  in  figures  3  and  4.  They  prove  that,  in  spite  of  crystalline 
structure,  the  integrity  of  the  contact  microstructure  is  saved  up  to  annealing  temperatures  of 
1000°C.  Also  initial  layered  structure  Nb/NbN  deposited  on  GaN  remains  unaffected  under  heat 
treatment  up  to  1000°C.  The  results  of  XRD  and  SIMS  studies  of  Nb/NbN  contacts  on  GaN  are 
shown  in  figures  5  and  6. 


Figure  3.  XRD  spectra  of  GaN/NbN  contacts:  a)  as-deposited  contact,  b)  contact  annealed  at 
1000°C. 


Figure  4.  SIMS  profiles  of  GaN/NbN  contacts:  a)  as-deposited  contact,  b)  contact  annealed  at 
900°C. 
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a)  b) 


Figure  5.  XRD  spectra  of  GaN/Nb/NbN  contacts:  a)  as-deposited  contact,  b)  contact  annealed  at 
1000°C. 


Time  [  s  ] 


Figure  6.  SIMS  profiles  of  GaN/Nb/NbN  contacts:  a)  as-deposited  contact,  b)  contact  annealed 
at  900°C. 
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CONCLUSIONS 

Niobium  nitride  has  been  demonstrated  as  an  alternative  material  for  thermally  stable 
metallizations  to  GaAs  and  GaN.  Pure  niobium  films,  preserving  their  amorphous  structure  up  to 
800°C  and  1000°C  when  deposited  on  GaAs  and  GaN,  respectively,  show  higher  thermal 
stability  than  other  commonly  used  refractory  metals. 

Another  important  finding  of  this  work  is  different  thermal  behaviour  of  GaN/Nb/NbN 
contact  comparing  to  Ti/TiN  and  Zr/ZrN  contacts  on  GaN  [10,  1 1],  While  the  former  remains 
stable  under  annealing  at  1000°C,  in  both  Ti-based  and  Zr-based  contacts  interfacial  reactions 
were  observed  at  900  C  and  1000°C,  respectively. 
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ABSTRACT 

Electrical  contacts  to  both  n  and  p-type  GaN  films  have  been  investigated  using  electron-beam 
evaporated  and  sputtered  films  of  metals  such  as  Al,  Au,  Cr,  Cu,  Ni,  Pt,  and  Ti.  Films  deposited 
by  electron-beam  evaporation  for  the  n-type  films  with  doping  levels  of  1  x  1018/cm3  and  lower 
showed  rectifying  characteristics  with  all  the  metals  studied  with  the  exception  of  Al.  Aluminum 
contact  diodes  were  ohmic  in  the  as-deposited  state.  The  Pt  rectifying  contact  was  near-ideal 
with  an  ideality  factor  close  to  1 .0.  Ideality  factors  for  the  other  metals  were  much  greater  than  1 . 
This  deviation  from  thermionic  behavior  was  interpreted  as  space  charge  limited  current 
conduction  in  the  presence  of  deep-level  states.  Sputtered  films  showed  very  similar 
characteristics  to  electron-beam  deposited  films,  with  the  exception  of  Ti.  The  Ti  contact  was 
ohmic  in  the  as-deposited  state.  Non-linear  Cu  contacts  to  n-type  films  became  ohmic  on 
annealing.  However,  for  p-type  films,  Ar  ion  sputter-cleaning  prior  to  metal  deposition  by 
sputtering  created  ohmic  contacts  with  Cu  and  Pt.  Low  resistance  ohmic  contacts  were  achieved 
by  ion  implantation  and  anneal  of  Si  in  n-type  and  Mg  in  p-type  films,  prior  to  metallization.  The 
implant  parameters  and  anneal  temperatures  are  currently  being  optimized. 

INTRODUCTION 

Group  HI  nitride  based  semiconductors  have  attracted  a  considerable  amount  of  attention 
during  the  last  decade  [1-2].  Gallium  nitride  in  particular,  having  a  bandgap  of  3.39  eV  at  room 
temperature,  is  being  used  for  the  fabrication  of  optoelectronic  devices  such  as  light  emitting 
diodes,  photodetectors  and  lasers  within  the  blue  and  ultraviolet  region  of  the  spectrum. 
Promising  operation  of  GaN  MESFETs  [3]  and  AlGaN/GaN  HEMTs  [4]  and  HBTs  [5]  has  been 
reported.  Gallium  nitride  devices  are  also  expected  to  operate  at  high  temperatures,  frequencies 
and  power  levels.  Almost  all  these  devices  rely  on  rectifying  and  ohmic  metal-semiconductor 
contacts  for  their  operation.  For  the  continued  development  of  these  devices,  electrical  properties 
of  the  metal-semiconductor  contacts  need  to  be  thoroughly  understood  so  that  sufficient  degree 
of  process  control  can  be  achieved  for  obtaining  optimal  device  properties. 

In  this  present  paper,  we  report  on  the  observed  electrical  properties  of  metal-GaN 
contact  diodes  formed  by  e-beam  evaporated  and  sputtered  metal  films  on  n-and  p-type  GaN 
films.  Emphasis  was  placed  on  developing  an  understanding  of  the  current  transport  process  for 
n-type  rectifying  contacts  and  establishing  low  resistance  ohmic  contacts  for  both  n-  and  p-type 
films.  The  high  ideality  factors  obtained  for  some  of  the  rectifying  contacts  on  the  n-type  films 
indicated  that  thermionic  emission  was  probably  not  the  dominant  current  transport  mechanism, 
but  instead  it  was  likely  to  be  space  charge  limited  current  conduction  influenced  by  the  presence 
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of  deep-level  states.  Annealing  of  the  metallized  contacts  and  pre-metallization  Ar  sputter¬ 
cleaning  of  some  of  the  contacts  resulted  in  linear  current- voltage  characteristics.  For  creating 
high  surface  doping  concentrations  on  the  GaN  films,  ion  implantation  of  Si  and  Mg  were  used 
to  obtain  n  and  p-lype  films  respectively.  Measured  contact  resistivities  are  also  reported  here. 

EXPERIMENTAL  PROCEDURE 

For  this  study,  heteroepitaxial  GaN  films  on  sapphire  grown  by  molecular  beam  epitaxy 
(MBE)  were  obtained  from  SVT  Associates,  Eden  Prairie,  MN.  The  films  were  1  pm  thick  and 
grown  on  a  thin  nucleation  layer  of  AIN.  N-type  films  were  obtained  with  two  different  doping 
concentrations  of  1  x  1017  cm'3  and  1  x  10IR  cm'3.  The  p-type  film  had  a  doping  concentration  of 
1  x  10IS  cm'3.  The  heteroepitaxial  wafers  were  diced  into  5  mm  x  5mm  squares  for  individual 
experiments.  The  samples  were  cleaned  in  acetone  and  methanol  followed  by  rinsing  in  de¬ 
ionized  water,  then  a  five  minutes  buffered  oxide  etch  (BOE)  and  a  final  rinse  in  de-ionized 
water.  Silicon  dioxide  was  then  deposited  onto  the  samples  as  a  means  of  surface  passivation. 

Samples  were  photolithographically  patterned  for  lift-off  metallization  for  a  diode 
circular  dot  pattern,  for  the  study  of  rectifying  properties.  To  form  metal/GaN  contact  diodes, 
various  metals  (Al,  Au,  Cr,  Cu,  Ni,  Pt  and  Ti)  were  deposited  onto  the  GaN  surface  by  electron 
beam  evaporation  and  sputtering, 

For  creating  a  high  surface  concentrations  for  achieving  low  ohmic  contact  resistivities, 
n-type  samples  were  implanted  with  Si  and  p-type  samples  with  Mg  both  to  a  dose  of  1  x  10 15 
cm'7  with  an  implant  energy  of  35  keV.  Annealing  took  place  at  1 100  °C  in  a  N2  ambient.  The 
implanted  samples  were  patterned  for  lift-off  metallization  using  a  transfer  length  method  (TLM) 
mask  for  ohmic  contact  resistivity  measurements.  Contact  metallization  employed  was  a  bilayer 
of  Ti  (250A)/Au  (1500A)  for  the  n-type  contacts  and  Ni/Au  of  the  same  thickness  for  p-type 
contacts.  The  fabricated  contacts  were  annealed  at  550  °C  and  900  °C  in  flowing  N2  for  the  p  and 
n-type  GaN,  respectively.  Current-voltage  measurements  were  conducted  at  room  temperature 
using  an  HP4155A  Semiconductor  Parameter  Analyzer. 

RESULTS  AND  DISCUSSIONS 

Most  of  the  sputter-deposited  and  the  e-beam  evaporated  metal  contacts  to  n-type  GaN  films 
were  rectifying,  with  the  exception  of  thermally  evaporated  Al  and  sputter-deposited  Ti. 
Aluminum  and  Ti  were  ohmic  in  the  as-deposited  state.  The  ohmic  nature  of  the  Al  contact  was 
most  likely  due  to  work  function  difference  between  Al  and  GaN.  For  Ti,  probably  sputtering- 
induced  formation  of  TiN  and  associated  N  vacancies  at  the  interface  resulted  in  the  ohmic 
behavior.  The  semi-logarithmic  plots  of  the  forward  current-voltage  (I  -  V)  characteristics  for  the 
sputtered  contacts  are  shown  in  Fig.  1.  Ideality  factors  and  barrier  heights,  shown  in  Table  I, 
were  calculated  on  the  assumption  that  thermionic  emission  prevailed  in  these  contacts.  Ideality 
factors  for  the  sputtered  films,  calculated  from  the  approximately  linear  region  of  the  semi- 
logarithmic  plots,  ranged  from  1 .4  to  1 .9.  The  electron  beam  evaporated  contacts  also  showed 
high  ideality  factors,  with  the  exception  of  Pt  (Table  1 ).  The  non-ideal  behavior  of  the  contacts 
as  displayed  by  their  high  ideality  factors  suggested  that  thermionic  emission  was  probably  not 
the  dominant  transport  mechanism  in  these  diodes.  Features  pertaining  to  space  charge  limited 
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current  (SCLC)  conduction  in  the  presence  of  deep-level  states  were  observed  in  the  logarithmic 
plots  of  the  forward  characteristics,  as  shown  in  Fig.  2,  for  the  sputtered  Au  contact  diode.  These 
features  included  an  ohmic  regime  at  low  biases,  a  sharply  rising  current  regime  at  intermediate 
biases  followed  by  a  square  law  regime  at  high  biases.  The  logarithmic  plots  for  the  other 
sputtered  contact  diodes  are  shown  in  Fig.  3. 
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Fig.  1. 1-V  characteristics  of  sputtered  Pt,  Au,  Cr,  Cu  and  Ni  on  n-type  GaN. 

Table  1.  Ideality  factor  and  calculated  barrier  height  for  sputtered  and  evaporated  contacts. 


Sputtered  Contact 

Evaporated  contact 

Meta! 

n 

An^) 

n 

An  «*) 

Au 

1.8 

0.88 

1.6 

1.05 

Cr 

1.3 

0.74 

1.5 

0.99 

Cu 

1.4 

0.84 

- 

- 

Ni 

1.9 

1.20 

- 

- 

Pt 

1.8 

1.31 

1.0 

0.67 

n 

- 

- 

1.5 

0.84 

Voltage  (V) 

Fig.  2.  Logarithmic  plot  of  forward  characteristic  of  Au  contact  on  GaN 
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Fig.  3.  Logarithmic  plots  of  the  forward  characteristics  for  sputtered  Pt,  Ni,  Cu  and  Cr  contacts 
on  GaN.  These  plots  show  space  charge  limited  conduction  except  for  the  Cr  contact  which 
remained  in  the  ohmic  regime. 

Space  charge  limited  current  flow  in  wide  bandgap  semiconductors  and  insulators  have 
been  discussed  in  detail  by  Mark  and  Lampert  [6].  A  sharp  rise  in  current  occurs  at  a  voltage 
designated  as  VTFL ,  where  TFL  denotes  a  “trap-filled  limit”.  Using  a  procedure  detailed  in  Ref. 
[7],  approximate  positions  of  the  deep  level  states  in  the  forbidden  gap  and  concentrations  of 
unoccupied  states  were  determined  from  the  observed  VTFL  as  given  in  Table  2. 

Table  2.  Calculated  SCLC  conduction  parameters.  pw  is  the  hole  occupancy  of  the  traps  in  the 
active  region  of  the  diode  and  «„the  effective  carrier  concentration  in  the  active  region  of  the 
device. 


Metal 

Meas.  Temp. 
(°C) 

Vjfl 

(V) 

no 

(cm'3) 

Pto 

(cm*3) 

Deep  level 
below  Ec(eV) 

Au 

RT 

0.25 

1.38  x  JO13 

7.6  x  10l^~ 

0.35 

Cu 

RT 

0.15 

4.10  x  1013 

5.5  x  1015 

0.32 

Ni 

RT 

0.11 

2.70  x  1014 

4.9  xlO15 

0.27 

Pt 

RT 

0.67 

5.90  xlO11 

2.6  x  1016 

0.43 

For  the  simple  analysis  used  here  only  one  discrete  level  was  considered.  A  slow  rise  in  current 
observed  in  some  cases  was  considered  to  be  due  to  states  distributed  in  energy  and  at  low  biases 
the  slow  rise  may  be  an  indication  that  the  distributed  states  were  in  continuum  with  the  band 
edge  states. 


816 


The  I-V  characteristics  of  sputtered  contacts  to  p-type  GaN  were  also  investigated.  Most 
of  these  contacts  showed  highly  non-linear  behavior.  In  order  to  improve  the  as-deposited  I-V 
characteristics  of  these  contacts,  Ar  ion  sputter-cleaning  was  used  prior  to  metallization.  This 
sputter-cleaning  step  resulted  in  ohmic  contacts  for  Cu  and  Pt,  possibly  due  to  the  presence  of 
surface  states  introduced  by  sputter-induced  damage. 

Low  resistance  contacts  of  1  x  10'7  Q.cm2  were  obtained  for  TLM  structures  fabricated 
on  Si  implant-doped  GaN,  using  Ti  (250A)/Au  (1500 A)  metallization,  following  a  900  °C 
anneal.  The  implantation  energy  was  35  keV  with  a  dose  of  1  x  1015/cm2  and  annealing  of  the 
contacts  before  metallization  was  conducted  at  1 100  °C.  These  results  compare  favorably  with 
published  data  on  contact  resistivity.  Lester  et  al.  [8]  reported  a  contact  resistivity  of  1  x  10'5 
Q.cm2  for  non-alloyed  Ti  (250A)/A1  (1500A)  metallization  on  Si  implanted  GaN  after  a  1 120  °C 
implant  activation  anneal.  Lin  et  al  [9]  obtained  a  contact  resistivity  of  8  x  10*6  tlcm2  for  MBE 
grown  n-GaN  after  annealing  at  900  °C  for  30s.  For  the  p-type  Mg  implanted  samples  which 
were  annealed  at  1 100  °C  and  metallized  with  Ni  (250A)/Au  (1500A)  TLM  structures,  contact 
resistivity  of  1 .4  x  10'5  Lhcm2  was  obtained  after  a  500  °C  anneal.  Representative  plots  of  are 
shown  in  Fig.  4.  However,  the  1 100  °C  implant  anneal  is  known  to  create  N  vacancies  [10]. 
These  N  vacancies  act  as  donors  in  the  GaN  film  resulting  in  low  contact  resistivities  for  n-type 


Distance  between  pads  (cm) 


Fig.  4.  Resistance  as  a  function  of  TLM  pad  spacing  (least  square  linear  regression  plot) 

films.  This  effect  might  have  possibly  resulted  in  overcompensation  of  the  p-type  implanted 
samples,  used  in  this  study,  into  n-type  after  the  1100  °C  implant.  It  was  reported  by  Ronning  et 
al  [1 1]  that  p-type  activation  in  Mg  implanted  GaN  was  not  achieved  by  an  1 100  °C  anneal. 
However,  Kalinina  et  al  [12]  reported  successful  acceptor  activation  in  Mg  implanted  GaN  by  an 
1 100  °C  anneal.  Thus,  it  is  apparent  that  more  work  is  warranted  in  the  area  of  activation  of 
implanted  acceptors  in  GaN. 
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CONCLUSIONS 

Electrical  contacts  to  both  n  and  p-type  GaN  films  have  been  investigated  using  electron 
beam  evaporated  and  sputtered  films  of  metals  such  as  Al,  Cu,  Cr,  Au,  Ni,  Pt  and  Ti.  The 
rectifying  contacts,  with  the  exception  of  e-beam  evaporated  Pt,  were  non-ideal  and  exhibited 
ideality  factors  much  greater  than  one.  The  e-beam  evaporated  Pt  contact  diode  showed  ideal 
rectifying  characteristics.  The  non-ideal  behavior  of  the  other  metal  contacts  was  probably  due 
to  space  charge  limited  current  conduction  in  the  wide  bandgap  GaN.  The  space  charge  limited 
current  was  influenced  by  the  presence  of  deep-level  centers/traps  in  the  forbidden  energy  gap. 
These  states  appeared  to  be  located  between  0.27  eV  and  0.43  eV  below  the  conduction  band 
edge.  Platinum  contacts  showed  the  deepest  states  at  0.43  eV.  For  Cu  and  Pt  contacts  deposited 
on  Ar  ion  sputter-cleaned  p-GaN  prior  to  metallization,  the  I-V  characteristics  were  improved 
from  highly  non-linear  to  ohmic.  Low  resistance  contacts  were  obtained  for  n-type  GaN  using  Si 
ion  implantation,  anneal  and  metallization  with  a  bilayer  of  Ti/Au.  For  p-type  films.  Mg  ion 
implantation  and  a  bilayer  of  Ni/Au  were  employed.  However,  it  was  uncertain  if  activation  of 
the  implanted  Mg  was  obtained.  Further  study  needs  to  be  conducted  for  the  understanding  of 
implant  activation  of  acceptors  in  GaN. 
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ABSTRACT 

Hydrogen  removal  from  Mg-doped  GaN  is  necessary  to  activate  p-type  conductivity,  but 
the  exact  chemical  process  is  not  yet  clear.  We  have  investigated  this  issue  by  monitoring  the 
intensity  of  an  electron  paramagnetic  resonance  (EPR)  signal  attributed  to  Mg  through  a  series  of 
isochronal  and  isothermal  anneals  between  600  and  1000  °C.  Measurements  made  on  GaN:Mg 
epitaxial  layers  deposited  on  SiC  and  annealed  between  700  and  850  °C  indicate  that  the  Mg- 
related  EPR  signal  increases  with  temperature  as  expected  for  depassivation  of  a  Mg  complex  by 
removal  of  hydrogen.  However,  data  obtained  outside  this  temperature  range  suggest  that 
additional  processes  may  occur.  For  example,  as-deposited  films  contain  a  signal  resembling  the 
Mg  acceptor  that  is  quenched  by  a  650  °C  N2  anneal.  Also,  for  all  samples,  N2  annealing  at 
T>850  °C  irreversibly  decreases  the  signal  thought  to  be  due  to  Mg.  Although  the  presence  of 
the  signal  in  the  as-grown  films  is  not  fully  understood,  the  effects  observed  at  T>850  °C  may  be 
attributed  to  preferential  N-desorption  from  Mg-N-H  complexes. 


INTRODUCTION 

Several  experiments  have  shown  that  as-deposited  CVD  GaN  doped  with  Mg  is  highly 
resistive.  However,  the  conductivity  may  be  increased  to  about  l(ohm-cm)’1  by  e-beam 
irradiation  or  N2  annealing  [1].  Today,  p-type  CVD  GaN  is  produced  by  a  post-growth 
activation  anneal  at  about  800  °C  using  either  a  rapid  thermal  anneal  oven  or  a  conventional 
furnace.  The  results  of  many  experiments  suggest  that  the  observed  behavior  is  related  to  the 
passivation  of  Mg  by  hydrogen  that  is  moved  from  the  sample  during  annealing  [1-3].  For 
example,  comparisons  between  conductivity  data  and  secondary  ion  mass  spectroscopy  (SIMS) 
measurements  show  that  hydrogen  is  released  from  the  film  as  the  conductivity  increases  during 
post-deposition  annealing  [2],  Infrared  spectroscopy  measurements  are  consistent  with  the  SIMS 
results  and  suggest  that  the  acceptor  is  a  complex  of  hydrogen,  magnesium  and  nitrogen  [4,5].  In 
addition  to  these  studies,  electron  paramagnetic  magnetic  resonance  (EPR)  spectroscopy  reveals 
a  signal  in  p-type  activated  GaN:Mg  that  correlates  with  the  SIMS  measured  Mg  concentration 
[6].  Studying  a  variety  of  activated  films  grown  by  molecular  beam  epitaxy  or  chemical  vapor 
deposition,  Carlos  concludes  that  the  EPR  signal  is  related  to  the  acceptor. 
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EPR  spectroscopy  detects  changes  in  the  magnetic  dipole  orientation  of  a  dangling  bond 
at  a  defect  site  (ie.  a  ‘spin-flip’).  For  a  broad,  featureless  signal  like  the  Mg-related  one  in  GaN, 
the  defect  is  simply  characterized  by  its  g-value  measured  at  a  particular  orientation  of  the 
magnetic  field  with  respect  to  the  c-axis  of  the  sample,  ‘g’  is  obtained  from  the  resonance 
condition  B0=  hu/gpb  where  Bc  is  the  value  of  applied  magnetic  field  at  resonance,  h  is  Planck’s 
constant,  v  is  the  microwave  frequency,  and  pb  is  the  Bohr  magneton.  For  the  Mg  signal,  two 
parameters  are  sufficient  to  characterize  the  center,  gg  =  2.1  and  g-L  =  2.0  [6].  Note  that  a  signal 
is  detected  only  when  a  defect  has  an  unpaired  electron.  Since  hydrogen  is  thought  to  react  with 
the  Mg  complex  in  GaN,  it  likely  passivates  any  unpaired  electrons  at  the  acceptor  site. 
Therefore,  if  the  signal  measured  by  Carlos  is  truly  related  to  the  Mg-acceptor,  the  EPR  signature 
should  be  absent  in  as-grown  CVD  GaN:Mg  and  gradually  increase  with  annealing  temperature 
and  time  as  hydrogen  is  driven  from  the  film.  Our  results  are  consistent  with  the  latter  half  of 
this  statement.  That  is,  the  amplitude  of  a  EPR  line  at  g=2  increases  over  the  temperatures  and 
time  range  expected.  However,  prior  to  any  thermal  treatments  conducted  for  the  EPR  study,  as- 
grown  samples  reveal  a  signal  with  similar  g-value  and  line  width  as  seen  for  the  acceptor  signal 
in  p-type  activated  material.  As  is  shown  below,  the  signal  may  be  distinguished  from  that  in 
annealed  samples  by  its  thermal  stability. 


EXPERIMENTAL  DETAILS 

EPR  experiments  were  performed  on  0.7  jam-thick  Mg-doped  GaN  films  deposited  by 
organometallic  chemical  vapor  deposition  (OMCVD)  onto  the  Si-face  of  n-type  SiC  using  a  0.1 
pm  thick  AIN  buffer  layer.  Both  as-grown  films  and  ones  that  received  a  30  s  800  °C  rapid 
thermal  anneal  (RTA)  in  N2  were  studied.  The  RTA,  which  was  performed  to  induce  p-type 
conductivity,  will  be  referred  to  as  the  activation  anneal  to  distinguish  it  from  the  isothermal  and 
isochronal  heat  treatments  discussed  below.  CV  measurements  of  the  activated  samples  indicate 
a  carrier  concentration  of  2xl018  cm'3,  consistent  with  a  heavily  doped  Mg-film.  A  separate  set 
of  Gan:Mg/SiC  samples  used  for  the  isothermal  anneal  experiments  were  measured  using  two 
point-probes  on  indium  contacts.  The  resistivity  values  obtained  for  the  unactivated  epitaxial 
layers  was  greater  than  105  ohm-cm;  while  for  the  activated  films,  it  was  about  10  ohm-cm. 
Samples  were  annealed  in  99.999%  pure  N2  at  temperatures  ranging  from  600  to  1000  QC.  For 
the  isochronal  anneals,  the  same  piece  was  used  for  each  60  min  anneal;  for  the  isothermal 
experiments,  a  separate  piece  of  material  was  used  for  each  anneal  temperature.  Unintentional 
incorporation  of  H2  was  minimized  by  heating  the  samples  in  a  double-walled  quartz  furnace 
tube  with  a  moisture  level  below  1  ppm,  and  then  cooling  them  at  the  exit  end  of  the  furnace  tube 
with  N2  flowing  for  about  three  minutes  before  removal. 

Electron  paramagnetic  resonance  spectroscopy  was  performed  at  4K  with  the  c-axis  of 
the  sample  parallel  to  the  magnetic  field.  A  48  pm  thick  GaN  film  with  a  prominent  donor  line 
was  mounted  with  each  sample  to  provide  a  standard  with  which  to  monitor  potential  changes  in 
EPR  cavity  sensitivity  between  annealing  steps.  Relative  changes  in  the  defect  concentration 
was  approximated  by  monitoring  the  amplitude  of  an  EPR  resonance  at  g=2  after  each  anneal. 
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RESULTS  AND  DISCUSSION 

The  relative  amplitude  of  the  g=2  EPR  signal 
is  plotted  in  Figure  1  for  the  unactivated  (unfilled 
circles)  and  activated  (filled  squares)  GaN  samples 
heat  treated  at  temperatures  between  600  and  1000  °C 
for  60  min.  The  unactivated  samples  exhibit  a  four¬ 
fold  increase  in  signal  intensity  between  600  and  850 
°C.  (The  temperature  dependence  below  600  °C  will 
be  addressed  later.)  For  the  GaN:Mg  film  that  had 
been  subjected  to  an  RTA  prior  to  the  isochronal 
study,  the  results  fluctuate  by  no  more  than  10%  for 
temperatures  up  to  800  °C.  The  data  for  T  >700  °C 
are  consistent  with  the  expected  behavior  of  an  EPR 
signal  related  to  the  Mg  acceptor  in  GaN.  For 
instance  in  activated  films,  the  g=2  resonance  is 
observed  prior  to  heat  treatment  and  the  amplitude 
varies  only  slightly  during  the  N2  anneals  as  expected. 
Additionally,  the  temperature  range  over  which  the 
signal  intensity  increases  in  unactivated  material 
(700-850  °C)  is  the  same  as  that  typically  used  for  the  post-deposition  activation  anneal.  In  both 
type  of  samples,  the  angular  dependence  of  the  resonance  line  is  similar  to  that  reported  earlier 
for  the  signal  attributed  to  Mg  in  activated  GaN  layers  grown  on  sapphire.  Therefore,  we 
conclude  that  the  EPR  resonance  at  g=2  in  the  unactivated  material  after  annealing  at  T>750  °C 
is  the  same  as  that  seen  in  activated  material  and  that  the  signal  is  due  to  Mg-related  acceptors  as 
suggested  by  Carlos. 

At  temperature  above  850  °C,  the  intensity  of  the  EPR  line  decreases  and  subsequent 
annealing  at  lower  temperature  did  not  restore  the  signal.  Although  this  behavior  was  not 
investigated  thoroughly,  we  speculate  that  the  permanent  removal  of  the  EPR  signal  is  related  to 
desorption  of  N,  a  process  well-known  to  occur  in  GaN  [7,8].  X-ray  diffraction  measurements  of 
our  samples  did  not  indicate  any  changes  in  the  crystal  structure  of  the  film  after  the  1000  °C 
anneal.  Therefore,  it  is  likely  that  the  high  temperature  heat  treatment  preferentially  removes 
nitrogen  from  N-Mg  bonds  that  are  weakened  by  the  presence  of  the  impurity.  To  avoid 
permanently  quenching  the  Mg-signal,  only  temperatures  below  800  °C  were  used  for  future 
experiments. 

The  data  shown  in  Figure  1  indicate  the  g=2  signal  is  present  prior  to  heat  treatment  of 
unactivated  material.  The  absorption  line  also  appeared  in  the  unactivated  GaN:Mg  deposited 
separately  from  the  samples  used  to  obtained  spectra  for  Figure  1 ,  as  well  as  in  unactivated 
GaN:Mg  films  grown  on  sapphire  by  a  different  supplier.  If  the  signal  is  due  to  the  same  defect 
as  that  seen  in  activated  samples,  it  is  difficult  to  identify  it  as  the  Mg-related  acceptor  because 
the  acceptor  EPR  signal  should  be  passivated  by  H  in  as-deposited  CVD  GaN  layers.  To  address 
the  identity  of  the  g=2  resonance  initially  present  in  as-grown  material  isothermal  anneals  were 
performed  at  five  different  temperatures  on  both  unactivated  and  activated  GaN.  Spectra 
obtained  at  selected  times  during  the  750  °C  anneal  of  the  unactivated  film  are  shown  in 


Figure  1.  Relative  intensity  of  the 
g=2  EPR  signal  during  60  min 
anneals  of  unactivated  (o)  and 
activated  (■)  GaN:Mg/SiC.  The  lines 
are  meant  as  a  guide  to  the  eye. 
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Figure  2.  The  dashed  line  locates  the  position  of  the 
g=2  resonance.  All  other  signals  in  the  scans  are  due 
the  n-type  GaN  standard  sample  used  for  calibration, 
the  sapphire  substrate  of  the  standard,  and  the  SiC 
substrate.  The  data  in  Figure  3a  show  the  relative 
amplitude  of  the  signal  at  g=2  measured  during  the 
initial  20  min  of  the  600  °C  and  750  °C  heat  treatments. 
The  initial  decrease  seen  in  Figures  2a-b  and  3a 
distinguishes  the  g=2  signal  observed  prior  to  any  heat 
treatment  from  that  observed  in  the  samples  that 
received  a  800  °C  RTA.  As  shown  in  Figure  3b,  the 
signal  intensity  in  the  activated  GaN:Mg  material  does 
not  decrease  initially.  Apparently,  the  defect  observed 
in  the  as-grown  material  is  less  stable  than  the  Mg- 
complex  associated  with  the  g=2  resonance  in  activated 
samples.  It  should  be  noted  here,  however,  that 
preliminary  isothermal  annealing  data  of  unactivated 
Mg-doped  GaN  grown  on  sapphire  do  not  exhibit  this 
initial  decrease  indicating  that  the  thermally  induced 
behavior  depends  critically  on  growth  conditions 
Magnetic  Field  (Gauss)  and/or  substrate  material.  Clearly,  the  identity  of  this 

Figure  2.  EPR  spectra  of  defect  needs  to  be  determined  and,  more  importantly, 

unactivated  GaN:Mg/SiC  measured  its  affect  on  the  carrier  density  should  be  investigated, 
prior  to  annealing  (a)  and  after  0.5  Based  on  the  similarity  of  the  g  value  and  line  width 

(b),  6.5  (c),  16.5  min  (d)  N2  anneals  with  those  in  activated  samples,  the  moiety  is  likely 

at  650  °C.  Dashed  line  indicates  the  similar  to  the  Mg  acceptor.  The  initial  heat 

position  of  the  g=2  signal.  treatments  may  quench  the  EPR  signal  by  inducing  a 

structural  reorientation;  this  may  even  be  necessary  in 
some  films  to  create  favorable  kinetics  for  hydrogen  depassivation. 

After  decreasing,  the  amplitude  of  the  g=2  EPR  signal  present  in  the  as-grown 
unactivated  epi-layers  increases  in  a  manner  consistent  with  the  removal  of  hydrogen 
from  Mg-acceptor  sites  saturated  with  H  (Fig.  3a  and  insert),  as  deduced  from  the  isochronal 
experiments  discussed  earlier.  Although  a  detailed  kinetic  study  is  not  yet  completed,  the 
dependence  of  the  signal  intensity  on  both  temperature  and  time  is  suggestive  of  an  activated 
process.  For  example,  at  600  °C  the  maximum  amplitude  of  the  EPR  signal  is  achieved  for  times 
greater  than  100  min;  while  at  750  °C,  only  10  min  is  required  to  reach  the  maximum  intensity. 
The  activated  samples  also  exhibit  an  increase  with  time  and  temperature;  however  the 
dependence  differs  from  that  seen  in  unactivated  samples  and  may  be  related  to  the  removal  of 
hydrogen  from  complexes  remaining  after  the  RTA  treatment.  That  the  data  seen  in  Figure  3b 
represent  the  completion  of  a  process  initiated  by  a  prior  treatment  is  supported  by  the  short  time 
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Figure  3.  Relative  amplitude  of  g=2  EPR  signal  measured  in  unactivated  (a)  and  activated 
(b)  GaN:Mg/SiC  during  isothermal  anneals  at  600  °C  (•)  and  750  °C  (□).  The  lines  are 
meant  as  a  puide  to  the  eve. 


(~  10  min)  necessary  to  reach  the  maximum  value  at  each  temperature.  Continued  depassivation 
in  the  activated  GaN  films  may  not  be  surprising  given  the  differences  in  temperatures  and  times 
between  the  rapid  thermal  anneal  process  and  that  used  for  the  isothermal  heat  treatments 

In  summary,  EPR  measurements  of  as-deposited  GaN:Mg/SiC  reveal  the  presence  of  a 
resonance  at  g~2  with  a  linewidth  of  about  100  G.  The  intensity  dependence  on  temperature 
may  be  divided  into  three  regions:  1)  between  room  temperature  and  700  °C,  the  intensity 
decreases;  2)  For  700<T<850  °C,  the  amplitude  increases;  3)  T>850  °C,  the  signal  intensity 
decreases  below  the  detection  limit  and  cannot  be  revived  by  subsequent  lower  temperature 
anneals.  The  increase  observed  during  region  2  occurs  over  a  temperature  range  typically  used 
for  removal  of  hydrogen  from  the  film  and  activation  of  p-type  conductivity.  Therefore,  the  g=2 
resonance  that  appears  after  the  as-grown  signal  is  minimized  is  likely  due  to  the  Mg-related 
acceptor  complex  as  has  been  suggested  earlier  for  activated  samples  [6].  The  time  dependence 
observed  during  isothermal  annealing  and  the  similarity  of  the  EPR  parameters  with  those 
reported  for  the  signal  previously  assigned  to  Mg  are  consistent  with  this  assignment.  The 
behavior  of  the  g=2  resonance  in  region  three  (T>850  °C)  is  also  consistent  with  identification  as 
the  p-type  acceptor.  The  permanent  quenching  of  the  signal  is  most  likely  related  to  preferential 
removal  of  nitrogen  from  the  Mg-acceptor  complex.  Finally,  the  presence  of  the  g=2  EPR  line 
prior  to  any  thermal  treatment  in  unactivated  material  appears  to  contradict  the  association  of  this 
resonance  with  p-type  conductivity.  However,  we  speculate  that  the  defect  differs  only  slightly 
from  that  observed  in  activated  material,  and  that  the  low  temperature  anneal  reorients  the 
complex  such  that  effective  H-depassivation  and  p-type  conduction  may  occur  at  higher 
temperatures. 
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ABSTRACT 

We  have  investigated  the  formation  of  inversion  domain  boundaries  in  Alo.13Gao.R7N  layers 
grown  on  sapphire  substrates  by  metalorganic  chemical  vapor  deposition  using  transmission 
electron  microscopy.  By  increasing  the  Mg  source  flow  rate,  the  reduction  of  dislocation  density 
occurred  up  to  the  Mg  source  flow  rate  of  0.103  jimol/min.  While  the  vertical  type  inversion 
domain  boundaries  (IDBs)  were  observed  in  the  Alo.13Gao.87N  layers  grown  with  the  low  Mg 
source  flow  rate,  the  IDBs  in  the  Alo.13Gao.87N  layers  grown  with  the  high  Mg  source  flow  rate 
have  horizontally  multifaceted  shapes.  The  change  of  polarity  by  the  IDBs  of  horizontal  type 
also  resulted  in  the  180°  rotation  of  pyramidal  defects  within  the  same  AIGaN  layer.  Therefore, 
We  found  that  the  Mg  source  flow  rate  affects  significantly  the  dislocation  density,  the  type  of 
IDBs,  and  the  shape  of  pyramidal  defects  in  AIGaN  layers. 

INTRODUCTION 

For  good  photon  and  current  confinement  of  GaN  based  devices,  a  low  aluminum  (Al) 
composition  AIGaN  cladding  layer  is  used  in  the  actual  InGaN/GaN  multiple  quantum  well 
(MQW)  light  emitting  diode  (LED)  and  laser  diode  (LD)  structures  [3].  Also,  AIGaN  layers  as 
the  first  layer  grown  on  sapphire  substrates  without  underlying  GaN  layers,  which  can  avoid  the 
generation  of  cracks,  can  be  applied  as  wide-bandgap  windows  and  buffer  layers  in  AlGaN/GaN 
optoelectronic  devices  [1],  Planar  defects  such  as  stacking  fault,  inversion  domain  boundary 
(IDB),  and  stacking  mismatch  boundary  are  observed  in  GaN  layers  grown  on  sapphires,  in 
addition  to  threading  dislocations  [2].  Two  typical  types  of  IDBs  have  been  observed  in  GaN 
layers  and  AlGaN/GaN  superlattice  structures  grown  on  sapphire  substrates  [3-5].  The  polarity  of 
films  is  inverted  at  these  domains.  It  has  been  reported  that  the  control  of  the  polarity  greatly 
affects  the  optical  and  structural  properties  of  LED  and  LD  devices  [6].  In  this  work,  we 
observed  the  shape  of  IDBs  in  Mg-doped  Alo.13Gao.g7N  layers  using  TEM. 
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EXPERIMENTAL  DETAILS 


Alo.13Gao.87N  layers  were  grown  on  c-plane  sapphire  substrates  in  a  low-pressure  MOCVD 
reactor.  Trimethylgallium,  trimethylaluminum,  ammonia,  silane  (SiRO,  and  biscyclopentadienyl- 
magnesium  (Cp2Mg)  were  used  as  the  source  materials  for  Ga,  Al,  N,  Si,  and  Mg,  respectively. 
The  Alo.13Gao.87N  layers  were  grown  at  1 100  °C  after  growing  the  GaN  nucleation  layers  of 
about  25  nm  thickness  at  560  °C  under  the  same  growth  conditions  except  for  the  dopant  flow 
rate.  The  Cp2Mg  flow  rate  in  Alo.13Gao.R7N  layers  were  changed  from  0  pmol/min  (undoped)  to 
3.172  pmol/min,  respectively. 

In  order  to  characterize  the  IDB  formation  in  Alo.13Gao.87N  layers,  TEM  specimens  were 
prepared  in  cross  section  along  [1120]  zone  axis  using  Tripod  mechanical  polishing.  Bright-field 
(BF)  images  and  high-resolution  TEM  (HRTEM)  images  were  recorded  on  a  JEOL  2000  EX 
microscope  at  200  kV. 

DISCUSSION 

Figure  1  shows  the  cross-sectional  bright  field  TEM  micrographs  from  the  undoped,  Si,  and 
Mg-doped  Alo.13Gao.87N  layers  grown  on  sapphire  substrate.  As  shown  in  figures  1(a)  and  (b),  no 
IDB  was  observed  in  undoped  and  Si-doped  Alo.13Gao.87N  layers.  However,  IDBs  are  observed  in 


Figure  1 .  Cross-sectional  bright-field  TEM  images  using  g  =  0002  two  beam  of  the  (a)  undoped, 
(b)  Si-doped,  and  (c)  Mg-doped  (Cp2Mg  flow  rate  of  0.103  fimol/min)  Alo.13Gao.87N  layers 
grown  on  sapphire  substrates,  (d)  High-resolution  TEM  image  of  the  IDB  observed  in  Mg-doped 
Alo.13Gao.87N  layer. 
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samples  with  the  Cp2Mg  flow  rate  of  0.103  pmol/min.  Black  arrows  in  figure  1(c)  indicate 
vertical  shape  IDBs  which  originate  in  the  GaN  nucleation  layer  and  pass  the  whole  Mg-doped 
AlGaN  layer.  As  shown  in  figure  1  (d),  the  faceted  step  on  the  surface  is  the  top  region  of 
inversion  domain  in  the  Alo.13Gao.87N  layers.  In  the  <1 120  >  projection,  the  facet  angle  is  nearly 
52°  with  respect  to  the  basal  plane,  which  corresponds  to  the  {  2023  }  planes.  The  faceted  steps 
on  the  inversion  domain  resulted  from  the  slow  growth  rate  within  inversion  domains  (N- 
polarity)  compared  to  matrix  (Ga-polarity)  around  them  [3].  The  exposure  of  Mg  in  the  (0001) 
surface  can  cause  an  inversion  of  polarity  from  Ga-polarity  to  N-polarity  due  to  the  formation  of 
stable  phases  such  as  Mg3N2,  [4,5]  as  reported  by  Ramachandra  et  al.  [5].  Since  all  samples  were 
grown  under  the  same  growth  conditions  except  doping  elements,  therefore,  the  formation  of 
vertical  shape  IDBs  in  the  Cp2Mg  flow  rate  of  0.103  pmol/min  can  probably  be  explained  by  the 
inversion  of  polarity  in  very  small  Mg-rich  regions.  An  IDB  may  form  if,  for  a  Mg  concentration 
above  a  certain  threshold,  it  is  energetically  favorable  to  form  a  N-polarity  surface  atom  instead 
of  a  Ga-polarity  surface,  which  induces  the  formation  of  a  vertical  shape  IDB. 

For  the  high  Cp2Mg  flow  rates  (more  than  0.397  (Xmol/min),  in  contrast,  the  different  shapes  of 
IDBs  are  observed  in  Alo.13Gao.87N  layers.  Bright  field  TEM  images  of  Alo.13Gao.s7N  layers  with 
the  high  Cp2Mg  flow  rates  of  1.031  and  3.172  |imol/min  are  shown  in  figures  2(a)  and  (b), 
respectively.  The  nearly  horizontal  shape  IDBs  are  clearly  visible,  as  indicated  by  the  white 
arrows.  High  magnification  TEM  images  [figures  2(c)  and  (d)]  of  the  IDBs  of  horizontal  shape 
show  multifaceted  boundaries  and  no  stacking  faults  around  IDB.  The  facet  angle  ranges  from 


Figure  2.  Cross-sectional  bright-field  TEM  images  using  g  =  0002  two  beam  of  samples  grown 
with  the  Cp2Mg  flow  rate  of  (a)  1.031  pmol/min  and  (b)  3.172  pmol/min.  (c)  High  magnification 
image  and  (d)  high  resolution  TEM  image  of  the  horizontal  shape  IDB  of  the  samples  grown 
with  the  Cp2Mg  flow  rate  of  1.031  (imol/min.  The  magnified  areas  of  figures  4(c)  and  (d)  are 
indicated  as  dashed  rectangles  in  figures.  4(a)  and  (c),  respectively. 
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Figure  3.  (a)  Cross-sectional  bright-field  TEM  image  of  the  horizontal  shape  IDB  of  the  sample 
grown  with  the  Cp2Mg  flow  rate  of  1.031  pmol/min.  (b)  and  (c)  high  resolution  TEM  images 
showing  pyramidal  shape  IDBs  with  180°  rotation. 

45°  to  50°  with  respect  to  the  basal  plane,  which  is  consistent  with  the  result  of  Romano  et  al.  for 
GaN  layers  grown  by  MBE  on  Ga-polarity  (0001)  templates  [4],  Interestingly,  the  position  of  the 
horizontal  shape  IDB  shifts  to  Alo.13Gau.87N/sapphire  substrate  interface  by  increasing  the  Cp2Mg 
flow  rates. 

It  has  been  observed  that  the  shape  of  pyramidal  defects  having  inclined  {1123}  facets  is  very 
dependent  on  the  polarity  of  film  in  Mg-doped  GaN  layers,  that  is,  the  tip  of  the  pyramids  always 
points  toward  the  [OOOT  ]  direction  [7],  For  Ga-polarity  matrix,  therefore,  pyramidal  defects 
show  the  N-polarity  and  the  inverted  pyramidal  shape.  We  call  them  “pyramidal  shape  IDBs”.  It 
is  commonly  accepted  that  Ga-polarity  GaN  films  are  usually  obtained  by  MOCVD  growth  [8], 
which  agrees  well  with  our  results.  Figure  3  is  the  magnified  TEM  image  of  a  sample  with  the 
Cp2Mg  flow  rate  of  1.031  pmol/min.  Pyramidal  shape  IDBs  have  an  inverted  shape  in  the 
HRTEM  images  shown  above  [Figure  3(b)]  and  below  [Figure  3(c)]  the  horizontal  shape  IDB, 
indicating  that  the  change  of  polarity  from  Ga-polarity  to  N-polarity  in  the  high  Mg-doped 
AIGaN  layers  induces  the  reverse  shape  of  pyramidal  shape  IDBs  within  the  same  film. 

The  growth  of  Ill-Nitride  films  under  Ga-polarity  has  resulted  in  improved  structural, 
electrical,  and  optical  properties  with  smoother  surface  morphologies  when  compared  to  N- 
polarity  growth  [6].  Therefore,  the  control  of  polarity  during  the  growth  of  Mg-doped  AIGaN 
layers  is  very  important  in  the  case  of  high  concentration  Mg  doping. 
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CONCLUSIONS 


The  vertical,  horizontal,  pyramidal  shape  IDBs  are  observed  depending  on  Mg  source  flow 
rate.  While  the  vertical  shape  IDBs  were  observed  in  the  Alo.13Gao.s7N  layers  grown  with  the  low 
Mg  source  flow  rate,  the  IDBs  in  the  Alo.13Gao.s7N  layers  grown  with  the  high  Mg  source  flow 
rate  have  horizontal  shape.  The  change  of  polarity  by  the  IDBs  of  horizontal  shape  also  resulted 
in  the  180°  rotation  of  pyramidal  defects  within  the  same  AlGaN  layer. 
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ABSTRACT 

Gold,  palladium,  platinum  or  nickel  ohmic  contacts  on  Mg  doped  p-type  A1xGa|.xN  with 
x  =  0.4  and  x  =  0.45  have  been  examined.  The  Au  contact  provided  the  lowest  contact  resistivity 
with  pc  =  1.8  (±  1.1)  x  10'3  Qcm2,  but  only  following  annealing  at  850QC.  For  the  Pd,  Au,  and  Pt 
contacts  annealed  at  greater  than  700-C,  a  rapid  degradation  in  the  current-voltage  curves  was 
observed  upon  testing.  The  degradation  was  induced  by  exposure  to  sub-bandgap  light  and  was 
reversed  with  a  mild  anneal  at  500QC.  Possible  mechanisms  for  the  degradation  are  discussed. 

INTRODUCTION 

Efficient  optoelectronic  devices  based  on  GaN  and  its  related  Di-nitride  alloys  (InGaN 
and  AlGaN)  that  emit  from  the  green  to  the  near  ultraviolet  (UV)  have  been  successfully 
developed  [1].  Interest  is  growing  to  extend  the  range  of  light  emission  of  these  devices  deeper 
into  the  UV  by  incorporating  more  Al-rich  AlxGai.xN  compositions.  Historically,  one  limitation 
of  GaN-based  light  emitters  has  been  the  ohmic  contact  to  the  p-GaN  terminal  for  hole  injection 
[2].  The  most  common  approach  thus  far  for  AlGaN-based  UV  devices  has  been  to  employ  a 
thin  capping  layer  of  the  lower  bandgap  p-GaN  on  the  p- AlGaN  active  layer  to  facilitate  the 
formation  of  an  ohmic  contact.  However,  little  work  has  been  reported  on  contacts  made  directly 
to  p- type  AlGaN. 

There  have  been  no  reports  of  ohmic  contacts  to  p-AlxGai-xN  near  the  compositions 
studied  in  this  investigation  (x  =  0.4  and  0.45).  There  have  been  reports  of  ohmic  contacts  to 
much  lower  A1  fractions  of  x  =  0.06  [3]  and  x  =  0.15  [4]  or  contacts  to  p-GaN/AlxGaj.xN 
superlattices  with  x  =  0.1  or  0.2  [5,6].  In  this  investigation,  we  examine  the  electrical  properties 
of  Au,  Pd,  Pt,  and  Ni  single  layer  contacts  to  high  A1  fraction  Mg  doped  p- type  AlxGai.xN  (x  = 
0.4  and  0.45).  We  have  employed  single  layer  contacts  rather  than  the  more  typical  bi-  or  tri¬ 
layer  contacts  for  two  reasons:  a)  there  have  been  no  previous  investigations  of  contacts  to  this 
AlxGai_xN  composition  for  comparison,  and  b)  the  severe  annealing  conditions  required  (T  > 
800-C)  would  complicate  interfacial  reaction  analysis  due  to  significant  interdiffusion  between 
the  metals  of  multilayer  contacts. 

EXPERIMENTAL  PROCEDURE 

Two  separate  epitaxial  layers  of  Mg  doped  AlxGai_xN  with  x  =  0.4  and  x  =  0.45  were 
grown  by  metalorganic  chemical  vapor  deposition  on  sapphire  substrates.  The  layer  thicknesses 
were  170  nm  and  125  nm  for  the  p-Al0.4Gao.6N  and  the  p-Alo.45Gao.55N,  respectively.  The  same 
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growth  process  employed  for  growing  the p-Alo.45Gao.55N  epitaxial  layer  in  this  investigation  was 
also  employed  for  growing  the  p-type  layer  in  a  p-i-n  structure.  After  activation,  capacitance- 
voltage  (C-V)  measurements  on  a  series  of  p-i-n  mesas  of  varying  area  were  employed  to 
confirm  p- type  conductivity.  The  capacitance  per  unit  area  of  each  mesa  remained  constant 
regardless  of  the  metallization  area,  indicating  that  the  measured  capacitance  was  that  of  a  p-n 
junction,  which  confirmed  the  p- type  conductivity  of  the  Mg-doped  Alo.45Gao.55N.  Further 
details  are  provided  in  ref.  7.  No  such  experiments  were  performed  on  the p-Alo.4Gao.6N  layer, 
but  the  behavior  of  the  contacts  to  this  materia!  was  identical  to  that  of  the  contacts  top- 
Alo.45Gao.55N 

Circular  transfer  length  method  (CTLM)  contact  patterns  were  formed  on  each  sample 
employing  either  lift-off  (Pt  contacts)  or  etch-back  (Au,  Ni,  and  Pd)  processing.  Etch-back 
processing  was  preferred  due  to  metal  adhesion  problems  encountered  during  lift-off  processing. 
Prior  to  contact  processing,  each  cleaved  sample  was  activated  for  10  min  at  850QC  in  flowing 
N2.  The  samples  were  then  treated  for  5  min  each  in  ultrasonically  agitated  acetone  and 
methanol,  followed  with  a  deionized  (DI)  water  rinse.  The  Pt  contact  samples  were  then 
patterned  with  photolithography  prior  to  final  chemical  surface  treatment  for  5  min  in  10%  HC1 
solution,  with  a  final  rinse  in  DI  water.  The  Au,  Ni,  and  Pd  contact  samples  were  treated  in  the 
HC1  solution  directly  following  organic  solvent  treatment.  The  samples  were  then  loaded  into  a 
deposition  chamber  that  was  evacuated  to  a  base  pressure  of  approximately  2x10  Torr  for 
subsequent  metal  deposition  via  electron  beam  evaporation  of  either  25  nm  of  Pt  or  100  nm  of 
Au,  Ni,  or  Pd.  Following  deposition,  the  contact  patterns  were  completed  either  by  lift-off 
processing  in  acetone  (Pt  contacts)  or  by  patterning  the  metal  film  (Au,  Ni,  and  Pd  contacts)  by 
photolithography  followed  by  a  chemical  etch  in  aqua  regia  solution  (3  HC1:1  HNO3).  The 
CTLM  pattern  consisted  of  four  sets  of  contacts  with  a  series  of  six  different  contact  gaps, 
ranging  from  4  to  50  jam. 

Following  sample  preparation,  current-voltage  (I-V)  and  CTLM  measurements  were 
conducted  utilizing  a  four  probe  current  sweep  on  all  samples  in  both  the  as-deposited  condition 
and  following  each  annealing  step.  Cumulative  anneals  were  conducted  in  flowing  N2  for  2  min 
at  each  temperature,  beginning  at  300”C  and  continuing  to  900QC,  in  a  rapid  thermal  annealing 
(RTA)  furnace.  The  contact  resistivity  (pc)  was  extracted  from  the  CTLM  measurements, 
generally  based  on  the  voltage  at  a  current  of  10  pA.  Following  annealing  at  temperatures 
greater  than  700°C  for  Au,  Pd,  and  Pt  contact  samples,  CTLM  measurements  were  based  solely 
on  the  4  pm  and  50  pm  gap  contacts,  as  explained  in  the  Results  section.  All  I-V  measurements 
were  conducted  under  sub-bandgap  white  tungsten  halogen  illumination  with  a  minimum 
wavelength  Xmi„  *  325  nm  (Einax  ~  3.8  eV). 

RESULTS  AND  DISCUSSION 

Following  annealing  at  temperatures  greater  than  700-C,  the  resistance  of  the  Au,  Pd,  and 
Pt  contacts  increased  rapidly  after  I-V  probing  commenced.  Figure  1  shows  a  sequence  of  I-V 
curves  for  Pd  contacts  to  p-Alo.45Gao.55N  that  were  measured  following  an  8009C  anneal  over  a 
time  frame  from  zero  to  1 20  min  after  annealing.  The  resistance  of  each  I-V  curve  was 
calculated  from  Ohm’s  law,  R  =  V/I,  employing  the  voltage  measured  across  a  pair  of  contacts  at 
a  current  of  10  pA,  and  is  hereafter  referred  to  as  total  resistance.  This  total  resistance  includes 
the  resistance  of  a  pair  of  contacts  as  well  as  the  resistance  due  to  the  epitaxial  layer  between 
them.  The  inset  of  Fig.  1  shows  the  sequence  of  I-V  curves  plotted  as  total  resistance  vs.  time, 


834 


Time  (minutes) 


Figure  1.  Time  sequence  of  I-V  curves 
for  Pd  contacts  to  p-Alo.45Gao.55N  with  a 
4  (im  gap  following  an  80(FC  anneal. 
Zero  minutes  represents  first  probing 
after  annealing.  Inset  shows  plot  of 
total  resistance  vs.  time. 


which  can  be  approximated  by  a  simple  exponential  growth  model  with  a  time  constant  on  the 
order  of  a  few  minutes.  The  non-degraded  I-V  curves  obtained  immediately  following  the  initial 
high  temperature  anneal  were  recovered  following  a  moderate  anneal  of  500°C  -  well  below  the 
800-C  annealing  temperature  initially  employed  to  achieve  the  low  resistance.  Following  a 
reversal  anneal,  however,  the  degradation  sequence  repeated  itself  with  approximately  the  same 
magnitude  and  rate. 

CTLM  measurements  of  the  Au,  Pt,  and  Pd  samples  after  degradation  indicated  that  both 
pc  of  the  contacts  as  well  as  the  sheet  resistance  (ps)  of  the  p-AJGaN  epitaxial  layer  itself  suffered 
this  considerable  degradation.  In  fact,  linear  four  point  probe  measurements  conducted  directly 
on  the  AlGaN  epitaxial  layers  showed  a  ps  increase  of  nearly  two  orders  of  magnitude  over  90 
minutes  following  an  anneal  at  850SC.  Degradation  was  observed  on  both  of  the  A1xGai-xN 
epitaxial  layers  utilized  in  this  study  (x  =  0.4  and  x  =  0.45),  which  were  grown  in  separate 
reactors  by  two  separate  investigators  in  this  research. 

A  plot  of  pc  vs.  the  annealing  temperature  for  all  contacts  to p-Alo.45Gao.55N  is  shown  in 
Fig.  2,  which  also  shows  pc  of  the  degraded  Au,  Pd,  and  Pt  contacts  that  were  annealed  at  greater 
than  700eC.  In  the  as-deposited  condition,  moderate  pc  was  obtained  and  ranged  from  4.8  (+  0.5) 
Qcm2  for  the  Pt  contacts  to  54  (±  6)  Qcm2  for  the  Ni  contacts.  No  significant  changes  were 
observed  with  annealing  up  to  about  400"C.  With  further  annealing  at  temperatures  from  400  or 
5009C  to  650  or  700?C,  the  Au,  Ni,  and  Pd  contacts  became  highly  resistive  and  rectifying  with 
currents  on  the  order  of  10  nA  at  voltages  from  1  to  20V.  It  was  impossible  to  extract  pc  from 
such  samples,  so  a  value  in  excess  of  1000  Qcm2  is  plotted  in  Fig.  2.  With  further  annealing  in 
excess  of  7009C,  pc  recovered  for  all  samples  to  at  least  that  of  the  as-deposited  contacts.  For 
Au,  Pd,  and  Pt  contacts,  however,  with  annealing  up  to  850-C,  pK  dropped  significantly,  reaching 
a  minimum  of  1.8  (±  1.1)  x  10‘3  Qcm2  for  Au  contacts  annealed  at  850eC. 

The  open  symbols  in  Fig.  2  show  pc  of  the  Au,  Pd,  and  Pt  contacts  following  degradation. 
All  contacts  degraded  to  within  a  range  of  8  to  30  Qcm2,  regardless  of  the  pc  of  each  of  these 
contacts  prior  to  degradation.  Furthermore,  the  Ni  contacts  never  exhibited  pc  lower  than  this 
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Figure  2.  Contact  resistivity  as  a 
function  of  cumulative  anneal 
temperature  for  nickel,  gold, 
palladium,  and  platinum  contacts 
to  p-Alo.45Gao.55N,  showing  the 
contacts  before  (closed  symbols) 
and  after  (open  symbols) 
degradation. 


range,  even  prior  to  aging,  and  consequently  never  showed  any  measurable  degradation.  The 
rapid  degradation  observed  for  the  Au,  Pd,  and  Pt  contacts  annealed  at  greater  than  700  C 
precludes  the  use  of  all  four  sets  of  six  contacts  during  CTLM  measurements.  Therefore,  the  pc 
values  shown  in  Fig.  2  for  these  contacts  prior  to  degradation  were  based  solely  on  a  single  4  pm 
and  50  pm  contact.  At  the  higher  annealing  temperatures,  the  25  nm  thick  Pt  contacts  showed  a 
very  large  disparity  in  uniformity  across  the  sample  and  could  not  be  accurately  measured  prior 
to  degradation. 

A  series  of  experiments  were  performed  to  determine  the  cause  of  the  increase  in 
resistance.  A  sample  consisting  of  Pd  contacts  on  p-Alo.45Gao.55N  that  had  been  annealed  at 
800-C  was  employed,  and  the  degradation  of  a  pair  of  contacts  with  a  4  pm  gap  was  investigated. 
Following  each  period  of  degradation,  the  sample  was  annealed  at  5009C  to  revert  the  sample  to 
its  minimum  resistance.  The  I-V  curves  of  the  contact  were  measured  (under  tungsten  halogen 
illumination)  either  immediately  following  the  reversal  anneal,  after  storage  in  the  dark  for  30 
min  following  annealing,  or  after  being  held  under  tungsten  halogen  illumination  for  30  min 
following  annealing  and  prior  to  testing.  These  three  test  sequences,  plotted  as  total  resistance 
vs.  time  after  annealing,  are  shown  in  Fig.  3,  from  which  we  can  conclude  that  the  increase  in 
resistance  was  induced  by  the  exposure  to  sub-bandgap  illumination  (Eg  ~  4.4  eV).  The 
illuminated  storage  sequence  indicated  that  degradation  was  not  caused  by  biasing  the  sample. 
Red  filtration  of  the  illumination  was  also  employed,  with  no  measurable  changes  to  the 
degradation  sequence.  Thus  the  degradation  appears  to  be  induced  by  photons  of  less  than 
approximately  1 .9  eV  (the  maximum  energy  of  transmission  of  the  red  filter  employed).  In  order 
to  eliminate  environmental  effects  as  the  cause  of  degradation,  dark  storage  was  employed  in 
either  flowing  N2  or  open  to  laboratory  air.  No  measurable  differences  between  the  dark  N2 
storage  and  dark  air  storage  were  observed,  so  environmental  effects  appear  to  be  insignificant. 

The  optically  induced  degradation  of  the  p-AlGaN  with  sub-bandgap  illumination,  along 
with  the  thermal  excitation  that  reverses  the  degradation,  suggests  that  one  or  more  optically 
excited  metastable  deep  levels  are  responsible.  Optically  excited  deep  levels  located  within  the 
bandgap  have  been  attributed  to  a  variety  of  phenomena  in  AlxGa[.xN  alloys.  Persistent 
photoconductivity  (PPC)  in  both  n-  and  p-GaN  in  particular  has  received  a  great  deal  of  attention 
[8,9].  The  degradation  that  we  observe  resembles  an  inverse  PPC,  whereby  thep-AlGaN 
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Figure  3.  Total  resistance  vs.  time  for 
Pd  contacts  to  p-Alo.45Gao.55N  with  a  4 
|im  gap.  Contact  initially  annealed  at 
800°C,  with  500eC  reversal  anneal 
between  each  degradation  sequence. 
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conductivity  decreases  with  optical  exposure  and  is  reversed  with  thermal  processing.  The 
degraded  state  in  this  experiment  seems  to  persist  indefinitely  at  room  temperature,  however, 
even  with  the  removal  of  illumination. 

The  DX  center,  well  described  for  AIGaAs  alloys  [10],  is  one  type  of  deep  level  that  may 
account  for  the  observed  degradation.  In  GaN,  oxygen  that  has  been  unintentionally 
incorporated  into  the  lattice  acts  as  a  shallow  donor  [11],  but  is  theorized  to  undergo  a  transition 
to  a  deep  DX-like  state  in  AlxGai-xN  for  compositions  with  x  greater  than  0.2  [12]  to  0.4  [13]. 
The  DX  center  is  photoexcited  to  a  shallow  donor  state  and  reverts  to  its  deep  level  with  the 
application  of  thermal  energy,  and  it  has  been  suggested  that  oxygen  DX  centers  are  responsible 
for  PPC  in  n-Alo.39Gao.6iN  at  temperatures  below  150K  [14].  If  present  in  p-type  AlxGai_xN,  an 
excited  DX  center  would  compensate  Mg  acceptors,  thus  decreasing  the  carrier  concentration 
and  conductivity.  However,  we  have  been  unable  to  distinguish  between  surface  and  bulk 
conduction  thus  far  in  this  investigation.  The  charging  of  surface  states  has  recently  been  shown 
to  result  in  drain  current  collapse  within  AlGaN/GaN  HFETs,  which  is  induced  by  deep  biasing 
and  is  reversed  with  mild  thermal  anneals  and  optical  excitation  [15,16].  A  related  surface 
conduction  phenomenon  might  account  for  the  observed  degradation  in  the  present  investigation. 
Another  possible  mechanism  for  degradation  arises  from  residual  H  within  activated  Mg-doped 
AlxGai.xN.  The  role  of  H  in  Mg-doped  GaN  and  the  thermal  dissociation  of  Mg:H  complexes  to 
activate  p-GaN  have  been  well  documented  [17,18],  and  residual  H  within  the  lattice  might 
repassivate  Mg  acceptors  during  optical  excitation,  with  reactivation  following  moderate 
annealing.  None  of  the  experiments  performed  in  this  investigation,  however,  can  confirm  nor 
refute  the  proposed  mechanisms  for  the  observed  degradation.  Further  experimentation, 
including  an  examination  of  passivated  samples,  is  warranted. 

SUMMARY 

Single  layer  Pd,  Au,  Ni  and  Pt  ohmic  contacts  to  Mg  doped  p- type  AlxGai.xN  with  x  = 

0.4  or  0.45  have  been  examined.  Thermal  annealing  in  excess  of  700QC  was  required  to  achieve 
a  significant  improvement  in  contact  resistivity  from  the  as-deposited  condition.  The  Au  contact 
annealed  at  850-C  showed  the  lowest  contact  resistivity  of  1.8  (±  1.1)  x  10‘3  Qcm2.  For  the  Au, 
Pt,  and  Pd  contacts  that  were  annealed  in  excess  of  700SC,  a  rapid  increase  in  the  contact 
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resistivity  and  the  semiconductor  sheet  resistance  was  observed  during  current-voltage 
measurements.  This  resistance  increase  was  initiated  by  exposure  to  sub-bandgap  white  light 
and  was  reversed  with  a  moderate  thermal  anneal  of  500-°C.  The  exact  degradation  mechanism 
was  not  resolved,  but  might  be  attributed  either  to  repassivation  by  residual  hydrogen  or  to 
optically  excited  metastable  deep  levels  either  within  the  bulk  or  at  the  surface  of  the  epitaxial 

layer. 
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ABSTRACT 

We  have  investigated  the  structural  defects  formed  in  Mg-doped  GaN  and  AlGaN  epitaxial 
layers  grown  by  metal  organic  chemical  vapor  deposition.  These  defects  have  an  inverse 
pyramidal  shape  and  appear  when  the  Mg  concentration  [Mg]  is  higher  than  ~4xl019/cm3.  The 
density  of  the  defects  increases  as  [Mg]  increases,  but  the  size  of  the  defects  becomes  smaller  as 
[Mg]  increases.  The  density  of  the  defects  also  has  a  strong  correlation  with  the  hydrogen 
concentration  in  the  epitaxial  layers.  Transmission  electron  microscope  analysis  reveals  that  the 
defects  have  an  inversion  operation  to  the  matrix  and  that  their  boundaries  are  Mg-rich.  We  also 
propose  a  model  for  defect  formation. 

INTRODUCTION 

Minimizing  the  power  consumption  of  GaN-based  laser  diodes  (LDs)  is  of  critical  importance 
for  extending  the  device  lifetime  [1].  One  of  the  key  issues  is  the  optimization  of  the  Mg 
doping  conditions  for  GaN  and  AlGaN  layers  in  order  to  lower  the  resistivity.  During  the 
course  of  our  study  of  LDs,  inverse  pyramidal-shaped  defects  (which  are  hereafter  referred  to 
simply  as  “pyramidal  defects”)  were  often  found  in  Mg-doped  layers  by  transmission  electron 
microscope  (TEM)  observations.  The  pyramidal  defects  may  increase  the  resistivity  of  the 
p-type  layers;  therefore,  these  should  be  eliminated.  Such  defects  have  recently  been  reported 
by  several  researchers  [2-4],  but  the  formation  mechanism  of  the  pyramidal  defects  is  not  fully 
understood.  In  this  paper,  we  report  on  the  relationship  between  the  pyramidal  defects  and  the 
atomic  concentration  of  Mg  [Mg].  We  also  briefly  discuss  the  formation  of  the  defects. 

EXPERIMETAL  DETAILS 

The  samples  investigated  here  were  grown  on  (0001)  c-face  sapphire  substrates  using 
metalorganic  chemical  vapor  deposition  (MOCVD).  Trimethylgallium  (TMG), 
trimethylaluminium  (TMA),  bis-methylcyclopentadienyl-magnesium  [(MeCp)2Mg]  and 
ammonia  were  chosen  as  the  Ga,  Al,  Mg,  and  N  precursors,  respectively.  In  order  to  study  the 
effects  of  Mg  doping  on  the  defect  structure,  Mg  step-doped  structures  were  grown,  as  shown  in 
Fig.l.  The  growth  temperature  was  -1000  ~C.  Growth  was  carried  out  under  an  H2-ambient. 
TEM  was  performed  on  films  that  were  mechanically  polished  and  ion  milled  to  electron 
transparency.  The  microstructure  was  observed  using  an  accelerating  voltage  of  200kV  and 
was  analyzed  by  conventional  diffraction  contrast,  multiple  (0002)  dark  field  imaging  and  high 
resolution  lattice  imaging.  The  defects  were  also  analyzed  by  high-angle  annular  dark  field 
(HAADF)  scanning  transmission  electron  microscopy  (STEM)  operating  at  200kV.  The  Mg 
and  H  concentrations  were  measured  by  secondary  ion  mass  spectrometry  (SIMS).  02+  and 
Cs+-ion  beams  were  used  as  the  primary  ion  sources  to  detect  Mg  and  H  ions,  respectively. 
Ion-implanted  standard  samples  were  also  measured  at  the  same  time  to  obtain  a  quantitative 
measure  of  the  impurity  concentration.  We  note  that  the  samples  were  not  annealed  prior  to  TEM 
and  SIMS  studies. 
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Sample  2 


undoped  GaN 
GaN:Mg  1x10,9/cm3 
undoped  GaN 
GaN:Mg  IxICF/cm3 
GaN:Mg  5x1019/cm3 
GaN:  Mg  1x1019/cm3 
GaN: Mg  5x1018/cm3 


unoped  GaN 


undoped  GaN 

GaN:Mg 

1x1021/cm3 

GaN:Mg 

5x102°/cm3 

GaN:Mg 

IxIO^cm3 

GaN:  Mg 

5x1 019/cm3 

unoped  GaN 


Sample  3 


undoped  GaN 
Al005GaN:Mg  1x1019/cm3 
undoped  GaN 
AI00SGaN:Mg  1x102°/cm3 
Al005GaN:Mg  5x10,9/cm3 

AIQ05GaN:Mg  1x1019/cm3 
AI005GaN:Mg  5x10,8/cm3 
AI01GaN:Mg  5x101B/cm3 

unoped  GaN 


Figure  1.  Schematic  illustration  of  Mg  step-doped  samples.  The  figures  for  Mg 
concentration  [Mg]  indicated  in  each  layer  are  the  designed  values. 


RESULTS  AND  DISCUSSION 

Figure  2  shows  a  cross-sectional  bright  field  TEM  image  together  with  a  SIMS  depth  profile 
jf  Mg  for  sample  1 .  Besides  threading  dislocations,  dark  bands  can  be  observed  in  the  center  of 
he  imaap  The  dark  doted  bands  consist  of  many  pyramidal  defects,  although  each  pyramidal 


Figure  3.  (a)  Cross  sectional  TEM  image  and  SIMS  depth  profile  of  Mg  for  sample  2.  (b) 
Magnified  weak  beam  (0002)  dark  field  images  of  layer  1  and  layer  4.  (c)  The  dependence 

of  defect  size  and  defect  density  on  Mg  concentration. 


Sample  2  was  doped  with  a  higher  concentration  of  Mg  than  sample  1.  Figure  3(a)  shows  a 
cross-sectional  weak  beam  (0002)  dark  field  TEM  image  and  a  SIMS  depth  profile  of  Mg  for 
sample  2.  Fig.3  (b)  shows  magnified  images  of  the  1st  and  4th  Mg  doped  layers.  Projecting 
triangular  shapes  are  clearly  visible,  and  the  tips  of  the  defects  are  pointing  toward  the  substrate. 
The  size  and  density  dependence  on  [Mg]  is  shown  in  Fig.  3(c).  The  density  of  the  pyramidal 
defects  increased  as  [Mg]  increased,  but  their  size  decreased  as  [Mg]  increased. 
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Figure  4.  Cross  sectional  TEM  image,  together  with  SIMS  depth  profile  of  Mg  for  sample  3. 
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Figure  5.  Dark  field  images  of  the  pyramidal  defects,  (a)  and  (b)  are  the  multiple  (0002) 
dark  field  image  and  the  multiple  (0002)  dark  field  image,  respectively,  (c)  and  (d)  are  the 
weak  beam  (0002)  dark  field  image  and  the  weak  beam  (0002)  dark  field  image. 

Figure  4  shows  a  cross-sectional  bright  field  TEM  image  and  a  SIMS  depth  profile  of  Mg  and  H 
for  sample  3.  The  dark  bands  were  also  observed  only  in  layers  4  and  5  of  sample  3.  This 
situation  is  similar  to  that  of  sample  1.  We  have  also  measured  the  concentration  of  hydrogen 
in  the  layers,  [H],  In  undoped  GaN  layers  (layer  1),  the  residual  [H]  is  about  5xlOl7/cm3.  [H] 
increases  with  increasing  [Mg],  but  becomes  saturated  at  ~5xl019/cm3  while  [Mg]  can  attain  over 
5xl019/cm*\  Comparing  the  TEM  image  to  the  SIMS  depth  profile,  [Mg]  tends  to  be  higher 
than  [H]  in  the  defect  formation  layer.  This  result  suggests  that  defect  formation  requires  a  higher 
[Mg]  compared  to  [H]. 

Figure  5  shows  various  kinds  of  dark  field  images  of  the  pyramidal  defects.  The  defects  appear 
brighter  than  the  matrix  in  the  multiple  (0002)  dark  field  image  and  appear  darker  than  the  matrix 
in  the  multiple  (0002)  dark  field  image,  as  shown  in  Fig.  5(a)  and  (b),  respectively.  These 
contrast  changes  indicate  that  there  is  an  inversion  operation  relationship  between  the  pyramidal 
defects  and  the  matrix  ([3],  [5]).  In  the  weak  beam  (0002)  dark  field  image  (Fig.  5(c)), 
projecting  triangular  shapes  are  clearly  visible  and  the  pyramidal  defects  appear  bright,  which 
may  be  due  to  a  small  lattice  translation  between  the  pyramidal  defects  and  the  matrix.  This  is 
supported  by  the  results  of  high  resolution  TEM  observation  (not  shown  here),  which  show  that 
the  lattice  planes  shift  ~c/8  between  the  inside  of  the  defects  and  the  outside.  Figure  5(d)  shows 
the  weak  beam  (1120)  dark  field  image.  Two  sides  of  the  projecting  triangular  shapes  are 
brighter.  Since  weak  beam  imaging  is  sensitive  to  lattice  displacement,  the  lattice  planes  at  the 
boundaries  are  thought  to  be  slightly  changed.  We  therefore  speculate  that  the  boundaries  of 
the  pyramidal  defects  are  Mg-rich.  To  confirm  this,  HAADF-STEM  observation  of  the  pyramidal 
defects  in  the  GaN  epitaxial  layer  were  performed  as  shown  in  Figure  6,  since  the  intensity  of  the 
HAADF-STEM  image  depends  on  the  atomic  number.  The  defects  themselves  are  darker  than 
the  matrix  and,  moreover,  the  boundaries  are  much  darker  than  the  inside  of  the  defects.  Since 
Mg  is  lighter  than  Ga,  the  boundaries  are  thought  to  be  more  Mg-rich  than  the  inside  of  the 
defects  and  that  part  of  the  boundaries  may  consist  of  Mg.iN2. 
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Figure  6.  HAADF-STEM  image  of  the  pyramidal  defects. 


We  now  briefly  discuss  defect  formation  to  explain  the  size  dependence  of  the  pyramidal 
defects  on  [Mg].  We  adopt  the  following  hypotheses;  1)  Surface  segregation  of  Mg  occurs 
during  growth,  and  2)  Hydrogen  enhances  Mg  incorporation  in  GaN.  These  two  phenomena 
were  reported  by  Ptak  et  al.  for  the  case  of  rf-plasma  assisted  MBE  [6]  and  the  latter 
phenomenon  was  predicted  theoretically  [7].  We  accept  these  as  being  valid  for  MOCVD 
growth.  As  the  amount  of  Mg  precursor  injected  into  the  reactor  increases  in  order  to  dope 
more  heavily  with  Mg,  Mg  atoms  start  to  segregate  at  the  growth  surface.  When  the 
concentration  of  hydrogen  at  the  surface  is  sufficient,  Mg  will  incorporate  uniformly  into  the 
layer.  However,  when  the  concentration  of  hydrogen  is  insufficient,  magnesium  nitride  clusters 
may  be  created  at  the  growth  surface.  High  exposure  to  Mg  forms  a  faceted  surface  and  the 
subsequent  layer  is  of  inverted  polarity  [8],  Similar  phenomena  occurred  in  this  case.  Growth 
is  suppressed  at  the  point  of  the  magnesium  nitride  clusters  and  consequently  small  pits  are 
formed,  just  like  forming  a  faceted  surface.  The  polarity  is  also  changed  inside  the  pits.  Since 
the  growth  rate  of  an  N-polar  surface  is  significantly  slower  than  that  of  a  Ga-polar  surface  in 
MOCVD  growth,  the  pits  are  soon  buried  by  lateral  growth  from  the  surrounding  Ga-polar 
matrix.  The  formation  of  the  pyramidal  defects  is  then  terminated.  It  has  been  reported  that  a 
higher  concentration  of  Mg  in  the  vapor  phase  enhances  the  ratio  of  the  lateral  growth  rate  to  the 
vertical  growth  rate  [9].  When  [Mg]  increases,  the  defects  are  consequently  buried  faster  due  to 
an  enhancement  of  the  lateral  growth  rate.  This  leads  that  the  size  of  the  pyramidal  defects 
becoming  smaller. 

SUMMARY 

Pyramidal  defects  formed  in  Mg-doped  GaN  and  AlGaN  epitaxial  layers  grown  by  MOCVD 
have  been  studied.  TEM  and  HAADF-STEM  studies  reveal  that  the  pyramidal  defects  have  an 
inverse  operation  to  the  matrix  and  that  their  boundaries  are  Mg-rich.  These  defects  form  when 
[Mg]  is  higher  than  ~4xlOl9/cm3.  The  density  of  the  pyramidal  defects  increased  as  [Mg] 
increased,  but  their  size  decreased  as  [Mg]  increased.  The  density  of  the  defects  is  also  related  to 
[H],  and  our  results  suggest  that  defect  formation  requires  a  higher  [Mg]  compared  to  [H]. 
The  inverse  proportionality  of  the  defect  size  to  [Mg]  can  be  explained  by  the  enhancement  of 
lateral  growth  under  high  Mg  concentration  in  the  growth  atmosphere. 
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ABSTRACT 

We  describe  the  use  of  wafer  fusion  to  form  a  heterojunction  bipolar  transistor 
(HBT),  with  an  AlGaAs-GaAs  emitter-base  fused  to  a  GaN  collector.  In  this  way,  we 
hope  to  make  use  of  both  the  high  breakdown  voltage  of  the  GaN  and  the  high  mobility 
of  the  technologically  more  mature  GaAs-based  materials.  This  paper  reports  the  first  dc 
device  characteristics  of  a  wafer-fused  transistor,  and  demonstrates  the  potential  of  wafer 
fusion  for  forming  electronically  active,  lattice-mismatched  heterojunctions.  Devices 
utilized  a  thick  base  (0.15um)  and  exhibited  limited  common-emitter  current  gain  (0.2- 
0.5)  at  an  output  current  density  of  -100 A/cm2.  Devices  were  operated  to  Vce  greater 
than  20V,  with  a  low  Vce  offset  (IV).  Improvements  in  both  device  structure  and  wafer 
fusion  conditions  should  provide  further  improvements  in  HBT  performance.  The  HBT 
was  wafer-fused  at  750°C  for  one  hour.  Current-voltage  characteristics  of  wafer-fused  p- 
GaAs/n-GaN  diodes  suggest  that  the  fusion  temperature  could  be  reduced  to  500°C.  Such 
a  reduction  in  process  temperature  should  mitigate  detrimental  diffusion  effects  in  future 
HBTs. 


INTRODUCTION 

The  large  breakdown  field  and  anticipated  saturation  velocity  of  GaN  make  this  novel 
material  particularly  promising  for  high-frequency,  high-power  devices.  With  this  goal  in  mind, 
quite  a  few  researchers  are  working  to  develop  GaN-based  heterojunction  bipolar  transistors 
(HBTs).1’2,3’4’5  Although  results  have  been  promising,  there  are  still  a  number  of  outstanding 
materials  issues.  For  example,  AIGaN/GaN  HBTs  appear  to  be  limited  by  large  acceptor 
ionization  energies  and  low  hole  mobilities.6 

An  HBT  structure  utilizing  AlGaAs-GaAs  for  the  emitter-base,  with  GaN  as  the  collector, 
could  potentially  combine  the  high-breakdown  voltage  of  GaN  with  the  high  mobility  of  the 
technologically  mature  AlGaAs-GaAs  heterostructure.  Because  the  high  degree  of  lattice 
mismatch  between  GaAs  (lattice  constant  of  5.65 A)  and  GaN  (3.19A)  precludes  an  all-epitaxial 
formation  of  this  device,  we  have  formed  the  GaAs-GaN  heterostructure  via  the  novel  technique 
of  wafer  fusion,  also  called  direct  wafer  bonding.  The  HBT  demonstrates  a  modest  current 
output  and  a  current  gain  less  than  unity;  however,  the  common-emitter  I-V  characteristic  and 
Gummel  plot  are  promising  for  the  first  wafer-fused  HBT.  Optimization  of  device  structure  and 
fusion  conditions  should  improve  electrical  performance. 


1  estrada(a>engineerin  g.ucsb.edu ,  http://sarah.optimism.us/engineering/ 
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(a) 

(b) 

~  2  pm  nGaN  (10'8Si) 

1  gm  pGaAs  (5xl0‘8  C) 

0.3  gm  AlAs  etch-stop  layer 

(001)  sapphire  substrate 

(100)  n+GaAs  substrate 

Figure  1 .  Starting  materials  for  the  diode  structures:  (a)  the  n-GaN  structure  grown  by  MOCVD, 
and  (b)  the  p-GaAs  structure  grown  by  MBE. 


DEVICE  STRUCTURE  AND  FABRICATION 

Two  device  structures  were  studied,  a  wafer-fused  p-GaAs/n-GaN  diode  and  an 
AlGaAs/GaAs/GaN  HBT.  Diode  starting  materials  are  shown  in  Figure  1  and  HBT  starting 
materials  are  depicted  in  Figure  2.  The  AlGaAs-GaAs  emitter-base  was  grown  by  molecular 
beam  epitaxy  (MBE)  at  585°C  in  a  Varian  Gen-II  system.  Carbon,  rather  than  beryllium,  was 
chosen  as  the  p-type  dopant  in  order  to  minimize  dopant  diffusion  during  the  high -temperature 
fusion  procedure.  The  GaN  collector  (unintentionally  doped  and  nominally  n-type)  was  grown 
by  metal-organic  chemical  vapor  deposition  (MOCVD)  on  c-plane  (0001)  sapphire  at  1 160°C. 

Prior  to  fusion  “escape  channels”  were  etched  into  GaAs,  to  prevent  liquid  and  gas  from 
being  trapped  at  the  interface  when  GaAs  and  GaN  were  later  brought  together.  The  wafers  were 
cleaved  into  rectangles  (5- 10mm)  and  cleaned  with  acetone  and  isopropanol.  In  order  to 
minimize  surface  contamination,  the  wafers  underwent  two  sequential  oxidation  steps  (first  by 
oxygen  plasma,  then  by  UV-ozone)  and  oxide  removal  steps  (in  NH4OH).  GaN  and  GaAs  were 
rinsed  in  methanol,  joined  together  in  methanol,  and  annealed  (“wafer-fused”)  for  1  hour  under  a 
uniaxial  pressure  of  2  MPa  in  a  nitrogen  ambient.  The  HBT  structure  was  fused  at  750°C.  The 
diode  structures  were  fused  over  a  wide  range  of  systematically  varied  temperatures  (500- 
750°C).  Wafer-fused  interfaces  can  be  disordered  on  the  scale  of  several  monolayers  (often  with 
amorphous  layers,  probably  oxides).  By  high  resolution  transmission  electron  microscopy 


(a) 


>  2  gm  uid  nGaN  (~  5  x  10'6  Si) 


(001)  sapphire  substrate 


(b) 

150  nm  pGaAs  (1019C) 
30nm  graded  nAiGaAs  (5xl017  Si) 
120  nm  nAI03Ga07As  (5xl017  Si) 
30nm  graded  nAiGaAs  (5xl017  Si) 
100  nm  nGaAs  (1019  Si) 

0.5  gm  AlAs  etch-stop  layer 

(100)  n+GaAs  substrate 


Figure  2.  Starting  materials  for  the  HBT:  (a)  the  n-GaN  collector  structure  grown  by  MOCVD, 
and  (b)  the  n-AlGaAs/p-GaAs  emitter-base  structure  grown  by  MBE. 
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Figure  3.  Cross-sectional  image  of  the  wafer-fused  GaAs-GaN  interface,  obtained  via  high 
resolution  transmission  electron  microscopy,  in  collaboration  with  J.  Jasinski  and  Z.  Liliental- 
Weber  at  Lawrence  Berkeley  National  Laboratory  in  Berkeley,  California. 


(Figure  3),  it  was  determined  that  our  GaAs-GaN  interface  fused  at  750°C  for  0.25-1  hour 
exhibits  disorder  which  is  limited  to  5-10A.7 

After  fusion  the  GaAs  substrate  was  removed  via  wet  etching  in  H202:NH40H.  This 
selective  etch  terminated  at  the  AlAs  layer,  which  was  subsequently  removed  in  HF.  For  the 
HBT  structure,  n-GaAs  emitter  contacts  were  AuGeNi  annealed  at  415°C.  Emitter  mesas  (1x10' 
5cm2)  and  base  mesas  (5xl0'5cm2)  were  defined  via  wet  etching  in  H3P04iH202:H20.  For  the 
diode  structures,  larger  p-GaAs  mesas  (lOOxlOOum2)  were  wet-etched.  For  both  the  diode  and 
HBT  device  structures,  p-GaAs  contacts  were  ZnAu  and  n-GaN  contacts  were  AlAu. 

DISCUSSION 

Figures  4  and  5  display  the  common-emitter  current-voltage  characteristic  and  Gummel  plot. 

The  output  current  density  is  a  modest  but  encouraging  ~100A/cm2.  The  low  Vce  offset  (1 V) 
indicates  low  parasitic  resistance.  The  offset  can  be  further  decreased  by  annealing  the  base 
contacts.  Most  prominently,  the  current  gain  is  less  than  one,  and  it  is  important  to  understand 
the  major  limitations  of  the  current  gain. 

Wafer  fusion  has  proven  to  be  effective  in  forming  a  number  of  heterogeneous  devices 
from  lattice-mismatched  materials.  These  devices  include  GaAs-InP  vertical-cavity8  and 
microdisk9  lasers,  InGaAs-Si  photodetectors,10  and  InGaAsP-AlGaAs  photonic  crystal  lasers' !. 
However,  the  device  demonstrated  here  places  stringent  demands  on  the  electronic  quality  of  the 
fused  interface,  as  it  serves  also  as  the  base-collector  junction  of  an  HBT.  Uncontrolled  bond 
reconstruction  or  residual  impurities  at  the  fused  interface  can  produce  electronic  traps,  which  in 
turn  may  produce  the  less  than  unity  common-emitter  current  gain  observed  in  these  devices. 
Aside  from  the  issue  of  bond  reconstruction  at  the  fused  interface,  the  elevated  temperature  of 
the  fusion  process  (750°C)  may  itself  accelerate  dopant  and  defect  diffusion,  degrading  the  entire 
material  structure.  We  note  that  the  fusion  temperature  is  much  higher  than  the  growth 
temperature  of  the  AlGaAs-GaAs  materials  (585°C).  Fusion  at  lower  temperatures  should 
mitigate  the  effects  of  defect  and  dopant  diffusion.  Additionally,  reduced  dopant  diffusion 
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Figure  4.  Room-temperature  common-emitter  current-voltage  characteristic  for  the  wafer-fused 
n-AlGaAs/p-GaAs/n-GaN  HBT. 


would  allow  a  thinner  base,  which  should  reduce  base  recombination  and  improve  current  gain. 
(In  this  initial  study  the  p-GaAs  base  was  designed  to  be  thick  enough  to  prevent  complete 
dopant  compensation,  as  dopants  cross-diffused  across  the  emitter-base  and  base-collector 
interfaces  during  the  high-temperature  fusion  process.)  Our  work  with  wafer-fused  GaAs-GaN 
diodes  (Figure  6)  suggests  that  a  dramatically  reduced  temperature  (500°C)  should  still  be 
sufficient  in  fusing  a  mechanically  stable,  electronically  active  base-collector  junction  in  future 
HBTs. 


Figure  5.  Room-temperature  Gummel  plot  for  the  wafer-fused  n-AlGaAs/p-GaAs/n-GaN  HBT. 
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Figure  6.  Room-temperature  current-voltage  characteristic  of  the  p-GaAs/n-GaN  diode,  wafer- 
fused  over  a  wide  range  of  systematically  varied  fusion  temperatures  (500-750°C). 


Moreover,  the  true  GaAs-GaN  band  gap  offset  is  unknown.  It  may  be  that  the  GaAs- 
GaN  heterojunction  (regardless  of  any  fusion-induced  conduction  band  barriers)  has  a  natural 
barrier  or  spike  in  the  conduction  band,  which  would  also  limit  collector  current  and  hence 
current  gain.  In  future  work,  our  HBT  will  include  a  setback  layer  at  the  base-collector  junction. 
The  setback  should  shift  the  fused  GaAs-GaN  interface  slightly  into  the  collector,  decreasing  the 
barrier  prior  to  the  possible  spike  at  the  fused  GaAs-GaN  junction,  potentially  improving 
collector  current. 

CONCLUSIONS 

This  study  demonstrated  the  first  n-AlGaAs/p-GaAs/n-GaN  HBT,  in  which  the  lattice- 
mismatched  GaAs-GaN  junction  was  achieved  via  wafer  fusion.  The  devices  displayed  low  VCe 
offset,  with  a  less-than-unity  common-emitter  current  gain.  This  initial  attempt  at  a  wafer-fused 
HBT  provided  promising  results,  with  expected  improvements  in  future  investigations  as  we 
introduce  a  base-collector  setback  layer,  decrease  fusion  temperature,  and  utilize  a  thinner  base. 
Our  work  with  wafer-fused  p-GaAs/n-GaN  diodes  suggests  that  the  fusion  temperature  could  be 
reduced  to  500°C,  which  should  mitigate  detrimental  diffusion  effects  in  future  HBTs.  We 
believe  that  these  experiments  will  provide  much  insight  into  the  applicability  of  wafer  fusion  for 
electronically  active,  lattice-mismatched  heterojunctions,  especially  involving  GaN. 
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